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THE RELATIONS BETWEEN THERMODYNAMICS,
NANOSTRUCTURE, HARDENING AND STABILITY OF AN Al-
Cu-Mg ALLOY PROCESSED BY HIGH PRESSURE TORSION

By Ying Chen

This thesis presents a study on microstructural evolutions of an ultrafine-grained (UFG)
Al-Cu-Mg alloy processed by high-pressure torsion (HPT). This work aims to develop a
physically based hardening model to predict the strength of cluster strengthened UFG
ternary alloys, and to reveal the relation between thermodynamics and high strain in

severe plastic deformation (SPD).

Experiments by means of Vickers hardness, differential scanning calorimetry (DSC), X-
ray diffraction (XRD), transmission electron microscopy (TEM) and atom probe
microscopy (APM) have been carried out to provide the relevant information for the
calibration and validation of the models. Analysis of XRD line profile broadening using
the Rietveld method and Williamson-Hall method shows that the dislocation density
increases significantly due to severe plastic deformation, which contributes to the
increase of strength. APM reveals the presence of nanoscale co-clusters and defect-

solute clustering.

The relation between peak temperature for S phase formation and the equivalent strain
for HPT was studied with the aid of a diffusion model. The model suggests that on
increasing strain, the exothermic peaks correlated to S precipitation shift to lower
temperatures. The model is consistent with the data from DSC thermographs of samples

after different number of HPT rotations.



In both the strengthening model and the stored energy model, strengthening due to
dislocations, grain refinement, co-clusters (due to short range order and modulus
strengthening) and solute segregation are all incorporated to explain the multiple
mechanisms. The models show good correspondences with measured microstructure

data, measured hardness and measured enthalpy in DSC.

The thermal stability of nanostructures in the AI-Cu-Mg alloy obtained by HPT has
been studied during DSC heating processes. A significant increase of crystallite size and
a significant decrease of dislocation density are revealed from XRD profile broadening
when heat treated up to 210 °C, which correlates with an exothermic peak in DSC
thermographs. Clusters are thought to act as obstacles that hinder the movement of

dislocations, stabilize the ultrafine microstructures.

In single reversal (SR) HPT, the hardness slightly decreases after 1/4 reversal turn; and
increases again when the reversal rotations continue to increase. This phenomenon is
thought to be due to the geometrically necessary dislocation (GND) density which

decreases during the inverse straining.

This study introduces concepts of the solute-defect complexes and the multiple local
interaction energies between solute and dislocations to explain the strengthening
mechanisms. The understanding of the HPT processing and microstructural

modification has been enhanced through construction of models.
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Chapter 1  Introduction

Metals with ultrafine grain (UFG) have many advantages over those with coarse grains,
such as a higher strength and a superplastic potential [1]. The materials with UFG
microstructures can be fabricated using two different procedures, which involve:
“bottom-up” techniques (i.e. inert gas condensation [2], electro-deposition [3] and ball
milling [4]) and “top-down” techniques (severe plastic deformation i.e. accumulative
roll-bonding (ARB) [5] equal channel angular pressing (ECAP) [6], and high-pressure
torsion (HPT) [1].)

One advantage of the “top-down” methods over their counterparts is that they avoid the
introduction of either contaminants or porosity [1]. Further, these severe plastic
deformation (SPD) processes impose a heavy straining and produce a very high
dislocation density without any significant changes in the overall dimensions of a
sample. HPT is a continuous process, and the basic concepts of HPT were first proposed
by Bridgman in 1943 [7]. This process incorporates the compression as well as the
torsional straining. An ultrahigh strength and the reasonable microstructural
homogeneity can be obtained if the HPT processing is continued through a sufficient
number of torsional revolutions. The feasibility of HPT has already been demonstrated

in the lab, but so far its industrial application is still under consideration.

Because of the relatively high strength and low weight, Al and Al-based alloys are
attractive to many engineering industries. For example, aluminium alloys have been of
great importance in structural components of aircraft since 1930s [8]. The 2024 alloy is
a specific Al-Cu-Mg alloy widely used in structural aerospace and other applications,
not only because of its good combination of high strength, good fracture toughness and
good fatigue crack growth resistance but also because it can be hardened by both

precipitation and cold work [9-11].
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The strength of Al alloys can be greatly improved by SPD [12-17]. To date, the research
on the dissolved elements distribution after SPD processing in precipitation hardening
Al alloys has attracted many worldwide attentions. During SPD processing, the pre-
existing precipitations can be fragmented and partially dissolved (i.e. Al-Cu [18-21],
Al-Cu-Mg [22], AA6060 [23]). On the other hand, dissolved atoms can be redistributed
and segregated to grain/sub-grain boundaries or dislocations (i.e. AA7075 [24] AA6061
[25], AA7136 alloy [26]). A further increase of hardness was achieved by processing at
elevated temperatures or artificial heat treatment after SPD [17, 23, 27, 28] by multiple
strengthening mechanisms. However, up to now, there is no systematic study and clear

explanation on the solute segregation effects on strengthening after SPD processes.

In this work, a range of experiments were performed on an Al-Cu-Mg alloy to gather
data for the calibration and validation of the models. Hardness measurements were
conducted to reveal property improvement on the macro-scale. Differential scanning
calorimetry (DSC) was carried out at a constant heating rate from 50 to 540 °C. The
stored energy due to deformation via HPT was measured by DSC. XRD was conducted
on UFG Al-Cu-Mg alloy processed by HPT. Dislocation densities were evaluated from
line profile broadening in the X-ray diffraction pattern, while the precipitates were
detected, especially for samples isothermal heat treated at a range of temperature.
Microstructural characterization and solute atom maps were carried out by transmission
electron microscopy (TEM) and atom probe microscopy (APM). Most experiments
were performed at the University of Southampton; APM analysis performed at the
University of Sydney; some TEM micrographs were obtained at the Leeds EPSRC

nanoscience and nanotechnology research equipment facility.

This PhD project involves extensive analysis of theory and models to reveal
strengthening mechanisms for an Al-Cu-Mg alloy processed by HPT. The present work
is part of a larger research effort at a range of universities worldwide aimed at
improving our understanding of the fundamental processes in SPD, including the
thermodynamics of deformation, with the ultimate aim of defining the capabilities and
limitations of SPD. In this effort, the technologies and issues involved in upscaling need

to be considered, but this is not the aim of the present work.
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The first aim of present work is to develop a physically based hardening model to
describe strengthening effects during HPT processing, which incorporates influence of

dissolved atoms and the typical ultra-high strain effects in ultra-fine microstructures.

The second aim is to systematically analyse stored energy due to dislocation
accumulation and grain refinement. Since the microstructure modifications and solid
state reactions in metals always accompany with energy absorption and emission, the
calorimetric study will help to explain the fundamental theory of plastic deformation,

particularly at the very high strains employed in SPD.

The third aim is to investigate the microstructural stability of the UFG materials at
elevated temperatures. The analysis on thermal stability of UFG materials makes it

possible to improve the mechanical properties by artificial ageing.

The fourth aim is to clarify the reversal strain effects on hardening during single inverse
HPT rotations. A model that captures the main mechanisms for the hardening due to
geometrically necessary dislocations (GNDs), statically stored dislocations (SSDs) and

grain refinement is developed and tested by comparison to experimental data.

The structure of this thesis is as follows: a literature review in Chapter 2 covers
published experimental and theoretical studies of SPD and the hardening behaviour in
Al-Cu-Mg based alloys. Chapter 3 describes the experimental techniques used in the
present study. Then the results of the calorimetric studies are presented in Chapter 4,
which also includes a model to predict S phase precipitation temperature for an Al-Cu-
Mg alloy processed by HPT. In Chapter 5, microstructures of an UFG Al-Cu-Mg alloy
processed by HPT for different rotations and a model for the increased strength are
presented and discussed. Chapter 6 presents a study of thermal stability of the UFG
materials using DSC linear heating, and a model predicting stored energy for an UFG
Al-Cu-Mg alloy. The influence of reversal straining in HPT is presented in Chapter 7.
Chapter 8 discusses on the solute atom effects in the UFG Al-Cu-Mg alloy, which
involves the trends of solute segregation in thermodynamics, solute effects on thermal
stability and the influence of trace Si addition. Finally, conclusions and suggestions for

future work are outlined in Chapter 9.






Chapter 2  Literature Review

With an increasing knowledge on the microstructure evolution and its relationship to the
properties in Al alloys processed by SPD, there has been an increasing interest in
modelling of dislocation accumulations, grain refinement, solute redistribution and yield
strength over the past 20 years. The ultra-high strength of UFG heat treatable Al alloys
is derived from the multiple hardening mechanisms that involve clusters, precipitates
and dislocations. This literature review contains six sections to show a full background
for the present study on an HPT-deformed AI-Cu-Mg alloy. Firstly, the categorization
of Al alloys and their temper nomenclatures are introduced in Section 2.1. Section 2.2
reviews the physical metallurgy of Al-Cu-Mg alloys, with an emphasis on solute co-
clusters, GPB zones and precipitates. Section 2.3 presents the principles of HPT and
properties of materials processed by HPT and other SPD techniques. The models for the
dislocation generation, accumulation and annihilation of plastic deformation, and the
models for GNDs and SSDs are summarized in Section 2.4. This thesis is based on
substantial data from quantitative analysis of DSC and XRD, so the final section

(Section 2.5) describes these quantitative analysis methods.

2.1 Introduction to aluminium alloys

2.1.1 Categorization of aluminium alloys

Aluminium alloys are widely used as structural components in the fields of transport,
building, electrical engineering and packaging because of their advanced properties,

such as low mass density, high thermal conductivity and electrical conductivity, good
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corrosion resistance and a good potential of plastic formability. The properties are

influenced by alloying elements, fabricated procedures, and heat treatment processes.

Based on the fabrication method, aluminium alloys can be classified into casting alloys
and wrought alloys [29]. Wrought alloys refer to alloys which are shaped by plastic
deformation; while casting alloys refer to those that are routinely produced by pressure-

die, permanent-mould, green-and dry-sand, and plaster casting [29, 30].

Heat treatments are commonly used to adjust properties of Al alloys by precipitation.
Both wrought and cast Al alloys can be classified as heat-treatable and non heat-
treatable alloys. Non heat-treatable alloys include all types of commercial pure
aluminium and all other alloys in which strengthening is mainly due to solid solution
and strain hardening by temper [31]. The 3xxx (Al-Mn) series, 4xxx (Al-Si) series and
S5xxx (Al-Mg) series alloys are generally non heat-treatable alloys. Heat treatable alloys
refer to those contain a large amount of dissolved atoms (typical alloying elements, i.e.
Cu, Mg, Mn, Si and Zn) at high temperature, but the dissolved atoms may decrease to a
small degree at room temperature [31]. The strength and hardness of these alloys
increase due to precipitation. According to phase diagrams, 2xxx (Al-Cu-Mg) series,

6xxx (Al-Mg-Si) series and 7xxx (Al-Zn) series are classified in this group.

The numbering system of these aluminium alloys is shown in Table 2-1, where the first
digit generally specifies the main alloying elements, and the remaining numbers relate
to the specific composition of the alloy. The last three digits have no or very limited
special significance, but serve only to identify the different aluminium alloys in the

group [30].



Table 2-1 Designation system of aluminium alloy [30]
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Wrought alloys

Ixxx Commercially pure Al (99%Al)  Not heat-treatable
2XXX Al-Cu and Al-Cu-Li Heat-treatable

3xxx Al-Mn Not heat-treatable
4xxx Al-Si Heat-treatable if Mg is presented
SXXX Al-Mg Not heat-treatable
6XXX Al-Mg-Si Heat-treatable

TXXX Al-Mg-Zn Heat-treatable

Cast alloys

Ixx.X. Commercial pure Al Not heat-treatable
2XX.X. Al-Cu Heat-treatable

3XX.X. Al-Si-Cu or Al-Mg-Si Some are heat-treatable
4xX.X. Al-Si Not heat-treatable
SXX.X. Al-Mg Not heat-treatable
TXX.X. Al-Mg-Zn Heat-treatable

8XX.X. Al-Sn Heat-treatable
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2.1.2 Temper or heat-treatment nomenclatures

In heat-treatable Al alloys, the mechanical properties depend on the heat treatment
tempers, so specific tempers are selected for alloys to optimize mechanical properties.
Heat treatment to increase strength of Al alloys by a process comprising three steps [32]:
(1) solution treatment, in which alloys are heated to a high temperature for dissolution
of soluble phases; (2) quenching, in which a rapid cooling is applied to achieve a
supersaturated solid solution (SSS) within the aluminium matrix; and (3) ageing, which

leads to the formation of hardening precipitates from SSS.

The International Alloy Designation System (IADS) [31] deals with the temper
designation to specify the mechanical properties of an alloy and the way to achieve
these properties. The IADS list of the main tempers is provided in Table 2-2 [29, 33].
The temper designation T or H is given to classify the alloys subjected to age-hardening
or strain-hardening. Other designations indicate whether the alloy is annealed (O),
solution-treated (W), or used in the as-fabricated condition (F). Specific sets of
additional digits have been assigned to stress-relieved wrought products. For example,
the Tx51 applies specifically to plate, to rolled or cold finished rod and bar, with stress-
relieved by stretching (0.5-3% for a plate) [31].

The IADS demonstrates all types of temper treatment that can be processed in Al alloys.
It helps to achieve the best compromise between mechanical properties for alloys. For
example, many 2xxx alloys show a significant strengthening response at room
temperature and also have a strong response to artificial ageing at elevated temperature.
The yield strength of 2024 (Al-Cu-Mg(-Mn,Si) alloy)-T3 is at least 30 MPa higher than
2024-T4, because the dislocations introduced by cold work enhance the alloy’s response
to subsequent natural ageing [8]. In the T8 temper, deformation is used to aid the

nucleation of precipitates and reduce ageing time at temperature.
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Table 2-2 Temper designation for aluminium alloy [29, 33].

Temper designations

F  As-fabricated (hot-worked, forged, cast, etc.)

O  Annealed (in the softest possible condition)

H Cold-worked
H1x—cold worked only (x refers to the amount of cold work and strengthening)
H2x—cold-worked and partly annealed.

H3x—cold-worked and stabilized at a low temperature to prevent age hardening
the structure.

W  Solution-treated

T  Age-hardened
T1——cooled from the fabrication temperature and naturally aged.
T2——cooled from the fabrication temperature, cold-worked, and naturally aged.
T3—solution-treated, cold-worked, and naturally aged.
T4—solution-treated and naturally aged.
TS5——cooled from the fabrication temperature and artificially aged.
T6—solution —treated and artificially aged.
T7—solution-treated and stabilized by overaging.
T8—solution-treated, cold worked, and artificially aged.
T9—solution-treated, and cold-worked.

T10——cooled from the fabrication temperature, cool-worked and artificially aged.
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2.2 Al-Cu-Mg alloys

Al-Cu-Mg alloys are widely applied as structural components in aircraft because of its
high strength and low weight. The strength of heat treatable aluminium alloys is derived
mainly from the fine precipitates. This section reviews the process of precipitation

sequences.

2.2.1 Precipitation sequences

In 1911, the phenomenon of age hardening was first discovered in Al-(3.5-5.5%)Cu-Mg
by Wilm [34]. In the early 1950s, Bagaryatsky [35] first proposed a four-stage

precipitation sequence:
SSS—GPB  zones — S" (GPB2) = S'— S (AL,CuMg)

where GPB (Guinier-Preston-Bagaryatsky) are ordered Cu- and Mg- rich zones forming
as thin rods along <100>, directions [36]. Despite the extensive studies on Al-Cu-Mg
alloys, details of the decomposition of the supersaturated solid solution and hardening
mechanisms at the initial stage of ageing are controversial, and the precipitation

sequences have been disputed for a long time.

With the aid of DSC and TEM, Shih et al [37] claimed the ageing sequences of an Al-
1.8Cu-1.6Mg (at.%) alloy at different temperature should be revised as follows:

at 30 °C GPB — GPB+GPB2 — GPB2;

at 110 to 190 °C  GPB — GPB+GPB2 — GPB+GPB2+S' — GPB2+S+S — S+S — S
at 240 °C GPB+GPB2 — GPB+GPB2+S' —S+S — S

Ringer et al. [38, 39] used atom probe together with field ion microscopy and observed

the formation of co-clusters of Cu and Mg within the first 60s. Since no S" or S' was

10
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detected, the precipitation sequence of an Al-1.1Cu-1.7Mg (at.%) alloy at 150 °C was
thought to be [39]

SSS — pre-precitate stage — GPB zones + S — S

Using high resolution transmission electron microscopy (HRTEM) and TEM with
selected area diffraction (SAD) [11], the existence of S" has been confirmed after
ageing for more than 34 hours. The precipitation sequence of an Al-0.2Cu-5.1Mg (at. %)

alloy at 180 °C was summarized as:

SSS — Cu/Mg clusters (GPB zones) — S" — S' (S phase)

But Charai et al. [40] observed the coexistence of clusters, GPB zones, S", S' and S
phases in an Al-0.9Cu-1.4Mg (at. %) alloy. The formation of initial three dimensional
ordered clusters was governed by vacancy enhanced Mg diffusion, providing nuclei for
homogeneous S', which later transformed into the stable S phase; whilst the slower Cu
atom diffusion may control the formation of GPB zones, which may transform into the

semi-coherent S" phase [40].

The various interpretations of precipitation sequence was summarized by Wang and

Starink as [10]:

SSS — co-clusters /GPB zones — GPB2/S" — S'/S phase

In interpreting this sequence, GPB2/S" was fully coherent with the Al-rich phase.
GPB2/S" was thought to be formed either by ordering followed by long-range diffusion
or by long-range diffusion followed by ordering. In the former mechanism, ordering
would occur before composition variations occur, hence a co-clustering stage would not
occur as part of GPB2/S" formation. But in the latter mechanism, the early stage of
GPB2/S" phase would be expected to involve the formation and growth of clusters
without distinct order. Thus, the co-clusters appear as a stage prior to the formation of

GPB2/S".

In the study of an Al-4.2Cu-1.5Mg-0.6Mn-0.5Si and an Al-4.2Cu-1.5Mg-0.6Mn-0.08Si1
(wt. %) alloy, the combination of DSC and TEM indicated two types of S precipitates
form in a sequence [41]. The sequence for the formation of S phase by homogeneous

nucleation was suggested to be

11
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SSS— co-clusters/GPB zones— GPB2/S"— S (Type I) — S (Type 1I).

The classic orientated S precipitates were formed at lower peaks in DSC, while the S
phase formed at a higher temperature had an orientation relationship that is rotated by
~4° to the classic one. The second type of S precipitates in Al-Cu-Mg alloys was
confirmed to be rotated ~5° to ~7° by other investigators [42, 43]. In a recent paper by
Styles et al. [44], using high-resolution synchrotron X-ray powder diffraction, both
types of S phase were confirmed with different lattice parameters in a series of Al-

2.5Cu-1.5Mg alloys, aged at temperatures from 200 to 400 °C for a period of time.

2.2.2 Co-clusters and GPB zones

Indications of the existence of GPB zones was first reported in interpretation of weak
diffraction effects from diffuse X-ray scattering [36]. GPB zones were proposed to be
small cylinders 1 to 2 nm in diameter and with length ranging from 4 nm to more than 8
nm. In this tetragonal structure of GPB zones, lattice parameter a equals to 0.55 nm and
c equals to 0.404 nm [36]. The GPB zones were proposed to consist of one layer of Cu,
one layer of Mg and two layers of Al, alternating along the <021> matrix direction by

Monfoldo [45].

In the 1990s, a study on Al-1.1Cu-1.7Mg (at. %) aged at 150 °C using TEM and
HRTEM by Ringer et al. [38, 46] showed that rod-like GPB zones formed along <100>,

directions near the end of the hardness plateau and correlated to the second-stage

hardening. These zones possessed facets parallel to {IZO}aand appeared to grow into

the S phase on prolonged ageing [46]. Reich et al. [47] used atom probe combined with
HRTEM and also found that GPB zones were formed after the rapid hardening reaction
in an Al-1.1Cu-1.7Mg (at.%) alloy ageing for 480 minutes at 200 °C. In an Al-0.9Cu-
1.4Mg (at.%) alloy aged at 200 °C, Charai et al. [40] found the lattice images of GPB

zones which consist of thin, fully coherent plates on {1 OO}Al matrix planes. Combined
with experimental observations, the first principle energy calculation by Wolverton [48]

suggested that GPB zones could correspond to a Cu or Mg monolayer along <100> as a

result of GPB/matrix interfacial energy.
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Co-clusters are metastable structures containing several distinct alloying atoms,
numbers of which range from 2 to 100. The small Cu-Mg clusters were reported without
any characteristic shape. Davin reported the 3DAP study on a stretched Al-1.2Cu-
1.2Mg alloy and a stretched Al-1.9Cu-1.6Mg alloy [49]. The size of the Cu-Mg co-
clusters was estimated from the radius of gyration as about 0.7 nm to 0.8 nm in two
alloys. During natural ageing, the average measured composition of the Cu-Mg co-
clusters varied with the ageing time, and no precipitates were observed for ageing time
up to 6 months [49]. An example of the clusters as observed by APM is shown in Fig.
2.1 [50].

44 » L

10 nm ® Mg © Cu

Fig. 2.1 Three dimensional atom map representing the distribution of the Mg and Cu atoms in
the Al-1.2Cu-1.2Mg alloy aged at 25 °C for 2 hours before (a) and after (b) selection of the
clusters [50].

Many investigations claimed the existence of GPB zones on artificial ageing from
150 °C to 200 °C, and GPB zones were thought to have the potential to explain the
rapid hardening in Al-Cu-Mg alloys (e.g. [51, 52]). But atom probe data has
conclusively shown that the rapid hardening phenomena is due to co-clusters rather than
GPB zones [38, 39, 46, 53]. To respond comments by Zahra et al. [52], who suggested
GPB zones were involved in the rapid hardening stage, Ringer et al. [54] re-examined
the sample using APM after 5-minute ageing at 150 °C and maintained their finding of
the formation of Cu-Mg co-clusters being responsible for the early stage of rapid

hardening.
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Reich et al. [47] found that the 5% deformation of the rapid hardened specimen caused
further rapid hardening at 150 °C. Their studies suggested that solute-dislocation
interaction is one of the main reasons for the rapid hardening. This effect was confirmed
by similar studies by other authors [51, 55]. However, the study on ageing-deformation-
ageing cycles at room temperature indicates on substantial additional age hardening
occurs with the addition of deformation to the cycle [56]. It indicates a strengthening
mechanism due to the shear modulus difference between zones of clusters and the
surrounding metallic matrix. A thermodynamic model of co-clusters [57] shows the
strengthening results from an extremely short ranged order phase, which involves 2 to 4

Cu and Mg atoms and hinder the dislocation movement.

The difference between GPB zones and Cu-Mg co-cluster is difficult to define. They are
aggregates of both Cu and Mg atoms and are fully coherent with aluminium matrix. The
distinction between Cu-Mg co-clusters and GPB zones was supposed to be made on the
basis of size, shape, composition, degree of order, orientation structure [46]. However,
in practice, such a criterion cannot provide useful information. A structure can only be
identified with the complementary investigation using other experimental techniques
such as TEM/SAD or HRTEM. The small Cu-Mg co-clusters cannot be detected in
TEM or HRTEM. In addition, the GPB zones have proved difficult to be imaged and
detected, as the GPB zones are complicated by the simultaneous presence of S phases in

TEM/HRTEM. In some case, the GPB zones are termed to be large clusters.

2.2.3 S" phase and GPB2

Monolayer GPB zones/Cu-Mg co-clusters may agglomerate and form the GPB2 zones
or S" phase, just as in binary Al-Cu alloys GP zones transform into the 0" phase. The

structure of S" has not been unambiguously proven.

Using TEM, Shih et al. [37] proposed a GPB2 zone oriented at a common <001>y,
direction with a tetragonal structure. The lattice parameter, a equalled to 0.58 nm, and ¢

equalled to 0.81 nm in an Al 2024-type alloy.
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HREM studies confirmed the existence of metastable S" phases but described them with
different lattice parameters. A semi-coherent monoclinic structure of S" precipitates
were revealed by Charai et al [40], and the unit cell parameters were given as: as'=

0.3201£0.008 nm, bs= aaj, and cg= 0.254% 0.003 nm, f=91.7° [40].

However, in HRTEM work on Al-0.4Cu-3Mg-0.12S1(wt.%) alloy, Kovarik et al. [55]
ascribed their observations of coherent particles after 4 and 8 hour ageing at 180 °C to
be characteristic of the S" phase. The GPB-II structure has an orthorhombic crystal C-
cetred lattice, with lattice parameters: a=1.212 nm, 6=0.404 nm, ¢=0.404 nm. And the

space group is Cmmm.

Wang and Starink [58] assessed the structure for GPB2/S" with the composition of
AljoCusMg;. They proposed orthorhombic structure coherent with fcc Al matrix, and be
formed by the replacement of some Al atoms with Cu or Mg atom, with lattice

parameters: a=0.405 nm, 5=1.62 nm, ¢=0.405 nm and space group Imm?2.

The differences between S" phase and GPB2 zones were discussed in the review paper
[10]. The structure in Fig. 2.2 (a) shows many Mg-Mg or Cu-Cu neighbours [51]. The
large local lattice distortions introduced by different atomic sizes between Mg, Cu, and
Al provide another more stable range of atomic order. The structure in the red rectangle
on the left was just the structure proposed by Wolverton [48]; whilst the structure in the
orange rectangle on the right was the structure proposed by Cuisiat et al. [59]. In fact,

they were supported to be the same with structure modification. The Fig. 2.2 (b) shows

HREM simulation along [OOl]based on the proposed structure [58].
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O al
5 O Al
Cu
O Mg ® Cu
O Mg
(@)

Fig. 2.2 (a) A possible GPB2/S" model [51] (b) HREM simulation along [001] based on the
above structures. The numbers before and after the slash symbol “/” in the figures represented

the defocus and the thickness (nm), respectively [58].

2.2.4 S' and S phases

Early (1960s) work [60] indicated that ageing of 2024-T4 alloy samples at elevated
temperatures produces the transition phase S' (Al,CuMg) precipitates, which are
coherent on {021},,; whereas during the subsequent ageing, formation of equilibrium S
phase occurs. That latter precipitates are incoherent with the Al rich matrix. XRD
studies indicated that S (Al,CuMg) has a Cmcm structure with lattice parameters
a=0.400 nm, »=0.923 nm, ¢=0.714 nm [60]. Later HREM work [40] showed strain

contrast accompanies the presence of semi-coherent S' particles.

Different structure models for the S phase have been reported. A generally accepted
structure for S phase is Perlitz and Westgren (P-W) model, shown in Fig. 2.3 [61].
Radmilovic and Kilaas [62, 63] found their HREM images fit P-W model well with
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space group Cmcm, and lattice parameters a=0.403 nm, »=0.930 nm, ¢=0.708 nm; a
modification of the model by exchanging the positions of the Mg and Cu presented a
better match. Charai et al. [40] reported HREM images of both S' and S phases; and
suggested that the S' phase was semi-coherent orthorhombic with cell dimensions
bs=0.89 nm, cs=0.76 nm whilst the S phase was incoherent orthorhombic with cell

dimensions bs=0.921 nm, ¢s=0.719 nm.

0.923nm

0.40nm |

) t 0.714nm

+ .7

oAl ®mCu AMg

Fig. 2.3 Proposed structure of S phase by Perlitz and Westgren [61]

It has been reported the precipitates in Al-4.2Cu-1.5Mg (wt.%) alloys had classic
orientation relationship (OR) for Type I S phase and had an OR rotated by ~4° for Type
IT S phase [41]. Since S' has the same structure as S phase with slight differences in
their lattice parameters, it was regarded that there is no distinction between the S' and S
phases [64]. The orientation relationship between S and the Al matrix was reported as

[41, 65]

[1001,,//[1001,,[02171/[010],,[012],,//[001]

The morphology of S phase viewed on <100>,, with the elongated direction along

<100> shown in Fig. 2.4 [65].
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Fig. 2.4 TEM micrographs of precipitation in Al-1.21Cu-1.19Mg (at.%) alloy solution treated,
stretched and subsequently aged for 12h at 190°C (dark field B=[001]) [65].

2.3 Severe plastic deformation via high-pressure torsion

High-pressure torsion is a very effective SPD process and has been applied to a number
of metallic alloys to improve their mechanical properties [66-68]. A significant grain
refinement and a large number of dislocations produced by SPD processing can lead to
an increase of strength and simultaneously maintain the formability of materials [24]. In

this section, works on metals or alloys processed by HPT is reviewed.

2.3.1 Principle of high-pressure torsion

The principle of modern HPT processing is illustrated schematically in Fig. 2.5 [1]. The
sample, in the form of a thin disk about 0.85 mm, is placed between two anvils. High
pressure up to several GPa, P, is applied on the disk. Simultaneously, the lower anvil
rotates to impose a torsional strain on the disk. Due to the applied pressure and torsion,

surface fictional forces deform the disk by shear. The deformation of the disk continues
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under a condition of quasi-hydrostatic pressure. Since there is a small gap between the
face of the two anvils, a small volume of materials can be forced outwards around the

periphery of samples [1, 67].
The true accumulated strain is estimated as [1, 69]
2.2 1

¢7")§

8=1n(1+7

2-1)

@=27N (2-2)

where the rotational angle is denoted as ¢, r is the radius of the disk, N is the number of

whole revolutions imposed on the disk and / is the disk thickness.

Upper Anvil

| |

Sampb

|

Lower Anvil

—

Fig. 2.5 Schematic illustration showing the principles of HPT [1].
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Fig. 2.6 Parameters used in estimating the total strain in HPT [1].

Using the parameters shown in Fig. 2.6 [1], the incremental shear strain dy is defined as

follows.

dy="="C0 (2-3)

where /4 and r are denoted as before, 6 is the rotation angle.

The integration of this shear strain is given by Eq. (2-3), as

B 27t Nr
"=

(2-4)

On the basis of von Mises yield criterion, the equivalent true strain of the small imposed

shear strain is given by [66-68],

27N -r

oh

(2-5)

/4
E=——=
3

If the shear strain is larger (y = 0.8), the equivalent strain can be calculated as [12, 14,

67]
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A decrease in specimen thickness can be caused by the ultra-high pressure in the
compression and the torsional deformation. When the reduction in sample thickness is

taken into consideration [1], the equivalent strain can be:

e=In[l+ (%)2]2 + ln(%) (2-7)

where hy 1s the original thickness and h is the final thickness.

2.3.2 Microstructures and influence parameters in HPT

In HPT experiments, the induced strains are cylindrically symmetric and will linearly
increase as the distance to the axis of rotation increases. The microstructures of samples
processed by HPT are inhomogeneous. Hardness measurements often present a
saturated value in the periphery areas of discs after processing by HPT, with the rotation

number larger than 1.

In most HPT-processed alloys [12, 15, 16, 70, 71], higher hardness is observed in the
peripheral areas of samples, as shown in Fig. 2.7 (a) [15]. By contrast, for alloys which
show rapid dynamic recovery in the peripheral region, the hardness can be higher in the

central area as compared to the peripheral area. An example is high purity aluminium,

see Fig. 2.7 (b) (from [72]).
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Fig. 2.7 Microhardness distributions across the diameters of (a) commercial pure Al (P=1GPa)

[15]; (b) a high purity Al (99.99%) (P=6 GPa) [72].

Microstructures of samples processed by SPD are usually observed by TEM. The grain
sizes of a commercial pure aluminium alloy after HPT were smaller than that of the
initial samples [15]. A high dislocation density was observed at grain boundaries and
inside some grains of samples in the central region (Fig. 2.8 (a) [12]), whilst free
dislocation at boundaries, distortions and bending of the lattice fringes were observed in
the peripheral region (Fig. 2.8 (b) [12]). This is thought to be due to the fast annihilation
rate of dislocations in the periphery [12].

The applied pressure can play an important role in the microstructural evolution during
HPT [72-76]. Bright-field TEM images in Fig. 2.9 [73] presents the microstructures of
Ni processed by 5r-HPT under a pressure of 1, 3 or 9 GPa. The average grain size in the
central region is larger than the grain size at the periphery. If the applied pressure is
higher, the difference of grain sizes between the centre and the periphery becomes
smaller. A significant difference in grain morphologies still exists. The grains tend to be

reasonably equiaxed at the periphery and to be elongated in the centre.

Parameters that influence the hardness of HPT-processed metals were investigated by
Edalati and Horita [74, 75]. In their work, the grain size at the steady state decreased by
atomic bond energy, the specific heat capacity, the activation energy for self-diffusion
and the homologous temperature, but the grain size was almost independent of stacking

fault energy [75] (see Fig. 2.10 [74, 75]). The relation between the steady-state hardness
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and its grain size was identified, indicating the great importance of grains having high

angles of misorientation for HPT strengthening [75].

Fig. 2.8 TEM micrographs of 5 turns HPT under 3 GPa for commercial purity AA1050 alloy (a)

centre region and (b) peripheral region [12].

Fig. 2.9 Microstructures of pure Ni after HPT together with the associated SAED patterns: the
upper row corresponds to the centers of the disks, the lower row to the peripheries of the disks
and images are shown for N=5 whole revolutions at applied pressures of 1, 3 and 9 GPa from

left to right, respectively [73].
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Fig. 2.10 Plots of steady state grain size against (a) atomic bond energy (b) specific heat

capacity (c) activation energy for self-diffusion, and (d) steady state grain size normalized by

Burgers vector b against stacking fault energy normalized by shear modulus and b [74, 75].
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2.3.3 Mechanisms of strengthening in ultrafine-grained alloys

The strength of metals and alloys is essentially increased due to the presence of the
various types of obstacles. The interaction between moving dislocations and obstacles
cause an increased resistant force for a dislocation to pass by, leading to a higher
strength of materials. In UFG Al based alloys, the obstacles include -clusters,
grain/subgrain boundaries, precipitates and other immobile dislocations. These

strengthening mechanisms are summarized below.

Co-clusters involve two or more distinct alloying atoms and retain the structure of the
host lattice. These co-clusters are shearable, so the strengthening mechanism is
correlated to obstacle shearing [77] rather than Orowan strengthening [78]. For the case
of strengthening due to co-clusters, the phases were considered to be extremely short
ranged and hamper the individual dislocations when they passed through the co-clusters

[57].

Grain boundaries are barriers for dislocation movement. The Hall-Petch equation [79]
was established and fitted well with materials with coarse grain sizes. It demonstrates

the yield stress increases as the grain size decreases:

1

0, =0, +kyd ? (2-8)

where d is the average grain diameter. oy is initial yield stress.

In the absence of appreciable work hardening, the hardness of materials is proportional

to the yield stress 6,~Hv/3 [80]. The Hall-Petch equation is then equivalent to

1
HV = HV, +kd 2 (2-9)
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where HVy and kyp are constants for particular materials. The Hall-Petch relationship
may not hold when testing materials with ultrafine grain sizes. Some hardness data for
ultrafine-grained materials are consistent with Eq. (2-9) but with a lower value of Ayp
than that at the larger grain sizes [81-83]. If the grain size decreases to the nanoscale,
the inverse Hall-Petch behaviours have been observed [84, 85]. So far, at least three
main groups of theories and models have been derived to explain the breakdown of
Hall-Petch equation: the classical dislocation pile-up model [86], the grain boundary
sliding model [87] and the core and mantle models [88]. However, no clear

experimental evidence has been able to support either model for all metals.

In terms of precipitation strengthening, Orowan by-passing [78] and obstacle shearing
[89] are two main mechanisms in heat-treatable alloys during ageing. If the particles are
small and shearable, the obstacle shearing mechanism is the dominant mechanism,
which involves chemical, coherency, modulus mismatch, and anti-phase boundary
(APB) strengthening [90, 91]. If the precipitates are large and non-shearable,
dislocations cannot cut through the particles, but loop around the particles. In UFG
microstructures, the precipitates are fragmented or partly dissolved [18-22], indicating

shearing mechanism is more appropriate to explain the precipitation strengthening.

Dislocation hardening is thought to be the one of the dominant mechanisms for samples
during SPD processing. In general, cold plastic deformation takes place in metals and
alloys through dislocations generation, movement and storage. Two mechanisms are
widely accepted for dislocation generation, the Frank-Read source [92] and the double-
cross lip mechanism [93]. Both mechanisms depict dislocation generation from segment
between two pinning agents. The localized source can operate repeatedly to emit a
greater number of dislocations. The Frank-Read source emits many dislocations in the
same plane, whilst in the double-cross lip mechanism only a single dislocation loop is
emitted, moves on a plane parallel to the original one and leads to a growth of the width
of the slip bands [94]. The moving dislocations may be blocked by obstacles, such as

other dislocations, particles and grain boundaries, and stored in grains.

Due to the geometry of the HPT [1], strain is inhomogeneous and the equivalent (von
Mises) strain increases with the distance from the centre to the near-edge regions. The
strain gradients along the radius of the samples lead to inhomogeneous microstructures

and the formation of geometrically necessary dislocations [95]. To date, very limited
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work referring to GNDs during HPT are available. But the strain gradients have been
incorporated to model HPT [14]. The counterpart of GNDs are statistically stored
dislocations, which refer to dislocations accumulated as a result of random encounters
in the crystal leading to mutual trapping [95]. Both GNDs and SSDs appear in central
and peripheral parts of an HPT sample. The SSDs are correlated to the plastic shear and
strain [96]; and the GNDs are derived from strain gradients and formed to release the
local lattice curvature [95]. Hence, the proportions of GNDs and SSDs vary along the
radius in an HPT disks.

The strengthening mechanisms in an UFG heat-treatable Al alloy are complex and
correlated to each other, leading to an ultra-high strength. It is one of the aims of this
project to investigate if a model based on the microstructural evolution for multiple
mechanisms that can provide good description for the strengthening behaviours in heat-

treatable Al-Cu-Mg alloy processed by HPT and the subsequent artificial ageing.

2.3.4 Thermal stability of HPT metals

The thermal stability of materials processed by HPT is of paramount importance,
especially for industrial applications at elevated temperatures. When materials are
heated, the UFG structures introduced by SPD coarsen through massive grain growth,

and a high strength and other advanced features of materials will be lost.

Research on nanocrystalline or submicron grained Cu and Ni [97, 98] described that
their grain sizes decreased to 107 nm and 114 nm after HPT, with a dislocation density
of 10" m™ In DSC heating, the grain sizes increased dramatically at 175 °C;
simultaneously, the hardness of both samples decreased significantly. TEM, DSC, XRD
and electrical resistance studies indicated thermal stability of UFG microstructure was

associated with both grain growth and the relaxation of grain boundary structure [98].

A study on 7075 Al alloys processed by ECAP and DSC heating showed that the
Vickers hardness of UFG alloys and the dislocation density decreased when heated at

temperatures from 140 to 220 °C, and the crystallite size increased [99]. The
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recrystallization started at 228 °C and completed at 300 °C, indicating a high thermal
stability that was thought to be correlated with precipitates (i.e. # and 7' phase).

In a study on structural evolution of bulk nanocrystalline Cu produced by HPT by
Gubicza et al. [100], oxygen-free copper (99.97%) samples were processed by different
SPD techniques, which involved multi-directional forging (MDF), twist extrusion (TE),
ECAP and HPT. Despite their similar grain sizes (200 nm), the profile broadening
analysis on XRD patterns indicated the thermal stability decreased in the order of MDF,
TE, ECAP and HPT [100].

Saldana et al. [101] studied the thermal stability of UFG copper with a consideration of
the various defect structures. His results pointed to the possibility of using twins in

simultaneous stabilizing and strengthening roles in microstructures [101].

2.3.5 The behaviours of dissolved atoms in SPD Al alloys

Atom probe microscopy has revealed different behaviours of dissolved atoms in SPD
alloys [17-26]. The influence of the dissolved atoms in precipitation-strengthened

aluminium alloys can be summarized as four cases:

If precipitates already exist before SPD processing, the pre-existing precipitates can be
fragmented or partially dissolved. These phenomena are alloy-dependent and process-
dependent. In Al-Cu [18-21] and Al-Cu-Mg based alloys [22], clear evidence of particle

fragmentation and partial dissolution has been reported.

If no precipitates have been initially presented in alloys, the dissolve atoms can be
redistributed and segregated to grain boundaries/dislocations (e.g. in AA7075 (Al-Zn-
Mg-Cu) [24], AA6060 [23], AA6061 [25], AA7136 [26]). Studies on equilibrium grain
boundary segregation on nanograined materials indicate that solute segregation reduces

the grain boundary energy and stabilizes of crystalline defects [102, 103].

If SPD processing is carried out in the range between 100 °C to 200 °C, precipitation

can occur during deformation. The reactions can be complex, correlated to the
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formation of co-clusters and GP zones during SPD processing. It can lead to a further
increase of hardness (i.e. AA6060 processed by HPT at 100 °C [23] and AA2024
processed by HPT at 100 °C [17]).

If an artificial heat treatment is applied to a heat treatable Al alloy after SPD processing
at room temperature, a range of different phenomena can occur [27, 28, 99, 104, 105].
Due to recovery, the alloy can show softening, as revealed in an ECAP-processed 7075
Al alloy [99] and ARB-processed Al-2%Cu alloy [105]. At low ageing temperatures,
the hardness remains almost constant in an SPD processed Al-Mg-Si alloy [104], but a
further increase in hardness was achieved by artificial aging of an HPT-processed Al-
Cu-Mg-Li (2091) alloy (aged at ~100 °C) [27] and an HPT-processed 7075 alloy (aged
at ~70 °C) [28].

2.3.6 Superplasticity of UFG alloys

Superplasticity of polycrystalline materials refers to the ability to deform uniformly to a
very high elongation (€>500%) in tension without development of any incipient necking

[106].

Attaining true superplastic flow through HPT processing has been proven to be quite
difficult, especially by comparison with those processed by ECAP, where the processed
billets are larger and more suitable for tensile testing. There are a limited number of
reports documenting the occurrence of superplastic elongations in materials processed

by HPT.

The first report of superplasticity in a material processed by HPT was for an Al-4%Cu-
0.5%Zr alloy having an as-processed grain size of 300 nm and an elongation of 800%
when tested at 773 K using an initial strain rate of 3x10™*s™ [1]. An HPT processed Al-
3%Mg-0.2%Sc alloy exhibited an elongation of ~ 500% at 673 K with an initial strain
rate of 3.3-107 s™ [16]. In an Al 2024 alloy, superplastic elongations were shown in
both annealed and solution treated samples, with a maximum elongation of 570% at 673

K with an initial strain rate of 1.7-107 s'[107]; whilst in a Mg-9%Al alloy, superplastic
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ductility was achieved at a temperature of 473 K and an initial strain rate of 1.0-10°s™,

with a maximum measured elongation of 810% [108].

A model for the grain boundary sliding in superplasticity is depicted schematically in
Fig. 2.11 [109]. The accommodating dislocations are able to glide through the blocking

grain to impinge on the opposite grain boundary.

The flow mechanism leads to a strain rate, which is given by [106, 109, 110]:

n

;&=AD—GZ’(3)1% (ﬂ) (2-10)
it \d) \G

Where ¢ is the strain rate, D is the appropriate diffusivity (lattice or grain boundary), G
is the shear modulus, b is the Burger’s vector, k is the Boltzmann’s constant, 7 is the
test temperature, d is the grain size, p; is the grain size exponent (usually 2 for lattice
diffusion controlled flow and 3 for grain boundary diffusion controlled flow), n is the
stress exponent, ~2, and ¢ is the applied stress. 4 is a dimensionless constant having a
value of ~10 [111]. It is apparent that elongation can be greatly influenced by
temperature as diffusivity is a temperature dependent factor. The test temperature is a

key parameter when measuring the elongation of samples after HPT.

Fig. 2.11 Principles of a model for grain boundary sliding in superplasticity: dislocations move
along the grain boundary and pile-up at the triple junction A, the stress concentration is
removed by the nucleation of slip in the adjacent grain and these intragranular dislocations pile-

up at B and climb into the grain boundary [109].
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2.4 Modelling microstructural evolution of SPD processed samples
2.4.1 Modelling of dislocation generation and accumulation

In the classic theories, dislocations generate due to plastic deformation and migrate,
which can be hindered by obstacles; new dislocations are generated by Frank-Read
sources [92] to continue deformation. In the models developed by Mecking, Estrin and

Kocks [112-114], the rate of accumulation of dislocations was described by:

= = (2-11)

where dL means the length of dislocation stored per area swept da, and / is a ‘mean free

path’ [114].

A relation between flow stress 7 and dislocation density p was established by Taylor
[115] and well fitted by the data collected in a large number of publications [12, 13,
116-118]:

7=aGb\p (2-12)

where G is the shear modulus and b/ is the magnitude of the Burgers vector. By

differentiating Eq. (2-12), the dislocation accumulation rate can be given as

2
dr _(aGb) dp (2-13)
dy 2 dy
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On the other hand, ‘dynamic recovery’ emphasizes the strong dependence on

temperature and strain rate, indicating the net accumulation rate can be derived from Eq.

(2-11) [114]:

dp==L—d 2-14
p="r40 (2-14)

The second term presents dislocation density decrease due to annihilation. The relations
of shear strain and the shear stress and their equivalent counterparts of polycrystalline

metals in plastic deformation are provided by [119]:

da_ﬂ_

— M 2-15
dr de ( )

By integrating Eq. (2-14) [118], a quantitative expression is provided to reveal the

relationship between average dislocation density in grains and micro strains:
-1 -1 ke
P = (blk)" =((blK,)" - p, )™ (2-16)

in which p;, 1s the volume averaged dislocation density in the grains, po is the initial
dislocation density stored in the grain, ¢ is the strain, k, is a constant [118]. If the
dislocation generation during straining is continuous, total volume averaged amount of

dislocations generated per volumes is provided by [117]:

2

KA
= £ 2-17
Pe (alMGb) 17

where K, is a factor that incorporates the contribution of the solid solute atoms [117].
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This model describes the dislocations generated with the induced strain and annihilation
due to recovery; the net dislocations accumulated at grain boundaries strain the
materials and increase the hardness. Eq. (2-17) indicates the dislocation generation due
to strain, but it cannot fully explain the nonhomogeneous deformation in HPT. The
dislocations in Eq. (2-17) are related to the SSDs, which will reach an effective
saturation value during SPD. The descriptions of GNDs and SSDs are presented in the
following Section 2.4.2.

2.4.2 Modelling of geometrically necessary dislocations

Physically-based models attribute strengthening at small dimensions to the existence of
immobile dislocations [115]. In descriptions of dislocations in crystals, dislocations are
termed into two different categories: geometrically-necessary dislocation (GND) and
statistically-stored dislocations (SSD). In a preferred length scale of plastic deformation,
the storage of SSDs mainly result from random trapping processing of mobile
dislocations, while GNDs accommodate local orientation gradients. The strain gradient
theories have been developed in dislocation mechanics since 1950s. Models have been

established to calculate GNDs [95, 120].

The concept of an average dislocation density was first introduced Nye [120]. He
expressed the dislocation density in terms of the number of dislocation lines crossing
unit areas. Later, a physical basis for GND and SSD was provided by Ashby [95]. In
Ashby’s theory [95], both GND and SSD demonstrated their emergence in plastically

inhomogeneous deformation.

As shown in Fig. 2.12, the strain gradient enhances the hardening effects and product

GNDs, which was derived by [95]:

1 oy

=1 2-18
LPenp b ax, ( )
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where 97 is the gradients of plastic shear and b is the burger vector.

0x,

For cube-shaped particles of size d, the equation can be further expressed

oo = Cfy
GND T Ty g (2-19)
where fis the volume fraction, and C is approximated 8.
For low-angle grain boundaries, the density of GNDs is simplified as [121, 122]
1
Pexp ==
d (2-20)
where the plastic strain gradient is defined as #”.
a slip system gradient of slip on

the a system 97
ax,

Ax, \ X1

By a burgers vector construction

Fig. 2.12 Schematically measurement of GNDs in deformed materials.

According to the definition of GNDs, two characteristics of GNDs are indicated: firstly,
GNDs do not directly contribute to plastic straining in the way the SSDs do, but they

originate as a result of spatial plastic strain variations. In this case, the net Burgers
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vector is non-zero [123]. Secondly, as a consequence of accommodating lattice
curvatures, GNDs have equal orientations within a length scale substantially larger than
their spacing, whereas the SSDs do not contribute to any spatial inhomogeneity at that
length [123]. The measurements of SSD and GND densities are really based on the
population of dislocations within a certain volume. This volume is denominated as the
average representative volume element [124]. Within the volume, the SSDs cancel out
at the continuum level, but GNDs locally accommodate a plastic strain gradient and

reveal scale size effects [125-129].

In the crystal plasticity models [123, 130], both GND and SSD on all slip systems are
considered to participate in mutual short-range interactions, which lead to the strength
increase of metals. However, only GNDs rather than SSDs are responsible for the long-
range contributions [123]. The GNDs bring additional residual stress, which counteract

the local resolved shear stress and obstruct the crystallographic slip [122, 131].
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2.5 Measurement of stored energy and dislocation densities

Microstructural modifications of materials processed by SPD can be analysed by a
range of techniques. In this section we will review the theory behind two important
techniques that produce quantitative data on stored energy and dislocation densities,
differential scanning calorimetry (DSC) and X-ray diffraction (XRD). Both are used

extensively in this project.

DSC is a thermal analytical technique to measure the difference in the amount of heat
produced by a sample and a reference. This technique provides a direct calorimetric
measurement of the energy released or absorbed when reactions occur in SPD samples
during heating process at a constant heat rate. The principle and study of DSC on UFG
metals and alloys processed by SPD will be reviewed in Section 2.6.1. In analysis of
UFG materials, small grain size and microstrain are two main sources that cause profile

broadening [132]. Section 2.6.2 reviews three models on XRD profile broadening.

2.5.1 Differential scanning calorimetry

DSC is widely used to investigate reactions in different materials. DSC measures the
energy of the transformation process. The word ‘differential’ emphasises that
measurements involve the determination the relative behaviour of a substance itself and

a reference material [133].

There are two type of DSC: the heat flux DSC and the power compensation DSC. The
working principles of the two methods are illustrated in Fig. 2.13 [134]. In the heat flux
DSC, the signal derives directly from the difference in temperature between the sample
and the reference and in that sense a heat flux DSC is similar to a DTA (differential
thermal analysis). In power compensation DSC, the signal is related to differential heat
provided to keep the sample and the reference to the same temperature. Only small
amounts of sample are used in a typical experiment (the most common amount is

between 2 and 20 mg), DSC is highly sensitive. However, a higher sensitivity does not
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always mean that better results will be obtained. The baseline, heat capacity calibrations

and sample preparations contribute to the accuracy and validity of a DSC thermal graph.

reference

single
furnace
(silver)

Platinum

Resistance Heater

Fig. 2.13 DSC working principles (a) heat flux DSC, (b) power compensation DSC [134].

2.5.1.1 Baseline calibration

The ideal baseline for a system is a straight line without any slope. However, in real
experimental runs, the experimental conditions, such as the flow rate of purge gases, the
flow rate of coolant and the contamination of DSC cells, can be different from those of
the calibration runs [135]. If the correct calibration is not performed for the experiments,
the observed heat and temperature results will be different from the correct value. At the

beginning of the experiments, the DSC instrument should be calibrated using the
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melting enthalpy of standard samples ( i.e. indium 28.4 J/g, tin 59.2 J/g or lead 23.2 J/g
[135]).

In Al based alloys, the heat effects due to reaction will be of the same order of
magnitude or smaller than heat effects due to the heat capacity difference between
sample and reference [134]. A correction for the heat effect due to heat capacity
difference is needed to be performed on the basis of the weights and a weighted average

of heat capacities. The heat capacity difference in DSC [136] is

s (T =qpf +c,(T) (2-21)

where g is the heat flow in DSC, f is the heating rate, cps, and cprr are the heat
capacities of a sample and a reference [136]. Derived from Eq. (2-21), a two point
correction and three point correction have been developed to fit data. The method used
in this study has been applied and validated for a range of light metal alloys. In the two
point corrections the baseline fluctuations are considered to be linearly dependent on the

temperature.

Qreal = Qmeasured + aDSC T+ bDSC (2-22)

where the two parameters a and b can be obtained with knowledge of certain features of
the curves. However, baseline drifts usually show a parabolic trend against temperature,
T, due to baseline fluctuations and heat capacity, a second order polynomial function fit

through these points is used to determine the heat flow.

Qreal = Qmeasured + aDSCTz + bDSCT + Cpsc (2_23)
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2.5.1.2 Equivalent time calculation

The equivalent time of non-isothermal treatment (i.e. linearly heated at a constant
heating rate in the power compensation DSC) allows comparison of the progress of a
reaction when samples are exposed to different temperature paths. The transformation
rate during a reaction is product of two functions, depending solely either on the

temperature 7, or on fraction transformed o [137, 138]:

— = f(a)k(T) (2-24)

where the temperature dependent function A(7) is assumed to follow an Arrhenius
formula (Eq. (2-25)), and the fraction transformed function f{a) is assumed to follow the

Johnoson-Mehl-Avriami equation ( Eq. (2-26)) [139-141]:

E
k= kO eXp(—ﬁ) (2_25)

1-1/n

f(a)=n(1—a)[—ln(l—a)] (2-26)

where R is the gas constant, £ is the activation energy of the reaction, ky and »n the

constant, which need to be determined.

In the state variable approach, the fraction transformed in reactions is approximated by

integrating the Eq. (2-24),

do

]ﬁom =j::0k (7 )t (2-27)
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As a result, the fraction transformation function on the left hand side of Eq. (2-27) is
defined as a function solely depending on temperature with an Arrhenius expression.
When the same amount of fractions are transformed in isothermal reaction at
temperature 7Ti, and in non-isothermal reaction with temperature path 7(7), the

equivalent time 7.4 of non-isothermal reaction is given as [134]:

’ E E
L, =ﬁ=0exp(—m)dtexp(-ﬁ) (2-28)

where T}, is the temperature of isothermal reactions.

For linear heating, the equation can be derived as

f“ exp(-—Eydr = £ [ eXp(; ) g (2-29)
0 UURT@ RED,
where
E _E
PSR RT,

T71s the temperature reached during the linear heating; f is the heating rate.

In order to obtain the equivalent time for linear heating, the integral f 7 Wis
Y=y

needed to be calculated. This temperature integral has been calculated using expansions
of the integral in an infinite series [142-144]. The procedures for the derivation of the
integral in DSC linear heating processes have been developed by Starink [145] using the
Kissinger method [146, 147]. The approximation of equivalent time for DSC linear
heating treatment leads to [134]:
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ﬂ

RT,

teqsng p(——)[ p(—ﬁ)]- (2-30)

150

The Eq. (2-30) was used by Starink and Gregson in work on 8090 metal matrix
composites [148]. In that work, samples were heated with heating rate f =10 K/min.
The peak of the formation of semicoherent S phase was observed at 300 °C; the
activation energy for the reaction of S phase is 107 kJ mol™". Eq. (2-30) predicted that if
Al-Cu-Mg samples isothermal aged at 170 °C, it would take 30 hours to complete the

same fraction of S transformation at 300 °C.

2.5.2 X-ray diffraction

X-ray diffraction peak profile analysis is a powerful technique for describing the
microstructure of crystallite materials. X-ray diffraction peaks broaden when the crystal
lattice are imperfect. Common sources contributed to the aberration from the ideal
powder pattern include dislocations, microstress, internal stress, stacking faults,
twinning, grain/subgrain boundaries, chemical heterogeneities, point defects, and
precipitates [132]. Peak shift is related to the different types of internal stresses and
planar faults. Small crystallite size and microstresses lead to peak broadening, however,

stress gradients and dislocations can also cause profile broadening.

2.5.2.1 Principle of X-ray diffraction

In an XRD pattern, the intensities of permitted reflexions depend on the atomic
groupings around the lattice. The relation between the structure amplitudes F(/kl) and

the observed relative intensities /(/kl) is described by the Debye-Scherrer formula [149]:

4 2
](hkl)=%F2 (hkl)'p'l.-l-zco—sMT.A
32am°c’RU sin” fcos@ (2-31)

41



Chapter 2 Literature Review

where U is the cell volume, T is the temperature-correction factor, 4 is the absorption
factor and p is the number of equivalent planes contributing to reflexion. The universal
constants e, 7, m and ¢ have their conventional meanings [150, 151]. The Debye theory
describes the how the different factors contribute to the breadth of X-ray diffraction
peaks.

If the glancing angle of incidence 6 equals the glancing angle of diffraction, and if the
plane normal is coplanar with incident and reflected beam, all lattice points on the hkl

plane must be in phase. This assumption leads to Bragg’s law [152], which is

where dyy 1s lattice spacing between the parallel (4kl) planes, whilst N,y indicates the
order of diffraction and A is the wave length of the X-rays. The absence of certain

reflexions indicates different lattice systems [153].

In principle, the experimental profile is the convolution of the instrumental profile and
the intrinsic profile. The instrument broadening can never be eliminated because of the
finite size of the source of X-rays and the finite width of specimen. The spread of
wavelengths of X-rays A+0/ leads to the broadening of line at Bragg angle 6+66 [150].

In Bragg’s equation, it is given by

2d,,, sin(6+660) = A+ A (2-33)

The simplified method to separate the intrinsic and instrumental profiles is based on
assumptions that these profiles can be approximated by a bell-shape function such as
Cauchy or Gaussian function [154]. The formations of these functions are summarized

from Eqgs.(2-34) to (2-36),
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Cauchy-Cauchy

Bexp =Bint +Bins

(2-34)
Gaussian-Gaussian
2 _p 2 2
Bexp - Bint + Bins (2_35)
Cauchy-Gaussian
2
Bmt 1 _ ( BI}’LS
Bexp Bexp (2_36)

where Bexp, Bint, Bins are integral breadth of experimental profile, intrinsic profile, and
instrumental profile, respectively [154]. The intrinsic profile broadening is thought to
attribute to either small crystallite size or microstress. Profile broadening due to small

grain size was first observed and measured by Scherrer [155]:

KA
B,, cost (2-37)

D hkl

where Dy is the crystallite size in the direction perpendicular to the lattice planes, 4, k
and / are the Miler indices of the planes being analysed, K is a numerical factor
frequently referred to as the crystallite-shape factor, By is the width (full-width at half-

maximum) of the X-ray diffraction peak in radians [151].

On the other hand, the profile broadening due to strain was first measured by Stokes and

Wilson [156]:

B

_ hkd

" 4tan @ (2-38)

In reality, the experimental profile needs to be unfolded as size broadening component

and strain broadening component at the same time. Three methods developed by
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Williamson [157], Warren [158], and Rietveld [159] provide accurate ways of
extracting size and strain information. These models on XRD profile broadening are

presented in following Section 2.6.2.2 to Section 2.6.2.4.

2.5.2.2 Williamson-Hall Method

Williamson and Hall [157] assumed that both the size and the strain broadened profiles
were Lorentzian components. Based on Cauchy-Cauchy approximation, the relationship
between intrinsic integral breadth, strain and particle size effects was established [154,

160, 161],

B. cosﬁ=%+f(s)sin6’

nt

(2-39)
or

B._cos@

nt

sind

+f(€)T

1
A D, (2-40)
where Bijy is the integral breadth, A is the wavelength of X-ray, 6 is the Bragg angle, ¢ is
the lattice strain, f{(¢) is a defined strain concerning function [154, 160, 161]. D, is
thought to be the volume weighted average domain size, which equal to D/K, D is the
crystallite size in Eq. (2-39), K is the Scherrer constant [160]. By plotting Biycosd
versus sind or plotting Biycosd /4 versus sinf/4, the strain and the size component are

obtained from the slope f(¢) and intercept (KA/D or 1/D, ), respectively.

Novelo-Peralta et al. [162] studied the XRD peak broadening due to the elastic effects
caused by coherent precipitates in an AI-Mg-Cu alloy. The alloy was aged at 180 °C for
2 minutes (2M), 30 minutes (30M), 6 hours (6H), 3 days (3D) and 1 week (1W). The
Williamson-Hall plot and the strain evolution during ageing are shown in Fig. 2.14

[162].

44



Chapter 2 Literature Review

35
—&— As-quenched
, o
3.0 /
25 -
: = /m/
— e
§ 2.04 //m
(=] i
8 /
= ] *
I 15 %E
- 5 . ,za»é
1 %
— ——
1.0+ _/,7;;»%‘;:”’/’4%
1 e
o=
0.5
(a)
e T e E L B e S
0.3 0.4 05 0.6 0.7 0.8 0.9 1.0 1.1 12
s [1/A]
1.6x10°
1.4x10°
®
1.2x10"
°
£ 1.0x10°
© ]
@
x 4
© 4
=S 8.0x107
6.0x10™
: - .
a0xt0*4_—*—
1 (b)
2.0x10* = T Ty Ty ey
1 10 100 1000 10000

Ageing Time [min)]

Fig. 2.14 (a) Williamson-Hall plots of Al-4.28Mg-0.68Cu (wt.%) alloy aged at 180 °C and (b)

Max. Strain evolution as a function of ageing time [162].

2.5.2.3 Warren-Averbach Method

The Warren-Averbach method [158] was thought to be the first theory to describe the
strain-induced Bragg peak broadening. By Taylor expansion of the Fourier coefficients
of the peaks, the XRD profile of sample is expressed in the format of cosine and sine

function [154, 163]:

f(s) x E {A(L)cos[27(s —s,)L]+ B(L)sin[27(s —s,)L]} (2-41)
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where A(L) and B(L) are the cosine and sine Fourier coefficient, respectively; L is the
conjugate variable to s-so in the real space and is interpreted as the column length of

unit cells perpendicular to the diffracting plane corresponding to the Bragg peak [163].

In Warren-Averbach theory, the coefficients 4(L) is written as the product of a purely
size-broadening term and a purely strain-broadening term [164]. A procedure has been
developed to determine the individual size and strain contribution from measurements

of two or more orders of the same Bragg reflection.
A — Asize (L)Astrain (S, L) (2_42)

where 4°*°(L) is an unknown size coefficient.

The strain coefficient is calculated as

A (s, L) = exp(-27°s°[* < £*(L) >) (2-43)

A logarithm function provides an effective way to measure strain and particle size

broadening as [158],

InA(L,s)=In A" (L)-27°s’L’ <&*(L) > (2-44)

where L is the Fourier length, which is defined as L=nas, a;=4/2(sinf;-sin 0,), <¢*(L)> is
the mean square strain, » is the integers staring from zero [158]. The slope of In A(L)
versus 27’s’L’ gives the measurement of microstrain <e¢*(L)>. The domain crystallite

size were calculated as [154]:

(2-45)
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where L, is the interpreted as an area averaged column length of unit cells. The Warren-
Averbach analysis was carried out using the Bragg peak pairs i.e. (111)-(222) or (200)-
(400). Fig. 2.15 shows the crystallite size of an as-extruded Al samples calculated from
the reflection pair of (111)-(222) [154].

| m 111-222 EX
La=67nm

0 10 20 30 40 50 60 70 80 90
L(nm)

Fig. 2.15 Plot of Fourier size coefficients vs column length for as-extruded Al samples [154].

2.5.2.4 Rietveld Method

The Rietveld method is a full-pattern fit method. The objective of the Rietveld method
is to determine and refine crystal structures by calculation. The model will be refined
until the calculated pattern matches the experimentally observed pattern as close as
possible. The peak profile is described as a Pseudo-Voigt (PV), Voigt or Pearson VII
function. The model can be simplified as shown in Eq. (2-46) to Eq. (2-48) [165-167].

The residual function y* to be minimize is given by

1

7o (2-46)

XZ - E Wi (Iiexp _ Iical(:)Z,Wi -
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where " is determined by structure factor of cells, i.e. atoms in the asymmetric unit,

symmetry equivalent positions, temperature factor [162, 167].

I =S, 3 L, |F.['S(26,-26,)P.A+bg, (2-47)
in which
sin” «
B =(r*cos’a+—)"? (2-48)
r

where Py is denoted as the preferred orientation function; Ly is Lorentz-Polarization
factor depending on the instrument (i.e. geometry, monochromator, detector, beam size
and sample positioning). Profile shape function S(26; -26;) obeys Pseudo-Voigt function
[168].

Profile shape function (PSF) is applicable over the whole range of diffraction angles
[167]. Cagliotti formula (Eq. (2-51)), is the full width at half maximum (FWHM) as a

function of @ for Gauss, pseudo Voigt and Pearson-VII function:

FWHM? =Utan”> @+ V tan@+ W (2-49)

where U, V, and W are free variable. U is the parameter most strongly associated with

strain broadening. Crystallite size can be calculated from ¥ and W.

The Rietveld method presents 3 main advantages over the Williamson-Hall method and
Warren-Averbach method [169]: (a) crystal structure and microstructural parameters
can be refined simultaneously by this method; (b) completely as well as partially
overlapping reflections can be analysed with sufficient accuracy; and (c) Rietveld

method takes into consideration the correction for preferred orientation if there is any.
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3.1 Materials

Experimental work in this study was carried out on a commercial 2024-T351 Al-Cu-Mg
alloy. The composition of this aluminium alloy is shown in Table 3-1. The T351 temper
indicates the alloy has been solution treated, water quenched, and stretched to about 2~5%
plastic deformation and then naturally aged. Table 3-2 shows the tensile properties of
this type of Al alloy in the as-received condition. In order to relieve stress, some of the
samples were re-solution treated at 495 °C for 30 minutes and naturally aged at room

temperature.

Table 3-1 Composition of 2024-T351 Al-Cu-Mg alloy.

Elements Cu Fe Mg Mn Si Zn  Others Balance
Composition (wt. %) 4.63 0.15 1.51 0.66 0.08 0.05 <0.05 Al
Composition (at. %) 2.1 0.07 1.8 035 0.08 0.02 <0.05 Al

Table 3-2 Tensile properties of 2024-T351 Al-Cu-Mg alloy.

Tensile Proof stress  Ultimate tensile strength  Elongation Percent Stretch
Properties  (0.2%), MPa (UTS), MPa (%)
Values 326 464 16.5 2.8%
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3.2 HPT facility

The experiments were carried out at room temperature using a HPT facility in the
Transport Systems Research Laboratory (TSRL) at the Faculty of Engineering and the

Environment at the University of Southampton, shown in Fig. 3.1(a).

Low anvil

e R

Fig. 3.1 High pressure torsion machine in TSRL lab at Southampton (a) overview of the HPT

facility, (b) upper and lower anvils; (¢) movement and speed control panel.

The facility consists of an upper and a lower anvil made from high strength tool steel
(YXR3) (in Fig. 3.1 (b)). Each anvil contains a spherical cavity having a diameter of
10.0 mm and a height of 0.25 mm at the centre. Samples should be prepared with a
diameter of 9.8 mm. The surfaces of both anvils are roughened and hardened using shot
peening process. The upper anvil is fixed while the lower anvil rotates to introduce
torsion straining. HPT processes can be controlled by the buttons on the panel (Fig.

3.1(c)). The thickness of the disks prepared for HPT was 0.85+0.03 mm after grinding
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using 120, 400 and 800 grits. No lubricant was applied on the sample but some was

applied on the anvil section adjacent to the samples.

3.3 HPT and heat treatment

3.3.1 HPT processes

Samples (2024A1-T351) were classified into two groups:

(1) Monotonic HPT, samples were clockwise rotated 1/8, %4, 1, 3, 5 and 16 rotations,
which are denoted as 1/8r-HPT, 1/4r-HPT, 1r-HPT, 3r-HPT, 5r-HPT and 16r-HPT. Due
to the hardness saturation observed for samples processed by a higher number of
rotations, 16 rotations were chosen as the maximum number of rotations [12-14]. To
compare with torsional deformed samples, a sample was compressed under 6 GPa

without any rotations.

(2) Single inverse HPT, the samples were first rotated clockwise 5 turns, and reversed
90°, 180° or 360° counter-clockwise, which are denoted as S5r-1/4r HPT, 5r-1/2r HPT
and 5r-1r HPT.

3.3.2 Heat treatments

Because of microstructural inhomogeneity an HPT disc, the microhardness and XRD
experiments need to be carried out on full disks. The DSC furnace is too small to hold a
full-size HPT disc. Hence, artificial ageing on T351 samples and UFG samples are

required to perform in an air-circulating furnace.

The samples were isothermal aged at 100 °C, 140 °C, 170 °C, 200 °C, 210 °C, 230 °C,
270 °C, and 400 °C. The dislocation densities of HPT samples after ageing were

analysed using XRD at room temperature.
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The equivalent time is taken into account for a sample isothermal heating up to ageing
temperatures ([134] and see also 2.6.1.2). The relationship of time and temperature is
illustrated in Eq. (2-32), with E approximated by the activation energy for diffusion of
solute atom (Cu or Mg) as 107 kJ/mole [170], and a heating rate f of 10 °C/min. Thus
the HPT sample is heat treated for the calculated equivalent time f., at the same
temperature in the DSC curve (Tis0=T%), €.g. a sample isothermal annealed at 210 °C for
2 minutes equivalent to that DSC linear heated up to 210 °C with a constant heat rate of
10 °C/min. The series of isothermal temperatures and the equivalent time are listed in

Table 3-3.

Table 3-3 The isothermal temperatures 75, and the equivalent time 7.

Isothermal heating temperature (°C) The equivalent time (s)

100 65
120 72
150 83
170 91
180 95
210 109
215 111
230 118
240 123
270 137
300 153
330 169
400 211
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3.4 Hardness test

The disc-shaped samples were ground up to 4000-grit SiC paper and polished by using
a 0.05um colloidal silica suspension. These procedures were followed to eliminate
oxide or other contaminations on the surface of samples and to obtain a mirror-like
surface for Vickers hardness tests. The hardness tests were conducted immediately after
heat treatment by using a standard HV test machine with a load of 500g for a dwell time

of 15s.

A total of 9 hardness indents were made on a line across the disc centre on the surface
of the samples. 6 lines were performed for each sample. The value of hardness at the
same distance to the centre was calculated from the 6 indentations. Eq. (3-1) presents
the calculation of Vickers hardness of each indentation. Prior to the hardness testing, the

instrument had been calibrated and tested on the calibrated hardness standard sample.

2F sin 130deg 302deg

dy” (3-1)

where F'is the applied load and dpy is the measured average diameter of the indent. The

average hardness and error bar are reported.

The standard deviation (STD) is taken for a set of indents as

(3-2)

where Nyy is the number of indentations, and x/" is the value of individual indentation,

and X is the average value of indentations.
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3.5DSC

3.5.1 Sample preparation and baseline subtraction

Due to the inhomogeneous microstructures of a sample after HPT processing, DSC
samples were punched at different positions in the discs. In Fig. 3.2 (a), disc-shaped
samples, 5 mm in diameter by approximately 0.7 mm thick, were punched from the
centre region. For the thermal performance at the periphery, the samples were also

punched by approximately 3 mm in width from the periphery (Fig. 3.2 (b)).

(@) (b)

3mm

Fig. 3.2 Samples preparation (a) sample of 5 mm in diameter in the centre (b) sample of roughly

3 mm wide at the periphery.

DSC measurement was carried out on a power compensating Perkin-Elmer Pyris-1
calorimeter, using nitrogen gas as a protective atmosphere. An empty pure copper
sample pan was used as a reference. Samples were performed from room temperature

(25 °C) to 540 °C at a constant heating rate of 10 °C/min.

All DSC thermographs were corrected by subtracting a baseline obtained from a DSC
run with an empty pan. A further correction was performed to correct for the baseline
drift due to heat capacity difference and baseline fluctuations using a second order
polynomial function (see Section 2.6.1). In this method, illustrated in Fig 3.3, three
points on the DSC curves aid to identify the positions where no reaction occurs. The
first point is readily defined as the initial part of DSC curve which is after the transient

period and before the start of the first reaction (~70 °C in this case). The second middle
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point is at the temperature where the transition from the first precipitation effect to its
dissolution effect (i.e. ~300 °C for a 2024Al1-T351 sample). The final point is at the
temperature where all the precipitation and dissolution reactions are completed (i.e.
~500 °C corresponding to maximum heat flow between the final dissolution effect and

the incipient melting).

The validity of these points was checked several times by re-solution treated (at 495 °C
for 30 minutes), T351, naturally and artificially aged samples. In HPT processed
samples, the middle point was chosen to balance the exothermic peaks of precipitation,
co-clusters formation and dislocation annihilation. The selection of this middle point
should be made to have the heat flows of precipitate dissolution (higher than 300 °C)
overlap to curves of T351 or re-solution treated samples. An example (T351) for the
second order polynomial correction is shown in Fig. 3.3. The heat released AQ is
calculated by integrating the heat flow dQ/dtr (Q in J/(g°C)) of peak over the
temperature range from very beginning (the first point) to the end (the third point, ~
500 °C). The original unit of heat flow is W/g. The three-point correction does not alter

the position of the exothermic or endothermic peaks.
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Fig. 3.3 A second order polynomial correction of DSC curve for 2024A1-T351 sample. (a) a

curve after baseline subtraction (b) a curve after a second order polynomial correction.
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3.5.2 Experimental accuracy

The accuracy of determination of DSC thermograms is influenced by environmental
parameters (i.e. temperature, temperature fluctuations, humidity) as well as the
characteristic factors of sample and the equipment (weight of sample, heating rate and
heat capacity). Hence, in the present work, the experiments were performed at the same
condition as those of the calibration runs. Nevertheless, an uncertainty of 1~2% in
measured heat flows is common in DSC experiments [135]. The heat flow measured by

DSC is influenced by heat capacity and kinetic components Eq. (3-3) [171].

Q _ 4 ]
» =C, - +£(T,¢) (3-3)

where C, is determined by heat capacity and weight of sample and d7/d¢ is the heating

rate.

To estimate accuracy in the present experiments, additional variations of baseline
correction was performed to identify the heat flow difference (exothermic or
endothermic effect) in the solid reaction in aluminium alloys (three point method, see
Section 2.6.1). For example, the baselines of HPT deformed sample are very similar,
see Fig. 3.4. The values of @ and b in the baseline function Eq. (2-33), are very similar

(Table 3-4). This indicates good reliability of the DSC data.

The small fluctuations of this second order polynomial baseline might lead to
differences in exothermic or endothermic enthalpy measured by integrating the heat
flow dQ/dt. One way to estimate this deviation is to approximate some other points
around the standard three points where no reaction occurs. The mean value of stored
energy and error bars are measured by repeating analysis on baseline correction. The
results of stored energy determination and associated error bars are presented in Section

4,
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Table 3-4 Calculation of baseline function of samples.

The number of rotations 1/4 1 5 16
apsc -1.00E-05 -6.00E-06 -3.00E-06 -1.00E-05
bpsc 0.003 0.0015 0.0007 0.0024
CpscC -4.34 -4.25 -4.25 -3.95
0
@_5 | e —
a \\
2
= —T351
S10 | —1/4r-HPT
= 1r-HPT
—5r-HPT
— 16r-HPT
-15

50 100 150 200 250 300 350 400
Temperature (°C)

Fig. 3.4 Baseline of DSC traces via three point correction.
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3.6 XRD

HPT processed samples were analysed by X-ray diffraction. Samples processed by
different turns of HPT were measured using a Bruker D2 Phaser Diffractometer; while
the HPT samples after isothermal heat treatments at different temperatures were

examined using a Siemens D5000 X-ray Powder Diffractometer.

Samples must be in a form or size that can be inserted into or attached to the holder in
XRD (<1 mm). Grinding and polishing were employed to get flat surfaces with a
thickness of 0.7 mm. Samples were categorized into three groups: (1) the full disks, (2)
the centre (blue areas, distance to centre » < 2.5 mm) and (3) the peripheral rings (green

areas, 2.5 mm<r < 5 mm), see Fig. 3.5.

2 3)

2.5mm

Fig. 3.5 XRD samples punched from HPT deformed discs.

To ensure good counting statistics throughout an X-ray powder diffraction pattern, the
time per step should approximately compensate for the gradual decline in intensity with
20, because of the nature of the samples (i.e. scattering, pattern degrading, peak-
broadening effects and the degree of peak overlap) [172, 173]. There should be at least
5 steps, but generally not more than ten) across the top of each peak, where step size
=FWHM/5. FWHM presents the full width at half-maximum [173]. XRD were carried

out on HPT-processed samples with 50 steps per degree and a count time of 1s per step
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on the instruments equipped with a graphite monochromator using Cu Ka radiation. The

slit lengths were both chosen 0.6 mm.

To reduce the errors and improve the accuracy, the data were collected by repeating
runs. Experiments on HPT samples were performed 5 times to obtain one pattern. The
data were saved as a format of raw or text, and analysed by DIFFRAC EVA software to
identify the precipitates and peak shifts, corresponding to evolution of lattice parameters

in SPD processing.

Profile broadening analysis due to grain refinements and dislocation densities were
evaluated using Williamson-Hall [157] and Rietveld [159] methods. The principles of

these methods were presented in Section 2.6.2.

The analysis of Rietveld full peak refinements were conducted in ‘Materials Analysis
using Diffraction’ (MAUD) software. By optimizing calculating models step by step,
the calculated curves were fixed to match experimental data. The optimizing conditions
involve background and scale, basic phase, microstructure, crystal structure, texture and
strain parameters. In MAUD, the conditions of source of radiation were set as
01=1.5406 pm, a,=1.54439 um, weight ratio=0.5, while goniometer radius was set as

200.5 pm for D5000 X-ray Powder Diffractometer and 141 um for Bruker D2 Phaser.

3.7 TEM

Transmission electron microscopy was performed on HPT processed samples using a
JEOL 3100 TEM operated at 300 kV. The microstructural evolution due to different
rotation strains was investigated by TEM on the periphery of “ar-HPT, 1r-HPT and 5r-
HPT. The coarsening of ultrafine grain in 5r-HPT samples was investigated after
heating up to 210 °C and 300 °C and isothermal ageing for 109 s and 153 s, respectively
(see Section 3.3.2), which are denoted as Sr-HPT-210 °C and 5r-HPT-300 °C.

Disks of 0.7 mm in thickness were mechanically ground with 800”SiC paper to 0.2 mm,
further ground down to ~150 pm using finer grid papers (i.e. 1200"SiC and 4000"SiC).

Circular samples of 3 mm in diameter were punched out at a position about 4 mm from
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the centre of a disk (we term this peripheral areas, see Fig. 3.6). (Both sides of the
sample surface were carefully ground, and circular samples for TEM examination were
punched from this the central region (in the thickness direction) of the sample. Thus
although microstructural inhomogeneity is presented in the thickness direction as all
samples were examined at the same location in the thickness direction this can be
ignored.) Subsequently, the samples were thinned to perforation using twin-jet
electropolishing at -30 °C with an electrolyte solution of HNO;: methanol=1:3 (in

volume).

For each HPT condition, more than 20 bright field (BF) images from different locations
were analysed to count as many grains as possible to provide good statistical
significance. The grain size was measured using the modified line intercept method
described in [117]. For TEM micrographs, intercept lengths were determined on random
lines. In the measurement, only the grains with clear boundaries were taken into account
(around 5-7 grains in one TEM figure). The grain size d was taken as d=1.4551L,
where L is the average line intercept, as the distribution of grain shapes is likely to
resemble a Poisson-Voronoi distribution [174]. Selected area diffraction (SAD) patterns
were taken with an aperture of ~1 pm?. Ring pattern consisting of many dispersed spots

were presented for UFG materials.

Centre of disc 3mm

A

Y

10mm

Fig. 3.6 TEM sample (blue) punched from the HPT processed disc.
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3.8 APT

Atom probe tomography was carried out on samples processed by 1/4r-HPT, 5r-HPT,
and HPT samples isothermal heat treated at 210 °C and 300 °C. Atom probe specimens
in the form of sharp needles with an end radius of less than 100 nm were prepared from
blanks with dimensions of 0.5 x 0.5 x 10 mm’ using a standard two-stage electro
polishing technique. The first stage used a solution of 25% perchloric acid in acetic acid
at 15V, whereas the second stage used an electrolyte of 5% perchloric acid in 2-
butoxyethanol at 20 V.

APT analysis was carried out under an ultrahigh vacuum (~1 x 107 Pa), UV laser
pulsing energy of 40 pJ at the pulse repetition rate of 200 kHz and a specimen
temperature of ~20-25 K using a local electrode atom probe (LEAP4000X SI®). In
comparison with voltage pulsing at pulse fraction (ratio of the pulse voltage to direct
current standing voltage) of ~20% [175], laser pulsing analysis improved analysis
success rate. Reconstruction and visualization of atom probe tomography (APT) data
was performed using the Imago Visualization and Analysis Software (IVAS™ 3.6.2).
The maximum separation algorithm was employed for cluster identification, with Mg,
Si and Cu as clustering solutes and a separation distance of 0.5 nm [176, 177]. A
minimum cluster size of n =2 was employed to detect all extremely small solute

clusters [177].
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Chapter 4 Calorimetric studies on precipitation acceleration

This chapter presents calorimetric studies on solution treated, T351 and HPT deformed
samples. In Section 4.1, the precipitation responses of the Al-Cu-Mg alloy are studied
using DSC. Section 4.2 presents a calculation on stored energy due to SPD. Finally, in
Section 4.3, a model is established to describe SPD processing accelerates S

precipitation.

4.1 Results

4.1.1 Low strain Al-Cu-Mg alloy

Strain in an as-obtained T351 sample has been reported to be 2%~3% stretching [31].
The Hencky strain formula presented the relationship between equivalent strain and

engineering strain:

E=e——+— (4-1)

where the engineering strain e expressed as the ratio of total dimension /4 to the initial

dimension Ly of the sample body:

(4-2)
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As a result, equivalent strain of a sample processed by compression without any
rotations in HPT instrument is calculated as 0.01. Samples with strain levels below ~0.1
will be referred to as the samples possessing a small deformation strain. (Strains are

small in the context of SPD.)

In Fig. 4.1 (a), DSC thermograms of the Al-Cu-Mg alloy with small strains are shown,
including solution-treated (i.e. strain free) samples, T351 samples, and compressed
samples. Three main heat effects, marked A, B and C, (observed in the solution treated
and T351 samples) are thought to be due to co-cluster dissolution, S phase precipitation
and S phase dissolution, respectively [41]. The endothermic effect starting at about
500 °C and ending at about 520 °C is due to incipient melting of intermetallic phases in

the 2024 Al alloy [10, 41, 65].

In Fig. 4.1 (b), the endothermic peak A shifts from 225 °C to a lower temperature,
210 °C, as samples were stretched (T351) or compressed. The endothermic areas A of a
solution treated (ST) with 1-day aged sample or a solution treated with 7-day aged
samples are lower and broader than those for other samples with low strains (i.e. T351,
ST + compressed and T351+ compressed). The 7-day aged sample shows a lowest value
in heat flow, indicating a larger heat effect corresponding to the dissolution of co-

clusters or GPB zones [41, 65].

In Fig. 4.1 (¢), a similar peak shift is observed for the exothermic peak B. The
exothermic peaks of ST samples are located at 270 °C. The exothermic peak shifts to
260 °C for the T351 sample (stretched 2-3%), and to 255 °C for the ST-compressed or
the T351-compressed sample. The heat flow of the T351 sample is ~0.02 W/g higher
than the heat flow of the ST sample. This is consistent with other observations [11, 41].
In an Al-0.6Cu-4.2Mg (wt.%) alloy [11] and an Al-4.2Cu-1.5Mg-0.6Mn-0.08Si
(AA2324) (wt.%) alloy [41], a peak due to S precipitation also shifts to a lower
temperature when samples were 2% and 5% cold deformed. This indicates an
acceleration of S precipitation. The dislocations introduced by stretching and

compressing can act as preferential nucleation sites to facilitate nucleation of S phase.
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Fig. 4.1 (a) DSC thermograms (heating rate: 10 °C/min, from 50 °C to 540 °C) for T351,
solution treated and 1-day/7-day aged samples, and compressed samples, (b) a comparison of

endothermic peaks (c) a comparison of exothermic peaks.
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4.1.2 Al-Cu-Mg alloy processed by monotonic HPT

The Al-Cu-Mg alloy was processed by monotonic HPT in clockwise direction at
ambient temperature. For DSC experiments, samples were classified into two groups:
central areas and peripheral areas (see Fig. 3.2). Table 4-1 illustrates the strain

differences after HPT processes.

Table 4-1 The equivalent strain of samples after HPT processes (equivalent radius

taken 1.25 mm for centre sample, and 3.75 mm for periphery sample).

Number of HPT 1/8 1/4 1 5 16
rotations
Centre £q 0.61 1.05 2.27 3.93 5.19
Periphery g4 1.44 2.03 3.42 5.18 6.38

In Fig. 4.2, overlapping exothermic effects peaking at ~220 °C and ~240 °C starts to be
observed in the DSC thermograph of a peripheral part of 1/4r-HPT sample (with an
equivalent strain of 2), and were also observed in other HPT samples in Fig. 4.3 (a) and
(b) with a larger strain (i.e. &,q>2). The effect peaking at 210 °C of 1/4r-HPT sample
contributes only a small fraction of overall exothermic effects, while the peak at 240 °C

contributes to the dominant effects.

However, for the HPT samples with equivalent strains lower than 2, only one single
exothermic peak appears at 245 °C, shown in Fig. 4.2 (for instance the DSC curves of
an 1/8r-HPT or an 1/4r-HPT centre sample). The single exothermic peak of the 1/8r-
HPT peripheral sample (i.e. peaking at 240 °C) is 5 °C lower.
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Fig. 4.2 Samples processed by small-rotation HPT (rotation number N<1).

DSC thermographs of samples processed by HPT for different rotations are shown in

Fig. 4.3 (a) and 4.3 (b) for centre parts and edge parts of samples, respectively.

In Fig. 4.3 (a) and (b), endothermic effects (from 70 °C to 200 °C) prior to the
exothermic regions (from 200 °C to 260 °C) are observed in samples with stain smaller
than 2 (i.e. ST, T351, compression, 1/8r-HPT and 1/4r-HPT samples). In the samples
processed by 1, 5 and 16r HPT, no endothermic effects are found at the same
temperature. But instead, an exothermic peak appears prior to 200 °C, peaking at 170 °C,

while a decrease in heat flow is observed at 200 °C in these samples.

Compared to the as-obtained T351 sample (non-HPT), the exothermic peak
temperatures decrease to 210 °C for samples HPT processed up to 16 rotations. In
region II, an overlapping of exothermic effects peaking at 210 °C and 240 °C appears in

HPT processed samples with the rotation number larger than 1.

In Fig. 4.3 (a), there seems to be nearly no difference between the thermal effects of
central areas in samples processed by 5 or 16 rotations in the region from 200 °C to
260 °C. But heat flows of both 5r- and 16r-HPT samples peaking at 210 °C are 0.01
W/g higher than peak heat flow of 1r-HPT sample.
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In Fig. 4.3 (b), the peak heat flow at 210 °C for the peripheral areas of 1r-HPT, 5r-HPT,
and 16r-HPT samples are 0.074 W/g, 0.092 W/g and 0.112 W/g. It presents an
increasing trend with the increase of the rotation number. However, the heat flows of
peaks at ~240 °C decrease with the increase of rotation number. The heat flow value is
0.031 W/g for the 16r-HPT sample, 0.055 W/g for the 1r-HPT sample, ~0.06 W/g for
the 1/4r-HPT sample and ~0.06 W/g for the 1/8r-HPT sample. The identification of

effects in this region will be presented in Section 4.2.

The exothermic effect between 200 and 300 °C is thought to be mainly due to the
formation of S phase precipitates [41, 180]. Previous TEM studies by Wang et al. [41,
180] on Al-Cu-Mg based alloy (such as Al-2024 alloy or Al-2324 alloy) identified two
types of S phase precipitates. The single peak in DSC thermograms for the T351 and the
sample processed by water quenching and cold work (WQ+CW) can be thought to
involve two overlapping reactions [41]. The two types of S precipitates in Al-Cu-Mg
alloys were also confirmed by other investigators [42-44] with orientation of the two
types rotated by 4~7° to the classic one. Type I and Type II S phase are essentially the
same phase. Type I phase is semi-coherent with the Al matrix and can be easier
accommodated with the strains at the interfaces with the matrix. In a WQ sample, the
Cu and Mg remaining in solution will precipitate to form the Type II S phase, when the
precipitation of Type I is not completed. It leads to two overlapping exothermic peaks
appear between 200 °C and 300 °C in DSC thermograms [41, 180]. DSC exothermic
peak of Type II S precipitates may not appear in these deformed samples subjected to
small strains, such as T351 sample, solution treated sample, compressed sample and
sample processed by 1/8r HPT. The absence of the second exothermic peak does not
mean the absence of Type II S phases. In fact, the co-existence of two types of S phases

in aluminium matrix was observed in some recent work [44].

Two exothermic peaks were observed in Fig. 4.3 (a) and (b) between 200 °C and 300 °C
in samples processed by higher torsional deformation, the equivalent strain of which is
larger than 200%. On increasing deformation, the DSC peaks shift to lower
temperatures. These two peaks cannot be simply ascribed to the thermal effects of the
two types of S precipitates. Even though Type I and Type II S phase co-exist in Al
matrix in HPT samples, the transformation from Type I to Type II S phase is unlikely to
cause a second exothermic peak. (Strain energy and interfacial energy are too small to

cause a detectable second effect [180].) In reality, XRD pattern (Fig. 6.3) in Section
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6.1.2 reveals the S precipitates appear in the 5Sr-HPT-240°C sample and 5r-HPT-300°C,
but do not appear in the 5r-HPT-210°C sample. The XRD profile broadening analysis
indicates a significant decrease of dislocation density can be correlated with the

exothermic peaks at 210°C.

In fact, similar two exothermic peaks of DSC were also observed in other heat treatable
SPD processed Al alloys. For example, DSC thermograms for an ECAP processed 7075
Al alloy [99] showed two peaks in the exothermic region (140~230 °C), which was due
to the formation of the intermediate metastable phase n' and equilibrium phase n. At the
first exothermic peak (140 °C), the hardness and dislocation density decreased
significantly, while the grain size increased substantially. No direct evidence shows that
the peak at 140 °C is due to the structural evolution, but the dislocations and strains in
UFG samples have a great influence on the energy released in DSC thermograms [99].
The structural evolutions of ultra-fine grain 2024 Al alloy in DSC heating process in
present work are similar to 7075 Al alloy. One possible explanation for the appearance
of overlapping peaks could be the annihilation of dislocations and growth of grain size

(see also Section 6.1).

In region III shown both in Fig. 4.3 (a) and (b), the endothermic effect between 265 °C
and 500 °C is thought to be primarily due to dissolution of S phase [9, 178]. The
relatively small exothermic effect is due to recrystallization which may appear
superimposed on the larger exothermic effect due to S phase dissolution. These small
exothermic effects appear around 400 °C in HPT-deformed samples (especially in a
1/8r-HPT or 1/4r-HPT sample). Similar phenomena were observed in a cast 2024
aluminium alloy subjected to ECAP, showing the exothermic peaks around 380 °C

[179]. Ref. [179] attributed this exothermic peak at ~400 °C to recrystallization.

In summary, enthalpy changes are correlated to the microstructural evolutions of HPT-
processed Al-Cu-Mg alloys. In DSC heating, the dislocation recovery occurred from
100 °C. The dislocation-cluster complexes (described in Chapter 5) formed at room
temperature, and dissolved into the Al matrix from 170 °C to 200 °C. At 210 °C, the
number of dislocations reduced significantly, while the S phase started to precipitate. As
a result, the crystallite size (scattering domains) increases dramatically (Section 6.1.2).
For samples heated up to 260 °C, the S precipitates dissolved, and grain growth

occurred.
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Fig. 4.3 DSC thermograms of samples after HPT processing for 1/8, 1/4, 1, 5 and 16 rotations
(heat rate: 10 °C/min) (a) samples punched in central areas (»<2.5 mm); (b) samples punched in

peripheral areas (2.5 mm <r <5 mm).
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4.2 A calculation of stored energy in DSC for HPT samples

Enthalpy due to the formation and dissolution of S phase in DSC is thought to be equal,
because all S precipitates dissolve during the annealing process. As a result, the total
enthalpy change during linear heating is associated with plastic deformation and co-
cluster effects, with the assumption that the natural ageing does not generate much

precipitation. Hence,

AQ=AH, +AH,, (43)

where AH,; is the energy stored in dislocations, and AH, is the enthalpy due to the
clusters dissolution. Measurements of the total stored energy were performed by
integrating the areas under DSC curves. The stored energy arises from all dislocations,
the trapped solute atoms, and the formation of cluster-dislocation microstructures. The
total evolved heat AQ (Table 4-2) is ascribed to the enthalpy from the reaction of
dislocation annihilation and the reaction of clusters dissolution. (Missing data in the

table are due to the fluctuation of baseline drift for some of the DSC experiments.)

Fig. 4.4 indicates that the evolved heat increases significantly as the number of rotations
increases. The evolved heat then reaches its maximum value of around 14~16J/g after 5
rotations. Further plastic deformation through HPT (increasing number of rotations or
choosing the position of DSC samples closer to the periphery) does not cause a further
increase of evolved heat. This trend of evolved heat indicates the saturation of
dislocations for the AI-Mg-Cu alloy subjected HPT is achieved after 5 revolutions. The
relationship between stored energy and lattice defects (i.e. microstrain or dislocations,
grain boundaries, solute/co-clusters segregation and interaction) introduced by HPT is

modelled and discussed in Section 6.3.
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Table 4-2 Energy change in DSC after HPT.

Condition Total energy (J/g)
Annealing -34.44+0.9
1/8r-HPT centre -32.440.9
1/8r-HPT periphery -
1/4r-HPT centre -29.4+1.2
1/4r-HPT periphery -27.9+1
Ir-HPT centre -23.4+0.7
1r-HPT periphery -22.240.8
5r-HPT centre -16.5+2
5r-HPT periphery -14.3+2
16r-HPT centre -14.2+0.5

16r-HPT periphery
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Fig. 4.4 Heat evolved from samples subjected to HPT of different turns.

4.3 A model predicting precipitation temperature for HPT samples

The DSC thermographs in Fig. 4.1 to Fig. 4.3 show that on increasing deformation, the
peaks due to the formation of S phase shift to lower temperatures. This is thought due to
the dislocations introduced by cold plastic deformation acting as nucleation sites for S
precipitates, which accelerate the precipitation rate ([11] and see also Section 4.1). In

this section a simple model for this shift is derived and tested.

Solid state reactions (i.e. precipitation and homogenisation) are considered to be
diffusion controlled reactions. The typical diffusion distance of solute atoms s in an
SPD sample is here simply assumed to be the typical distance between dislocations,

which is given by [180, 181]

s = (4-4)

1
Jo
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The diffusion distance is generally given by [134, 145]

s =Dt (4-3)

where D is the diffusion coefficient which is given by Arrhenius term:
E
D=D,exp| -—2 4-6
0 P( Z T) (4-6)

where D, is the pre-exponential diffusion coefficient, £p is the activation energy of

diffusion, R, the gas constant .

The dislocation density stored in grains can be obtained from Kocks, Mecking and

Estrin (KME) model [112-114] (see also Section 2.4.1), and is given by

dp, .
d_gg =(bl)" ~ky 0 7

where pj,; is the volume averaged dislocation density in the grains, ¢ is the strain, b is the

Burgers vector, / is a constant associated with dislocation movement, &, a constant.

The first term in Eq. (4-7) is associated with the athermal storage of dislocations due to
moving dislocations blocked by obstacles, whilst the second (decreasing) term is
ascribed to the dislocation annihilation. Hence, the volume-averaged stored dislocation

density is given by integrating Eq. (4-7) [118],

p=(blk,)" -((bik, )" = py e (4-8)

The dislocation saturation has been considered in the calculation of the equivalent strain

in Eq. (2-6).
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By combining Egs. (4-4) to (4-6), the relationship between peak temperature of S phase

precipitation 7 and the equivalent strain ¢ introduced by cold work is then established as

1 E - -
p= 5o | = (o) = ((00k) - e (@9
0

where ¢ is the diffusion time of precipitation during linear heating, which is measured as
equivalent time of isothermal ageing and is given by Eq. (2-30) (see also Section

2.5.1.2).

0 = L P e )
The model is used to predict the peak temperature of S phase formation 7 (°C) on
increasing strain ¢ in the HPT processed Al-Cu-Mg alloy. The diffusion coefficient Dy
and the activation energy Ep were obtained from data fitting. The initial dislocation
density po has very little influence on the predictions, and is taken as 10" m™, which is a
typical value for annealed Al [118, 157, 182] and is also close to the value obtained
from XRD annalysis of an annealed Al-2024 alloy in present work (see Section 5.1.2).
In Table 4-3, the dislocation density after HPT for Al-2024 in the present work is close
to that of Al-1050 in Ref [182]. Hence, the constant associated with dislocation
movement is taken from work on SPD Al-1050 alloy as 5 [118], and the constant &; is

given as 1.86 [118].
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Table 4-3 Parameter values used in model.

Parameters Value units Refs
Dy 310" m%/s This work by fitting
Ep 127 kJ/mol This work by fitting
R 8.314 J/(K-mol) [134]
b 0.286 nm A constant for Al alloys
) =5 um 4.5 for Al-1200, 5.6 for Al-
1050 [118]
k; 1.86 Fitting in [118]
00 ~1-10" m? [118, 157, 182] and this
work
t Equivalent time of isothermal ageing
T Measured in this work from the experimental peak temperature
310

280 -

M —X—X

Temperature of S phase formation (°C)

— Predicted

% Measured

250
X
X X
X
X X X X
220 x
0 2 4 6 8
Strain (g)

Fig. 4.5 Predicted and measured peak temperatures due to S phase formation as a function of

equivalent strain in SPD Al-2024.

76



Chapter 4 Calorimetric studies

Fig. 4.5 shows that the peak temperature of S phase predicted by present model is
generally in line with measured data on Al-2024, and the model broadly captures the
correct trend on increasing strain. The predicted peak temperature fits the measured
temperature to 240 °C (the 2™ peak in the overlapping exothermic region between 200
and 260 °C in Fig. 4.3(a) and (b)) with a higher torsional deformation (>200%, i.e. 1r-
HPT, 5r-HPT and 16r-HPT). The fitted activation energy (127 kJ/mole) and the
diffusion coefficient Dy (3-10™ m%/s) are close to that in literature (Table 4-4) [170].

Table 4-4 A tabulation of diffusion data [170].

Diffusing Host Metal Dy (m’/s) Activation Energy Qq
Species kJ/mol eV/atom

Al Al 2.3%x10™ 144 1.49

Cu Al 6.5%107 136 1.41

Mg Al 1.2x10™ 131 1.35

4.4 Summary

Calorimetric studies on HPT-processed samples show overlapping exothermic peaks in
the range of 200 °C to 260 °C, indicating two dominant thermal effects (i.e. S
precipitation and microstructural recrystallization) during DSC heating. The calculation
on enthalpy change during DSC heating illustrates an increasing trend of stored energy

with an increase in rotation number.

The exothermic peaks shift to a lower temperature, indicating SPD accelerates S
precipitation. A model from solute diffusion and dislocation generation/annihilation
function fits the measured peak temperatures in DSC thermograms with a good

accuracy.

However, the calorimetric study is an indirectly technique, the microstructural
evolutions were characterized by other techniques, i.e. XRD, TEM and APT, which are
presented in Chapter 5 and Chapter 6.
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Chapter S Microstructural evolution and strength of an

UFG Al-Cu-Mg alloy processed by HPT

In this Chapter, the microstructural evolution of the UFG Al-Cu-Mg alloy processed by
HPT was measured by Vickers hardness, XRD and TEM. Solute segregation of HPT-
processed samples at grain boundaries and dislocations was observed using APM. In
Section 5.2, various strengthening mechanisms are considered to predict the ultra-high

strength after HPT processing.

5.1 Results

5.1.1 Vickers hardness of samples processed by HPT for various rotations

Vickers hardness was measured on 6 lines across the disc centre. Each average value
was taken at the positions with the same distance to the centre. Fig. 5.1 shows the
distribution of the Vickers microhardness of T351 and HPT-deformed samples against

distance from the centre of discs.

Strain is inhomogeneous and the equivalent (von Mises) strain increases with the
distance to the centre, reaching the maximum value at the edge regions. The hardness of
HPT-processed samples is higher than that of as-obtained T351 sample. The hardness of
HPT-processed samples increases with distance from the centre of disk as well as the
increasing numbers of rotations. 1/8r-HPT and 1/4r-HPT show a similar distribution of
Vickers hardness, which is about 166 HV in the centre and 200~206 HV in the
peripheral areas. The hardness of HPT discs in the peripheral regions is reasonably

similar after 1, 3, 5 and 16 rotations, tending towards a saturation value of 260 HV. In
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centre areas (where the distance to the centre< 2 mm), the hardness increases gradually

with the number of rotations.

300

Vickers microhardness
V) 8
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Fig. 5.1 Microhardness distribution versus distance to the centre of HPT discs at various

rotations at ambient temperature.

5.1.2 X-ray diffraction analysis

Vickers hardness for HPT-processed samples in Fig. 5.1 indicates the inhomogeneous
microstructure across the diameter of each disc after HPT. The patterns of full disks,
central areas and edge areas were illustrated in Fig. 5.2 (a) to (c¢). The 5 main peaks are
due to the Al planes (111), (200), (220), (311) and (222). Compared to the XRD profile
of T351 sample, the profile broadening is observed in the patterns of samples processed
by HPT. There is a baseline shift in lower angle (<35°) for HPT-processed samples in

centre areas (see Fig. 5.2 (b)), which is probably due to small size of the samples.
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It is known that small grain size and internal microstrains are the two main sources
contributing to X-ray profile broadening [132], and the dislocation density p can be

calculated from the lattice microstrain, <¢>>'"?[99, 181] by:

23 (e):
T .

where D, is the average crystallite size (related to coherently scattering domains, i.e. the
mean size of dislocation free domains [182]); the dislocation density p should be

regarded as an average value over the volume studied.

Two methods were developed to calculate the lattice defects in samples processed by a
series of HPT rotations, including Williamson-Hall plots [157], and Rietveld full peak

refinement [159].

80



Chapter 5 Microstructural evolution and strength

N
(a) a1 oom Full (%135%{15) after HPT
} | (220) (797
B N -HPT
& J “ 3r-HPT
g ___~J N I\ A et |
=
J AL 1/4r-HPT]
___A__JJ J T351
30 40 50 20 (deg.) 60 70 80 90
Centre areas after HPT
(220) GID )
16r-HPT

w

Intensity (a.u/atom)

3 40 50 20 (deg.)60

Edge areas after HPT
(311) (222)

J\ ~__161-HPT

A 5r-HPT

3r-HPT
N

(220)

N

N_

N

ot N w
N

(© a1 || (200

Intensity (a.u/atom)

1/4r-HPT

T351

T T T T T

30 40 50 20 (deg.)60 70 80 90
Fig. 5.2 The X-ray diffraction patterns of the alloy at T351 and that deformed by HPT for %, 1,

3, 5 and 16 rotations: (a) full disks; (b) centre areas; (c) edge areas.
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5.1.2.1 Williamson-Hall method

On the assumption that both size and strain broadened profiles are Lorentzian
components, the full width at half maximum (FWHM) of a XRD profile [157] can be
expressed as Eq. (2-40), which is

where D¢ is the crystallite size, f'(¢) is a defined function equals to 2¢ [160-162].

In commercial diffractometers, the environmental broadening, such as slit width,
wavelength width of the Cu resource Ka; and Ka,, were extracted prior to strain or size
broadening. Bi,x was obtained by subtracting instrumental broadening using Gaussian-

Gaussian relationship [154] (Eq. (2-35) in Section 2.6.2.1), which is:

B, =B +B.

int ins

where Bexp, Bint, Bins are the integral breadth of experimental profile, intrinsic profile,

and instrumental profile, respectively [154].

Taken K=sinf/A, and AK=Biycosf/l, the Williamson-Hall plots of HPT-processed
samples are illustrated in Fig. 5.3 (a) to Fig. 5.3 (¢). The figures refer to the whole disks,
central areas and edge areas, respectively. In HPT-deformed samples, an increase in the
value of slopes indicates an increase in microstrains in Al matrix, while an increase in
the value of intercept suggests a decrease of crystallite sizes. The dislocation densities
calculated from Eq. (5-1) and crystallite size of an Al-Cu-Mg T351 alloy processed by
HPT for different rotations are shown in Fig. 5.4 (a) to Fig. 5.4 (b).

In Fig. 5.4 (a), the average crystallite size of full disks decreases generally from ~500
nm at T351 to ~110 nm after 1/4r-HPT, further decreases to ~40 nm and stays at a
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similar value as the number of rotations increases. Crystallite sizes of HPT samples in
centre areas and edge areas present similar trends to the full disks. The only differences
are shown in magnitude (see Fig. 5.4 (b) and Fig.5.4 (c)). The average crystallite sizes
of HPT-processed samples are slightly larger in centre areas, which presents an
approximated value ~50 nm for HPT-processed samples with rotation number larger
than 1 (i.e. 3r-HPT, 5r-HPT or 16r-HPT). However, the average crystallite sizes of HPT

samples are smaller in edge areas, ~30 nm.

The dislocation density increases significantly after the sample is subjected to HPT
deformation for V4 rotations (i.e. ~1.0 x10" m™ for the full disks, ~0.8x10"* m™ for
centre areas). It is clear seen from Fig. 5.4 (a) that a further slight increase in dislocation
density (up to ~1.1x10" m™) occurs as the sample subjected to 5 rotations HPT (5r-
HPT) deformation. The dislocation densities for the edge areas of samples processed by

1r-HPT or higher rotations present relatively higher values, ~1.2x10'* m™.

83



Chapter 5 Microstructural evolution and strength

0.01
(a) Full disks
0.008 -
0.006 -
3 R
0.004 e e T35
e — A 1/4r-HPT
L e Ir-HPT
0.002 3r-HPT
5r-HPT
& 16r-HPT
0 T T T T
0.4 0.5 0.6 0.7 0.8 0.9
K
0.01
(b) Centre areas X -
- - X
0.008 | e T
. T o 1/4--HPT
0.006 | X 1r-HPT
| ol | Ir-
= .
0.004 | 3r-HPT
5r-HPT
0.002
¢ 16r-HPT
0 T I T |
0.4 0.5 0.6 0.7 0.8 0.9
K
0.01
(c) Edge areas e
0.008 P |
T S
0.006 x ey ¢ 1/4r-HPT
=
< m  1r-HPT
0.004 - 3-HPT
0.002 Sr-HPT
16r-HPT
0 T I I T
04 0.5 0.6 0.7 0.8 0.9
K

Fig. 5.3 Plots of different HPT-deformed Al-Cu-Mg samples for determination of the average
crystallite size and microstrain via Williamson-Hall plots: (a) full disks; (b) centre areas; (c)

edge areas.
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determined by Williamson-Hall produce plotted as a function of the number of HPT rotations:

(a) full disks; (b) centre areas; (c) edge areas.
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5.1.2.2 Rietveld method

Rietveld whole profile fitting was applied on XRD data of T351 and HPT-deformed
samples by the pseudo-Voigt function [167]. The calculation was based on the
crystallographic structure models, which also took into account the sample and
instrumental broadening effects. The fitting to the measured XRD pattern is performed
by a least-square calculation, which minimises the residual between calculated and

measured data. this is programmed directly by using ‘MAUD’ [173].

When a good match of the peak positions has approached, the other profile parameters,
i.e. peak width or peak asymmetry as a function of 26, will be refined. Taken the
FWHM as a Gaussian component, the peak shape as a function of 26 is modelled with
the equation derived by Caglioti et al [183]. Instrumental parameters simulated from
‘MAUD’ are illustrated in Table 5-1. Examples of Rietveld full pattern fitting using
‘MAUD?’ software are illustrated in Fig. 5.5 (a) 3r-HPT sample and (b) 5r-HPT sample.

The differences between central areas and edge areas are very small. In this section, the
crystallite size and dislocation density from edge-area samples will be used in the
strength predicting model (see Section 5.2). Fig. 5.6 shows the evolutions of dislocation
density and crystallite size in the edge areas of the alloy subjected to different rotations.
The dislocation density increases significantly up to 2.5x10" m™ after 1/4r-HPT
processing and is about constant at 3.3x10"* m™ when processed 1r-HPT or more. The
crystallite size decreases to 60 nm for 1/4r-HPT and further decreases to ~50 nm for
higher rotations. Compared to the dislocation densities in Fig. 5.4 (c), the dislocation
densities calculated from Rietveld refinement are higher than those from Williamson-
Hall method, and the crystallite sizes in Rietvled method are larger in HPT deformed

samples.
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Fig. 5.5 Rietveld analysis fits for X-ray diffraction pattern of 3r-HPT (a) and 5r-HPT sample (b).

Experimental data of 3r-HPT and 5r-HPT are shown as circles in (a) and triangles in (b),
respectively; and the refined simulated patterns are shown as continuous solid line. The
difference between experimental data and fitted simulated pattern is shown as continuous line

under each diffraction pattern.

Table 5-1 Instrumental parameters simulated from ‘MAUD”.

Instrumental U \% w Gaussianity  Gaussianity
parameters coefficient 1 coefficient 2
Value 1.969 -6.416 0.6634 -198.7 6.676
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Fig. 5.6 The crystallite size (coherently scattering domains) and average dislocation density
determined by Rietveld full pattern refinement plotted as a function of the number of HPT

rotations.

A higher dislocation density has been evaluated by XRD in edge areas of HPT
deformed samples. The saturated value indicates the microstructural homogeneity. The
findings show a reasonable correspondence with Vickers hardness and the equivalent
strains in these areas are nearly the same. But in Williamson-Hall plots, the small grain
size and the strain broadened profiles are thought to be Lorentzian factors. The
broadening components are linear added to each other. In Rietveld method, (i.e. [161,
162, 184, 185]), the profile broadening due to microstrain is thought to be a Gauss
component. Hence, the dislocation densities calculated from Williamson-Hall plots are

smaller than those obtained from Rietveld method.
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5.1.3 Transmission electron microscopy

TEM micrographs obtained at positions at ~4 mm from the centre of disks after “ar-HPT,
Ir-HPT and 5r-HPT processing are shown in Fig. 5.7 to Fig. 5.9, respectively. There is
very little difference in grain sizes in the outer regions of 1r-HPT and 5r-HPT disks.
High dislocation densities within some of the ultrafine grains were observed in a Sr-
HPT sample (see Fig. 5.9 (a)). With an aperture of ~1 um? a ring pattern consisting of
many dispersed spots, as shown in Fig. 5.8 (¢) and Fig. 5.9 (b), signifies the formation
of high-angle grain boundaries with many grains in multiple orientations. More spots
appear in Fig. 5.9 (b) than those in Fig. 5.8 (c) suggest more grains with different

orientations for Sr-HPT sample within the aperture area.

The average grain sizes are measured using the modified line intercept method
described in [117]. Averaging over 20 TEM micrographs provided a line intercept grain
size of 177435 nm after % rotation, 145435 nm after 1 rotation and 157430 nm after 5
rotation, respectively. The grain size distribution of the HPT processed samples was

illustrated in Fig. 5.7 (d), Fig. 5.8 (d) and Fig. 5.9. (¢), respectively.

After HPT processing the average grain sizes measured by TEM were in the range of
~120-200 nm but these size are about 3-times higher than the mean crystallite sizes of
~40-60 nm determined using XRD profile broadening analysis. This discrepancy is now
well-established in observations of materials processed by SPD [186, 187]. The TEM
grain size can only be observed as grain misorientations of larger than 15° with a bright
mass-thickness contrast. But the crystallite size is the size of scattering domains, which
are dislocation free domains. Thus, the crystallite size determined from XRD
corresponds essentially to the mean size of any subgrains or dislocation cells and the
mean size is generally smaller than the conventional grain size measured using TEM

micrographs [186-188].
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5.1.4 Atom probe microscopy

Fig. 5.10 (a)-(c) shows atom maps of Mg, Cu and Si for a sample processed by 1/4r
HPT. The analysis volume contains only 2 sections of grain boundaries (GBs), here
marked GB1 and GB2. Both Mg and Cu are seen to segregate at the grain boundaries.
The total number density of solute clusters in the volume in Fig. 5.10 is identified as
1.90x10* m™. Mg-Cu co-clusters are the dominant type of detected clusters, with
density 1.06x10%°m™. Quantitative measurement of the composition profiles of GBI in
the 1/4r-HPT Al-Cu-Mg alloy is shown in Fig. 5.10 (e). It appears that peak Mg

concentration of GB1 is 2.40 at% and peak Cu concentration is lower, ~1.90 at%.

The Cu and Si atom maps of the 5r-HPT sample (Fig. 5.11 (b)-(c)) presents the
preicipitate-free zones near grain boundaries, while Fig. 5.11 (a) illustrates a nearly
random distribution of Mg atoms. Thus, it is proposed that in this sample GBs only
enrich with Cu and Si, with no clear segregation of Mg. This is because segregation
characteristic in grain boundaries depends strongly on the nature of each GB, i.e.
disorientation angle of GBs, tilt and rotation of the grain (see also [23, 26]). The
nearest-neighbour analysis in Fig. 5.11 (e) and (f) confirms that Cu and Si develop non-
random distributions slightly more strongly than Mg atoms, because of the clustering of
Cu-Mg and Si-Mg, which segregate to GBs. The detected solute clusters have an overall
number density of 1.99x10*° m~, with Mg-Cu co-clusters being dominant with a

number density of 1.07x10%® m™ (see Table 5-2).

The overall number density of solute clusters increases slightly as the number of
rotations increased. The average Mg/Cu ratio in clusters is around 1 after 1/4r-HPT, and

it increases slightly to 1.15 after 5Sr-HPT processing.
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Fig. 5.10 Single-element atom maps of one 1/4r-HPT Al-Cu-Mg sample (a) Mg map, (b) Cu
map, (¢) Si map and (d) CuSiMg map; (e¢) composition profiles of GB1 measured using a

selection box with the z-axis parallel to grain boundary plane normal.
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Table 5-2 Number densities of detected clusters in Al-4.3Cu-1.5Mg-0.08S1 wt.%

processed by Y4 rotation and 5 rotations of HPT at room temperature.

HPT No. density Alloy composition
rotations x10%°m™ (at.%)
All Mg-Cu  Cu-Cu Mg-Mg Mg Cu
1/4 1.90 1.06 0.34 0.42 1.67 1.69
5 1.99 1.07 0.37 0.45 1.71 1.49

5.2 A model predicting strength of the alloy after HPT

In heat-treatable Al alloys, because of the increase in lattice defects introduced by SPD,
the redistribution of solute atoms [24-26] or the fragment of pre-existing precipitations
[18-21] can occur. In the Al-Cu-Mg T351 alloy, the ratio of Cu to Mg is close to 1. Cu-
Mg co-clusters disperse randomly in the Al matrix. Fig. 5.10 shows that Cu-Mg clusters
segregate to grain boundaries in a sample processed by 1/4r-HPT. Similar segregation
phenomena were investigated in other SPD Al alloys at room temperature [24, 25]. In
previous studies on solution treated Al-Cu-Mg alloys (i.e. [38, 39, 46, 53, 56, 189-191)),
co-clusters strengthening are thought to be domain mechanism that causes the rapid
hardening in the early stage of precipitation. In this SPD processed Al-Cu-Mg alloy, the
segregated clusters will act as obstacles which hinder the movements of dislocations,
and pin up the dislocation walls and grain boundaries. Thus, in addition to dislocation
strengthening and grain boundary strengthening, short range order strengthening (due to
clusters) also contribute to overall strengthening. The strength of an SPD processed Al
alloy can be much higher than pure Al due to the clusters effects. A model is established

in this section to explain these multi-strengthening mechanisms.
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5.2.1 General model structure

The yield strength of a polycrystalline metal is related to the critically resolved shear
stress (CRSS) of the grains and the grain boundary strengthening, with an expression of

the type [13, 118, 192, 193]:

o=Ao, + MAT,, (5-2)

Aoy, 1s the yield strength increment due to the grain boundaries; M is an orientation
factor (often termed the Taylor factor), which is related to texture and the orientation of
the tensile axis relative the main axes of the worked specimen [192, 193]; Az 1S the
CRSS of the grains. We will consider the various strengthening mechanisms in the

below.

5.2.2 Ciritically resolved shear stress of the grains

Within a grain in a ternary (or higher order) alloy that has been work-hardened, Az is
determined by a range of mechanisms and nanoscale features. Within these grains, the
resistance against deformation (i.e. resistance against the movement of dislocations) is
due to the interactions of the moving dislocations with obstacles in the form of other
dislocations (primarily those introduced by the prior work hardening), various types of
clusters, precipitates and solute atoms. If we consider a ternary heat treatable aluminium
alloy (for instance an Al-Mg-Cu alloy), atoms of type A (for instance Mg) and type B
(for instance Cu) dissolve in a lattice of host metal M (the fcc Al-rich phase) after
solution heat treatment and on low temperature ageing, some (or most) of the solutes
can form clusters. Fig. 5.12 (a) illustrates how a dislocation moving on a slip plane
encounters co-clusters, i.e. 4-atom co-clusters intersecting the slip plane (see also [57,
194, 195]). Fig. 5.12 (b) illustrates this from a different orientation (looking down onto

a slip plane), now with also a small number of stationary dislocations present (resulting
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from a small amount of prior deformation). This shows the moving dislocation will pass
through the co-clusters and those dislocations. On passing of one dislocation through
the A-B co-cluster, the A-B bonds will be destroyed and some will be retained [57].
After SPD processing, a large number of dislocations are stored in the grain, as

illustrated in Fig. 5.12(c).
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T351
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O Atom Mg
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Fig.5.12 (a) Schematic illustrations of (a) co-clusters and a slip plane in a (111) plane of an FCC

lattice with a 2-atom co-cluster (left) and 4-atom co-cluster (right), the view direction is the

direction employed in (b) and (c); (b) simplified view of a moving dislocation with clusters,

solutes and (a low density of) dislocation intersecting the slip plane in its path (illustrating the

situation in an Al-Cu-Mg alloy with limited pre deformation); (c) simplified view of a moving

dislocation with clusters, solutes and a high density of dislocations intersecting the slip plane in

its path (resembling a SPD processed Al-Cu-Mg alloy).
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In the present model five contributions to CRSS of grains will be considered: the
intrinsic CRSS, Art; the contribution due to dislocations, Azg; the contribution due to
solid solution contribution, Azs; the contribution due to co-clusters Az, which involves
a short range order strengthening component, Azsgo and a modulus strengthening
component, Az,. Here, a linear approximation of the superposition of these five

contributions is used [116-118, 193]:
At =At + AT + AT+ (A‘L’SRO + Arm) (5-3)

The intrinsic strength of pure Al is very low, and to account for the small contributions

of Mn, Fe, and Si impurities, AT0=10 MPa is taken [192, 193].

The increment of CRSS is due to both statistically stored dislocations and geometrically

necessary dislocations and is given by [117, 196].
AT, = a,Gb\ p; = ,Gb\| pssp. Ponp (5-4)

where o, is an empirical constant ranging from 0.2-0.5 [128], in aluminium alloys this
value is usually taken as 0.3 [118], which is applied in the present model. G is the shear

modulus (taken as 26 GPa), b is the Burgers vector.

The increment in CRSS due to solid solution strengthening Atss is assumed to be

described by [50, 192].
A‘L—s‘v = Ek]c}p (5-5)

where k; are the factors describing the strengthening due to the individual elements and
¢; are the concentrations of the alloying elements (i.e. Cu and Mg) in solid solution and
p 1s a constant, which is assumed to be 1 (see Ref [50, 197, 198]). We would want to
note that solution strengthening is very much a minor effect and has no substantive
influence on the analysis, providing only 0.5 to 1 % of the predicted strength of HPT

processed alloys.
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The co-cluster strengthening is taken to be due to short range order strengthening and
modulus hardening where the former is the dominant effect in typical Al alloys [57,
194]. The work consumed in deforming the lattice through movement of dislocations
hampered by co-clusters equals the change in energy related to short range order per

unit area on slip planes in Al matrix [57, 199], i.e.:

ATy = ’sro (5-6)
b
where ysro 1s the change in energy per unit area on slip planes on the passing of one
dislocation. Ref. [57] provides a detailed calculation on the change in area density of A-
B nearest neighbour bonds crossing the slip plane on passing of one dislocation, which

is simplified as

4 2
IOA—B(nd =O)_10A—B(nd =1)=W§(YA+YB) (5-7)

where pap (n=0) and pa.p (n=1) are the area density of A-B nearest neighbour bonds

crossing the slip plane {1 1 1} before and after passage of one dislocation; AHa.p is the

enthalpy of the nearest neighbour bond; ys and yp are the amount of A and B atoms in
the co-clusters, respectively. Although further dislocation movement will cause further
changes in density of clusters, the first dislocation experiences the greatest resistance
due to clusters [57, 194]. Hence, the short range order strengthening due to co-clusters

can be approximated as [57]:

AH
. 2 [Paa (=0)=py (my =1)] = Cono =52 (v, +3) 58)

Clusters possess an elastic modulus that is different to the matrix which will result in an
additional strengthening mechanism. This modulus strengthening mechanism is difficult
to deal with in theory but simplified treatment has been developed in a range of works

[57, 194, 200]. The CRSS due to difference in shear modulus is approximated as

AT = A_‘ufz (5-9)
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_muy, +au, +buy (5-10)
m+a+b

lucl

where f* is the volume fraction of the clusters, Au is the difference in shear modulus
between surrounding metallic phase and clusters, with the average cluster (M,A,By)
modulus, x, expressed as a weighted average of the pure substances in Eq. (5-15) [57].
The cluster average modulus is 29.6 GPa (using ua=26.2, uc,=48.3, umg=17.3 GPa from

[170], with compositions given in the same reference), providing Au = 3.4 GPa.

5.2.3 Strengthening due to grain refinement

In recent works [201, 202], a power-law dependence of yield or flow stress on grain size

was expressed as follows
o=0,+k,,d™" (5-11)

where d is the grain size, g, and kyp are material constant, the exponents are reported to
be in the range from 0 tol for different classes of materials [201, 202]. Analysis of data
for a number of metals and alloys has revealed that the typical values of exponent x’
range from 0.6 to 1 for fcc metals, whilst they are around 0.5 or less for bcec metals, and
0.2 or even zero for ceramics [203]. To date, there is no theory fully explaining such
experimental exponents. Taylor forest hardening [115] gives x'=1/2, which has been
applied by a large number of strengthening behaviours in coarse-grained metals in the
traditional Hall-Petch relation [79]. On the other hand, theory based on the fundamental
physics of yield and plastic deformation by dislocations [78, 204] implies a exponent of
1, which provides
k

Ao = ’ (5-12)

where the value of & is correlated to intrinsic materials factors [95, 117, 118], in general

proportional to shear module and Burgers vector, Gb.

Ao, = asz(%) (5-13)
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where a; is a constant, d is the grain size.

5.2.4 Hardness/ strength ratio of deformed Al alloys

Either yield strength or ultimate tensile strength (oyrs), or both, can be approximated by

Vickers hardness through.

o= (5-14)

where C is a constant, which is usually taken as ~3 in a number of works [13, 14, 118,
205-207]. For our Al-Cu-Mg alloy, HVr351/3 is 467 MPa, which is close to oyrs of the
alloy. In SPD processed metals and alloys that strengthen as a result of SPD, the work-
hardening ability of materials decreases strongly with increasing deformation, and the
yield strength oy is approximately equal to oyrs [207]. In our assessment of the

strengthening model we will thus take strengths from Vickers hardness test as 0 = HV/ 3.

5.2.5 Modelling results and further refinement of model

The model has been described above to predict the yield strengths of the samples, using
the microstructure data in the Section 5.1 combined with data of constants and
parameters available in the literature. The model parameters are provided in Table 5-3.
In this model, we use the grain sizes determined by TEM, which for HPT samples are
on average 3 times larger than the crystallite sizes obtained from XRD line broadening
analysis. (For 3r-HPT and 16r-HPT no TEM data is available and the grain size was
estimated as 3 times the measured crystallite size.) Dislocation densities are taken from
the Rietveld XRD line broadening analysis in Section 5.1.2.2. The amounts of Cu and
Mg in the co-clusters yc, and yv, in the model are determined using the analysis of
thermodynamics presented in [57]; i.e. the stoichiometry of the clusters is considered

fixed such that yc, : ymg = 1. The analysis in Ref. [20] shows that that for the present Al-
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Cu-Mg alloy, at the present low temperature ageing of the samples before and after HPT
(all at room temperature), the Mg dissolved in the Al-rich phase (i.e. not forming
clusters) is 3x107 at%, (which is virtually negligible) and its Cu content is 0.3 at%. The
latter contributes to solid solution strengthening through Azg The effective volume of
the clusters for in the modulus hardening is calculated using the approach described in

[57].

Table 5-3 Parameter values used in the model

Parameters Value Equations Refs.

M 2.6 (5-2) [192, 193]

ATty 10 MPa (5-3) [192, 193]

ai 0.3 (5-4) [118]

G 26 GPa (5-4), (5-13) [118]

kcu 10.5 (5-5) [50, 197, 198]

kvg 5 (5-5) [50, 197, 198]

Ycu 1.8 at.% (5-7), (5-8) See text and [57]

YMg 1.8 at.% (5-7), (5-8) See text and [57]

b 0.286 nm (5-4),(5-6),(5-7),(5- [192, 193]
8),(5-13)

a 2 (5-13) [117]

C 3 (5-14) [118] [14] [13]

[205] [206] [207]

The results of the model predictions are presented in Fig. 5.13 (green triangles). In this
figure the predictions are compared with measured HV/3 (blue diamonds), with HV

determined in the peripheral areas (distance to centre> 3 mm) was used.) In all samples
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the cluster hardening is the main strengthening effect. The model broadly captures the
trends, but the predicted yield strengths of HPT processed samples are about 150 MPa
lower than strengths measured from Vickers hardness. Clearly the model presented
above, which is based on non-interacting superposition of strengthening effects in
cluster-hardened undeformed ternary alloys and classical work hardening through
dislocations and grains boundaries, underestimates strength in the present HPT
processed cluster-hardened alloy. To include interaction between HPT-induced defects

and clusters we propose the below extension to the model.

The model effectively assumes that solute atoms and dislocations produce separate and
distinct strengthening effects (see Fig. 5.12 (b) and (c)). However, atomic probe
analysis of samples processed by 1/4r-HPT (Fig. 5.10) and 5r-HPT (Fig. 5.11) indicates
solute clusters segregated to dislocations and grain boundaries, which can provide an
additional strengthening mechanism. These dislocation-solute interactions reduce the
Gibbs free energy of the defect through decreasing the enthalpy associated with it (see
e.g. [208]), producing a more stable state (see schematic illustration in Fig. 5.14). These
dislocation-solute complexes form a stronger barrier to movement of dislocations,
through a mechanism that is similar to the cluster strengthening by short range order:
when a dislocation passes through these solute-dislocation obstacles, it causes a higher

enthalpy change. We may represent this here by modifying Eq. (5-13) as follows:

AH, . ..
ATSRO =C%-dlb(y,4+y3) (5-15)

where AHx p.gis 1S the average enthalpy of the various types of A-B-dislocation clusters:
AHA-B-dis = flAHA-B + szHA.dis + fsAHB.dis + fztAH(A.B)" _dis (5'16)

where f] to f4 are the fraction of A-B cluster, fraction of A segregated to dislocations,
fraction of B segregated to dislocations, and fraction of A-B co-clusters segregated to
dislocations, respectively; AHxp is the enthalpy of A-B co-clusters in M matrix, AHx_gis,

AHp_gis the enthalpy of single atom A or B located at dislocations (disordered Al matrix),
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AHa-Byn-ais the enthalpy of co-clusters located at dislocations (disordered Al matrix).

AH p_gis iIncreased as compared to AHx .

The latter modification has been employed by adjusting AHa.p.4is to obtain the best
possible fit between data and model. The results presented in Fig. 5.13 (red crosses)
show an excellent correspondence with the measured HV/3 data for all samples over the
range of HPT processing applied for 1 rotation or more. AHa.p.gis in this fit is 49.5

kJ/mole, which compares to AHcy-me = 34.5 kJ/mole [57].

For 74 rotation the fit with AHa p.gis = 49.5 kJ/mole overestimates the strength, and the
model without cluster-dislocation complexes provides a good fit (i.e. with AHcymg =
34.5 klJ/mole). Apparently, for these low deformations, the amount of dislocations
present after HPT and the amount of dislocation movement during HPT is too low to
allow the formation of significant cluster-dislocation complexes. Most of the Cu and
Mg in the 1/4r-HPT sample then present in Cu-Mg clusters that are not related to HPT
dislocations. In that sense the 1/4r-HPT sample is similar to the 2024-T351 sample.

1000 1000

800 o F & $ % 800

. i MAz,
£ 600 1 600
)
g , ¢ Strength prediction HV/3
o 400 Solute free 400
% Solute segregation
MATd
200 200
0 0
0 2 4 6 8 10 12 14 16 18

Numuber of turns (N)
Fig. 5.13 HV/3 (¢) compared with model predictions of strength using 2 model variants: the
case for solutes and clusters being separated from defects (grain boundaries and dislocations)
(A) and for clusters being associated with defects providing an enhanced strengthening effect
(%). Also plotted are the two main strengthening effects in the HPT processed materials due to

cluster-defect complexes (MAz,) and strengthening due to dislocations (MAzy).
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Fig. 5.14 Schematic illustration (schematic) of a moving dislocation with clusters, solutes,
dislocations and dislocation-cluster complexes intersecting the slip plane in its path (illustrating

the situation in an SPD processed Al-Cu-Mg alloy).

5.2.6 Verifying the model

The model of cluster strengthening in the absence of clustering on defects provides an
explanation for a range of observations in ternary and higher order alloys. For example,
the strength of conventionally processed, coarse-grained, underaged Al-Cu-Mg and Al-
Mg-Si alloys were accurately presented by a model in which cluster strengthening is the
dominant strengthening mechanism [57, 194]. However, the model cannot fully explain
the strengthening in the present SPD-processed Al alloys, and, as shown in the Section
5.2.5 a modification taking into account the changed enthalpy related to cluster-defect
interaction is required to provide an accurate model that is consistent with strength and

microstructure data. In fact it is well known that solutes and various types of defects
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interact and cluster together, including vacancy-solute clusters [209] and dislocation-
solute clusters [210, 211], leading to a reduction of overall grain-boundary Gibbs free
energy and a stabilization of ultrafine-grained microstructures [103, 208, 212, 213].

Thus this model modification is justifiable and required.

The interaction between dislocations and solute can be described by thermodynamic
models, incorporating enthalpy and entropy terms [57, 194]. In line with this, in our
strength model modification we introduced a new parameter, AHa g-4is, Which for the
present alloy was determined by fitting to be 49.5 kJ/mole. (At present we are not
considering the entropy related to this interaction; it is thought that at room temperature
this effect is negligible.) This AHcumg-dis accounts for the different fractions of Cu-Mg
clusters in Al matrix, solute atoms segregated to dislocations and Cu-Mg clusters
segregated to dislocations. The proportions of each part may be adjustable, because the
amount of atoms/clusters segregated to dislocations or grain boundaries can be different
between HPT-processed samples subjected to different rotations (see Fig. 5.10 and Fig.
5.11). We avoid focusing on the proportion of AHcymg-dis correlated to the various types
of solute-defect interactions and clustering, and instead adjust AHcumg-¢is t0 Obtain a
single averaged AHcumg-dis (see also [209-211] and [103, 208, 213]). Fig. 5.13 shows
this works well providing the HPT is conducted for one rotation or more. Apparently
the one rotation of HPT is sufficient to reach conditions in which relative proportions of
the different solute-defect interactions and their contribution to AHcy-mg-dis are stationary
on further deformation. We believe that the reduced strength at very low deformations
(less than 1 HPT turn) is due to the mobility of solute atoms (which is enhanced by
deformation induced vacancy generation) and the movement of dislocations being too

limited to form substantial dislocation-cluster complexes.

The AHcumg-dgis value of 49.5 kJ/mole is larger than an enthalpy determined from the
5%5x%1 and 6x6Xx1 supercell calculation in a GPB structure [51], suggesting that the
Cu-Mg-defect cluster complexes are quite stable. In fact with this value of AHcy-mg-dis,
the defect-cluster complexes in the SPD materials can be more stable than some of the
intermediate precipitates, and the solute atoms captured in the cluster-defect complexes
will not transform to GPB zones or intermediate precipitates on ageing, unless changes
elsewhere in the material (away from the cluster-defect complexes) changes this local
situation. On continuous heating these cluster-defect complexes would be more stable

than the co-clusters present in solution treated and aged Al-Cu-Mg alloys. To validate
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this we performed differential scanning calorimetry on the HPT processed alloys at
heating rate 10 °C/min. This confirmed that whilst for similar Al-Cu-Mg alloys in
solution treated and room temperature aged condition a strong endothermic effect due to
co-cluster dissolution occurs from about 140°C with an endothermic maximum at
220 °C [50], for the present (solution treated, RT aged, HPT processed and
subsequently RT aged) samples, no endothermic effect is detected in this temperature
range. The present analysis of cluster-defect complexes suggests that only dislocation
movement and annihilation at elevated temperature and/or the formation of stable

phases would be able to cause the dissolution of these cluster-defect complexes.

Our understanding of cluster segregation to grain boundaries and dislocations rests on
3DAP data and the statistical analysis of that data. When APM is performed on the
ultrafine-grained Al-Cu-Mg alloy, a wide range of cluster types and compositions
(Table 5-2) are generally detected, which may seem at variance with the present model.
However, the APM data is based on statistical analysis of the locations of atoms that are
detected at a detection rate of about 50~55% [23, 194], and hence many of the the two-
atom or four-atom types (based on A-B dimers) that are illustrated in Fig. 5.12 (a)
cannot be identified individually. For each dimer present in the alloy, the APM
experiment with cluster identification algorithm can provide 4 outcomes: if both atoms
in the dimer are detected the result can be the detection of the A-B dimer, if only A is
detected the outcome is a single dissolved atom A, if only B is detected the outcome is a
single dissolved atom B, and if both atoms are go undetected then nothing is detected.
Similarly, for 4 atoms clusters, a range of possible outcomes can occur. This leads both
to an underestimate of the amount of clusters as well as an overestimate of the variety of
cluster compositions [194]. The APT data does confirm that the Cu:Mg ratio of atoms

in the cluster is very close to unity, which is consistent with the model.
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5.3 Summary

The microstructures and mechanical properties of the Al-Cu-Mg alloy are significantly
changed through HPT. The rotations less than 1 cause a substantial grain refinement and
introduce a large number of dislocations with an inhomogeneous microstructure, whilst
the higher rotations lead to a further grain refinement and a further increase of
dislocation density with a more homogeneous microstructure. Mg and Cu segregate
strongly at the grain boundary of the Al-Cu-Mg alloy processed by 1/4-rotation HPT at

room temperature. Si appeared selectively segregated at some of the GBs.

The microhardness of T351 sample increases dramatically as a result of microstructural
evolution during HPT processing. In addition to dislocation strengthening and grain
refinement strengthening, a high density of Cu-Mg co-clusters is thought to be the
dominant strengthening mechanism in the HPT-processed Al-Cu-Mg alloy. However, as
presented in the model, the explanation of individual strengthening mechanisms cannot
predict the increase of strength well. A new concept of the multiple interactions between
co-clusters and dislocations leading to complex solute-defect clusters is introduced to

explain the further increase in strength.

The fitting AHcy-mg-dis 1S determined to be 49.5 kJ/mole. It suggests the solute-defect
clusters are more stable than some of the intermediate precipitates such as GPB zones,
and indicates only dislocation movement and annihilation at elevated temperature
and/or the formation of stable phases would be able to cause the dissolution of these

cluster-defect complexes.
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Chapter 6 Thermal stability of an UFG Al-Cu-Mg alloy
processed by HPT

The solute atom or cluster redistribution in the Al-Cu-Mg alloy processed by HPT has
been presented in Chapter 5. The solute atoms are thought to act as obstacles which
hinder the movements of dislocations, and pin up the dislocation walls and grain

boundaries. The microstructures can be stabilized by segregated clusters.

This chapter presents the thermal stability of the UFG Al-Cu-Mg alloy during DSC heat
treatment. The microstructural evolutions and the solute/co-clusters behaviours during
DSC heating were studied using XRD, TEM and APT. The Hall-Petch relationship and
the lattice parameter misfits are discussed in Section 6.2. In the final Section 6.3, a
model is established to predict the stored energy in the UFG Al-Cu-Mg alloy processed

by various rotations of HPT.

6.1 Results

6.1.1 DSC heating and Vickers hardness

DSC thermographs of T351 and the 5r-HPT samples on the edge area are chosen to
illustrate in Fig. 6.1. As also presented in Chapter 4, DSC thermogram of the T351
sample has an endothermic reaction at a temperature range between 100 and 240 °C;
while the thermograph of the 5r-HPT sample has a small exothermic reaction up to
170 °C. The heat flow of the 5r-HPT sample drops slightly around 195 °C. Both T351
and HPT processed samples have exothermic reactions at intermediate temperatures and
an endothermic reaction in the temperature ranges of 285-500 °C and 265-500 °C,

respectively. The overlapping exothermic peaks in the Sr-HPT sample indicate the two
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domain exothermic effects in this region: microstrain annihilation and S precipitation
(see Chapter 4). The thermal stability of UFG microstructures can be studied on

samples heating up to various temperatures in DSC curves.

0.12
n 260°C Al-4.6Cu-1.5Mg(-0.08Si)wr.%

0.08 Heating rate:10°C/min

Exothermic
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Heat flow(W/g)
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-0.12
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Fig. 6.1 DSC curves for T351 and 5r-HPT Al-Cu-Mg samples.

The hardness evolution during DSC annealing with heating rate of 10 °C/min is shown
in Fig. 6.2. This figure shows that the microhardness increases significantly after HPT
processing at room temperature: Vickers hardness of the HPT sample (243 HV) is ~70%
higher than that of T351 sample (142 HV). On heating, the hardness of the HPT-
processed sample first increases slightly from 243 HV (room temperature) to 263 HV at
140 °C. In general, the microhardness changes for both samples are limited on heating

in the range of 140 °C~200 °C.

The microhardness of the Sr-HPT sample decreases significantly as the sample is heated
beyond 210 °C, and for the T351 sample the decrease in hardness occurs from 260 °C
onwards. The small increase in hardness after heating to 260 °C is thought to be due to

S precipitation [41, 189]. The microhardness of both samples present similar values
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after heating to 300 °C and higher temperatures. This indicates the initial ultrafine-
grained microstructure produced by HPT has coarsened and dislocations have been

annealed out.
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Fig. 6.2 Vickers hardness of T351 and 5r-HPT samples during DSC linear heating annealing

6.1.2 X-ray diffraction

The XRD patterns of 5Sr-HPT samples heated to various temperatures are shown in Fig.
6.3. As indicated in this figure, peaks due to the S precipitates were observed in the 5r-
HPT samples annealed up to 240 °C and 300 °C. The difference in peak relative
intensity in XRD results indicates HPT processing changed the texture of the alloy
significantly. A similar observation has been found in HPT processed AA6060 via
transmission Kikuchi diffraction maps [23]. The broadening of the aluminium phase
peaks of HPT-processed samples indicates lattice imperfections are introduced,
predominantly from dislocations and (additional) grain boundaries. Rietveld whole
profile fitting [159, 173] was applied on XRD data using the ‘MAUD’ software [165,
166, 214]. The calculation processes are similar to the method described in Section

5.1.2.2.
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Fig. 6.3 XRD patterns of T351 and the 5r-HPT samples equivalent annealed up to varying
temperatures with a heating rate of 10 °C/min. The diffraction plane indices of aluminium are

indicated in the figures.

In the Rietveld refinement, the microstrain and crystallite size were optimized
simultaneously, and results are shown in Fig. 6.4. The microstrain of 5Sr-HPT sample
increases from 0.0018 at room temperature to 0.0021 as heating at 120 °C. This small
increase is possibly due to cluster effects, which corresponds to the small exothermic
effects peaking at 170 °C in DSC thermogram (Fig. 6.1). A significant decrease of
microstrain is observed after heating beyond 120 °C. The value of microstrain
approaches 0.0007 at 300 °C, which is close to the as-obtained T351 sample (0.0009) at
room temperature. The crystallite sizes when heating to temperatures up to 210 °C stay
constant at 60~70 nm, while it increases significantly to 310 nm when heating to 300 °C.
The combination of reducing microstrain and increasing crystallite size are key

contributing factors for the hardness decrease in the corresponding temperature range.

According to Eq. (5-1), the dislocation densities were calculated from measured

microstrain and crystallite size. The evolution of dislocation density is shown in Fig. 6.5.

-2 2 at

It shows an increase from 3.29x10' m? at room temperature to 3.42x10" m’
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120 °C. The decrease in dislocation density appears to occur in two stages: (I) 120 °C-
210 °C; (IT) above 210 °C. In the stage I, the dislocation density decreases gradually and
approaches a value of 2.31 x10'*m™ at 210 °C, while the hardness keep unchanged,
shown in Fig. 6.2. In the stage II, both the dislocation density and hardness show a

significant decrease. The slope of decreasing trend is steeper in this stage.

At 210 °C, an exothermic peak is shown in DSC thermgram (Fig. 6.1), and
simultaneously the hardness decreases significantly (Fig. 6.2). This phenomenon is
consistent with the decrease of dislocation density (Fig. 6.5) and the increase of
crystallite size (Fig. 6.4). The exothermic peak at 210 °C is thought to due to growth of
crystallite size, the annihilation of dislocations, and S precipitation. Some tiny S
precipitates would exist in Al matrix even though Bragg reflection peaks correlated to S

precipitates were not observed in Fig. 6.3.

0.25 350
T351-cystallite size i - & - microstrain /A 300
02 1 PR o o /
- N TA- crystallite size ! 950
:50.15 ;| \i ,/ 200
b =~ ~ /
2 * / 150
501 _ 1 331-microstrain 'R A -
2 - / - -
, TT-$ - 100
0.05 A-------- - - _ o
A A - 50
0 - w w ~ 0
0 100 200 300

Temperature (°C)

Fig. 6.4 Microstrain and crystallite size evolutions of 5r-HPT sample during the equivalent

isothermal annealing at different temperature.
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Fig. 6.5 Dislocation density evolutions of the Sr-HPT sample after isothermal annealing
equivalent to DSC linear heating at 10 °C/min, as determined from the crystallite size and

microstrain.

6.1.3 Transmission electron microscopy

From TEM images Fig. 6.6 (a-c), the average grain sizes of 5Sr-HPT samples and those
after heating to 210 °C and 300 °C can be obtained. The average grain sizes at about 4
mm from the centre of the disks were measured, using the modified line intercept
method described in Section 3.7. The statistic average grain sizes were obtained based
on more than 20 TEM images. The average grain size of Sr-HPT sample is 1574+30 nm
(L=108 nm), and it appears to increase slightly to 169430 nm (L=116 nm) on heating to
210 °C. With an aperture of ~1 pm?, a ring pattern consisting of many dispersed spots,
as shown in Fig. 6.6 (a), signifies the formation of high-angle grain boundaries with
many grains in multiple orientations. The SAD pattern of the 5r-HPT sample DSC
heated to 210 °C (5r-HPT-210 °C) indicates a decrease of dislocation density and
subgrain boundaries. The grain size of 5r-HPT-300 °C is 250140 nm. The grain size of
SPD-processed materials determined by TEM is generally several times larger than the

crystallite size (or coherently scattering domain size) obtained by X-ray line profile
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analysis [186, 188]. The grains confined by high-angle boundaries are subdivided into
subgrains and/or cells. The misorientation angle between cells is low (1-2°) therefore

there is no measurable contrast difference between them in the type of TEM

micrographs used to obtain an overview of grain structure [188].

Fig. 6.6 TEM bright field images of 5r-HPT samples in as HPT processed condition (a); and
after heating to 210 °C (b); after heating to 300 °C (c). The corresponding selected area
diffraction patterns are at the top-right corner. (Samples (a) and (b) were operated using a
Philips CM200 field emission gun TEM, while sample (c) was operated using a JEOL 3100
TEM).
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6.1.4 Atom probe microscopy

The HPT processed sample and samples subsequently subjected to equivalent annealing
have been analysed using APM. Cu, Mg and Si distributions of 5r-HPT sample have
been illustrated in Fig. 5.11 in Chapter 5, whilst Cu, Mg and Si distributions of 5r-HPT-
210 °C sample and 5r-HPT-300 °C sample are shown in Fig. 6.7 to Fig. 6.8,

respectively.

In Fig. 5.11, APT analysis of the 5Sr-HPT sample reveals significant solute segregation
to grain boundaries (see black arrows in the figures). The solute-enriched features in this
volume element involve: (i) a segment of grain boundary; (ii) a uniform distribution of
fine scale solute-rich clusters (containing up to 50 solute atoms) with a number density
of 1.99x10** m™ (as determined from the total number of solute clusters identified in
the analysed volume). The vast majority of the segregants are Mg and Cu, and a small
but a significant minor concentration of Si was also evident in corresponding atoms

maps.

Fig. 6.7 shows Mg, Cu and Si atom maps of an analysed volume of a 5Sr-HPT sample
heated to 210 °C (after removing single clusters <9 atoms). This volume contains three
grain boundaries and some small precipitates. It illustrates a similar solute enrichment
of Cu, Mg and Si as those of grain boundary segments in Fig. 6.7 (a), while dislocations
segregated with solutes are observed at the right bottom of each map. The total number
density of solute clusters in this volume is identified as 1.11x10*° m>. The number
density of Mg-Cu co-clusters decreases significantly from 1.06x10°° m™ after HPT
processing to 0.60x10?° m™ after subsequent heating to 210 °C. Fig. 6.7 (b) shows that
the concentrations of Mg and Cu at grain boundary are 1.8 at.% and 1.9 at.%,
respectively. However, the concentrations of Mg at 5 nm to the boundary are much
lower about 0.6 at.% and 1.2 at.%; and the concentration of Cu at 5 nm to the boundary

are 0.5 at.% and 1.1 at.%.

The XRD results show that on heating up to 300 °C, coarse S phase precipitates are
formed, whilst the grain size increases significantly. Fig. 6.8 shows one coarse S

precipitate as well as a thin grain boundary line on the bottom side. The measured
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composition of the coarse particle indicates a ratio of Al:Cu:Mg equalling 2:1:1, which
approaches the stoichiometry of S phase (Al;MgCu). On heating, the total cluster
number density decreased significantly to 2.42x10% m™, while it shows a decrease of

Cu-Mg co-cluster density to 1.22x10” m™.

Previous APM work on a solution treated and aged 2024 aluminium alloy showed that
solute clusters firstly formed during ageing by aggregation of the main alloying
elements Cu and Mg, along with the minor elements Si and Zn [176]. In the present
HPT-deformed samples, the clustering phenomenon is similar. The main alloy elements
Mg and Cu concentrate along the grain boundaries or dislocation walls together with the
minor element Si. The size of the nano-precipitates increases as the annealing
temperature increases. Coarser precipitates were found in the sample heated to 300 °C

(Fig. 6.8 (b)).
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Fig. 6.7 3DAP of 5r-HPT sample annealing at 210°C (a) Mg, Cu and Si atom maps (b) Mg, Cu
and Si profiles measured using an analysis box with its z-axis parallel to the plane normal of the

grain boundary.
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Fig. 6.8 (a) Mg, Cu and Si atom maps of 5r-HPT Al-Cu-Mg alloy aged at 300°C (b)
concentration of Al, Mg, and Si (Cu in the balance).
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6.2 Discussion

During the annealing of the ultrafine-grained Al-Cu-Mg alloy processed by HPT at a
constant rate of 10 °C/min, the recrystallization started at 210 °C, and around this
temperature S/S' precipitation started. The hardness of Sr-HPT sample is always higher
than that of T351 until 260 °C (Fig. 6.1), indicating a good thermal stability. This is
thought due to the presence of clusters, cluster-defect complexes or nano-precipitates,
which hinder the movement of dislocations in grain boundaries and therefore further

retain the fine grain sizes. Fig. 6.8 shows S particles at the grain boundaries.

In recent work [196], it is shown that the increment of hardness and grain refinement of
pure metals due to SPD can be explained quantitatively by a model that incorporates
dislocations in the grain and by grain boundaries, with the former providing the main
contribution. Due to the existence of alloying elements, the ultrafine-grained Al alloys
have the potential to achieve a higher strength, as the clusters segregate to grain
boundaries. The discussion in Section 6.2.1 presents the relationship between grain size
and hardness on the basis of Hall-Petch equation. The calculation of lattice parameter
misfits in Section 6.2.2 presents the alloying element effects and indicates solute

segregation after HPT.

6.2.1 Discussion on Hall-Petch relation

It 1s known that most nanocrystallite materials do not obey the Hall-Petch relation (if
d<50 nm, the conversional microcrystalline limit) [83, 206, 215]. A complicated issue is
whether the ‘grains size’ can be taken as the size determined by TEM or the crystallite
size of coherently scattered domains as determined from X-ray line broadening analysis.
The Hall-Petch relation is a semi-empirical formula, in which the value of the Hall-
Petch constant kyp will be greatly influenced by grain size measurement method. The
XRD crystallite sizes in Section 5.1.2 and Section 6.1.2 present similar trends to TEM

grain sizes described in Section 5.1.3 and Section 6.1.3, respectively: in HPT processing
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the grain size decreases significantly, while the grain size increases in the subsequently
DSC heating. The magnitudes of grain size measured by TEM are approximately 3

times the magnitudes of crystallite size measured by XRD.

To understanding of the Hall-Petch relation, HV vs D" is plotted using crystallite size
data obtained from XRD profile broadening. The Hall-Petch plot in Fig. 6.9 is clearly
not linear. In the coarse grain region (D™? <3500 m™%) the hardness increases with the
decrease of grain size, but in the ultrafine grain region (D™"* >3500 m™"%, where the kyp
appears to be negative) the hardness decreases with the decrease of grain size.
Furthermore, a misfit in hardness is shown in the red circle. It is clear from the present
work and a range of other works (i.e. [113, 117, 118, 196, 216, 217]) that grain

boundary strengthening is not the dominant strengthening effect in nanoscale materials.

The Hall-Petch type plot in Fig. 6.9 cannot be interpreted in terms of grain boundary
strengthening mechanisms. Instead, the effect for nanoscale grain size is dominated by

the combination of Cu-Mg co-clusters and dislocations.

Hardness (HV)
o
o

0 T T

1500 2500 3500 4500
D2 (m17?)

Fig. 6.9 Hall-Petch plot, Hv vs. D2 for 5r-HPT samples annealing up to different temperature.

D is the crystallite size measured from XRD.
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6.2.2 The lattice parameter misfits

The XRD analysis shows that HPT processing significantly affects the crystal lattice
parameter a of the Al-Cu-Mg alloy, reducing from a=4.0523 A in the T351 condition to
a=4.0510 A after 5r-HPT processing. Both values of T351 and 5r-HPT samples are
larger the lattice parameter of pure Al 4.0495 A (as given in the PDF-ICDD database
and the Ref. [185]). The lattice parameter of Al-Mg-Cu alloys is directly linked to the
amount of Mg and Cu in solid solution [218]. The dissolved Cu and Si atoms in the Al
matrix decrease the lattice parameter, while the dissolved Mg atoms increase the lattice
parameter. An example showing Mg dissolving effect in recent SPD research [219]:1 at.%
Mg resulted in a change of a by 0.0046 A, while 1.6 at.% loss of Mg after HPT caused a
decrease of 0.0073 A in Al-Mg alloys.

In Al-Cu-Mg(-Si) alloys, the lattice parameter change owing to different elements can’t
be taken simply as the sum of the independent contributions, but the solute-solute
interactions need to be taken into account [218]. In the case of Cu-Mg interactions, it is
assumed that the interactions are proportional to the virtual concentration of S
(Al,CuMg) phase. Consequently, the maximum lattice parameter shifts in the Al-(1-x)
at.%Cu-2x at.% Mg alloy [220] was equalled 0.00006 nm for x=1/3. Hence, the

interaction term AaiCU_Mg can be approximated by

Aal,\, = [ AL,CuMg]x0.009 nm (6-1)

where [Al,CuMg] is the virtual concentration of Al,CuMg in the Al matrix, i.e.
[Al,CuMg]=[Cu] when [Cu]<[Mg] or [Al,CuMg]=[Mg] when [Cu]>[Mg].

In present study for the Al-Cu-Mg (-Si) alloy, the Mg-Si interaction also has an
influence on lattice parameter change. It is assumed that for Mg-Si interactions, a
relationship to that for Cu-Mg holds. It correlates to the Mg,Si phase. The interaction
term Aang_Si can be approximated by Eq. (6-2) [218].
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Ad}., n, = —[Mg,Si]x0.026 nm (6-2)

where [Mg,Si] is concentration in Al matrix. Because [Mg] is much larger than [Si],

[Mg,Si] equals to [Si], with the maximum value as 0.08 at.%.

Neglecting interaction among three atoms Cu, Mg and Si, lattice parameter changes

owing to dissolved atoms are calculated from

Aa, Aaé:u—Mg + Aall\/lg»Si (6-3)
0 = Pou¥ou T Puygtmg T PsiXsi + 0
N N

where xcu, Xmg, Xsiare the concentrations of Cu, Mg and Si atoms in Al matrix; ps; and
pcu are the Vegard constant describing the effects of dissolved Si and Cu atoms on Al
lattice parameter in binary alloys Al-Si or Al-Cu; pmg(xmg) 1s the non-linear function

describing the effect of dissolved Mg atoms on Al lattice parameter [218].

In SPD processing, the lattice parameter will change as a result of solute segregation to
subgrain boundaries/dislocation walls. The lattice parameter changes from T351 to 5r-

HPT can be approximated by

HPT T351 seg seg

Aag, _Aay —Aay HPT _ T35 HPT _ T35l wer st L Do Ay (6-4
= = Xo, =X, + Xy, — X )+ Xy =X, +

0 - 0 - pCu Cu Cu ng Mg Mg pSi Si Si 0

(N 9N [N

Since no S precipitate was found in 5r-HPT XRD pattern (Fig. 6.3) and in APM
mapping (Fig. 5.11 (a)), the overall solute concentrations of the Al-2.1Cu-1.8Mg-0.08Si
(at.%) alloy is assumed to be unchanged during HPT processing. As a result, the lattice
parameter changes due to HPT processing are thought to be only associated to the last

term in Eq. (6-5),

_ seg seg
Adgpr, = Adc,, + Ady, (6-5)
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where Aa™®cymg and Aa™®ygsi are lattice parameter changes due to Cu-Mg cluster
segregation and Mg-Si cluster segregation. Hence, the lattice parameter changes during

SPD processing, Aaspp, equal to -0.00158 A.

For a T351 sample, the value of @ was measured to be 4.0523 A, while that of 5r-HPT
was 4.0510 A (in Fig. 6.10).

HPT T351 HPT 0 351 0 HPT T35
Aag, =Aay —Aay™ =(ay —ay)-(ay —ay)=ay -ay (6-6)

0

where aa , aA1T35 "and ax T are lattice parameters of a pure Al, a T351 and a 5r-HPT

sample, respectively. Eq. (6-6) suggests Aaspp=-0.0013 A.

The XRD measured data shows a good correspondence to the lattice parameter changes
in calculation. The small deviation (0.00028 A) is probably caused by the interactions
among Cu, Si and Mg atoms and other solute atoms. The lattice defects caused by

dislocations and vacancies may also contribute to this deviation.

The formation of nano-precipitates (mainly Al,CuMg) at 210 °C suggests a strong
integration term AaicU_Mg in Eq. (6-2), and concentrations of Mg (xmg) and Si (xs;) atoms
in Al matrix is very small (=0). Hence the lattice parameter changes owing to nano-

precipitates are obtained from

AgHPTR210C AaHf_T'ZIOOC —[ Al,CuMg |x 0.009nm
aAl—O = pCuxCu + : I(\)/[g ; pCuxCu + [ 2 g()] (6-7)
aAl aAl aAl

where pc, 1s the Vegard constant, 0.118 [221]; xcy, concentration of Cu in Al matrix at
210 °C, 1ie. xc,=[Cu]-[Mg]=0.0031; the virtual concentration of Al,MgCu,
[ALMgCu]=[Mg]. The lattice parameter change of a 5r-HPT-210 °C sample in this
model is 0.00199 A.

The measured lattice parameter change of an HPT-processed sample in XRD

experiments is presented as:
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HPT-210°C 351 HPT210°C 0 51 0 HPT210°C T35l
=Aa, —Aa,” =(ay —ay)-(ay —ay)=ay —dy (6-8)

Aa

210°C

where ax T ?1%C s the lattice parameter of a 5r-HPT sample heating up to 210 °C. The

measured lattice parameter change is 0.0020 A (Fig. 6.10). This perfect correspondence

provides a solid proof of the occurrence of S precipitation at 210 °C.
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Fig. 6.10 The evolution of lattice parameters a during the equivalent isothermal heating from
XRD pattern

In Fig. 6.10, the small increase of a (Aa=0.0010 A) during heating from 25 °C to 120 °C
and to 150 °C can be due to a decrease in dislocation density. The segregated clusters
may dissolve at 150 °C, reducing the Cu-Mg and Mg-Si interaction term AaiCU_Mg and

i
Ada'vgsi.

The lattice parameter of 5r-HPT sample heat treated up to 120 °C (4.0520 A) and
150 °C (4.0519 A) are still smaller than that of T351 (4.0523 A) without HPT
deformation. The significant decrease of @ at 210 °C corresponds to exothermic peak in
DSC thermogram (Fig. 6.1). The lattice parameter at 210 °C (4.0503 A) is even smaller
than that of 5r-HPT sample at ambient temperature.
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Hence, the exothermal effects at 210 °C (Fig. 6.1) are thought due to a combination of
different contributions, including at least three components: dislocations annealing,
small grain growth and nano-precipitation. There may be other additional components
that may enhance the thermal effects at 210 °C, i.e. the dislocation-precipitate
interactions/grain boundary-precipitate interactions, causing a distinction of two

overlapping peaks at 210 °C and 240 °C.

6.3 A model predicting stored energy in HPT sample

6.3.1 General model structure

The DSC thermograms indicate a substantial enthalpy release for the samples processed
by HPT. Lattice strain (microstrain) and the small crystallite size are thought to be
dominant causes for the increased enthalpy. The enthalpy released during DSC heating
implies the occurrence of the recovery of lattice defects created by HPT in association
with grain coarsening. In practice the changes in enthalpy are closely correlated to
changes in Gibbs free energy [134, 222-224], thus the discussion on enthalpy in DSC is
valid for the Gibbs free energy as well.

The enthalpy released in DSC incorporates at least four components: (i) the enthalpy
due to dislocations annihilation, AEgi, (i1) the enthalpy due to grain coarsening and
grain rotation, AEg, (iii) the enthalpy associated with the co-clusters (atomic short
range order), AE,, and (iv) the enthalpy due to solute desegregation AEy, ,which is too
small to be neglected, (<~0.5 J/g [222]).

An expression of the total enthalpy changes is presented as

AE=AE, +AE,+AE, ... (6-9)

In the below we will assess how these different components contribute to the total

enthalpy change.
130



Chapter 6 Thermal stability

6.3.2 Stored energy measured in DSC

Fig. 4.3 shows an overall trend of the enthalpy released in DSC for samples processed
by various HPT rotations. The lattice stored energy is thought to be the enthalpy
differences between HPT samples and full annealing samples, if taken the full annealing

sample as a standard reference, which is

AE:AEHPT_AE

annealling

(6-10)

The DSC measured stored energy linearly increase with the equivalent strain is shown

as blue diamonds in Fig. 6.11.

6.3.3 Enthalpy due to dislocation annihilation

The Vickers hardness is generally expressed as Eq. (5-14)

The strength increase due to presence of solid solution, dislocations inside the grain and

precipitation are incorporated in the total shear stress Eq. (5-2),

Ao =MAT

In conversional CRSS theory, the interaction between defects and solute atoms/co-
clusters has not been taken into consideration (see also Section 5.2.2). The dislocation

strengthening is thought to be one of the dominant strengthening components (see also
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[13, 118, 192, 193]), the strengthening due to dislocation density is expressed by Eq.
(5-4), which is

AT, = ale\/;

where ¢, 1s an empirical constant, usually taken as 0.3 [118], which is applied in the

present model. G is the shear modulus, b is the Burgers vector.

With the combination of Eq. (5-2), Eq. (5-4) and Eq. (5-14), dislocation density in HPT
can be broadly approximated by

(6-11)

The enthalpy due to dislocation annihilation is evaluated in Eq. (6-12), suggesting the
total stored energy of random dislocations [222, 225, 226]:

E= Gb® ln&
Pl f (6-12)

0

where x equals 0.67~1, due to the fraction of screw or edge dislocations in the UFG
sample. R. and ry are the outer and inner cut off radii of the dislocations, respectively;
ro 1s approximated by b/2 , whilst R, is evaluated from the measurements, which is

expected to lie between the value of distance between dislocations and the cell size

[223, 225].

Thus, the relationship between hardness and stored energy is derived as

2
ED=L1n&-l Hy, (6-13)
4mx 1, G\ CMa,
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Eq. (6-13) provides an easy way to calculate the stored energy directly from hardness
in engineering. This formula shows a good consistence with the stored energy

relationship established in [227]:

(MaHY /3)
G (6-14)

n

ED

where G is the shear modulus, M is the Taylor factor, and the constant o is

approximated as 0.5 for Al.

The parameters applied in the model are listed in Table 6-1. Fig. 6.11 illustrates the
predicted enthalpy due to accumulated dislocations. The upper line (light blue cross) is
for screw dislocations (¥k=0.67); and the lower line (red square) is for edge dislocations
(x=1). With a dependency of fraction of screw or edge dislocation, the dislocation
stored energy is predicted within the region between the lines in blue and red in Fig.

6.11. The enthalpy due to dislocations increases as the strain increases.

Table 6-1 Parameter values used in the model

Parameters Values Ref

C ~3 [117,205]

M 2.6 [13,117]

G 26 GPa [13,117]

K 0.67~1 [223, 225]

% 0.143 nm [228]

a, ~0.3 [95]

R 50~60 nm Cell size detected from

XRD, also been
exanimated by dislocation

distances ( using Eq. (4-3))
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6.3.4 Enthalpy due to grain/subgrain boundaries

The enthalpy release due to grain coarsening and grain rotation for low-angle grain

boundaries can be estimated from the Read-Shockley relationship [118, 227, 229],

a0 G| o

where y,, and 6,, are the boundary energy and the maximum misorientation angle of
low-angle boundaries, 8 is the average misorientation angle and dsg is the average
subgrain diameter [227]. y,, is taken as 0.3 J/m? [227, 230]. Analysis of 8 data on a
number of severely plastically deformed Al alloys [17, 231, 232] has shown that 8 can
be approximated well by [13, 118, 134]:

=1 ((ke)" 1 +1)” (6-18)

SIEY

where the exponent n; is equal to 1, 8,, is the maximum value that average
misorientation angle can take 15°. Here, to simplify the equation, we take k; equal to 1
and # is assumed to be 0.3 [118]. In the Read-Shockley model, the grain misorientation
must be very small. In XRD profile broadening analysis, the crystallite size is the size of
coherently scattering domain, the grain orientations of which must be the same. The
misorientation between scattering domains are very small; and therefore, the crystallite
domains are considered to be low-angle grains. Hence, subgrain grain diameters in Eq.
(6-17) are assumed to be equivalent with crystallite size. The enthalpy correlated to
grain boundary recrystallization is plotted as purple balls in the bottom of Fig. 6.11. Its
contribution is very small (~2 J/g) as compared to the enthalpy change due to

dislocation annihilation.
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6.3.5 Solute-defect interaction and further refinement of model

The store energy evaluated in DSC is much higher than the enthalpy due to dislocation
annihilation and grain coarsening for samples processed by HPT to a very high strain. A
possible explanation is the formation of a more stable solute-defect complex structure,
which hinders the movement of dislocations and further increases the strength (see also
Section 5.2). Solute atoms segregate to grain boundaries after HPT processing (see Fig.
5.11), and tend to form nanoprecipitates along grain boundaries/dislocation walls during
DSC heating (see Fig. 6.7). The formation of nanoprecipitate destroys the solute-defect

complexes, and leads to a decrease in strength and stored energy.

The presence of clusters (like the Mg-Cu co-clusters in Al-Cu-Mg samples) is
associated with stored energy [57, 194]. APT study indicates the number density of Cu-
Mg co-clusters decreases significantly during annealing. The stored energy due to

formation of cluster-defect complexes can be calculated as

AE, =(n, —n)AH 4 (6-19)

where ny and n; are the number density of clusters before and after annealing. In an Al-
Mg-Cu alloy, the major enthalpy of the nearest neighbour bond is AH..4is= 49.5 kJ/mole,
which has been fitted in Section 5.2.5. In analysing APM data, the detection efficiency
leads to an underestimate of the number of clusters ([233, 234] and also presented in
Section 5.2.6). The detection efficiency is taken as 0.55 for the measurement of stored
energy due to short range effect of solute-defect complexes. The green triangle in Fig.
6.11 presents a predicted total enthalpy correlated with all parameters, dislocations,

grain boundaries and solute-defect stable complexes.
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Fig. 6.11 Predictions of stored energy in UFG Al-Cu-Mg alloy processed by HPT

6.3.6 Verifying the model

The predicted total stored energy of 5r-HPT sample in Fig. 6.11 shows a good
correspondence with the enthalpy measured by DSC. But accurate value for the stored
energy cannot be calculated because no substantial APT data for samples processed by

HPT and heat treated at 300 °C are available.

Besides, some uncertainties need to be kept in mind for the calculations of stored energy
in the model above. Enthalpy due to dislocation annihilation is approximated on the
basis of hardness measurements. In addition, some other strengthening mechanisms in
UFG Al-Cu-Mg alloys (i.e. solid solution contribution, a modulus strengthening
component, a short range order strengthening component, and grain refinement) also co-
exist but they haven’t been considered in the model. It will overestimate the individual
component of stored energy due to dislocation annihilation, but underestimate the stored
energy correlated to the interaction between solute/cluster and dislocations. The

calculation in Section 6.3.5 provides an approximated calibration.

136



Chapter 6 Thermal stability

6.3.7 A refinement of model

The classic theories describe the dislocation behaviours in SPD alloys as: a large
number of dislocations generate due to cold plastic deformation, pre-existed
dislocations move and travel through the crystal until being blocked by an obstacle (i.e.
another dislocation, grain boundaries, solute atoms/clusters, or a second short range
phase particle). The dislocations are stored in grains, while new dislocations can be
generated to continue the deformation [117, 118] (see also Section 2.4.1). In the second
stage, the accumulated dislocations will form the subgrain boundaries, of which grains

will rotate and increase misorientation angle between the adjacent grains.

The moving dislocations will either be mobile in the grain, be accumulated at grain
boundaries or be stuck by solute atoms, clusters, or second phase particles within grains.

Thus the changes in the numbers of dislocations are described as

Poen = Pap + (pG + ps) (6-20)

where pgen, PGB, pG and ps are dislocation densities generated in grains, accumulated in
grain boundaries, mobile within grains, and immobile due to short range order phase

particles.

No matter which formation it tends to be, the energy initially added for alloy
deformation is equal to the sum of enthalpy for dislocation generation and enthalpy due
to the rotation of the grains, forming the grain boundary misorientation. The total stored

energy is thought be given as

AE = AE, +AE (6-21)

where AEg., is the enthalpy due to initial dislocation generation, and AEg, is the

enthalpy due to grain rotations.
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A total dislocation density generated since the start of deformation is expressed by

[117],

2

Peen = AT
| g, MGb

(6-22)

where K, is a factor incorporates the contribution of the solid solute atoms, G the shear
modulus, M the Taylor factor, a; the constant, b the Burger vector, ¢ the equivalent
strain in HPT deformation [117]. The model in Section 2.4.1 describes the density of
dislocations generated during deformation up to a stain of 5%. Here, we make the
assumption that the total number of dislocations generated in SPD regime (strains>3) is
given by the same equation. The key element in this model is the value K4, which
increase linearly with the amount of Mg dissolved in the Al-rich phases for a range of
solution-treated Al-Mg-Cu alloys [235], as Mg addition drastically increases the
dislocation density [188]. For spherical obstacles in an alloy with dissolved alloying

elements i, at concentration x;j, K is given by

2

K, = C2GM%b% ( [il + 3[BT )4 + K" (6-23)

2r

where B; are constants, KAO is the contribution due to generation of dislocations
unrelated to geometrical or chemical obstacles. The fitting has been performed by
Starink et al [117], indicating the value K in Al-2.1Cu-1.8Mg-0.08Si (at.%) alloy is
~410 MPa. The value of K has been measured to be 430 MPa by uniaxial tensile or

compression test for this Al alloy.

In this refinement, the solute-dislocation effect has been taken into consideration for
dislocation generation. The intrinsic stored energy of a dislocation unit is related to Eq.

(6-12) and given as
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Gb’ R,
E,, = Pecr8y— f(v)lnr— (6-24)

0

where a small adjustment on proportion of screw and edge dislocations, which is

expressed as a function of Poisson’s ratio f(v) [230],

(6-25)

where v is taken as 0.3. The stored energy predicted by this refinement model is plotted
as orange triangle in Fig. 6.12. It shows an excellent agreement with the DSC measured

enthalpy.
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Fig. 6.12 A prediction in stored energy for the refined model in UFG Al-Cu-Mg alloy processed
by HPT.
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6.4 Summary

In this chapter, the microstructural modification of UFG Al-Mg-Cu alloy samples
during DSC heating has been studied.

The changes of microstructures in DSC heating incorporates dislocation recovery,
recrystallization of ultrafine grain microstructures, desegregation of solute atoms,

formation of nano S precipitate, and precipitate coarsening.

At 210 °C, crystallite size increases and dislocation density decreases. As nano
precipitates are observed in APM significantly, the exothermic effects around 210 °C are
thought to be due to a combination of different contributions, including at least three

components: dislocation annealing, grain growth and nano scale precipitation.

The UFG Al-Cu-Mg matrix shows a high thermal stability caused by the pinning effect

of the numerous segregated atoms and small precipitates.

The existence of solute-defect complexes reduces overall Gibbs energy and increases
the stored energy for UFG Al-Cu-Mg alloy processed by HPT. The refined model in

Section 6.3 shows a good correspondence in stored energy prediction.
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Chapter 7 Influence of reversal strain during HPT on

strengthening and microstructures in an Al-Cu-Mg alloy

HPT is different from other SPD processes. The microstructural inhomogeneity of HPT
has been studied in Section 5.1.1. In HPT processing, strain gradients are imposed by
torsion deformation in the radial direction. Dislocation theory suggests that the plastic
flow strength of materials depends not only on the magnitude of strain but also on the

gradient of strain.

Some basic questions haven’t been solved in previous chapters, i.e.: how do the original
grains fragment into much smaller structural units? How do the strain gradients affect
the refinement processes? DSC and XRD studies on reversal-rotation HPT provide
answers to these questions. In this chapter, the studies on DSC, hardness in DSC heating,
and XRD quantitative analysis are presented in the result section. Section 7.2
schematically illustrates the mechanism of grain refinement and the influences of strain
gradients. Section 7.3 presents a model on strain gradient plasticity for samples

processed by SR-HPT.

7.1 Results

7.1.1 DSC analysis on single reversal HPT Al-Cu-Mg alloy

Disks were processed by single reversal HPT of 90°, 180° and 360° in the counter-
clockwise direction following 5r-HPT deformation. Samples were punched in the centre
region with 5 mm in diameter or punched in the edge region, where distance to the
centre is between 2.5 mm to 5 mm. DSC was performed by heating the samples from

25 °C to 540 °C at a constant heating rate of 10 °C/min. Following the equivalent
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isothermal heat treatment at different temperature in DSC thermographs, Vickers
hardness test were performed on SR-HPT samples using a load of 500 g. XRD was

conducted on samples punched from the centre and the edge areas of the samples.

Fig. 7.1 (a) shows the DSC thermographs of the centre area in SR-HPT samples. There
seems no difference in exothermic effect A (peaking at ~170 °C) between these SR-
HPT samples. The decrease in heat flow at 200 °C is caused by the dissolution of
cluster-defect complexes. This indicates the reversal strains contribute very little to the
formation or redistribution of clusters-dislocation complexes. The overlapping
exothermic regions B and C are thought predominantly due to dislocation annihilation,
grain/subgrain recovery and the precipitation of S phase (see also Chapter 5). The heat
flow of exothermic peak B decreases with the increasing of the inverse rotation number.
The magnitudes of heat flow peaking B are nearly the same for samples processed by /2
and 1 inverse rotation. However, the heat flow of exothermic peak C presents an inverse
trend, which increases with the increasing inverse rotation number. The magnitudes of
heat flow peaking C are close to each other for the 5r-HPT sample and the sample

processed by a %4 inverse rotation.

Fig. 7.2 (b) illustrates the DSC thermographs of SR-HPT samples in the edge areas. The
magnitudes of the heat flow peaking B are much higher than those of heat flow peaking
at C. The peak magnitudes B decrease with the increase of the inverse rotations. The
heat flow peaking B decreases very slightly with the increasing of inverse rotation
number, i.e. the blue solid line (5r-HPT) and the red break line (5r-1/2r-HPT). But there
are few differences in curves between samples processed by an 1/2r inverse HPT and 1r
inverse HPT, indicating the saturation of dislocations and no strain gradients in these
edge regions. The microstructures of HPT samples become homogeneous in the

periphery of discs after processing a high number of rotations [1] (see also Section 5.1).
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Fig. 7.1 DSC traces of 5Sr-HPT deformed samples subjected to inverse rotations of 1/4, 1/2 and 1

rotation, respectively, (a) centre areas (b) edge areas.
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7.1.2 Vickers hardness test

Vickers hardness tests were carried out on samples subjected to small inverse rotations
and the subsequent heat treatment. In Fig. 7.2, there are some slight differences in
hardness of samples processed by SR-HPT and subsequent DSC heat treated up to
200 °C. The hardness of each sample decreases dramatically when heating temperatures

above 200 °C.

For the 5r-HPT sample, the hardness increases slightly to 253HV at 140 °C and stays
unchanged until 200 °C. In the 5r-1/4r HPT sample, the hardness first decreases to 235
HV at 140 °C then increases again to 259 HV at 200 °C. The hardness of the 5r-1/2r
HPT sample approaches its maximum value of 278 HV at 170 °C, and decreases a little
at a higher temperature. For the 5r-1r HPT sample, the evolution of hardness in DSC

heat treatment at a series of temperatures is nearly the same as the hardness of a Sr-HPT

sample.
300
250 | % ——Sr HPT
-#&-5r-1/4r HPT
o 200 — =5r-12r HPT
em S5r-1r HPT
150 - N
\
S
100 S
50 T
0 100 400 500

Temperature? °C)

Fig. 7.2 Hardness of 5r-HPT samples with 0, %4, 1/2 and 1 rotation in the opposite direction.
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Fig. 7.3 Hardness evolutions due to reversal HPT at (a) 20, 100°C; (b) 140, 170 and 200°C.

Fig. 7.3 shows the hardness evolution due to single reversal- HPT (SR-HPT)
deformation and followed by DSC heat treatments up to 20, 100, 140, 170 and 200 °C.
Both figures present similar trends for samples heat treated at various temperatures. The
hardness first decreases when subjected to an Yi-inverse rotation. Subsequently, it

increases to the maximum value for the /2 inverse rotations. The hardness shows a good

Reversal rotations (N)
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correspondence to DSC heat flow evolution at 210 °C, especially for those samples in

the central areas (see Fig. 7.1).

7.1.3 X-ray diffraction analysis

The XRD patterns of SR-HPT samples are classified in three groups (full disks, centre
areas, and edge areas). Fig. 7.4 shows the full disk patterns of SR-HPT samples. The
differences are small, but the profile broadening analysis using Willamson-Hall plots (in
Fig. 7.5) for all disks in the centre and edge indicates an evolution of the average

crystallite size and microstrains after inverse rotations, see Fig. 7.6.
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Fig. 7.4 The X-ray diffraction patterns of 5r-HPT samples were processed by HPT reversal %,

15 and 1 rotations.
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Fig. 7.5 Williamson-Hall plots of 5r-HPT Al-Cu-Mg samples followed by 1/4, /2 and 1 inverse

rotations (a) full disks; (b) centre areas; (c) edge areas.
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In Fig. 7.6 (a), the crystallite sizes of Sr-HPT samples in both centre and edge areas
present similar trends. They first increase when processed by an %4 inverse rotation, then
decrease when processed by inverse rotation up to '2 turn. Finally, the crystallite sizes
increase again when processed using 1 inverse rotation. The trend of average crystallite
size for the whole disk is the same as the edge sample. Similar trends for the SR-HPT

samples in centre and edge areas are observed for microstrain in Fig. 7.6 (b).

The dislocation densities of full disks in Fig. 7.6 (¢) show an opposite trend for reverse
rotations: it first decreases to 1x10'* m™ for a Y inverse rotation; then increases to
1.3x10" m™ when processed by Y inverse rotation, and finally decreases a little for 1
inverse rotation. For a 5r-1/4r HPT sample, the increase of microstrain increases the
number of dislocations. But these dislocations accumulate to form subgrain boundaries

and narrow the scattering domains, leading to a decrease in crystallite size.

The dislocation densities and crystallite sizes of full disk have been quantitatively
analysed using Rietveld full peak refinement and programed by software ‘MAUD’ (see
also Section 5.1.2). In Fig. 7.7, the dislocation densities of samples processed by SR-

HPT are nearly the same. The crystallite size reveals a similar trend as Vickers hardness.
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Fig. 7.7 Microstructure evolutions of Sr-HPT samples processed by %4, 1/2, and 1 inverse

rotations by Rietveld XRD full peak refinement.

149



Chapter 7 Influence of reversal strain

7.2 Mechanism of microstructural evolution in SR-HPT

The trends of microhardness evolutions for 5r-HPT Al-Cu-Mg samples processed by
small inverse HPT rotations and subsequent post-HPT annealing are similar. The trends
of crystallite size and dislocation density show good correspondences with Vickers
hardness: the Vickers hardness decreases with an increase of crystallite size as well as a

decrease of dislocation density.

The microstructural evolution in SR-HPT is probably due to geometrically necessary
dislocations, which accommodate the lattice curvature. In HPT samples, strain in the
centre of the disks should be zero and increases as the distance to the centre increases
(according to Eq. (2-9) to Eq. (2-11)). This appearance of strain gradient along the
radius of HPT disc generates GNDs.

In XRD profile analysis, the scattering domain size of a 5r-1/4r HPT sample is larger
than that of a 5r-HPT and a 5r-1/2r HPT sample (shown in Fig. 7.6 (a) and Fig. 7.7);
simultaneously, an increase of microstrain is also observed in a 5r-1/4r HPT sample (see
Fig.7.6 (b)). A possible mechanism can be explained the observation is illustrated in Fig.
7.8, which combine the dislocation pile-up mechanism [236, 237] and the core and

mantle mechanism [88, 95, 206, 238, 239]:

In those core and mantle models (i.e. [88, 95, 206, 238, 239]), the deformation within a
grain is composed of two parts: (1) the grain interior, ‘core’ and (2) the grain-boundary
region, ‘mantle’. In the grain interior (core), slip system S is activated, corresponding to
easy glide; dislocations slip to grain boundaries (Fig. 7.9 (a) at initial stage). In the grain
boundary mantle region, the moving dislocations will be accumulated, interact with
other pre-stored dislocations. The orientation of slip plane may change, lead to cross-
slip of dislocations. The subgrain boundary (mantle) region becomes thicker with the
decrease of grain size and reduction of resistance within grain interior (core) (Fig. 7.9 (a)

at Sr-HPT).

For samples processed by " inverse rotation (Fig. 7.9 (b)), a small inverse strain
gradient —dy,/dr is added, reducing the number of dislocations in the ‘core’. This inverse

strain gradient —dy,/dr may activate another slip system S2, and release the dislocations
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in ‘mantle’ region. As a result, the relative scattering domains are enlarged, as the
subgrain boundaries become thinner [240, 241]. The released dislocations from
subgrain boundaries will move back to grain region and increase the lattice microstrain

in the grain interior.

If the inverse rotation continues, an increasing of inverse strain gradient is (Fig. 7.9 (c)).
The dislocations in system S2 will continue to move to the grain boundaries on the other
sides. Due to cross-slip, the slip orientation may change to S3. As a result, the
dislocation density will decrease in the region of grain interior (core). The mantle region
will enlarge while the stress within the core decreases. Due to this mechanism, the
lattice strain decreases and the scattering domains become smaller. The XRD profile

analysis reveals that the crystallite size of Sr-HPT decreases.

If the inverse rotation continues moving on, the dislocations can present a series of
cycle behaviours, changing to different slip system and reducing (or increasing) the
scattering domain. We can except that the hardness and microstructure of the samples

processed by inverse HPT can be the equivalent to 5Sr-HPT samples.
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Fig. 7.8 Schematic illustration of a combination mechanism of ‘core and mantle’ and

‘dislocation pile-up’ model
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7.3 Strain gradient plasticity modelling of SR-HPT processing

7.3.1 A prediction on strength

The yield strength of an HPT Al alloy can be approximated from the Vickers hardness,
which has been modelled in Section 5.2.4, which is simply presented as [13, 14, 118,
205-207]:

We assume that the strengthening mechanisms for reversal HPT samples are the same
as those processed by monotonic HPT deformation, which incorporates dislocation
strengthening, Atq, grain boundary strengthening, Ao, solute strengthening, Az, short

range order strengthening, Arsro and modulus strengthening, Azy,.

The grain size of reverse HPT is assumed to be 3 times the crystallite size obtained from
Rietveld XRD profile broadening analysis. The enthalpy associated with cluster-defect
complexes AHcy.mg-dis 15 taken as 49.5 kJ/mole (as determined in Section 5.2.5). Using

the model derived in Section 5.2, the predicted yield strength is plotted in Fig. 7.9.

Fig. 7.9 indicates a good correspondence in yield strength (mostly within 20MPa)
between that evaluated from Vickers hardness and that derived from the strengthening
model which incorporates 5 strengthening components. The somewhat poorer
prediction for the 5r-1/4r HPT sample can be probably due to reverse strain gradients,

which will be discussed in next section.
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Fig. 7.9 Comparison of model predictions of strength and HV/3.

7.3.2 Strain gradient plasticity modelling of SR-HPT

Dislocation hardening is thought to be due to the combined presence of GNDs

associated with strain gradient and SSDs associated with a plastic strain. In HPT

inhomogeneous deformation, Azg, was given as (see Eq. (5-4))

AT, = o,Gb\| p; = 0,Gb| Psspy. P

In Section 5.2 and Section 7.3.1, the total dislocation density, pr values, are taken from

XRD line broadening analysis , neglecting the details of GNDs and SSDs.

The dislocations caused by plastic strain incorporate two components, the cell interior

and the cell walls (see also Section 7.2). Hence, pssp can be obtained using the rule of

mixtures [217, 242],

Pssp = 1.P,, +(1_fs):0c
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where f; is the volume fraction of cell walls, p. and p,, are dislocation density in the cell

interior and in the cell walls.

However, the presence of GNDs leads to additional storage of defects which can
provide additional macroscopic strengthening caused by short range interaction, when
they are cut by glide dislocations [125, 126]. It was suggested by Ashby that GND
density is related to the absolute value of the equivalent plastic strain gradient (see also

Section 2.4.2), given as follow:

Ponp = (7-2)

where & is the equivalent plastic strain, M is Taylor factor as denoted before.

The equivalent plastic strains in HPT disc are cylindrically symmetric. The strain
gradients are imposed by torsion (see Fig. 7.10 [243]), and according to Eq. (2-11), the

strain gradient is derived as

ver|-26_28.0r 2870 77 T 2wy (7-3)

where y is the local shear strain, the distance to the center is » (see Fig. 7.11 [243]). y
can be calculated using Eq. (2-9) (see also Section 2.3.1). N and 4 are rotation number
and the thickness of samples are denoted in Section 2.3.1. In SR-HPT processing, the
samples were first rotated clockwise up to 5 turns, and inverse rotated counter-
clockwise for Y4, 2 and 1 turns. The hardness (Fig. 7.3 (a)) and the predicted strength
(Fig.7.9) of the 5r-Ir HPT sample are slightly higher than S5r-HPT sample. This
indicates the inverse rotation (1r) leads to a further grain refinement as compared to the

S5r-HPT sample.
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xr

Fig. 7.10 A volume element exposed to HPT [243]

Section 7.2 presents the cyclic reversal mechanical behaviors of the Al-Cu-Mg alloy
processed by HPT are due to the introduction of inverse strain gradient —dy,/dr, which
leads to a decrease of dislocations (i.e. SSDs) within cell interiors and an increase in
thickness of the cell walls. In Eq. (7-3), the density of GNDs can be reduced when
processed by a " inverse rotation. This is consistent with the phenomena presented in
Fig. 7.9, in which the magnitude of flow stress ¢ predicted from Vickers hardness is

smaller than that predicted from strength models.

The reduction in geometrically necessary dislocations may lead to a decrease of
strengthening due to short-range interactions between GNDs or GND-solute complexes,
when a glide dislocation passes by. The magnitude of AHcu-mg-ais in Eq. (5-15) needs to
be adjusted due to the changes in the GNDs components.
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7.4 Summary

In present study, the Vickers hardness of samples in SR-HPT processing first decreases
for a quarter inverse rotation and increases for a half inverse rotation. The crystallite

size presents a similar trend.

The XRD profile broadening analysis quantitatively evaluated the crystallite size and
microstrain in SR-HPT samples. The results are explained by a model based on

introduction of inverse strain gradient and GNDs generation.

The strength prediction model shows a consistent trend for hardness and corresponding
strengthening components, i.e. dislocation density, crystallite size and solute-dislocation
complexes. The changes in exothermic peak at 210 °C show a consistent trend: the

higher heat flow, the smaller the crystallite size.

157






Chapter 8 Discussion on the solute effects in the UFG Al-
Cu-Mg alloy

An ultrahigh strength of the Al-Cu-Mg alloy is obtained via high-pressure torsion. The
strength of the Al-Cu-Mg alloy processed by HPT is higher than the strength of the pure
aluminium processed by HPT with the same pressure and same rotations (i.e. 40 HV,
the high pure aluminium, 5r-HPT, P=6 GPa [72]). The alloying elements play an
important role in microstructural modification of alloys, and have a significant effect on
their mechanical properties. This chapter discusses the behaviours of solute atoms in the
UFG Al-Cu-Mg alloy. In Section 8.1, the intrinsic trends of solute segregation and its
relation to thermodynamics are presented. Section 8.2 discusses the influence of solute
atoms or clusters in microstructural thermal stability. Finally, Section 8.3 summarizes

the potential influences of microstructural modification with the trace addition of Si.

8.1 Trends of grain boundary segregation in UFG materials: relations to

free energy

Solute segregation on grain boundaries has been shown in APM (Section 5.1.4 and
Section 6.1.4). This section describes solute migration within the framework of

statistical thermodynamics.

Several models related to the interaction of solute atoms with crystallite defects
indicates the solute atoms segregate at the defect if site energies are lower than that at
random distribution [177, 191, 244-246]. In ternary M-A-B alloys (in the present work
Al-Cu-Mg), solute atoms A and B distribute either at grain boundary, or in the grain

interior matrix. In Wagner’s definition of surface excess [247] and Kirchheim’s
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derivation [208, 213], the solute excess at defects (i.e. dislocations, grain boundaries,

vacancies) for solute atom A and atom B dissolved in matrix M is

9y T, (8-1)
a‘LtA V.T,a,ny,
2 e, (82
a‘uB V.T,a,ny

where y is the surface energy, ua and up are the chemical potential of solute atom A and
atom B dissolved in a constant number ny of material matrix M, I'y and I's are the
solute excess at defects for solute atom A and atom B. Eq. (8-1) and Eq. (8-2) predict
interface energy for a positive excess and an increase of chemical potential of A and B.
The solute atoms reveal a trend to concentrate at the grain boundaries to reduce the

surface energy y. The surface energy in a closed system M-A-B is

TAS

seg—A

TAS

seg—-B

y=v,+I, [AH

seg—-A -

]+FB [AH

seg—-B -

1+ s [AH, ,-TAS, ,]8-3)

where 7o 1s the non-segregated grain boundary free energy, AHe,.a and AHge,.p are the
enthalpy changes, ASs s and ASs.p are the entropy changes, associated with the
segregation of a solute atom from a matrix site into a grain-boundary site [248]. ' is
the co-cluster excess at defects. The AHap and ASap are the enthalpy and entropy

changes associated with the formation of co-cluster A-B.

When [AH,, ,~TAS

seg—A

-TAS

seg—-B seg—-B

] <0 and [AH ] <0, solute segregation to

grain boundaries is favoured, and y decreases. The formation of A-B clusters is also
favoured as A-B near-neighbour bonds have negative interaction energies ( i.e. AH.5<0,
Cu-Mg formation in Al-Cu-Mg alloys reduces ~-30 kJ/mole for 4-atom equilibrium
structure [79]). This is the basis of the thermodynamic mechanism for cluster

segregation.
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The strengthening prediction model in Section 5.2 indicates the multiple interactions
between co-clusters and dislocations lead to the formation of complex solute-defect
clusters, which cause a further increase of strength (due to the short-range order
strengthening mechanism). Hence, the third term on right hand side of Eq. (8-3) needs

to be changed as

}/ = }/0 + I_‘A [AHseg—A - TAsseg—A] + I_‘B [AHseg—B - TASseg—B] + I_‘A—B [AHA—B—dis - TASA—B—dis] (8-4)

where the average enthalpy of the various types of A-B-dislocation clusters is expressed

in Eq. (5-16), given as:

AHA—B—dis = flAHA—B + szHA—dis + f3AHB-dis + .fAlAH(A—B)n —dis

The segregation of atom A and atom B has been considered in the first and the second
terms in Eq. (8-4), the fraction f; and f; are zero in above equation. Thus, the enthalpy

AH p.gis and the entropy ASa.p.qis Of clusters at grain boundaries are given as:

AHA—B—dis = AHA—B + AH(A—B),,—d[s (8-5)

AS, g s =AS, 5+ AS(A—B)n—dis (8-6)

The fitting in Section 5.2 is determined AHcy.mg-dis to be -49.5 kJ/mole, which is lower
than AHcumg. Thus, the formation of cluster-dislocation complexes leads to a further

decrease of the surface energy y.

Due to the decrease of surface energy, the overall difference in Gibbs energy (in Eq. 8-1
and Eq. 8-2) of solute atoms at GBs and the Gibbs energy of solute atoms inside the
grain become smaller. If this Gibbs energy difference approaches zero, there is no
longer a driving force for solute atom to segregate to grain boundaries, a metastable

equilibrium is reached.
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The amount of segregated solute atoms is also determined by the surface area. The

Gibbs free energy can be written as [103, 249]:

G= EW% +ya (8-7)

where #n; is the amount of component i, (A or B), a is the surface area. At constant

pressure and temperature, the change in free energy is given as

dG = yda (8-8)

Consequently, the Gibbs free energy increases as the surface area increases in nano-
grained materials. As a result, an increasing number of solute atoms are required to act
as excess solute, segregate at the GBs and further reduce the surface energy y. Finally,
the overall free Gibbs energy is reduced to reach a stable equilibrium state in
thermodynamics, and the solute atoms segregated at grain boundaries approach their

saturated amount.

8.2 The effects of solute atoms on thermal stability

The potential of solute segregation to grain boundaries has been discussed in Section
8.1 on the basis of the Gibbs adsorption theorem [208, 213]. The addition of solute
atoms to grain boundaries can lower the grain-boundary energy. This reduction of the
excess grain-boundary free energy provides a reduction in driving force for grain

growth in ultrafine-grained metals and alloys. The equation is given as [248]

p==L (8-9)
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where C is a numerical constant, » is the radius of curvature, which is proportional to

the grain size.

The driving force can be very large since the grain size decreases to ultrafine scale or
nano scale. However, the grain boundaries can be pinned by the solute atoms. The
pinning effect reduces grain growth at elevated temperature. The grain growth velocity,

v. is controlled by the activation energy and the annealing temperature [250].

r

v=Mvexp(—%)ﬂ (8-10)

where M, is a constant associated with the grain boundary mobility, Oy, is the activation
energy. If the annealing temperature is high, the mobility of dislocation can be
thermally activated; and the pinning force resisting boundary motion will be overcome.

The grain growth velocity decreases with the increase of grain size.

The solute-boundary pinning mechanism is used to explain the microstructural
evolution of UFG samples in DSC heat processes in this PhD project. When heating is
conducted between 100 °C to 210 °C in DSC, the crystallite size is nearly the same (Fig.
6.4). The interior dislocations anneal within grains, thus the dislocation density
decreases slightly, shown in Fig. 6.5. This indicates the UFG microstructures are
retained during DSC heat treatment. Due to the annihilation of grain interior
dislocations, co-cluster segregation phenomenon (Fig. 6.7) became easier to observe in

HPT-processed Al-Cu-Mg alloy samples.

When heating up to 210 °C, the crystallite size increases significantly (Fig. 6.4) and the
dislocation density decreases dramatically (Fig. 6.5). It reveals that the pinning force
resisting boundary motion is overcome, and the grain- or subgrain-boundary
dislocations anneal at 210 °C. Then the defect-cluster complexes dissolve and tend to
transform to nano-scale precipitates (illustrated in Fig. 6.7). The microstructures can
also be retained by the precipitates. However, the S precipitates become coarsened in
these types of heat treatments, leading to a smaller pinning effect for dislocation

mobility.
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In Fig. 8.1, the room temperature hardness of samples subjected to HPT and T351 in the
present work are compared to the same alloy subjected to water quench (WQ) only,
water quench and cold work (WQ-CW), slow water quench and cold work (SWQ-CW)
[251]. The hardness of the HPT-deformed sample (240~260 HV) is much higher than
the others (by 100HV to 150HV). The hardness increases on heating from 25 °C to
170 °C and change little up to 210 °C. The phenomenon can be explained as the
boundary pinning effect [248, 252, 253], which hinders the movement of dislocations
during the DSC annealing. When heating from 210 °C to 300 °C, the hardness of the 5r-
HPT sample is still higher than other samples (i.e. WQ, WQ-CW, SWQ-CW and T351).
As indicated in DSC thermographs (Fig. 4.1 and Fig. 4.3) and XRD patterns (Fig. 6.3),
the S phase forms in this temperature range. The higher hardness in the temperature

range of 210 °C to 300 °C is probably due to the pinning effect of nano precipitates.

In summary, due to the existence of alloying elements, UFG microstructures are
retained to a higher temperature; and the ultrahigh strength of the Al-Cu-Mg alloy is

also retained.

300
——5r-HPT 6GPa
—==T351
250 -O0-Water quench [248]
-0~ Water quench and cold work [248]
= Slow water quench and cold work [248]
& 200
w0
]
=
<
S
s
T 150
100
50 \ [

0 100 200 300 400 500
Temperature (°C)

Fig. 8.1 Temperature hardening curve of 2024 alloy subjected to (1) 5r-HPT (6GPa, T351), (2)
T351, (3) water quench only [251], (4) water quench and cold work (10%) [251], (5) slow water
quench (80 °C) and cold wold (10%) [251].
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8.3 Effect of Si on UFG Al-Cu-Mg alloy

The trace additions of alloying elements, such as Ag and Si, have marked effects on the
age hardening Al-Cu-Mg alloys [46, 53, 254-257]. The presence of Si atoms modifies
the GPB zones and the precipitation sequences, as the 8 and o were also observed in
alloys containing 0.5 wt.% Si [256, 257]. The age hardening curves of Al-Cu-Mg alloy
were raised with the addition of Si over the entire time scale, particularly with a
noticeable increase in plateau hardness [254, 256]. The addiction of Si is of great

importance to improve mechanical properties.

The Al-Cu-Mg alloy in present study contains trace Si, Fe and Mn, as list in Table 3-1.
The alloy investigated in this PhD project contains very limited amount (0.08 wt.%) of
Si, which was observed to segregate to grain boundaries (Fig. 5.10 and Fig. 5.11) and
precipitates (Fig. 6.7 and Fig. 6.8) in APM. Si was also found in Mn-containing
dispersoids, as shown in Fig. 8.2 (c). (The particle in Fig. 8.2 (d) BF-TEM image is the
Mn-containing dispersoids, which is similar to the TEM images in Ref. [258, 259]). Si
can dissolve in constituent phases and dispersoids and thereby the Si supersaturation
can be considerably reduced. Mukhopadhyay [258] pointed out that nucleation of o
phase required a critical minimum supersaturation of Si in the solid solution, and the o
nucleate close to the Mn-bearing dispersoids. Although the ¢ phase has not been found
in the UFG Al-Cu-Mg sample studies in recent works [12, 27, 260, 261], it is not

possible to present that these particles simply were not there.

The calculation on lattice parameter misfits in Section 6.2.2 suggests that the lattice
parameter, a, is changed due to the trace addition of Si. The Mg-Si interaction leads a
decrease of the Mg concentration to form S phase (ALLCuMg). As a result, the lattice
parameters are changed when the concentrations of dissolved atoms are different. The
lattice parameter of an HPT-processed sample is smaller than that of the T351sample,
which is probably due to the solute segregation. The lattice parameter decreases at
210 °C as the formation of S phase reduce the dissolved atoms in Al matrix. However,

the magnitude of lattice parameter of the Sr-HPT-210 °C sample is larger than the pure
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Al sample. This is attributed to the addition of Si and other trace elements, as well as Cu

left in Al matrix.

Fig. 8.2 Single-element atom maps (a)-(c) of 5r-HPT Al-Cu-Mg sample that contains the Mn-
rich phase on the top: (a) Mg map, (b) Cu map, (c) Si map; (d) TEM bright field image of 5r-

HPT sample contains Mn-rich phase.
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9.1 Conclusions

The strength of age-hardenable Al-Cu-Mg alloys processed by SPD depends on the
presence of dislocations, grain boundaries, and short range order phases. In this thesis,
the UFG microstructure of Al-Cu-Mg alloy has been examined after HPT and after heat

treatment at various temperatures.

DSC thermographs of HPT-processed samples show a single exothermic effect peaking
at 170 °C, and overlapping exothermic effects peaking at 210 °C and 240 °C. DSC
exothermic peak shifts suggest an acceleration of S precipitation. A probable
explanation is presented as more nucleation sites are introduced by a substantial number
of dislocations in SPD processing. A model describes solute diffusion and dislocation
generation/annihilation; it fits the measured peak temperatures in DSC thermograms

with a good accuracy.

The hardness of the Al-Cu-Mg alloy is greatly improved (by 100 HV) due to HPT. The
distribution of hardness is nonhomogeneous, higher at the edge region and lower at the
centre region, particularly for samples subjected to small rotations. Grain size in TEM
decreases to 180 nm for 1/4r-HPT and ~150 nm for higher HPT rotations (i.e. N>1).
Quantitative analysis on XRD profile broadening shows the crystallite size (coherent
scattering domain size) decreases dramatically to ~60 nm while the dislocation density

-2

increase up to a saturated value ~3x10" m™ after HPT processing. The hardness

increases with an increase of dislocations and grain refinement.

For samples processed by DSC heating treatment, the hardness presents a slight increase
up to 170 °C with a value of 263 HV, and a decrease starts at 210 °C and continues to a
series of higher temperatures. The grain size of a Sr-HPT-210 °C sample (~150 nm) is
nearly the same as that of a Sr-HPT sample, but an increase is observed for a 5r-HPT-

300 °C sample with ~250 nm in magnitude. The analysis of XRD profile broadening
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reveals that at 210 °C the crystallite size increases significantly while the dislocation
density decreases. Thus the decrease of strength results from dislocation annihilation

and grain coarsening.

APM shows that both before and after HPT the alloy contains a high density of clusters,
which are predominantly of the Cu-Mg co-cluster type. The solute atoms segregate to
grain boundaries and dislocations in HPT processing. The interactions between
dislocations and Cu-Mg clusters leading to complex solute-defect clusters further

increase the strength and reduce the free energy of Al matrix.

A strength model and a stored energy model are established to explain the strengthening

behaviours of the Al-Cu-Mg alloy caused by cluster-dislocation complexes:

The strength model indicates that short range order due to these clusters is the dominant
strengthening mechanism. The increase in dislocation density evaluated from XRD line
broadening provides a significant strengthening (about 10% of the strength of HPT
processed samples). The grain size strengthening is the 3™ most potent strengthening

mechanism in the HPT processed ternary Al-Cu-Mg alloy.

Through fitting, AHcu-mg-dis 1 determined to be 49.5 kJ/mole, which suggests the solute-
defect clusters are more stable than some of the intermediate precipitates such as GPB
zones. Through fitting of AHcumg-ais@ good strength prediction for samples processed

by single reversal HPT is obtained.

The stored energy model indicates the solute/co-cluster segregation leading to a further
increase of stored energy. The increases in dislocation density contribute to the increase
of overall stored energy, while grain size stored energy also takes account as the 3™

most potent contribution.

The solute-defect clusters not only increase the strength and reduce Gibbs free energy,
but also present a positive effect on dislocation generation and accumulation. The
formation of solute-defect clusters produces obstacles that block the migration of
dislocations, pins dislocations at grain boundaries, and leads to a higher thermal

stability of the UFG microstructures.

SR-HPT processing involves torsion in one direction followed by a smaller torsion in

the opposition direction. A small reversal of % rotation reduces hardness, while a
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reversal of '4 rotation increases hardness. XRD profile broadening analysis reveals the
crystallite size of 5r-HPT sample increases when processed by "4 reversal rotation. The
crystallite size of 5r-1/2r-HPT sample is larger than that of 5r-1/4r-HPT sample. These
behaviours and other effects are interpreted in terms of the introduction of inverse strain

gradient and GNDs.

9.2 Future work

Because of the grain refinements and the dislocation accumulation in severe plastic
deformation, an ultrahigh strength is obtained in alloys. The alloying elements in Al
alloys contribute to a further increase of strength. APT analysis indicates solute
atoms/clusters segregate to grain boundaries for heat treatable Al alloys (i.e. [24-26] and
also this thesis). However, the microstructures and the composition of these clusters or
nano precipitates along the grain boundaries or dislocations have not been clearly
clarified by microstructure tomography. It will be an interesting subject to study
microstructures and compositions of these nanoscale clusters or precipitations in
specific along the grain boundaries using a powerful high-angle annular dark-field
scanning transmission electron microscopy (HAADF-STEM) in the future. This
analysis will contribute to a more clear understanding of the fundamental theory on

dislocation-cluster interaction and strengthening mechanisms in SPD processing.

A number of models with different variants have been developed in this thesis. Some of
them need to be further studied, tested and expended. In the stored-energy predicting
model (see section 6.3), the energy due to solute-defect interaction was calculated by
using the number density of Cu-Mg co-clusters obtained in APM (i.e. 5r-HPT sample
and 5r-HPT-300°C). APM experiments should be better to carry out on other samples
processed by different-rotation of HPT and the subsequent heat treatment. The overall
trend of stored energy can be justified by microstructural investigation of solute-defect

complexes (e.g. Section 6.3.5).

Due to strain gradient introduced by HPT processing, the microstructural

inhomogeneity appears in an HPT disc along the radius. A fairly good prediction on
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strength and crystallite size of samples processed by inverse HPT rotations was
presented in Section 7.2. GNDs and SSDs were used to explain the reversal mechanical
properties in SR-HPT. However, it is still unclear how the inhomogeneous strain is
specifically related to the inhomogeneous microstructure and microhardness.
Microstructural investigation needs to be further studied, e.g. TEM, EBSD or APM.
Apart from the experimental work, a proper finite element model can be built to better

understanding the HPT processing.

The trace additions of Si, Fe and Mn can modify the microstructures and thereby play
an important role in mechanical properties of Al-Cu-Mg alloys. The future work can
include the analysis on microstructural modification and properties evolution by adding

different amount of trace elements in UFG Al-Cu-Mg alloys processed by HPT.

The HPT is an efficient way to produce UFG materials without introducing impurities;
however, its applications are limited by the dimension of the samples. The technique

development to produce a larger UFG sample is worth considering in the future.
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