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Abstract

To gain insight into the origin of the ultra-high strength of ultrafine-grained (UFG)
alloys, the solute clustering, precipitation phenomena, and microstructural evolutions
were studied in an UFG Al-4.63Cu-1.51Mg (wt.%) alloy (AA2024) processed by
high-pressure torsion (HPT). The thermal analysis was performed using differential
scanning calorimetry. The microstructures, internal microstrains and hardness
following heating at a constant rate were characterised at room temperature using X-
ray diffraction (XRD), transmission electron microscopy (TEM) and atom probe
tomography (APT). The microhardness of the HPT processed sample initially
increases following heating to 140 °C, and then remains unchanged on further
heating to 210°C. As the temperature increases up to 210 °C, the crystallite size
calculated from XRD line broadening remains about 60~70 nm, while the dislocation
densities remain in excess of 2x10'* m. A multimechanistic model is established to

describe the strengthening due to grain refinement, dislocation accumulation, solid



solution, precipitation, solute clusters and their segregation. The analysis reveals that
solute clusters and lattice defects are key factors in HPT-induced strengthening of
alloys, and illustrates the interactions between alloying elements, dislocations and
grain boundaries enhance strength and stabilize ultrafine microstructures.
Furthermore, for an HPT sample heated beyond 210 °C, the formation of nano-
precipitates also contributes to hardness increment. The multimechanistic model for
hardness contribution indicates the short-range order strengthening due to cluster-
defect complexes is the dominant mechanism, which accounts for more than 40% of

overall hardness.
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1. Introduction

Severe plastic deformation (SPD) methods have attracted wide attentions as effective
techniques to improve the mechanical properties of metals and alloys without
changing their overall dimensions [1]. The high-pressure torsion (HPT) process has
advantages over other SPD techniques due to its high efficiency in inducing a large
density of dislocations and its good capability for continuous deformation. Over 20
years of research in HPT has demonstrated that the hardness and the strength of
materials increase and often evolve to saturation with large straining [2-4].

A number of strengthening models have been developed to incorporate work
hardening and grain refinement hardening [5-11]. A model predicting dislocation
generation due to non-shearable particles was first proposed by Ashby [5]. The
concept of dislocations generated and annihilated in grain boundaries then was
incorporated in the models developed by Estrin and Mecking [7, 11] and further
refinements [7, 8]. Further modified models have been applied to predict strength of
SPD-processed aluminum and its alloys [9, 10]. However, in these strengthening
models, the alloying atom effects have not received much attention. The study by
Edalati et al. [12] indicates that the solute atoms lead to extra grain refinement,
causing an extra increase in strength. Recent advances in atom probe tomography
(APT) have revealed solute atoms significantly segregate to grain boundaries in 7xxx
and 6xxx Al alloys [13-15] and some pre-existing precipitates are fragmented or
partially dissolved in Al-Cu alloys [16-20]. In their studies on Al alloys [13-20], the
increase of hardness can be partially attributed to the solute segregation and
precipitate fragmentation.

In a precipitation-strengthening Al-Cu-Mg alloy, nanosized Cu-Mg clusters and/or
uniformly dispersed precipitates are presented within the Al matrix after ageing heat
treatment [21-23]. The investigation indicates both Cu-Mg clusters and S-phase

contribute to overall strengthening in Al-Cu-Mg alloy during the heat treatment



processes [24]. A specific question comes out - what will be the solute clusters and
dispersed precipitates behavior in heating processes, if the samples contain a large
number of dislocations. Obviously, a large amount of energy is stored in the lattice
defects as dislocations accumulate to grain boundaries and the grains become ultrafine
[25-28]. At the same time, alloying elements are able to reduce the grain-boundary
energy and enhance the thermal stability of nanostrucuted alloys [13, 29, 30]. Itis
essentical to develop a deep understanding of the mechanisms that govern the
redistribution of solute clusters, precipitates and dislocations.

More recently, the studies on the precise determination of the underlying
strengthening mechanisms for precipitation-strengthening Al alloys processed by SPD
were discussed [31-33]. It was suggested that the dramatic increase of strength after
SPD process was attributed to the multiple mechanisms which comprised
strengthening due to grain boundaries, dislocations, solid solution and precipitates [31,
32]. However, most of recent predictions do not consider the co-cluster effects in the
origin stage of HPT-processed Al-Cu-Mg alloys. Our recent studies [33] indicate the
defect-cluster complexes are formed in ternary Al alloys when the number of
dislocations and vacancies reach its saturation after HPT processes. The defect-cluster
complexes are thermally stable and contribute to a primary part in strengthening. It is
of great importance to formulate a quantitative insight into strengthening mechanisms,
providing a direct guide of the microstructural modifications for industrial heat
treatment.

The previous analysis [34-37] on small Cu-Mg clusters and dispersed precipitates
were trying to reveal the essence of the strength increase in the heat-treated Al-Cu-Mg
alloys. To the best of our knowledge, the quantitative predictions of strengthening at
an increasing temperature have not been reported for UFG Al-Cu-Mg alloys, and this
is the first time to address the multiple strengthening mechanisms that comprised
cluster-defect complexes strengthening. The aim of this work is to investigate solute

redistribution, evolution of dislocation density and nanoscale precipitation during



linear heating of HPT-processed AA2024 alloy, mainly using APT and X-ray

diffraction line broadening.

2. Experimental procedures

UFG Al-4.63Cu-1.51Mg (wt. %) (AA2024) samples were processed by HPT for five
revolutions (5r-HPT) at room temperature, under a pressure of 6 GPa with a speed of
1 rpm. The composition of the alloy is shown in Table 1, and the as-received
specimens were in the T351 temper. Prior to HPT, the samples were cut to discs with
a diameter of 9.8 mm and mechanically ground and polished to 0.83~0.85 mm in
thickness. Details of the HPT processing were explained previously [9, 38].

Thermal analysis was performed using a differential scanning calorimeter (Perkin-
Elmer DSC1) at heating rate of 10 °C/min in a flowing N2 atmosphere from ambient
temperature to 540 °C. The samples were put in copper pans under tight-fitted
inverted lids, with an empty copper pan as the reference. Prior to DSC experiments,
the near disk shaped samples were punched from the HPT disk at 4 mm from the
centre using a 5 mm diameter punch. Each sample is approximately 20 mg. The DSC
thermograms were corrected by subtracting a baseline run with an empty copper pan
and a further baseline correction as described in [39] was applied.

Additionally, HPT processed discs were heated and held at temperature Tiso in a
furnace. The hold time was chosen such that the heat treatment is equivalent to
heating at the DSC heating rate, S, to the final temperature, Tr. The equivalent time teq
of an isothermal heat treatment at Tiso has been approximated by using the theory for
thermally activated reactions [39], which provides:

t, @.7867,/b(RT, /E)" exp(- E/RT,)fexp(- E/RT, ) Eq.L
where E is the activation energy of the reaction, taken as 107 kJ/mole [40]. Thus, the
HPT samples were heat treated for the calculated equivalent time teq at the same
temperature in the DSC curve (Tiso=Ts), €.g. a sample isothermal annealed at 210 °C

for 2 minutes equivalent to that DSC linear heated up to 210 °C with a constant



heating rate, 10 °C/min. These equivalent heat treatments were applied on the samples
for hardness, XRD, TEM and APT tests.

Vickers hardness was measured on T351 and 5r-HPT processed samples after heating
to selected temperatures in the range 100 to 400°C and with holding times to produce
the equivalent treatment (Tiso=Ts) defined by Eq. 1, followed by rapid cooling (cooling
rate ~ 50 K/min). The hardness tests were conducted at room temperature
immediately after completion of the cooling. Each sample was prepared by grinding
to 4000-grid SiC paper and polishing to a mirror-like surface. The hardness tests were
conducted using a load of 500 g for a dwell time of 15 s. Each reported value is the
mean of 6 indentations all made at a distance of 4 mm from the centre of the disc.
XRD was carried out using a Siemens D5000 diffractometer equipped with a graphite
monochromator using Cu Ka radiation at 50 steps per degree and a count time of 1s
per step. The Maud software [41-43] was used to analyse the microstrains and the
crystallite sizes of HPT-processed samples and those under isothermal heat treatment.
The analysis of XRD peak broadening is based on the full peak X-ray profile
refinement (Rietveld method) [42, 44, 45].

TEM was performed on HPT-processed samples and heat-treated samples using a
JEOL 3100 TEM operated at 300 kV. The samples were first ground to ~150 um in
thickness, and disc shaped samples of 3 mm in diameter were punched out at about 4
mm from the centre of a disk. Subsequently, the samples were thinned to perforation
using twin-jet electropolishing at -30 °C with an electrolyte solution of HNOz:
methanol=1:3 (in volume). The statistic average grain sizes were obtained based on
20 TEM images. Selected area diffraction (SAD) patterns were taken with an aperture
of ~1um?.

APT specimens in the form of sharp needles with an end radius of less than 100 nm
were prepared from blanks with dimensions of 0.5 x 0.5 x 10 mm? using a standard
two-stage electro polishing technique. The first stage used a solution of 25%
perchloric acid in acetic acid at 15 V, whereas the second stage used an electrolyte of

5% perchloric acid in 2-butoxyethanol at 20 V. APT analysis was carried out under an
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ultrahigh vacuum (~1 x 1078 Pa), UV laser pulsing energy of 40 pJ at the pulse
repetition rate of 200 kHz and a specimen temperature of ~20-25 K using a local
electrode atom probe (LEAP4000X SI®). Reconstruction and visualization of APT
data was performed using the Imago Visualization and Analysis Software (IVAS™
3.6.2) [22]. The maximum separation algorithm was employed for cluster
identification, with Mg, Si and Cu as clustering solutes and a separation distance of
0.5 nm [22, 23]. The cluster sizes represent the number of solute atoms in the detected
clusters. A minimum cluster size of n = 2 was employed to detect extremely small

solute clusters [22].

3. Results and Analysis

3.1 The DSC and Vickers hardness measurements

In Fig. 1, the DSC thermogram of the T351 sample has an endothermic reaction at
100~240 °C, whilst 5r-HPT sample shows an exothermic reaction with peak at 170 °C.
In the intermediate temperature range, the T351 sample shows a single exothermic
peak at 260 °C, whilst the 5r-HPT shows two overlapping exothermic effects, peaking
respectively at 210 °C and 240 °C. These exothermic effects are primarily due to the
formation of variants of the S phase [46]. The high temperature endotherm (from
about 270 °C to 490 °C) is mainly due to the dissolution of S precipitates. A
significant amount of stored energy is released as microstructures evolve on heating.
The microhardness evolution of samples heated at a constant heating rate of

10 °C/min is shown in Fig. 2. The microhardness increases significantly after HPT
process: the microhardness of the HPT sample is ~70% higher than that of T351 (142
HV). On heating, the microhardness of the HPT-processed sample increases slightly
from 243 HV to 263 HV when heated to 140 °C, where exhibits an exothermic peak
in DSC (Fig. 1). The microhardness of the 5r-HPT sample decreases significantly
when heated beyond 210 °C; and the decrease in microhardness for the T351 sample
occurs from temperature above 260 °C. Both samples have similar microhardness

when heated between 300 °C and 400 °C.



3.2 Microstructural characterisation

3.2.1 XRD analysis

The XRD patterns of 5r-HPT samples heated to different temperatures are shown in
Fig. 3. The appearance of peaks due to S (Al.CuMg) precipitates in the samples
annealed up to 240 °C and 300 °C evidences the precipitation reaction. The
differences of relative peak intensities indicate HPT processing changes the textures
of the alloy. The broadening of the aluminium XRD profile of HPT-processed
samples is due to lattice defects, which are predominantly dislocations and (additional)
grain boundaries. In cubic crystals, anisotropic peak broadening may occur due to
anisotropic crystallite shape, anisotropic strain or planar defects, which are caused by
dislocations, stacking faults, twinning and stress gradients [47, 48]. Crystal twinning
does not normally occur in aluminium alloys due to their high stacking fault energy,
and compared to other metals, i.e. Cu or Ni, anisotropy effects are small in aluminium
alloys. Hence for the present samples anisotropic peak broadening is assumed to be

negligible.

3.2.2 Microstructural evolution during equivalent isothermal annealing

Through Rietveld refinement [42, 44, 45], the microstrain and crystallite size are
optimized simultaneously by whole profile fitting on the XRD data, and the results
are shown in Fig. 4(a). The microstrain of the 5r-HPT sample increase from about
0.0018 at room temperature to 0.0021 after heating to 120 °C. This small increase can
be due to cluster formation, which are detected by APT (see below) and corresponds
to the first small exothermic peak in DSC thermogram (Fig. 1). A significant decrease
of microstrain was observed after heating beyond 120 °C. The value of microstrain
approaches 0.0007 at 300 °C, which is close to the as-obtained T351 sample (0.0009)
at room temperature. The crystallite size of samples heating to temperatures below
210 °C is about constant at around 60 to 70 nm, while it increases significantly to 310

nm after heating to 300 °C. This combination of reduced microstrain and increased
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crystallite size are the key factors contributing to the hardness decrease in the
corresponding temperature range. The dislocation density p was calculated from the
measured microstrain <¢>'2 by [26, 49]:

_2fB3(e)”

/= Db Eq. 2
where b is the Burgers vector, 0.286 nm, for an fcc Al alloy, Dc is the crystallite size.
Fig. 4(b) illustrates the dislocation density evolution of the 5r-HPT samples heated to
various temperatures.

The average grain size of the 5r-HPT samples was determined from TEM images,
shown in Fig. 5, using the modified line intercept method described in [9].The grain
size d was taken as d=1.455 ., where L is the average line intercept [50]. The average
grain size of 5r-HPT sample is 157+30 nm (=108 nm), and it is virtually unchanged
at 169+30 nm (L =116 nm) on heating to 210 °C (5r-HPT-210 °C), and increases to
250240 nm on heating to 300 °C (5r-HPT-300 °C). The SAD pattern in the 5r-HPT
sample, shown in Fig. 5(a), indicates the presence of many grains, compared with the
5r-HPT-210 °C and the 5r-HPT-300 °C samples (Fig. 5(b) and (c)). The grain size of
SPD-processed materials determined by TEM is several times larger than the

crystallite size (or coherently scattering domain size) obtained by X-ray peak profile

analysis [51, 52].

3.2.3 Solute segregation and clustering

The 5r-HPT sample and the samples subsequently subjected to equivalent annealing
have been analysed by APT. The cluster number density (CND, the number of
clusters per unit volume) of different types of clusters and their fractions of number
density to overall clusters obtained by APT are shown in Table 2.

Linear profile analysis across GBs in Fig. 6 and Fig. 7 has been conducted; a typical
one is shown in Fig. 7b. The solute concentrations at the GB are significantly higher
than those values in the matrix of two grains on either side of the GB, confirming that

there is segregation of solutes at the grain boundary. All grain boundaries were



identified due to their 2-D curved plane features by carefully visual examination of
the analysis volume in different view directions.

The solute-enriched features in the volume element of the 5r-HPT sample (Fig. 6)
involve: (i) a segment of grain boundary; (ii) a uniform distribution of fine scale
solute-rich clusters (containing up to 50 solute atoms) with a number density of
1.99x10%% m™ (as determined from the total number of solute clusters identified in the
analysed volume). The vast majority of the segregants are Cu, and a small but a
significant minor concentration of Si and Mn is also evident in the corresponding
atoms maps. The segregation of Mg atoms is not so obvious as other atoms, because
Mg atoms are absent in Mn-rich particles and more homogenously distributed within
the grains.

Fig. 7 shows Mg, Cu and Si atom maps of an analysed volume of a 5r-HPT sample
heated to 210 °C. This volume contains three grain boundaries and some small
precipitates. It illustrates a similar solute enrichment of Mg, Cu and Si as those of
grain boundary segments in Fig. 7(a), while dislocations with Cu and Mg atoms
segregated on them are observed at the right bottom of each map. The total number
density of solute clusters in this volume is identified as 1.11x10% m=, The number
density of Mg-Cu co-clusters decreases significantly from 1.06x10% m- after HPT
processing to 0.60x10%° m™ after subsequent heating to 210 °C. Fig. 7(b) illustrates
the concentrations of Mg, Cu and Si with its z-axis parallel to the plane normal of the
grain boundary (GB) Il in Fig. 7(a). It indicates the ratio of Cu and Mg at GBI is
close to 1, but the concentration of Mg is higher than that of Cu as the distance is in
the range of 5 nm to 15 nm from grain boundaries, with 0.3 at% as the maximum
imbalance.

The APT analysis of the 5r-HPT-300 °C sample in Fig. 8 shows Cu and Mg rich in a
precipitate as well as a thin grain boundary line in the lower right of the figure. The
measured composition of the coarse particle indicates a ratio of Al:Cu:Mg equalling
2:1:1, and considering the XRD results (Fig. 3) this precipitate is identified as S phase

(Al2MgCu). On heating, the total cluster number density decreases significantly to
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2.42x10% m, while the density of Cu-Mg co-clusters, which is the majority of the
clusters, decreases to 1.22x102° m’,

APT work on a solution treated and aged 2024 Al alloy shows that solute clusters
form during ageing by aggregation of the main alloying elements Cu and Mg, along
with the minor elements Si and Zn [23]. In the HPT-deformed samples, the clustering
phenomenon is similar [33]. The main alloy elements Mg and Cu concentrate along
the grain boundaries or dislocation walls together with minor element Si. The size of

the nano-precipitates increases as the annealing temperature increases.

4. Discussion

4.1 A multimechanistic model for hardening

The current study demonstrates the hardness changes of an Al-Cu-Mg alloy due to
HPT processing and ageing post-HPT are caused by a range of factors including
solute clustering, defect-solute clustering, dislocation creation and subsequent
annihilation, grain refinement and precipitation. In this Section we will analyse the
multiple strengthening mechanisms that affect the hardness using models that were
introduced recently [10, 33, 38, 53]. The main goal of this analysis is to highlight the
dominant strengthening mechanisms for UFG Al-Cu-Mg alloys during heating and
provides an explanation of UFG structural stability at elevated temperatures. To
improve clarity we will here simplify the hardness-strength relation and consider that
for our samples the relation between Vickers hardness and yield strength can be
approximated through HV = C o, where in good approximation C is a constant [10, 33,
53-57], and we will not consider the potential effect of crystallographic texture. The
value of C for worked Al alloys ranges from 3.06 to 3.28 [55, 56], and here the
average value 3.16 is adopted [10].

The yield strength of a polycrystalline alloy is related to the critically resolved shear
stress (CRSS) of the grain and grain boundary strengthening. As a result, the total
hardness increase, AHViotal, IS due to dislocation hardening AHV4, grain boundary

hardening AHVgp, solid solute hardening AHVss and cluster hardening which includes
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both short-range order hardening, AHVsro [58, 59] and modulus hardening, AHVr, [60,
61]. For samples aged after HPT, hardening due to precipitation, AHVp, needs to be
considered, as S/S' precipitates are present (see XRD patterns in Fig. 3 and in APT
data in Fig. 7 and Fig. 8). Therefore the sample hardness can be approximated as:

HV =HYV, +DHVd+DHng+DHVW+DHVSR0+DHVm+DHVp Eqg.3
where HVq is the hardness of annealed Al, which is very low (i.e. ~20 HV for high
purity Al 99.99% [62]). To account for the small amount of Mn, Fe and Si present in
our alloy, the HVo is taken as 30 HV [10, 63, 64]. Predictions of the contributions of

each hardening mechanism for an UFG Al-Cu-Mg alloy are described below.

Dislocation hardening

Dislocations mutually interact hindering their motion. The increase of dislocation
density thus leads to an increment of hardness, which is given by (see e.g. [31, 33, 63,
65]):

DHV,=CMa,Gb\/r Eq. 4

total
where a1 is a constant taken as 0.3 [33], M is the mean orientation factor, usually
termed the Taylor factor and taken as 2.6 [9, 10, 66, 67], G is the shear modulus of the
alloy and b is the Burgers vector [31, 33, 63, 65]. In our study, the dislocation
densities ptotal due to the contribution of cell boundaries (identified as crystallite size

in Section 3.2.2) and microstrains are calculated using XRD full profile refinement.
The values of the parameters in the Eq. 4 and subsequent equations, which are all

taken from either the literature or the analysis presented in Section 3, are summarized

in Table 3.

Grain boundary hardening

The hardness due to grain boundary strengthening is taken according to the Hall-
Petch relationship [68-70], i.e. the hardness increment due to grain boundaries is
taken as proportional to d™/2[71]:

DHV,, = Ck,,/d"’ Eq.5
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where knp is the Hall-Petch constant, and d is the grain size [65]. Recent experimental
work has indicated ke is within the range of 0.06-0.09 MPa/m™/ for a nanostructured
Al-Cu alloy [72]; whilst a theoretical assessment has indicated kup = 0.062 MPa/m™*2
[65]. We adopt the latter value. The dislocation and continuum mechanics models [70]
indicate grain size strengthening of metals can be driven by constraints on stress and
dislocation curvature. The hardening effects by dislocations or grain boundaries are
correlated with each other; essentially, they are driven by the disorder atom

arrangement in lattice.

Solute hardening

Solid solution strengthening depends on the concentration of solute atoms dissolved
in the Al matrix as [34, 64]:

DHY, =CM k! Eq. 6
where k;j are factors related to the strengthening due to the individual elements and ¢;
are the concentration of the alloying elements in solid solution [34, 73, 74]. nis a
constant, taken as 1 [34, 64]. In the present alloy processed by HPT, solid solution
strengthening has a relatively small contribution to overall strength, accounting for up
to 4% to overall strength. Whilst the Eq. 6 may be a good approximation for coarse
grained alloys, this relationship cannot fully predict the solute atom effects for fine
grained alloys as solute atoms segregate to grain boundaries (see Fig. 6), which
provides an additional strengthening effect [75]. In our UFG ternary Al-Cu-Mg alloy,
the Cu and Mg atoms form nanometer-sized solute clusters at selected grain
boundaries/junctions. Their contribution to strength will be calculated and discussed

in the following sections.

Cluster hardening and cluster-defect complexes hardening

The co-existence of cluster-dislocation complexes and the intragranular solute clusters
contributes to the extra strengthening in UFG Al-Cu-Mg alloys [33]. These solute

clusters are very small (typically less than a nm) and consist typically of Cu and Mg
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[13, 23, 33, 76, 77].

The strengthening due to co-clusters is related to the obstacle shearing [58, 59]. A
single dislocation passing through clusters causes a disruption of the local short-range
order (SRO) and hence causes changes in lattice energy. The increase of critical
resolved shear stress due to the clusters given as [78]:

DfSRO :gSRO/b Eq 7
where ysro IS the change in energy per unit area on slip planes on passing of one
dislocation, which is related to the enthalpy of the nearest neighbor bonding AHa 8
and the change in area density of A—B nearest neighbour bonds crossing the slip plane
on the passage of one dislocation, i.e. pa-s (n=0)-pA-B (n=1) [58, 59].

A-B clusters associated with vacancies along grain boundaries and dislocations
possess a changed bonding energy, denoted as AHa-g-dis. The description and
illustration of clusters segregated structures has been presented in Ref [33], providing

DH , 4 2
Dt i, @ AbB s NS g(yA +yB) Eqg. 8

where AHA-B-dis is the average enthalpy of the various types of A-B-dislocation

clusters at the dislocations, ya and ys are the amount of A and B atoms in the co-
clusters, respectively. Thus, the hardness increment due to cluster SRO strengthening
is given as

8 DH, , .
DHV g, = CMDI ,, C(«KYM_LWS()’A +y3) Eqg. 9

3J/3

The average enthalpy AHA-B-dis depends on the fractions of each type of atoms and
clusters segregated at the grain boundaries and dislocations, and the intragranular

clusters:

DH, 5 4 =hDH, 5+ f,DH, , + f;DH, +f4DH(A-B) Eqg. 10

- dis
where f1 to f4 are the fraction of A-B intragranular clusters, and atoms A, B or A-B
clusters segregated to dislocations and grain boundaries. AHA-g is the enthalpy of A-B
co-clusters in M matrix, AHA-dis, AHB-dis the enthalpy of single atom A or B located at
dislocations, AH (a-) n-dis the enthalpy of co-clusters located at dislocations. AHcu-Mg-dis

has been determined as 50+5 kJ/mole in samples deformed by HPT up to the hardness
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saturation level, when shear strain is larger than 500% [33].

The modulus difference between particle zones (clusters, GPB zones) and the Al
matrix leads to an interaction force [60]. It is this force that contributes to a further
increment of hardness related to co-clusters. The hardening due to the difference in

shear modulus is presented as follow [61]:
Dm
DHV =CM ——=./ Eq. 11
m 4p 12 fcl q

where Ap is difference in shear modulus between particles and Al matrix. This
approximation has been adopted in a range of works [34, 37, 58, 61], and the fg is the
average fraction of Cu-Mg clusters in Al-Cu-Mg alloy, as volume of other types of
clusters are very small. The hardening due to modulus difference for the present
samples is calculated to be only 14~15% of the short-range order hardening, i.e. it is

relatively close to the result from Ref [79].

Precipitate hardening

At a temperature higher than 210 °C, the amount of clusters in the HPT-processed Al-
Cu-Mg samples reduces as they transform into S/S' phases. S/S' precipitates are
considered to be non-shearable and the hardness increment is approximated using the

Orowan bypassing mechanism as [37]

-1
DHV, :CM%In(ﬂ)[Oﬁlwg 2P dSJ Eq. 12
2p(1- n) b 3f

where um is the shear modulus of the matrix, v the Poisson’s ratio for Al, ds is the
diameter of the cross-section of the S-phase precipitates and fs is the volume fraction
of S phase [37], which is determined in the Appendix. The diameter of the cross-
section of S precipitates were determined from APT data as 10 nm and 50 nm for 5r-

HPT sample annealed at 210 °C and 300 °C.

4.2 The superposition of multiple strengthening mechanisms

The results of the present assessment of the strengthening mechanisms are presented
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in Table 4. The table shows a good correspondence between measured and predicted
total hardness, which further supports the present model. Thus the present approach
provides a coherent explanation of the hardness of the present complex SPD
processed alloy on the conditions both after HPT and after subsequent heating,
revealing the relative importance of the various strengthening mechanisms. In
particular, the model shows that for samples where the maximum exposure
temperature is 210°C or lower, the solute/cluster-defect complex hardening is the
dominant mechanism, contributing an increase of ~100 HV, over 40% of the total
strength.

A key element in the approach relates to the interaction enthalpy of the Cu-Mg-defect
complexes. The magnitude of enthalpy for a dislocation cutting through a short-range
ordered structure strongly depends on the fractions (i.e. f1 to f4in Eq. 10) of different
types of atoms and clusters segregated at dislocations or grain boundaries. Eq. 9 and
Eq. 10 are valid for any types of co-clusters including two-atom clusters and four-
atom clusters [33]. In Eq. 10, the fractions of f1 to f4 change as the temperature
increases in the DSC heating process. As indicated in [58, 59], f1in Eg. 10 accounts
for all clusters in the Al-rich phase for a T351 sample; as a result, the AHA-B-dis iS
approximated as the value of AHcu-mg, which is 34.5 kJ/mole [58] in Cu-Mg clusters.
However, for samples processed by HPT to near the saturation level in hardness,
substantial cluster-defect complexes form and enthalpy for a dislocation passing
through Cu-Mg-defect clusters increases to 50 kJ/mole [33]. The AHcu-mg-dis may vary
somewhat during heating, as the dislocation density slightly decreases (see Fig. 4(b))
and part of the Cu-Mg clusters dissolve into the Al matrix.

The microstrain increases on heating to 120 °C as shown in Fig. 4(a). This is due to
the interaction between dislocations and dissolved Cu/Mg atoms, when dislocations
pass through and break down Cu-Mg clusters to smaller clusters. As a result of
increasing atom diffusion coefficient for a UFG Al alloy in DSC heating process,
more clusters are segregated to grain boundaries, and then the proportion f4 of cluster-

defect complexes increases.
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Finally it is noted that the mechanism of strengthening in nanostructured Al alloys
discussed by Valiev et al [75, 80] indicates the effect of solute segregation on the
emission of dislocations from the grain boundaries results in an additional
strengthening and a positive deviation of Hall-Petch slope knp, which is 0.13
MPa/m¥2, It shows a good agreement with the Hall-Petch coefficient in Al-Cu [72]
and Al-Mg-Si alloys [81]. This may be interpreted as an indication that in the alloys
studied in those works the solute-grain boundary interaction is the dominant solute-
defect strengthening effect. Whilst these works [75, 80] on an experimental formula
between grain size and strength is valuable, a modified Hall-Petch slope in itself does
not clarify the nanoscale mechanisms responsible for the strengthening effects. The
analysis in the present work shows a clear evidence that the nanoscale mechanisms

play a role in a ternary alloy.

5. Conclusions

The hardness, clusters/nanoscale precipitates and dislocations in an UFG Al-4.3Cu-
1.51Mg alloy processed by HPT and subsequently heated were investigated using
XRD, TEM, APT and DSC. The contributions from different hardening mechanisms
were quantitatively calculated. Conclusions are drawn as follows:

1. The UFG AI-Cu-Mg alloy processed by 5r-HPT presents a much higher hardness
(~100 HV) than the conventionally processed T351 sample. The hardness of the UFG
Al-Cu-Mg alloy is stable, only starting to decrease during heating beyond 210 °C.

2. The dislocation densities and the grain size are stable during heating up to 210 °C,
the solute clusters segregate to the UFG grain boundaries and dislocations. As a result
of precipitation, the cluster-defect complexes disappear as heated beyond 210 °C.

3. The analysis of contributions of hardness indicates short-range order due to the
cluster-defect complexes is the dominant mechanism, contributing to ~100 HV for
samples heated up to 210 °C. The hardness due to the microstrains related to defects
in lattice (i.e. dislocation and grain boundaries) contributes the second hardening

component (totaling ~90 HV). Solute hardening and modulus hardening contribute
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very little. A precipitation-hardening component from Orowan bypass mechanism

occurs due to S phase formation.

Appendix: Volume fraction of S phase
The volume fraction of a precipitate is related to the atomic fraction, following [82]:

xW
= Eq. A.l
/. xW +(l- x)V\/” q

where QP and Q™ are atomic volumes of precipitates and matrix, and x is atomic
fraction of precipitates. In 2024 Al alloy, the S precipitate has a Cmcm structure with
the lattice parameters a=0.400 nm, b=0.923 nm and ¢=0.714 nm and QP=26.36x10"
nm-3[36], containing 24 atoms per unit cell. The atom number of S phase is triple
times of Al unit cell, as a result, QM =3(aa)*=26.38x10 nm. In this case, the Eq.
A.1 simplifies as fv=x.
The volume fraction of precipitates varies during the DSC heat treatment [63]. At
particular temperature T, the fraction of precipitates forms is given by:
Jo= o 2

¢ Eg. A2
where fmax is maximum value that f, can take, i.e. when all elements would precipitate.
Thus the maximum volume fraction of S phase fmax is equal to the fraction of Cu-Mg

co-clusters, which is 0.018. cs is the composition of the alloy, co is the equilibrium

concentration and expressed as [63].

é a
0 =C,EXpé == Q C—- i Eq. A3
é ReT TQ]

where Qs is the free energy of solution, R is the gas constant, Ts is the solvus
temperature. For a phase MmAaBsCe, the best approximation of Qs is AHsel/(a+b+c)
[63], thus Qs is taken as AHmg-cu/2. In the computed vertical section of Al-4.5Cu- (Xwmg)
Mg (wt.%) alloy phase diagram [83], the S phase precipitates at 260 °C if Xmg IS
1.5wt.%. It is consistent with the DSC thermogram of a 2024 Al-T351 sample in Fig.

1. This analysis suggests that Ts equals 260 °C.
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Table captions
Table 1 Composition (wt.%) of the Al-Cu-Mg alloy studied.
Table 2 The experimental cluster number density (CND) of Cu-Cu, Mg-Mg and Cu-Mg type

clusters and their fractions in overall clusters number density

Table 3 Parameters used in the strengthening mechanism calculations.

Table 4 Hardness increments for the different strengthening mechanisms obtained from the

models in Section 4.1.

Figure captions

Fig. 1 DSC curves for Al-4.63Cu-1.51Mg T351 and 5r-HPT samples.

Fig. 2 Vickers hardness of T351 and the 5r-HPT samples equivalent annealed up to varying
temperatures with a heating rate of 10 °C/min.

Fig. 3 XRD patterns of T351 and the 5r-HPT samples equivalent annealed up to varying
temperatures with a heating rate of 10 °C/min. The diffraction plane indices of aluminum are
indicated in the figures.

Fig. 4 (a) Microstrain and crystallite size and (b) dislocation density evolution of 5r-HPT

samples equivalent annealed up to varying temperatures with a heating rate of 10 °C/min.

Fig. 5 TEM bright field images of 5r-HPT samples in (a) as HPT processed condition, (b)
after heating to 210 °C, and (c) after heating to 300 °C. The corresponding selected area

diffraction patterns are at the top-right corner.

19



Fig. 6 Mg, Cu, Si and Mn atom maps of 5r-HPT sample aged at ambient temperature near
Mn-rich particles.

Fig. 7 APM of 5r-HPT sample annealed at 210 °C (a) Mg, Cu and Si atom maps (b) Mg, Cu
and Si profiles measured using an analysis box with its z-axis parallel to the plane normal of
the grain boundary.

Fig. 8 (a) Mg, Cu and Si atom maps of 5r-HPT sample aged at 300°C (b) concentration

profiles of Al, Mg, and Si across the precipitates (the balance is Cu).
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Tables

Table 1 Composition (wt.%) of the Al-Cu-Mg alloy studied

Cu Fe Mg Mn Si Zn Total others Al

4.63 0.15 151 0.66 0.08 0.05 <0.05 balance

Table 2 The experimental cluster number density (CND) of Cu-Cu, Mg-Mg and Cu-Mg type

clusters and their fractions in overall clusters number density

Cluster type Size CND x10%/m?3 Fractions
(atoms)

5r-HPT Cu-Cu 2-6 0.36 0.18
Mg-Mg 2-8 0.45 0.23
Cu-Mg 2-24 1.07 0.53
Si -containing Balance Balance
all 1.99

5r-HPT-210 °C Cu-Cu 2-6 0.20 0.18
Mg-Mg 2-8 0.26 0.23
Cu-Mg 2-37 0.6 0.54
Si -containing Balance Balance
all 111

5r-HPT-300 °C Cu-Cu 2-6 0.04 0.18
Mg-Mg 2-8 0.07 0.29
Cu-Mg 2-34 0.12 0.50
Si -containing Balance Balance
all 0.24

Table 3 Parameters used in the strengthening mechanism calculations.

Mechanisms Symbol Value References
C 3.16 [55, 56]
M 2.6 [9, 10, 66, 67]
b 0.286 nm [31, 33, 63, 65]
G/ pm 27 GPa [31, 33, 63, 65]
Dislocation o 0.3 [31, 33, 63, 65]
hardening p This work Taken from the XRD fitting
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Grain-boundary Kp 0.062 MPa*m*/2 [65]

hardening d This work Taken from TEM

Solute hardening Keu 10.5 MPa/at% Cu [34,73,74]
Kwig 5 MPa/at% Mg [34,73, 74]
n 1 [34, 64]

Short-range order AHA-B.dis 5045 kJ/mole [33]

phase/Cluster-

defect complexes

hardening

Modulus hardening | fo This work 0.018 as the maximum
Au 3.4 GPa [33]

Precipitation v 0.3 [37]

hardening ds This work Taken from the APT
fmax 0.018 [82]

Table 4 Hardness increments for the different strengthening mechanisms obtained from the models in

Section 4.1.

5r-HPT 5r-HPT-210°C 5r-HPT-300°C
AHVq 35.2+1 29.5+0.5 10.2+0.3
AHVg, 5115 49.5t4.5 4013
AHV, 5.1 5.1 5.5
AHVsro 107+11 107411 —
AHV, 15.7 15.0 15.2
AHV, — 21.7 20.2
HVo 30 30 30
HVpredict 245+12 258112 12143
HVmeasured 244+4 25619 1347
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Fig. 1 DSC curves for Al-4.63Cu-1.51Mg T351 and 5r-HPT samples.
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Fig. 2 Vickers hardness of T351 and the 5r-HPT samples equivalent annealed up to varying
temperatures with a heating rate of 10 °C/min.

26



Al (111)| Al (200) A220) Al (311) Al (222)
5r-jT-300°C
A

5r;)-KT-240°C
- -

5r-HPT-210°C

A
A
A A
A
A
A

S phase S phase

S phase S phase

A
A

5r-HPT-180°C
A
5r-HPT-120°C

Intensity (a.u./atom)

-t
or-HP T

A}

L~

30 40 50 60 70 80 90
20 (deg.)
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indicated in the figures.
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Fig. 4 (a) Microstrain and crystallite size and (b) dislocation density evolution of 5r-HPT
samples equivalent annealed up to varying temperatures with a heating rate of 10 °C/min.
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Fig. 5 TEM bright field images of 5r-HPT samples in (a) as HPT processed condition, (b)
after heating to 210 °C, and (c) after heating to 300 °C. The corresponding selected area
diffraction patterns are at the top-right corner.
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Fig. 6 Mg, Cu, Si and Mn atom maps of 5r-HPT sample aged at ambient temperature near
Mn-rich particles.
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Fig. 7 APM of 5r-HPT sample annealed at 210 °C (a) Mg, Cu and Si atom maps (b) Mg, Cu and Si profiles
measured using an analysis box with its z-axis parallel to the plane normal of the grain boundary.
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Fig. 8 (a) Mg, Cu and Si atom maps of 5r-HPT sample aged at 300°C (b) concentration
profiles of Al, Mg, and Si across the precipitates (the balance is Cu).
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