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Abstract 

An equiatomic CoCrFeMnNi High-Entropy Alloy (HEA) produced by arc melting was 

processed by High-Pressure Torsion (HPT). The evolution of the microstructure during HPT 

was investigated after ¼, ½, 1 and 2 turns using electron backscatter diffraction and 

transmission electron microscopy. The spatial distribution of constituents was studied by 

energy-dispersive X-ray spectroscopy. The dislocation density and the twin-fault probability 

in the HPT-processed samples were determined by X-ray line profiles analysis. It was found 

that the grain size was gradually refined from ~60 µm to ~30 nm while the dislocation density 

and the twin-fault probability increased to very high values of about 194 × 1014 m−2 and 2.7%, 

respectively, at the periphery of the disk processed for 2 turns. The hardness evolution was 

measured as a function of the distance from the center of the HPT-processed disks. After 2 

turns of HPT, the microhardness increased from ~1440 MPa to ~5380 MPa at the disk 

periphery where the highest straining is achieved. The yield strength was estimated as one-

third of the hardness and correlated to the microstructure. 

 
Keywords: High-Entropy Alloy, High-Pressure Torsion, X-ray Diffraction, Dislocations, 

Twin faults, Hardness 
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1. Introduction  

Conventional solid solutions are generally based on one principle element and other alloying 

atoms are added only in small concentrations for the improvement of properties. In the last 

decade, a new type of alloy concept, known as high entropy alloys (HEAs), was proposed 

[1,2]. HEAs are disordered solid solutions, containing five or more principal elements in 

equal or near-equal atomic ratios, in which all the atomic concentrations are between 5% and 

35%. The configurational entropy of a disordered solid solution is maximized by mixing a 

large number of alloying elements at near-equimolar concentrations and the high entropy of 

mixing stabilizes the disordered solid solution phases. These alloys are currently a focus of 

materials science due to their outstanding properties, such as high hardness and strength, good 

resistance to thermal softening, oxidation, wear and corrosion [1-6]. The high strength of 

HEA materials is caused by the strong resistance of the disordered crystal lattice to 

dislocation motion [7]. Therefore, a very high yield strength can be observed even for HEAs 

with large grain sizes [7]. It was shown that during plastic deformation (e.g., in uniaxial 

compression or impact loading) of HEAs at room-temperature, a large density of dislocations 

is formed which gives an additional contribution to hardening in agreement with the well-

known Taylor formula [7,8]. Therefore, plastic deformation at high strains may improve the 

strength of HEAs considerably. 

Severe plastic deformation (SPD) is an effective tool for increasing the strength of 

materials [9,10]. During SPD processing both grain refinement and an increase in dislocation 

density may contribute to hardening. High-pressure torsion (HPT) is one of the most effective 

SPD techniques for achieving high strength in structural materials [11]. HPT processing is 

expected to yield an additional improvement in hardness of HEAs. Indeed, HPT-straining for 

a face-centered cubic (fcc) CoCrFeNiMn HEA resulted in an improvement in hardness due to 

the reduction of grain size into the nanocrystalline regime [12]. In an Al0.3Cu0.5CoCrFeNi 

HEA, HPT processing led to both significant grain refinement to about 50 nm and 

homogenization of the elemental distribution [13]. It should be noted that annealing at 

appropriate temperatures after HPT may yield additional hardening due to the formation of 

secondary phase particles, as with an ordered body-centered cubic phase in fcc Al0.3CoCrFeNi 

HEA [14].   

One of the most frequently studied HEAs has the composition of CoCrFeNiMn. The 

crystal structure and the mechanical properties of this alloy have been studied intensively [15-

19]. However, the evolution of the lattice defects, such as dislocations or twin-faults, during 

HPT and their influence on the mechanical behaviour have not been investigated. In the 
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present work, the effect of HPT processing on the microstructure and the hardness of an 

equimolar CoCrFeMnNi HEA material was investigated. The evolution of the grain size, the 

dislocation density and the twin-fault probability was determined at the center and the 

periphery of the disks processed by HPT up to 2 turns. The detailed characterization of the 

lattice defect structure was carried out with a combination of X-ray line profile analysis 

(XLPA), electron backscatter diffraction (EBSD) and transmission electron microscopy 

(TEM). The hardness was determined as a function of both distance from the center of the 

HPT disk and numbers of turns. The relationship between the hardness and the microstructure 

for the HPT-processed equimolar CoCrFeMnNi HEA is discussed in detail. 

 

2. Material and experimental procedures 

2.1. Sample processing 

A HEA material with the composition of Co20Cr20Fe20Mn20Ni20 (in at.%) was prepared by 

arc-melting of a mixture of pure metals (purity > 99 wt.%) in a Ti-gettered high-purity Ar 

atmosphere. The ingots were remelted at least four times to promote chemical homogeneity. 

The melted alloys were then drop-cast into a mold with dimensions of 10 mm × 10 mm × 60 

mm. The as-cast samples (disks having a diameter of ~10 mm and a thickness of ~0.8 mm) 

were subjected to HPT at room temperature (RT) under quasi-constrained conditions [20] 

using a rate of 1 rpm under a pressure of 3.0 GPa. The applied numbers of turns were 1/4, 1/2, 

1 and 2.   

 

2.2. Electron microscopy 

The microstructure was studied in the initial as-cast sample as well as at the center and the 

periphery of the HPT processed disks where the imposed strain values were the lowest and the 

highest, respectively, for any given turn. The evolution of the microstructure was investigated 

by electron backscatter diffraction (EBSD) using an FEI Quanta 3D scanning electron 

microscope (SEM). The step size varied between 25 and 250 nm depending on the dimensions 

of the images. Before the EBSD investigation the surface was mechanically polished with 

1200, 2500 and 4000 grit SiC abrasive papers and then the polishing was continued with a 

colloidal silica suspension (OP-S) with a particle size of 40 nm. Finally, the surface was 

electropolished at 25 V and 1 A using an electrolyte with a composition of 70% ethanol, 20% 

glycerine and 10% perchloric acid (in vol.%). At the periphery of the disks processed for 1/2, 

1 and 2 turns, EBSD was not capable of evaluating the strongly refined and distorted 

microstructure. Therefore, transmission electron microscopy (TEM) investigations were 
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applied for the determination of the grain size at the disk peripheries for 1/2, 1 and 2 

revolutions. The TEM foils were thinned first by mechanical grinding to a thickness of 50 µm 

and then they were ion milled using an Ar ion beam at an inclination angle of 5° until 

perforation. The ion milling was conducted at 7 keV and 2 mA with continuous cooling of the 

sample by liquid nitrogen. The TEM images were taken using a Philips CM-20 transmission 

electron microscope operating at 200 kV. The twin faults inside the nanocrystals formed due 

to HPT were studied with a higher magnification using a JEOL-3010 transmission electron 

microscope operating at 300 kV. The TEM pictures were detected by a GATAN Orius CCD 

camera using Digital Micrograph software. The spatial distribution of the chemical elements 

was measured by energy-dispersive X-ray spectroscopy (EDS) in SEM. 

 

2.3. X-ray diffraction 

The average lattice parameter for the HEA samples was investigated by X-ray diffraction 

(XRD) using a Philips Xpert Θ–2Θ powder diffractometer operating at 40 kV and 30 mA with 

CuKα radiation (wavelength: λ = 0.15418 nm). The measured XRD patterns indicate that all 

the studied samples have face-centered cubic (fcc) structure. The average lattice parameter 

was determined from the diffraction peak positions using the Nelson–Riley method [21]. 

The lattice defect structure in the center and the peripheral parts of the HPT-processed 

disks was studied by X-ray line profile analysis (XLPA). The X-ray line profiles were 

measured using a high-resolution diffractometer with CoKα1 radiation (wavelength: λ = 

0.1789 nm). Two-dimensional imaging plates detected the Debye–Scherrer diffraction rings. 

The diffraction profiles were evaluated by the Convolutional Multiple Whole Profile 

(CMWP) method [22]. In this method, the diffraction pattern is fitted by the sum of a 

background spline and the convolution of the instrumental pattern and the theoretical line 

profiles. The details of the measurement of the instrumental pattern and its significance in the 

XLPA evaluation are discussed in section 3.3. The CMWP method gives the diffraction 

domain size, the dislocation density and the twin fault probability with good statistics, where 

the twin fault probability in fcc materials is defined as the relative fraction of twin boundaries 

among the {111} lattice planes. The area-weighted mean diffraction domain size (<x>area), 

the dislocation density (ρ) and the twin fault probability (β) were obtained from the fitting. 

The <x>area was calculated from the median (m) and the log-normal variance (σ2) of the 

diffraction domain size distribution as: <x>area = m exp (2.5 σ2). It is noted that the size of the 

X-ray beam spot on the sample surface was about 1 × 0.3 mm2, as shown in Fig. 1. Therefore, 

the results obtained in the disk center should be considered as an average for distances from 
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the center between -0.5 and 0.5 mm. At the periphery, the XLPA measurement was carried 

out at 1 mm from the edge and therefore at a distance of 4 mm from the disk center. 

 

2.4. Hardness testing 

The microhardness along the radius of the HPT disks was measured using a Zwick Roell ZHµ 

Vickers indenter with an applied load of 500 g and a dwell time of 10 s. The spacing between 

the neighbouring indents was 0.5 mm. 

 

3. Results 

3.1. Microstructure and elemental distribution in the as-cast material 

The measured X-ray diffractograms indicated that the initial material is a single phase face-

centered cubic (fcc) structure with a lattice parameter of a = 0.3599 ± 0.0001 nm. Neither the 

structure nor the lattice parameter changed during HPT. Figs. 2a and b show EBSD and back-

scattered electron (BSE) SEM images for the as-cast microstructure, respectively. In the 

EBSD image, a preferred crystallographic orientation of the grains is not observed (see Fig. 

2a). The grains were considered as the regions in the EBSD images bounded by high-angle 

grain boundaries (HAGBs) with misorientations larger than 15°. In the initial sample, the 

grain size values have a broad distribution between 10-250 µm with a number-weighted 

average value of ~60 µm. The EDS analysis performed at different areas revealed that the 

elemental fractions deviate slightly from the nominal equimolar chemical composition. 

Namely, the atomic concentrations for Co, Cr, Fe, Mn and Ni are 20.1 ± 1.3, 20.9 ± 3.7, 20.4 

± 3.0, 19.4 ± 4.5 and 19.3 ± 3.3 at.%, respectively, as measured on twenty five randomly 

selected areas in the initial sample. The uncertainties of the values were calculated from the 

differences in the concentrations obtained on the various areas. The BSE images in Figs. 2b 

and c reveal a dendritic-like microstructure in the initial sample. The fractions of the five 

constituents in the as-cast CoCrFeMnNi were determined along the white dotted line 

(perpendicular to the dendritic arms) in Fig. 2c by EDS and the results are shown in Fig. 2d. 

An inhomogeneous spatial distribution of the five chemical elements with a periodicity of ~8 

µm is revealed. The atomic concentrations of Co, Cr and Fe vary in a complementary manner 

with the Ni and Mn contents. Thus, where the Co, Cr and Fe concentrations increase to 22-23 

at.%, the Ni and Mn fractions decrease to 16-18 at.%. The largest concentration fluctuations 

were observed for Fe and Mn. This result is in accordance with former studies (e.g., [23]) 

which showed that the dendritic areas in an as-cast CoCrFeMnNi HEA are enriched in Co, Cr 

and Fe and depleted of Ni and Mn. 
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3.2. Evolution of the microstructure and the elemental distribution during HPT 

Figs. 3a, b and c show the microstructures at the center, half radius and periphery of the HPT 

disk processed for 1/4 revolution. The number-weighted average grain size was measured as 

~33 µm in the center of the disk which is smaller by a factor of two than in the as-cast 

specimen (see Fig. 3a). The microstructure at the half-radius was studied only for this sample 

as previous investigations on CoCrFeMnNi HEA suggested that significant twinning occurs 

in this material even at small shear strains (above the shear strain of 0.5 [15]). Indeed, Fig. 3b 

reveals considerable twinning at the half-radius of the sample processed for 1/4 turn. The 

twins are indicated by white arrows in the figure. The average twin boundary spacing is about 

1 µm. It is noted that the shear strain for the location shown in Fig. 3b is about 5.6 which is 

much higher than the above mentioned critical shear strain for twinning in CoCrFeMnNi 

HEA. Fig. 3c shows that the number-weighted average grain size was reduced to ~233 nm at 

the periphery of the disk. The two orders of magnitude smaller grain size at the periphery 

compared to the center in the disk processed by 1/4 turn indicates a very rapid grain 

refinement in this HEA with increasing shear strain during HPT processing. The grain size 

values obtained by microscopic methods are listed in Table 1. 

Figs. 4a-c show EBSD images taken at the centers of the disks processed by HPT for 

1/2, 1 and 2 turns, respectively. Table 1 reveals that between 1/4 and 1/2 turns the number-

weighted average grain size in the disk center decreased to about 19 µm. Between 1/2 and 1 

turn, the grain size was refined from ~19 to ~4.8 µm in the center of the HPT-processed disks. 

After 2 turns, the number-weighted average grain size decreased to ~3.7 µm in the disk 

center. In addition to the grain refinement, twins were also formed inside the grains as 

illustrated for 1 turn in Fig. 4d which was obtained by magnifying a part of Fig. 4b. The Σ3 

boundaries in Fig. 4d are represented by thick black lines and some twinned regions are 

indicated by white arrows. The mean spacing between the twin boundaries is ~3 µm, as 

estimated from the EBSD images. 

As already mentioned, due to the heavily distorted microstructure at the disk 

peripheries for 1/2, 1 and 2 turns, the microstructures at these locations were investigated by 

TEM. Figs. 5a, b and c show representative dark-field (DF) TEM images for the samples 

processed by 1/2, 1 and 2 turns. The average grain sizes determined from the TEM images 
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were ~37, ~34 and ~27 nm for 1/2, 1 and 2 turns, respectively. About one hundred and fifty 

grains were evaluated for the calculation of the average grain size. 

The bright-field TEM images in Fig. 6 illustrate that twin faults with a high frequency 

were formed inside the nanograins at the periphery of the disk processed by 1 turn of HPT. 

Some nanotwinned lamellae are indicated by black arrows. The twin fault spacing varies 

between 1 and 10 nm in the nanocrystals shown in Fig. 6. By comparison, in the center of the 

same disk the twin boundary spacing was about ~3 µm as shown in Fig. 4d. This observation 

suggests that, in addition to the decrease in grain size, the twin fault frequency was enhanced 

significantly with increasing imposed strain in HPT processing. 

The elemental distributions were also investigated in the center and the periphery of 

the disks processed by the lowest (1/4) and the highest (2) numbers of HPT turns. The EDS 

results are shown in Fig. 7.  The inhomogeneous chemical element distribution in the initial 

material was inherited in the HPT-processed samples (see Fig. 3). Due to HPT processing, 

although the frequency of concentration oscillations decreased, the concentration differences 

did not change considerably (compare Figs. 2d and 7d). Similar to the initial state, the atomic 

concentrations of Co, Cr and Fe vary in a complementary way with the Ni and Mn contents 

and the largest concentration fluctuations were observed for Fe and Mn. 

 

3.3. Microstructure of the HPT-processed HEA samples from XLPA 

The initial as-cast CoCrFeMnNi HEA exhibited broader X-ray diffraction peaks than the 

profiles measured on a standard LaB6 standard material. Most probably, this broadening is 

caused by the chemical inhomogeneities in the present as-cast HEA sample (see Fig. 2d). The 

heterogeneous chemical composition yields a variation in the lattice spacings which leads to 

an X-ray diffraction profile broadening even in the as-cast HEA sample before HPT. As 

shown by the EDS analysis, the magnitude of the concentration fluctuations do not decrease 

during HPT, therefore the chemical inhomogeneities alone would have caused similar 

diffraction peak broadening for the HPT-processed samples as in the initial state. However, in 

addition to this effect the peaks measured on the HPT disks broadened also due to the increase 

of the lattice defect (e.g., dislocations and twin faults) density and the reduction of the 

diffraction domain size. The diffraction peak caused by these effects can be referred to as the 

microstructural profile. Since only moderate chemical heterogeneities were observed in the 

present HEA samples, therefore it was assumed that the microstructure is not influenced by 

the slightly different chemical compositions in the various volumes of the material. With this 

condition, the microstructural X-ray diffraction profile components scattered from the 
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different regions with various concentrations have the same profile shape except that their 

positions and intensities are different due to the various lattice spacings and volumes.  

Fig. 8 shows schematically how these profile components build up the measured 

diffraction peak. Accordingly, the total intensity profile (����) can be expressed as: 

���� = ������	
�� − ����,    (1) 

where � and g are the modulus of the scattering and diffraction vectors, respectively (� =

2���� �⁄  while � = 2����� �⁄  where �  and ��  are the scattering and Bragg angles, 

respectively). �	
�� − �� are the subprofiles caused by the microstructure and normalized to 

a unit peak intensity. ���� is the density distribution function of the diffraction vector caused 

by the chemical heterogeneities which reflects the distribution of the lattice spacings (d) since 

� = 1 �⁄ . According to eq. (1), the total intensity can be given as: 

���� = ���� ∗ �	
���,     (2) 

where ∗  represents convolution. If the instrumental effect is also taken into account, the 

diffraction peak profile can be obtained as: 

���� = ����� ∗ ���� ∗ �	
���,    (3) 

where ����� is the instrumental profile. As the lattice defect density in the coarse-grained 

initial as-cast material is negligible compared to the HPT-processed samples, the profiles 

measured for the initial specimen (��������) gives ����� ∗ ����. Therefore, the total intensity 

is expressed as: 

���� = �������� ∗ �	
��� = �������� ∗ �
��� ∗ ����� ∗ ������,  (4) 

where �
��� , �����  and ������  are the intensity profiles for diffraction domain size, 

dislocations and twin faults, respectively. In the XLPA evaluation of the HPT-processed 

samples, the diffraction peaks were fitted by the convolution if the intensity profile measured 

on the initial sample and the peak functions calculated theoretically for the effects of the 

diffraction domain size, dislocations and twin faults. In this evaluation, it is assumed that HPT 

processing does not produce a considerable reduction in the concentration fluctuations, in 

accordance with the EDS measurements, so that the profile measured on the initial specimen 

is also a good approximation for ����� ∗ ���� in the HPT-processed samples. 

 Fig. 9a shows reflection 200 for the initial material and the two HPT-processed states 

for the lowest (in the center of the disk processed for 1/4 turn) and the highest (at the 

periphery of the disk processed for 2 turns) imposed strains. The peak broadening of the 

initial sample is caused by the instrumental broadening and the chemical heterogeneities, as 

discussed above.  The latter effect yielded a slightly asymmetric peak shape, as revealed in 
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Fig. 9a. HPT processing led to a significant increase in the profile breadth even in the center 

of the disk processed for 1/4 turn. The peak broadening further increased for the periphery 

after 2 turns due to the much larger deformation. The dependence of the peak breadths on the 

diffraction order (on the indices hkl) can be visualized by plotting the integral breadth of the 

profiles (the total area under the peak divided by the peak height) as a function of the modulus 

of the diffraction vector, g (Williamson-Hall plot) [24,25]. Fig. 9b shows Williamson-Hall 

plots for the initial material, the center of the disk processed for ¼ turn and the periphery of 

the disk processed for 2 turns. The significantly non-monotonous variation of the integral 

breadth as a function of g for the HPT-processed samples is caused by the lattice defects such 

as dislocations and twin-faults. For dislocations with mixed edge/screw character, the 

breadths of 200, 220 and 222 reflections are close to each other, while the width of 311 

reflection is much larger [25]. This can be observed for the measurement obtained at the 

center of the disk processed for 1/4 turn. At the same time, the relatively large peak breadth of 

reflection 200 for the periphery of the disk processed for 2 turns suggests considerable twin-

fault probability. For dislocations, the dependence of peak broadening on the reflection 

indices hkl can be taken into account by the average contrast factors. The average contrast 

factors for reflection hkl, hklC , can be calculated numerically from the anisotropic elastic 

constants of the crystal [25]. The values of the elastic constants c11, c12 and c44 are 172, 108 

and 92 GPa, respectively, for the present HEA composition [26].  

The average contrast factor can be expressed as: 

( ) 













++

++−=
2222

222222

00 1
lkh

lhlkkh
qCC hhkl ,     (5) 

where 00hC  is the contrast factor for reflection h00 and q depends on the edge/screw character 

of dislocations. The values of 00hC  for edge and screw dislocations were calculated as 0.278 

and 0.283, respectively, using program ANIZC [27]. The values of q for edge and screw 

dislocations were obtained as 1.5 and 2.3, respectively. Using the average contrast factors, the 

diffraction domain size, the dislocation density and the twin fault probability can be 

determined by fitting the calculated theoretical patterns to the experimental diffractograms 

using the CMWP procedure [22,28]. Fig. 9c shows a CMWP fitting for the center of the disk 

processed by 1/4 turn. 

The average diffraction domain size, dislocation density and twin fault probability 

determined for the center and the periphery of the disks processed by 1/4, 1/2, 1 and 2 turns of 

HPT are listed in Table 1. It can be seen that the dislocation density is very large (~43 × 1014 
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m-2) in the center of the disk processed by 1/4 turn, while the grain structure was only slightly 

refined (the grain size decreased from ~60 µm to ~33 µm as shown by the EBSD study in 

section 3.2). The dislocation density increased with increasing numbers of HPT turns up to 1 

revolution in both the center and the periphery of the disks. Between 1 and 2 turns only a 

slight difference between the dislocation density values was observed. The maximum 

dislocation densities with the values of ~126 × 1014 m-2 and ~194 × 1014 m-2 were measured in 

the center and the periphery of the disk processed for 2 turns, respectively. It can be seen from 

Table 1 that the difference between the dislocation densities in the center and the periphery 

remained significant even after 2 turns of HPT, and this is similar to the hardness values 

presented in the next section.  

For the center parts of all disks and also in the peripheries after 1/4 and 1/2 turns, the 

twin fault probability remained under the detection limit of XLPA (about 0.1% which 

corresponds to a twin fault spacing of ~200 nm). This observation is not in contradiction with 

the detection of twin faults in the EBSD images taken in the centers of the disks processed by 

1 and 2 turns (for 1 turn see Fig. 4d) since the twin fault spacing is ~3 µm  which is much 

larger than the upper limit of detection in XLPA. However, considerable twin fault probability 

values (β) of ~2.2% and ~2.7% were observed in the peripheral parts of the disks processed 

by 1 and 2 turns, respectively. These values correspond to a mean twin fault spacing of about 

8-10 nm which is in accordance with the twin fault spacing observed by TEM (see section 

3.2). The twin fault spacing can be calculated from β as 100·d111/β where d111 is the lattice 

spacing for planes {111}. The deviation of the twin fault spacing determined by TEM from 

the value obtained by XLPA can be attributed to the much larger volume studied by the latter 

method. The high twin fault probability at the periphery of the disk processed by 2 turns is in 

accordance with the relatively large breadth of reflection 200 in the Williamson-Hall plot (see 

Fig. 9b) as discussed above. 

The diffraction domain size is very small (~51 nm) in the center of the disk processed 

by 1/4 turn. This value is about three orders of magnitude smaller than the grain size 

measured by EBSD. The difference between the diffraction domain size obtained by XLPA 

and the grain size determined by microscopic methods in SPD-processed materials is a well 

known phenomenon. The diffraction domains are equivalent to the volumes scattering X-rays 

coherently. Dislocation patterns inside the grains may break the coherency of X-rays. Low-

angle grain boundaries and dipolar dislocation walls are typical examples which fragment 

grains into small diffraction domains. The high dislocation density yielded a small diffraction 

domain size in the center of the HEA sample processed by 1/4 turn. With increasing distance 
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from the center and the numbers of turns, the grain size was strongly reduced while only a 

small decrease in the diffraction domain size was detected. Therefore, the difference between 

the grain and diffraction domain sizes decreased with increasing strain during HPT. For the 

peripheries of the disks processed by 1/2, 1 and 2 turns, the grain and diffraction domain sizes 

agree within the experimental error. The smallest grain and diffraction domain sizes were 20-

30 nm which were achieved after 1/2 turn at the periphery of the HPT disk. 

The grain size determined by EBSD or TEM, the diffraction domain size and the 

dislocation density obtained by XLPA were plotted in Figs. 10a, b and c, respectively, as a 

function of shear strain given as γ = 2πrN/h, where r, h and N are the distance from the center, 

the thickness of the HPT processed disk and the number of turns, respectively. It should be 

noted that, due to the 1 mm height of the X-ray spot on the illuminated surface, for the 

diffraction domain sizes and the dislocation densities determined in the center of the disks the 

shear strain  was obtained by averaging the strain values obtained for distances from the disk 

center between -0.5 and 0.5 mm. For the dislocation densities and diffraction domain sizes 

measured near the periphery, the shear strain was determined at 4 mm from the disk center 

(see Fig. 1). Fig. 10 shows that the grain and the diffraction domain sizes saturated even at the 

shear strain of ~10 while the dislocation density reached its maximum value only at the shear 

strain of ~40. It is noted that, although the nominal value of the shear strain is zero in the 

center of the disks, the grain size decreased considerably with increasing numbers of turns 

(see Table 1). This discrepancy can be explained by the spread of plastic deformation into the 

center from the neighboring regions due to the stress field of dislocations developed out of the 

disk center. This induced plasticity causes grain refinement even in the disk center. 

 

3.4. Hardness evolution during HPT 

Fig. 11a shows the hardness evolution along the disk diameter as a function of the number of 

rotations. The undeformed specimen has a hardness of about 1440 MPa. After 1/4 turn of 

HPT there is a large gradient in the hardness along the disk radius. In the center and the 

periphery, the hardness values are ~2400 and ~4860 MPa, respectively. Further straining up to 

1/2 turn yielded a slight hardening in both the center and the periphery. In addition, the hard 

regions at the periphery expanded towards the disk center as shown in Fig. 11a. Between 1/2 

and 1 turn of HPT, the hardness increased from ~2520 MPa to ~3180 MPa in the center of the 

disks. At the periphery, the hardness was enhanced to ~5220 MPa. Moreover, the hard regions 

expanded further towards the disk center. Between 1 and 2 turns of HPT, only a slight 

increase of the hardness was detected. The maximum value of the hardness was measured at 
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the periphery of the disk processed by 2 turns (~5380 MPa). However, even after 2 turns of 

HPT a relatively low hardness remained in the disk center. It is probable that higher numbers 

of turns may yield a complete saturation of hardness with a large value along the disk radius. 

Fig. 11b shows that the hardness values measured at different distances from the disk 

centers for various numbers of turns follow a unified trend if they are plotted as a function of 

the shear strain. Specifically, this trend shows the general hardness evolution associated with 

strain hardening observed in many commercial purity metals and simple alloys after HPT 

processing. A recent report summarizes the different models of hardness evolution in various 

metallic materials processed by HPT [29]. It should be noted that the hardness increased in 

the disk center with increasing number of turns although the nominal shear strain there is 

zero. This can be explained by the spread of plasticity from the neighboring regions into the 

disk center (see section 3.3). 

 

4. Discussion 

4.1. Evolution of lattice defect structure in CoCrFeMnNi HEA during HPT 

The defect structure in the CoCrFeMnNi HEA was mainly studied by XLPA. For 

conventional metals and alloys, the diffraction peak profiles are broadened primarily due to 

the instrumental effect, the finite diffraction domain size, dislocations and planar faults. At the 

same time, in HEAs the chemical heterogeneities may yield spatial variations of the lattice 

constant which give an additional contribution to X-ray line broadening. Without the 

knowledge of this broadening effect, the real values of the dislocation density and the twin 

fault probability cannot be determined by XLPA. In section 3.3, a simple solution was 

proposed for taking into account the broadening effect of moderate chemical heterogeneities 

in the evaluation of diffraction peak profiles of severely deformed HEAs. In this method, the 

pattern measured on the initial coarse-grained HEA was used as an instrumental diffractogram 

instead of the pattern measured on the line profile standard material (and thus on LaB6). For 

the present CoCrFeMnNi HEA, the peak breadths of the initial HEA sample were three times 

larger than the line widths for the LaB6 standard. In this modified analysis, it was assumed 

that the lattice defect structure does not depend strongly on the chemical composition in the 

material, which is certainly valid only for slight concentration fluctuations as in the present 

case. This method can be used for any plastically deformed HEA. It should be noted, 

however, that there may be HEA samples for which the chemical heterogeneities are very 

low, therefore the diffractogram measured on LaB6 can be used as an instrumental pattern in 

the line profile analysis. For instance, our recent study on a Ti20Zr20Hf20Nb20Ta20 HEA 
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revealed no significant difference between the peak breadths measured on the initial coarse-

grained sample and the LaB6 standard material due to the negligible concentration 

fluctuations in the HEA specimen. 

 It was found for the present CoCrFeMnNi HEA that for low shear strains of HPT (in 

the center part of the disk processed by ¼ turn) the dislocation density increased to very high 

values (1015-1016 m-2) while the grain size was only slightly refined. This observation suggests 

that the rate of increase of the dislocation density is higher than for the grain refinement. A 

fast increase in the dislocation density without considerable grain refinement was also 

observed during compression of another HEA with the equimolar composition of 

TiZrHfNbTa in earlier work [7]. The high dislocation densities in plastically deformed HEAs, 

even at low strains, can be explained by a reduced annihilation rate of dislocations during 

plastic deformation which may be caused by the high stress required for dislocation motion in 

highly-alloyed HEA materials. In addition, for the present CoCrFeMnNi HEA the low 

stacking fault energy (SFE, 19 mJ/m2 [30]) also contributed to the very high dislocation 

density. The low SFE results in a dissociation of dislocations into partials which obstructs the 

annihilation mechanisms of dislocations as in cross slip and climb [31]. Therefore, both the 

high concentrations of the different alloying elements and the low SFE are the reasons for the 

very high dislocation density (~194 × 1014 m-2) after 2 turns of HPT. In addition, the high twin 

fault probability inside the nanograins after 1-2 turns (2.2-2.7%) was also caused mainly by 

the low SFE of this HEA. A similar twin fault probability (about 2%) was also obtained for a 

HPT processed 4N purity Ag with a similar SFE (~16 mJ/m2) [32]. The saturation dislocation 

density achieved in the Ag sample (~154 × 1014 m-2) was also close to the value measured for 

the present HEA material (~194 × 1014 m-2). Therefore, it seems that the low SFE of 

CoCrFeMnNi HEA is a deterministic factor in the evolution of the defect structure during 

HPT. It is noted that a recently published study [33] showed that in a CoCrFeMnNi HEA the 

value of SFE may have a spatial dependence due to the variation of local chemical 

composition. This effect yields a different degree of dislocation dissociation into partials. It 

was revealed that in the CoCrFeMnNi HEA deformed to a plastic strain of 5% the splitting 

distance between the partials in dissociated dislocations varies between 1 and 9 nm. The mean 

and the standard deviation of the splitting distance were 5 and 2 nm, respectively. These 

values are in reasonable agreement with the splitting distances in Ag (~2.5 and ~6.3 nm for 

screw and edge dislocations, respectively [34]) with similar SFE. 

 It should be noted that the present results are in accordance with former studies on 

HPT-processed CoCrFeMnNi HEA. In the investigation performed by Schuh et al. [15] the 
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applied HPT pressure was higher (7.8 GPa) while the rate of deformation was lower (0.2 rpm) 

than in these experiments (3.0 GPa and 1 rpm). Despite the different HPT conditions, the 

saturation grain size (~50 nm) and hardness (~5100 MPa) were very close to the values 

obtained in this study (~30 nm and ~5380 MPa). In addition, the threshold shear strain for 

hardness saturation was observed as ~50 in earlier work. [15] which is very close to the value 

determined in this study (~45, see Fig. 11b). Concerning lattice defects formed during HPT, 

both the former and the present studies revealed the significance of twinning in plastic 

deformation of CoCrFeMnNi HEA even for low numbers of turns (see Fig. 3b). Considerable 

twin formation was also observed in cold rolled and tensile tested CoCrFeMnNi HEA [35,36]. 

The critical shear strain for twinning was determined as ~0.5 [15,36], therefore the 

observation of significant twinning even at the half-radius of the disk processed for 1/4 turn 

(where the shear strain is ~5.6) is in accordance with the results presented in the literature. 

XLPA is unable to observe twin faults for low numbers of HPT turns since this method can 

detect twin boundaries only if their average spacing is lower than ~200 nm. Therefore, XLPA 

gives considerable twin fault probability only for the periphery of the disks processed by 1 

and 2 turns, despite the significant twinning for lower numbers of turns. It should also be 

noted that the lower twin fault probability for small numbers of HPT turns does not represent 

necessarily a lower contribution of twinning to plasticity as the shear strain caused by 

twinning is determined by the volume of the twinned regions and not by the amount of twin 

boundaries. 

Our study also revealed a very high twin fault probability at the peripheries of the 

disks processed by 1 and 2 turns where the shear strain reached the values of ~36 and ~74, 

respectively. This observation differs from the results of Schuh et al. [15] who only scarcely 

detected twins inside the nanograins in CoCrFeMnNi HEA deformed by HPT up to the shear 

strain of ~50. This apparent contradiction can be attributed to the blurry scanning TEM 

(STEM) image used for the study of twinning in the former work (see Fig. 3a in Ref. [15]). In 

the present study, the method of XLPA was used for the determination of twin fault 

probability which has a much better statistics than STEM. The volume studied by XLPA is at 

least six orders of magnitude larger than that investigated by STEM in [15]. Moreover, the 

good quality TEM images in Fig. 6 visualized the existence of twin faults with high density in 

the CoCrFeMnNi HEA processed by HPT up to high strain values. It should be emphasized 

again that XLPA works well only above a certain limit of twin fault probability (~0.1% which 

corresponds to an average twin spacing of ~200 nm). 
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4.2. Strengthening mechanisms in the HPT-processed CoCrFeMnNi HEA 

In order to reveal the underlying strengthening mechanisms in the present HEA processed by 

HPT, the yield strength was estimated as one-third of the hardness in the center and the 

periphery and then compared with the values calculated as the sum of the dislocation and 

grain size hardening contributions. It is noted that the ratio of the hardness and the yield 

strength depends on the work hardening behavior of the material as the hardness measurement 

itself causes a plastic strain of 8% in the sample. Therefore, one-third of the hardness gives 

the flow stress at the plastic strain of 8% instead of the yield strength. However, for severely 

deformed materials additional straining after SPD usually yields only a slight hardening, and 

thus one-third of the hardness is an acceptable approximation of the yield strength. In the 

following, the strength contributions of dislocations and grain size are calculated. The yield 

strength caused by dislocations can be obtained from the Taylor equation as [37]: 

���� !" = #$�%&'( ,     (6) 

where α is a constant describing the strengthening effect for a unit density of dislocations, G 

is the shear modulus, b is the modulus of the Burgers vector calculated as the lattice parameter 

divided by the square-root of two for fcc crystals (0.255 nm for the present HEA) and MT is 

the Taylor factor (3.06 was selected as a strong texture was not observed). According to a 

previous study on a CoCrFeMnNi HEA [26,38], the value of the shear modulus was chosen as 

~80 GPa. The influence of grain size on yield strength can be described by the Hall–Petch 

relationship [39,40]: 

�)* = +

√�
 ,       (7) 

where k is a constant depending on the investigated material and d is the average grain size. 

Assuming a simple linear additivity of the hardening contributions of dislocations and 

grain size, the yield strength can be calculated as: 

�� = �- + ���� !" + �)* ,     (8) 

where σ0 is the friction stress describing the resistance of the defect-free lattice against plastic 

deformation. The value of σ0 was taken as ~200 MPa in accordance with previous studies on 

the CoCrFeMnNi HEA [26,41,42]. In eqs. (6-8), there are two unknown parameters for the 

present HEA, namely α and k in the Taylor and Hall-Petch equations, respectively. These 

values were determined by searching for the best agreement between the estimated yield 

strength and the values calculated from eq. (8) for the center and the periphery of the disks 

processed by 1/4, 1/2, 1 and 2 turns (thus. altogether eight studied locations). It should be 

noted that, due to the 1 mm height of the X-ray spot on the illuminated surface, the estimated 
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yield strength was obtained by averaging the strength values obtained for distances from the 

disk center between -0.5 and 0.5 mm. At the periphery, the strength determined at +/- 4 mm 

from the disk center was taken as the estimated value (see Fig. 1). It is also noted that for the 

periphery of the disks processed for 1 and 2 turns the grains were highly twinned as indicated 

by the XLPA and TEM observations, therefore the twin boundary spacing was substituted for 

the grain size in the Hall-Petch relationship. The twin boundary spacing was calculated from 

the twin fault probability determined by XLPA using the equation given in section 3.3. 

Former studies [e.g., 43,44] showed that the same value of k can be used in the Hall-Petch 

relationship for both the grain size and the twin boundary spacing. Although twin boundaries 

were also observed inside the coarse grains by EBSD (as in Fig. 4d), they were included in the 

HAGBs and therefore their effect was taken into account in the calculation of the average 

grain size. 

The difference between the estimated and calculated yield strength was minimised by 

varying the values of α and k using the method of least squares. This procedure gave 0.16 ± 

0.02 and 21 ± 2 MPa·µm1/2 for α and k, respectively. With these values, a relatively good 

agreement between the estimated and calculated yield strength values was achieved, as shown 

in Fig. 12. The estimated and the calculated yield strength values are listed in Table 2. The 

contributions of dislocations and grain/twin size to the yield strength are also listed. It can be 

seen that dislocations have a much higher hardening effect than the grain/twin size. The 

dislocation hardening parameter α for the present HPT-processed HEA samples has a 

relatively low value compared to other metals. For example, it was reported that α varies 

between 0.17 and 0.3 for Cu deformed at different strains [45]. A similar range was observed 

for SPD-processed fcc metals with different stacking fault energies [46]. The smaller values 

of α were obtained for materials with lower SFEs. For instance, for ultrafine-grained Ag 

processed by equal-channel angular pressing the value of α was 0.17 which is very close to 

the value determined for the CoCrFeMnNi HEA in this study. In addition, the SFE values are 

also similar: 16 [46] and 19 mJ/m2 [30] for Ag and the CoCrFeMnNi HEA, respectively. As 

discussed earlier [46], the low SFE leads to a higher degree of dislocation dissociation which 

impedes the clustering of dislocations. It was shown previously [47] that the less clustered the 

dislocation structure, so the lower the value of α. Therefore, the low SFE of the CoCrFeMnNi 

HEA appears to make a significant contribution to the relatively small value of α. 

 

5. Summary and conclusions 
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The evolution of the defect structure, grain size and hardness during HPT processing of an 

equiatomic CoCrFeMnNi HEA was studied. The following conclusions were obtained:  

1. In the initial sample, the average grain size was determined as ~60 µm. After 2 turns 

of HPT, the grain size was refined to ~30 nm at the periphery of the disk. At the same 

time, in the disk center the grain size was reduced only to ~4 µm after 2 turns, 

indicating a high sensitivity of grain refinement on the gradient in shear strain along 

the disk radius. 

2. The dislocation density increased rapidly with increasing numbers of turns in HPT 

processing. After ¼ turn, high dislocation densities with values of ~43 and ~91 × 1014 

m-2 were detected in the center and the periphery of the HPT disk, respectively. 

Further straining up to 2 turns increased the dislocation density to ~126 and ~194 × 

1014 m-2 in the center and the periphery, respectively. The high shear strains at the 

edge of the disks processed by 1 and 2 turns of HPT yielded large twin fault 

probabilities of ~2.2-2.7%. 

3. Similar to the microstructure, there was a large gradient in the hardness along the disk 

radius. After ¼ turn of HPT, the hardness increased from ~1440 MPa to ~2400 and 

~4860 MPa in the center and the periphery of the disk, respectively. Even after 2 turns 

of HPT a large gradient in hardness remained along the disk radius. The maximum 

hardness value at the periphery of the disk processed by 2 HPT turns was measured as 

~5380 MPa. 

4. A good correlation between the estimated and the calculated yield strength values was 

achieved using α = 0.16 and k = 21 MPa·µm1/2 in the Taylor and Hall-Petch terms of 

yield strength. The relatively small value of α was attributed to the low SFE of the 

CoCrFeMnNi HEA since the clustering of highly dissociated dislocations in low SFE 

materials is hindered and the less clustered dislocation structure usually yields a small 

value of α in the Taylor equation. 
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Figure and table captions 

 

Fig. 1: Schematic depiction of the X-ray beam spot on the HPT-processed disks. 

 

Fig. 2: (a) EBSD image and (b) SEM-BSE picture for the initial as-cast sample. A part of (b) 

is shown in a higher magnification in (c). The chemical composition was investigated by EDS 

along the white dotted line in (c). The fractions of the five constituents versus the position 

along the dotted line are shown in (d). 

 

Fig. 3: EBSD images showing the microstructures at (a) the center, (b) the half-radius and (c) 

the periphery of the HEA disk processed by ¼ turn of HPT. The white arrows in (b) indicate 

twins formed due to HPT deformation. 

 

Fig. 4: EBSD images showing the center of the disks in the HEA sample after (a) 1/2, (b) 1 

and (c) 2 turns of HPT. The thick black lines in (d) represent Σ3 boundaries and some twin 

crystals are indicated by white arrows. The color code for the maps is shown in the inset in 

Fig. 4a. 

 

Fig. 5: TEM images showing at the periphery of the disks processed by (a) ½, (b) 1(c) and 2 

turns of HPT. 

 

Fig. 6: Bright-field TEM images showing twinned grains at the periphery of the disk 

processed by 1 turn of HPT. 

 

Fig. 7: The spatial distribution of the constituents in (a) the center and (b) the periphery of the 

CoCrFeMnNi HEA disk processed for ¼ turn and in (c) the center and (d) the periphery for 2 

turns of HPT. 

 

Fig. 8: Schematic showing that the total diffraction profile can be visualized as a sum of 

individual microstructural profiles scattered from regions with different lattice spacings. � is 

the modulus of the scattering vector. 

 

Fig. 9: (a) Reflection 200 for the initial material, as well as for the center and the periphery, of 

the disks processed for ¼ and 2 turns of HPT, respectively. (b) the integral breadth versus the 
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momentum of the diffraction vector, g (Williamson-Hall plot), for the initial material, as well 

as for the center and the periphery of the disks processed for ¼ and 2 turns of HPT, 

respectively. (c) CMWP fitting for the center of the disk processed by ¼ turn. 

 

Fig. 10: (a) The grain size determined by EBSD or TEM, (b) the diffraction domain size and 

(c) the dislocation density obtained by XLPA as a function of shear strain imposed by HPT. 

 

Fig. 11: The Vickers microhardness versus the distance from the center (a) and the shear 

strain (b) for disks processed by HPT for ¼, ½, 1 and 2 turns. The hardness plotted in (b) was 

calculated as the average of the two values obtained for the same distance from center. The 

dashed line shows the average hardness for the initial sample without HPT. The error bars 

indicate the uncertainties in the hardness values. 

 

Fig. 12: The estimated yield strength versus the values calculated from eq. (8) for the center 

and the periphery of the disks processed by ¼, ½, 1 and 2 turns. 

 

Table 1: The grain size (d) determined by electron microscopy (EBSD or TEM), the area-

weighted mean diffraction domain size (<x>area), the dislocation density (ρ) and the twin-fault 

probability (β) obtained by XLPA. The corresponding shear strain values are also shown. The 

calculation details of the shear strain are given in the last paragraph of section 3.3. 

 

Table 2. The contributions of dislocations (σTaylor) and grain/twin size (σHP) to the yield 

strength calculated from the Taylor and Hall-Petch relationships according to eqs. (6) and (7), 

respectively, and the value of the friction stress (σ0). The calculated yield strength (σcalculated) 

was obtained as the sum of the σ0, σTaylor and σHP, while the estimated values (σestimated) were 

determined as one-third of the hardness. The corresponding shear strain values are also 

shown. The calculation details of the shear strain are given in the last paragraph of section 3.3. 
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Table 1: The grain size (d) determined by electron microscopy (EBSD or TEM), the area-

weighted mean diffraction domain size (<x>area), the dislocation density (ρ) and the twin-fault 

probability (β) obtained by XLPA. The corresponding shear strain values are also shown. The 

calculation details of the shear strain are given in the last paragraph of section 3.3. 

Number 

of turns 
location γ d <x>area [nm] 

ρ  

[1014 m-2]  

β  

[%] 

¼ 
center 0.55 33 ± 5 µm 51 ± 6 43 ± 5 < 0.1 

periphery 8.7 233 ± 20 nm 34 ± 5 91 ± 9 < 0.1 

½ 
center 1.4 19 ± 2 µm 61 ± 8 66 ± 8 < 0.1 

periphery 22.1 37 ± 6 nm 28 ± 4 120 ± 14 < 0.1 

1 
center 2.3 4.8 ± 0.8 µm 20 ± 3 113 ± 12 < 0.1 

periphery 36.4 34 ± 7 nm 29 ± 5 185 ± 21 2.2 ± 0.1 

2 
center 4.6 3.7 ± 0.7 µm 22 ± 4 126 ± 14 < 0.1 

periphery 73.9 27 ± 5 nm 22 ± 3 194 ± 20 2.7 ± 0.2 
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Table 2. The contributions of dislocations (σTaylor) and grain/twin size (σHP) to the yield 

strength calculated from the Taylor and Hall-Petch formulas according to eqs. (6) and (7), 

respectively, and the value of the friction stress (σ0). The calculated yield strength (σcalculated) 

was obtained as the sum of the σ0, σTaylor and σHP, while the estimated values (σestimated) were 

determined as one-third of the hardness. The corresponding shear strain values are also 

shown. The calculation details of the shear strain are given in the last paragraph of section 3.3. 

Location γ 
σTaylor 

[MPa] 

σHP 

[MPa] 

σ0 

[MPa] 

σcalculated 

[MPa] 

σestimated 

[MPa] 

¼ turn, center 0.55 654 ± 97 4 ± 1 200 858 ± 98 841 ± 50 

¼ turn, periphery 8.7 949 ± 145 44 ± 6 200 1193 ± 151 1540 ± 103 

½ turn, center 1.4 810 ± 121 5 ± 1 200 1015 ± 122 921 ± 66 

½ turn, periphery 22.1 1092 ± 162 109 ± 16 200 1401 ± 178 1627 ± 107 

1 turn, center 2.3 1056 ± 158 10 ± 1 200 1266 ± 159 1223 ± 78 

1 turn, periphery 36.4 1357 ± 196 192 ± 28 200 1749 ± 224 1676 ± 97 

2 turn, center 4.6 1117 ± 167 11 ± 2 200 1328 ± 169 1292 ± 93 

2 turn, periphery 73.9 1387 ± 203 251 ± 32 200 1838 ± 235 1758 ± 100 
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Highlights 

• The microstructure and the hardness in HPT processed CoCrFeMnNi HEA were 

studied 

• The dislocation density increased up to 194 × 1014 m−2 after 2 turns of HPT 

• The grain size decreased to 27 nm at the periphery of the disk processed by 2 turns 

• After 2 turns the twin fault probability increased to 2.7% at the disk periphery  

• The hardness increased from 1440 MPa to 5380 MPa due to 2 turns of HPT 

 


