
1 

Keywords: spall strength; strain rate; grain size; texture; void growth                

 

Spall strength dependence on grain size and strain rate in tantalum 
 

T.P. Remingtona, E.N. Hahna,b, S. Zhaoa, R. Flanagana, J.C.E. Mertensc, S. 
Sabbaghianradd,  T.G. Langdond, C.E. Wehrenberge, B.R. Maddoxe, D.C. Swifte, 

B.A. Remingtone, N. Chawlac, M.A. Meyersa 
aUniversity of California San Diego, La Jolla, CA 92093, USA 
bLos Alamos National Laboratory, Los Alamos, NM 87544, USA 
cArizona State University, Tempe, AZ 85287, USA 
dUniversity of Southern California, Los Angeles, CA 90089, USA 
eLawrence Livermore National Laboratory, Livermore, CA 94550, USA 
Abstract 

We examine the effect of grain size on the dynamic failure tantalum during laser-shock 

compression and release and identify a significant effect of grain size on spall strength,which is 

opposite the prediction of the Hall-Petch relationship: monocrystals have a higher spall strength 

than polycrystals, which, in turn, are stronger in tension than ultrafine grain sized specimens.  

Post-shock characterization reveals ductile failure which evolves by void nucleation, growth, and 

coalescence. Whereas in the monocrystal the voids grow in the interior, nucleation is both intra 

and intergranular in the poly and UFG crystals. The fact that spall is primarily intergranular in 

both poly and nanocrystalline samples is strong evidence for higher growth rates of intergranular 

voids, which have a distinctly oblate spheroid shape in contrast with intragranular voids, which 

are more spherical.  Consistent with prior literature and theory we also identify an increase with 

spall strength with strain rate from 6x106 to 5x107 s-1. Molecular dynamics calculations agree 

with the experimental results and also predict grain-boundary separation in the spalling of 

polycrystals as well as an increase in spall strength with strain rate.  An analytical model based 

on the kinetics of nucleation and growth of intra and intergranular voids and extending the 
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Curran-Seaman-Shockey theory is applied which shows the competition between the two 

processes for polycrystals. 

 

 

1.   Introduction 

Spalling, the failure of matter by tensile pulses resulting from the interaction of stress 

waves, is of interest for a wide range of applications including ballistic impact, dynamic 

fragmentation in hypervelocity particle-target interactions, and optical and/or diagnostic 

equipment hazards inside laser chambers[1–4]. The phenomenon of dynamic failure by 

spallation is well known and has been reviewed by in a number of contributions[4–7]. There 

have been extensive studies using the flyer-plate method to determine spall strength and the 

corresponding mechanisms of failure in face-centered cubic (fcc) metals. Studies of spallation in 

body-centered cubic (bcc) metals using laser-driven shock have more recently gained 

momentum, but much space remains for systematic studies at large strain rates and varying 

initial microstructure[8–14]. Presented herein are the results of an investigation on the effects of 

grain size and strain rate on the spall strength of tantalum, a model bcc metal. Specifically, the 

experiments were designed to evaluate differences in spall strength between single, poly, and 

nano crystalline Ta at the extreme strain rates enabled by laser shock pulses. Of particular 

importance is the identification of the nucleation sites and the evolution of damage leading to 

spalling. The experimental results are complemented by molecular dynamics simulation and an 

analysis based on the Seaman-Shockey-Curran theory [15–17]. 

When a laser pulse irradiates the surface of a specimen, a high temperature and pressure 

plasma are formed. The rapidly expanding plasma induces a shock wave via the rocket effect; the 
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shock wave travels through the specimen until reaching the rear free surface of the sample where 

release (rarefaction) waves are generated due to free surface boundary conditions. The 

interaction of the release (rarefaction) waves generates tensile stresses within the sample. If the 

tensile pulse exceeds a critical threshold stress of the sample, the material undergoes dynamic 

failure, known as spalling [18–22]. Laser shock in combination with VISAR measurements has 

been successfully used to determine the spall strength of metals in the 0.1-10 ns time ranges. 

Previous spall strength measurements of single and polycrystalline tantalum show a 

potential grain size effect by comparing single and polycrystalline samples [23]. So far there 

have been no comprehensive studies comparing single, poly and nanocrystalline tantalum spall 

strengths. Furthermore, there is limited experimental spall strength data for tantalum for ultrathin 

samples at strain rates above 106 s-1. Recent works attempt to remedy this dearth of information 

[23–26]. 

In this work we aim to (1) compare the spall strengths of single, poly and nanocrystalline 

Ta laser shocked under the same conditions; (2) establish the effect of strain rate on spall 

strength; and (3) develop a mechanistic understanding of the processes involved in the tensile 

failure.  

2. Experimental Methods 

2.1.   Materials and Characterization 

Monocrystalline tantalum samples were purchased from Marketech and polycrystalline 

Ta samples were acquired through the Lawrence Livermore National Laboratory (LLNL) 

national stock. The grain size of the polycrystal was measured under SEM observation to be ~20 

µm. Nanocrystalline Ta samples were produced from the polycrystalline samples using high-

pressure torsion (HPT) processing as previously described [27].  The HPT was conducted under 
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quasi-constrained conditions [28] and produced an average grain size of ~100 nm in the shock 

direction. An earlier report described the first comprehensive processing of Ta by HPT [29]. 

X-ray micro-CT was used to study fully contained spall voiding volumetrically and non-

destructively. X-ray transmission microtomography was performed using a custom lab-scale 

instrument [30,31]. This system provided high X-ray energy for dense metal imaging and 

imaging resolution suitable to the study of microstructural features. 

2.2   Experimental Design 

Nano, poly, and monocrystalline tantalum samples were cut by a low-speed diamond saw 

and mechanically polished to 250 µm and 50 µm thickness. Samples were assembled by The 

Schafer Corporation, Livermore, CA using adhesive to attach a 20 µm thick polystyrene ablator 

to one side. All glue was tacked on to the edges of the samples in order to minimize the gap 

between the polystyrene and sample surface. The polystyrene layer acts as a heat shield for the 

tantalum samples and protects them against direct ablation and hot spots inherent in the laser 

energy profile. The experimental setup is displayed in Figure 1. Recovery of laser shocked 

samples ranging from incipient to complete spall was enabled by an aerogel that decelerated and 

caught the specimens in a recovery tube, Fig. 1(a).  

1-D radiation-hydrodynamic simulations (run using HYADES [32]) guided the 

experimental parameters of the laser energy, pulse shape, pulse duration, and sample thickness. 

Samples were laser shocked in the Janus laser chamber (a component of the Jupiter Laser 

Facility at Lawrence Livermore National Laboratory). Spall was generated in the mono, poly, 

and nanocrystalline Ta samples by laser shocking all the samples at the same laser energy, 100 J, 

and sample thickness, 250 µm. HYDAES simulations showed an increase in strain rate when 

sample thickness was reduced from 250 to 50 µm. Single and nanocrystalline Ta samples with 
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50 µm thickness were laser shocked at 75 and 100 J energy to test spall strength dependence on 

strain rate. 

The velocity history of the free rear surface of the samples was recorded using VISAR 

[33], Fig. 1(e). Data were collected for each laser shocked sample and processed to obtain the 

free surface velocity versus time profiles from which the spall strengths, peak pressures, and 

strain rates were extracted. 

2.3 Micro-Computed Tomography  

Using micro-CT, 3-D images of the voids in an incipient spall bubble were obtained for 

polycrystalline tantalum samples. A 250 µm thick disk exhibiting a spall bubble was cut down to 

remove material around the bubble zone (~1 mm diameter) before conducting micro-CT 

scanning in order to improve the transmitted X-ray signal. The cut sample had a maximum width 

of ~800 µm. The sample was seated on the micro-CT rotation stage using adhesive and mounted 

to a 1/8 inch aluminum post. X-ray imaging was conducted at 140 kV and 40 µA target current 

using a reflection style tungsten target and the custom X-ray detector. X-ray projections were 

acquired in 5122 pixel format at unique and periodic 0.5° increments over a 180° range. The 

distance from the X-ray spot to the sample was roughly 7.5 mm and an X-ray magnification 

factor of 9.76x was used. Reconstructions were performed using a fast Fourier transform 

MATLAB implementation of the Feldkamp-Davis-Kress filtered back projection cone-beam 

tomography algorithm and Hann filter. The effective voxel size in the reconstruction volume was 

1.96 µm. 

2.4.   Spall Strength Calculation 
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The acoustic approximation simplifies the integrated equations of motion by considering 

the shock and release waves weak so that their velocities are approximated as the sound velocity 

[34]. The acoustic approximation is: 

𝑃𝑠𝑝𝑎𝑙𝑙 = (1/2)𝜌0𝑐(𝑢𝑚𝑎𝑥 − 𝑢𝑚𝑖𝑛),                        (1) 

where  is the initial density of the material, c is the sound velocity, umax is the peak velocity of 

the free rear surface (shock breakout), and umin is the first minimum velocity (spall pull-back) 

[35,36].  

 Figure 2 shows free surface velocity traces of an ideal ductile spall curve[34], flyer plate 

[37], laser driven system, and molecular dynamics simulation[14] with excellent qualitative 

agreement across methods. We employ molecular dynamics simulations to visualize the internal 

stress states and void development relative to a free surface velocity trace for illustrative 

purposes. The simulation was carried out for a single crystal sample using LAMMPS [38] and 

employed an interatomic potential developed for tantalum under shock conditions by Ravelo et 

al. [39]. Details of the methodology are provided in previous literature [13,14]. Points 1-5 

correspond to the molecular dynamics curve in Fig. 2(d). Point 1 indicates the stationary free 

surface while the compressive wave traverses the sample. Point 2 indicates the rapid shock rise 

shortly after the arrival of the shock wave, and right below this point is the typical kink 

indicative of the Hugoniot elastic limit. Point 3 corresponds to the maximum rear surface 

velocity, umax, and marks the start of relaxation[40] – the rarefaction wave begins returning into 

the sample at the beginning of the preceding plateau and for short pulse durations, the width of 

the plateau approaches zero. Point 4 is the material undergoing tension at the spall plane. Point 5 

is the arrival of the plastic release wave at the rear surface and marks the minimum rear surface 

velocity, umin [41]. Figure 2e qualitatively illustrates the material response at characteristic times 
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during spallation in tantalum. All of the present microscopy is conducted post-mortem - many 

challenges exist in correlating the final microstructure to the different stages of the dynamic spall 

process.  

 The strain rates were calculated by applying a classical acoustic approximation: 

𝜀̇ = (𝑢𝑚𝑎𝑥 − 𝑢𝑚𝑖𝑛)/(Δ𝑡 × 2𝑐)                       (2) 

where ∆t is the time difference between umax and umin from the VISAR plot. The experiments 

used two specimen thicknesses, 250 and 50 μm, and yielded strain rates of approximately 6x106 

and 5x107 s-1, respectively. By reducing the sample thickness the strain rate is increased by a 

factor of ten.  

3.   Results 

 Spalled samples were characterized by SEM and micro-CT scans to identify the 

mechanisms of failure. SEM images of single, poly and nanocrystalline Ta show dimpling on the 

surfaces which strongly suggests that tantalum spalled by ductile failure (Fig. 3). 

Monocrystalline tantalum failed by the nucleation, growth and coalescence of voids at the spall 

plane, Fig. 3(a-c). Voids may grow from any inclusions or impurities in the metal. Conversely, 

both poly and nano crystalline Ta were observed to have substantial intergranular voiding. This 

is clearly seen in the relatively coarse-grained polycrystalline material, Fig. 3(d-f). 

3.1 Micro-Computed Tomography 

 Micro-CT reconstructed images of a plane sectioning the spall bubble, perpendicular to 

the rotation axis of the scan, are provided in Figure 4. Bright light phases correspond to those 

which are highly attenuating (tantalum) and the dark phases correspond to those which are lowly 

attenuating (air/voids). Several reconstruction artifacts present in the dataset can be seen in 

Figure 4. The brightening of the periphery, or the darkening of the interior, is known as beam-
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hardening induced intensity cupping and is a result of the polychromatic X-ray beam used for 

attenuation imaging.[42,43] Also, ring-like artifacts are observed, which are essentially the result 

of sensor miscalibration or beam instability[44]. In addition to the spall bubble volume itself, 

nodular features at the interior of the void’s surface are observed. The nominal size of these 

features is comparable to the grain size observed via SEM (Fig. 3(e)), indicating that the tortuous 

surface is principally attributed to grain-boundary separation and demonstrates that the grain 

boundaries are weaker, at the imposed strain rates, than the bulk material. The spalled area has a 

square shape, which is due to the phase plate used to homogenize the laser energy distribution. 

The dimension of the phase plate is 1 mm2, which approximately corresponds to the diameter of 

the spall. 

 A virtual cross section of the sample near the edge of the bubble feature is provided in 

Figure 4(c), where the nodules of the opposing sides appear to have at one point been 

continuous. The selective separation of certain grain boundaries re-emphasizes that 

microstructure plays an important role in the failure of tantalum. Figure 4(d) contains a cross 

section near the center of the bubble, where one particularly large nodule (grain) can be seen to 

correspond with a dimple of similar size on the opposing surface, quite probably where the grain 

was positioned prior to spalling. The spall bubble was also observed to be bound at the periphery 

through grains acting as branching ligaments in the spall plane, as shown in Figure 7(b) (intact 

ligaments can be seen). 

 Micro-CT images also revealed microvoids in the spall zone of polycrystalline tantalum. 

Figure 4(e-g) are provided to demonstrate the 3-D information contained within the CT dataset, 

wherein artificial sections are taken through the dataset at decreasing proximity from the spall 
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bubble.  Similar to the SEM observations, micro-CT imaging indicated intergranular voiding 

mechanisms that were active in the spalling of granular tantalum. 

 In order to characterize the spall failure using X-ray micro-CT, the 2-D slices of tantalum 

had to be segmented. A non-local means (NLM) filtering followed by a simple threshold was 

used to obtain the segmented images. NLM filtering and segmented volume rendering were 

performed in Avizo Fire (FEI). The segmented volume offered more manageable interpretation, 

quantification, and visualization than the grayscale volume. Figures 4(a-b) contain renderings of 

the segmented 3-D volume derived from micro-CT imaging of the polycrystalline tantalum 

sample subjected to spall conditions. The rough spall surface indicates that a large quantity of 

free surface area was created during separation.  

3.2 Microstructural Characterization in the Vicinity of the Spall Plane 

 To understand the influence of the microstructure on the dynamic failure of tantalum, 

scanning electron microscopy (SEM) and electron backscattered diffraction (EBSD) 

characterization was performed on the cross section of the as-shocked monocrystalline (Fig. 5), 

coarse grained polycrystalline (Fig. 6), as well as ultrafine grained specimen (Fig. 7). For the 

monocrystalline sample, profuse voids have been identified in the vicinity of the spall plane. 

Molecular dynamics simulation by Traiviratana et al. [45]  revealed (their Fig. 8), albeit at a 

much smaller scale, geometrical facets acquired by void formation in copper. In fcc metals, voids 

have been observed to have faceted sides by virtue of the anisotropy of flow stress [5]. However, 

the present results do not show this deviation from sphericity because the size of the voids is near 

the resolution limit of the present EBSD analysis.  

 For polycrystalline materials, as shown in Fig. 6 and Fig. 7, the density of voids seems to 

be higher than that of the monocrystalline sample. EBSD mapping suggests that these voids are 
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preferentially located at the grain boundaries, although some of them can be found in the grain 

interior as well.  The fact that the fracture is primarily intergranular suggest that voids nucleate in 

greater proportion at the grain boundaries and grow faster at these locations.  

3.3 Measurement of Spall Strength 

 Figure 8 shows the velocity versus time profile for monocrystalline tantalum samples of 

varying thickness. Each sample has two curves corresponding to two VISAR traces. The degree 

to which they are in sync indicates that the data is conclusive and appropriately calibrated to each 

other and the experimental parameters. From this plot the strain rate and spall strength was 

calculated. The average spall strength for the 250 µm thick monocrystalline tantalum sample was 

calculated to be ~9.0 GPa and the average strain rate was ~6 x 106 s-1. Also shown is a velocity 

versus time profile for the single crystal 50 µm thick tantalum. Even thinner samples, ~30 µm 

thick, were laser shocked at similar intensities, but were unable to be recovered due to total 

obliterattion. The spall strength for the 50 µm thick single crystal Ta sample was ~11.6 GPa with 

a strain rate of ~ 2.5 x 107 s-1. Sample thickness exhibits strong influence on the strain rate: the 

50 µm thick sample achieved strain rates almost a 10-fold increase over that of the thicker 

samples of 250 µm. 

  Free surface velocity curves of single, poly and nanocrystalline Ta shows a clear grain 

size dependency relationship, as can be seen in Fig. 9. For a 250 µm thick polycrystalline 

tantalum sample the calculated average spall strength is ~8.2 GPa and average strain rate ~5.5 x 

106 s-1. The calculated average spall strength of a 250 µm thick nanocrystalline tantalum sample 

was ~7.0 GPa and the average strain rate was ~3.0 x 106 s-1. Comparing these results (Fig. 10), 

single crystals have the highest spall strength, followed by polycrystals and nanocrystals, 

respectively. Spall strength was expected to be highest in single crystal and lowest in nanocrystal 
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because voids nucleate, grow and coalesce preferentially (leading to failure and spall) along 

grain boundaries. The SEM images attest to this logic. Thus, it is clear that the single crystals 

exhibit the highest spall strength since they have the fewest grain boundaries (none), and 

nanocrystals have the most, which leaves polycrystalline Ta spall strength to fall somewhere 

between the two.  

4. Discussion 

It has been shown in the previous section that tantalum exhibits ductile fracture behavior 

under dynamic loading. The spall strength increases as a function of the strain rate whereas it 

decreases with grain size, in agreement with experimental results in the literature [23,46].  The 

results of both molecular dynamics calculations and analytical modeling will be presented in 

Sections 4.1 and 4.2, respectively.  

4.1 Molecular dynamics predictions 

Our experimental results are in good agreement with the spall strength versus strain rate 

plot, Fig 11, which presents a broad range of both experimental and computational results.  The 

open symbols represent the results of MD computations, which range from 10 7 to 1012 s-1; the 

closed circles come from a variety of sources, including flyer plate experiments at the lower 

strain rates, and the results of the current research. The monocrystalline specimens show a higher 

spall strength, especially at the lower strain rates. The three lines for monocrystalline, 

polycrystalline, and nanocrystalline spall strength converge at 1012 s-1, which is close to the 

Debye frequency, corresponding to the frequency of atomic vibration. This was analyzed by 

Hahn et al.[13] and potentially considered the ultimate tensile strength. There is a group of 

experimental results at 1010 s-1, which show values clearly higher than the current measurements. 

Hahn et al.[13] also explained the differences between mono and nanocrystalline tantalum tensile 
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failure through molecular dynamics. The presence of a grain boundary localizes the failure along 

the interface, although nucleation of voids also takes place in other regions. The growth is 

favored along the grain boundary, as can be seen in Figure 12a. Different grains are identified by 

characteristic colors; the atoms are colored qualitatively according to their local crystalline 

orientation. A void growing along a grain boundary is visible. Fig. 12b shows the process of void 

coalescence in a monocrystal. Figs. 12c,d show dislocations (green lines) and the surface of 

voids (dark red) identified by DXA [53] and coordination algorithms respectively. The principal 

voids are also surrounded by smaller voids in both cases. Failure in the nanocrystalline sample is 

limited to the grain boundaries, where the single crystal exhibits intragranular failure. The 

calculated spall strengths for nano and single-crystal tantalum at a strain rate of 108 s-1 are 8.5 

and 13 GPa respectively. Thus, there is a significant reduction of spall strength when introducing 

a high volume fraction of boundaries. 

4.1 Analysis of Void Nucleation, Growth, and Coalescence 

It is clear from the observations that nucleation of voids takes place both in the grain 

interiors and boundaries, with specific and distinct nucleation/growth rates. The kinetics of their 

growth is also influenced by the presence of grain boundaries. Both effects are evident in Fig. 6c. 

The nucleation occurs in both grain interiors and boundaries; however, the coalescence of voids 

occurs preferentially along grain boundaries, leading to an intergranular fracture. These two 

effects are described graphically in schematic fashion in Figure 13, which shows sequences for 

void nucleation and growth in monocrystalline (Fig. 13a1-a4) and polycrystalline (Fig. 13b1-b4), 

tantalum subjected to dynamic tensile loading.  In monocrystalline materials the voids nucleate 

randomly in the grain interior and the growth requires the plastic deformation of its 

surroundings. The voids grow via the emission of dislocations from the void/matrix interface. 
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The shadowed area in Fig. 13a1 illustrates the plastic zone in the vicinity of the void. Such voids 

are  named  intragranular. Voids continue to nucleate and grow in the material, resulting in a 

distribution of void sizes. Eventually, the voids coalesce and ductile failure takes place.  

Void nucleation and growth at the grain boundaries is shown in Fig. 13b1-b4. The voids    

develop a non-spherical, oblate spheroid shape with the major axes aligned with the boundary 

plane.  The plastic zone, for a specific diameter, tends to be smaller than for the intragranular 

voids.  The energy required for intergranular void growth is thus smaller than that of for 

intragranular growth. Thus, as will be shown quantitatively later, intergranular voids dominate 

failure in polycrystalline materials. 

The growth of voids is the result of shear and prismatic loop emission by a mechanism 

proposed by Lubarda et al. [47] and verified by molecular dynamics simulations in fcc and bcc 

metals [48, 49,50]. The growth along grain boundaries proceeds by the same mechanism but the 

number of loops emitted is less because of differences in shape (oblate spheroid vs. sphere). 

Figure 14a shows, in schematic fashion, the emission of shear and prismatic loops leading to the 

growth of voids in the grain interior.  

It has been postulated analytically [47,48] and demonstrated by molecular dynamics 

calculations [e.g.,[49,50,53]] that growth of spherical voids takes place by dislocation emission 

from the void surface. These shear loops eventually form prismatic loops by cross-slipping of the 

screw (lateral) component, as the (frontal) edge component advances. This is shown in Fig. 14. 

In fcc metals, where partial dislocations are emitted, this reaction does not take place. Figure 

14(a) shows the sequence of dislocation emission from a growing void in a bcc metal, starting 

with shear loops propagating in eight [111] directions and continuing with the formation of 

prismatic loops. 
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It is possible to equate the total length of dislocations to the volume of a void, and this 

has indeed been done by Ruestes et al. [51,52] and Hahn et al.[13]. The growth of a spherical 

void requires a greater dislocation length than an oblate spheroid with the same radius R. The 

emission of dislocations from a growing intergranular void is qualitatively shown in Fig. 14b. 

A quantitative evaluation of the kinetics of void nucleation and growth is presented next, 

starting with spheroidal intragranular voids and proceeding to intergranular voids.  The Curran-

Seaman-Shockey (CSS)  theory [15,16, 17] will be applied and extended to the polycrystalline 

regime. The number of voids in ductile metals is obtained from the nucleation rate per unit 

volume,  𝑁̇ , which was proposed by SSC to exhibit an exponential dependence and can be 

represented by:  

𝑁̇ = 𝑁0̇𝑒𝑥𝑝 �
𝜎𝑚−𝜎𝑛𝑜

𝜎𝑐
�         

 (3) 

where 𝜎𝑚 is the tensile stress in the material, σno is the threshold stress for void nucleation, 𝑁0̇ is 

a reference nucleation rate, and 𝜎𝑐  is a material constant. The nucleation of voids has been 

reported to occur preferentially at twin boundaries; these twins are generated by the compressive 

wave that precedes the tensile pulse [53].  

 In addition to void nucleation, void growth is another factor that determines the spall 

behavior of ductile metals. Assuming a spherical void with a radius of R, the growth rate is the 

time derivative of the R, namely 𝑅̇. Seaman et al. [55], proposed that the growth rate of the void 

is  proportional to its radius R and is linearly dependent of the stress, above a threshold σgo. 

𝑅̇
𝑅

= 𝑘 = �𝜎𝑚−𝜎𝑔𝑜
4𝜂

�          (4) 
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where σgo is related to the stress for dislocation emission from an existing nucleus,  𝜂 = 𝜏
𝛾̇
 is the 

material viscosity. Integrating Eqn. 4: 

𝑅𝚤̇ (𝑡) = 𝑘𝑒𝑘𝑡̇              (5) 

As the voids grow, new voids nucleate in the fraction of the volume occupied by solid matter. 

For simplicity, we assume that σno = σgo. We define damage as the ratio between the volume of 

voids and the total volume: 

 𝐷 = 𝑉𝑣
𝑉0

           (6) 

We then apply an analysis similar to that of the Johnson-Mehl-Avrami-Kolmogorov 

(JMAK) equations [56–60]. There is a critical difference. Whereas the growth velocity is 

constant in the JMAK treatment, it increases exponentially with time (Eqn. 5). First, we consider 

an extended volume, assuming that the material is completely solid and there is unlimited 

material available for voids to nucleate over the time interval 0<τ<t. The volume fraction change 

per unit volume is: 

𝑉𝛽
𝑒

𝑉
= 4

3
𝜋𝑁̇𝑜𝑒

𝜎−𝜎𝑛𝑜
𝜎1 𝑘3𝜙(𝑡)                                       (7) 

Where 𝜙(𝑡) is given by: 

𝜙(𝑡) = 1
3𝑘
� 2
9𝑘3

+ 𝑒3𝑘𝑡(𝑡3 − 𝑡2

𝑘
+ 2𝑡

3𝑘2
− 2

9𝑘3
)�                   (8) 

We now consider the entire volume of material that becomes voids, by subtracting the 

void fraction of voids: 

𝑑𝑉𝑣 = 𝑑𝑉𝑣𝑒 �1 − 𝑉𝑣
𝑉0
�        (9) 
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Integration and substitution into Eqn. 9 yields:                                               

𝐷 =  𝑉𝛽
𝑉

= 1 − 𝑒
�−43𝜋𝑁̇𝑜𝑒

𝜎−𝜎𝑛𝑜
𝜎1 𝑘3𝜙(𝑡)�

       (10) 

The detailed derivation is given in the Supplementary Information section.  

Parameters can be obtained from the experiments and from values used by Seaman et al. 

[55] to develop an analytical prediction of damage as a function of time. Some of these are 

discussed below. The spacing between both intergranular and intragranular voids can be inferred 

from the dimple size shown in Fig. 6. Each dimple corresponds to one-half of a void, the other 

being in the matching surface. For the polycrystalline (intergranular voids) and monocrystalline 

(intragranular voids) spall surfaces, the spacing is ~1 μm. This provides N = 1μm-3. The time was 

taken as 10 ns. The initial nucleation rate was taken as 𝑁0̇ =10-10m-3s-1.  The spall strength in gas-

gun experiments, in which the pulse time is 100 times larger (1 μs vs. 10 ns) than laser 

experiments is equal to 4-6 GPa. This is used as a first estimate of σn0 = σgo = 4 GPa. The 

normalizing parameter σc has to be evaluated from previous experiments by Seaman et al. [55]. 

This parameter has values of 0.2 GPa for copper and 0.04 GPa for Al. The former (σc=0.2 GPa) 

is used for tantalum. The viscosity η was taken as 0.127 and is extracted from Hahn et al. [13]. 

Coalescence of voids occurs when the void volume reaches a sufficiently large fraction. 

Deformation concentrates primarily in the ligaments between the voids. These eventually 

undergo necking and complete separation. We assume that this occurs at D = 0.5. Figure 15a 

shows the application of Equation 10 to tantalum. The sigmoidal shape is characteristic of the 

JMAK equation is apparent and is shown in Figure 15a. Note that as the stress increases, the 

curve is translated to shorter times.  
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For intergranular voids, we use a similar approach as before, except we assume that the 

voids formed across grain boundaries are oblate spheroids (whereas before we assumed perfect 

spheres). As a result, we define damage in a slightly modified manner: 

                                                                                 𝐷 = 𝐴𝑣
𝐴0

      (11) 

Where Av is the total area of intergranular voids in a grain-boundary surface area A0.  

Intergranular void growth proceeds with the major axes of the oblate spheroid aligned with the 

grain-boundary plane. This opening along grain boundaries is the result of the competition 

between flow stress and grain-boundary cohesive strength, which have different strain rate 

sensitivities.  

It will be shown that the growth of a grain-boundary void requires less plastic deformation than 

that of a grain-interior void. The plastic deformation regions are schematically shown in Fig. 

14b.  

It is possible to use the concept of geometrically necessary dislocations advanced by 

Ashby [61–63] to predict their density around a growing void. Traiviratana et al. [64], Ruestes et 

al. [51,52] and Hahn et al.[13] obtained expressions relating the growth of a void to the 

dislocation length generated by assuming an effective volume per dislocation equal to b2 per unit 

length: 

       𝑑𝑉 = 4𝜋𝑅2𝑑𝑅                            and          𝑑𝑅 = 𝑏2𝑑𝐿
4𝜋𝑅2

    (12) 

Where dL is the increase in the length of dislocation line. 

Thus, for a radius Rf of a void: 

𝐿𝑓 = 4𝜋
𝑏2 ∫ 𝑅2𝑅𝑓

0 𝑑𝑅 = 4𝜋
3𝑏2

𝑅𝑓3         (13) 
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If one considers the plastic zone equal to nR, one can calculate the density of these 

geometrically-necessary dislocations: 

       𝜌𝑠𝑝ℎ𝑒𝑟𝑒 = 3𝐿𝑓
(𝑛3−1)4𝜋𝑅𝑓

3                   (14)  

Substituting Eqn. 13 into 14, we have: 

𝜌𝑠𝑝ℎ𝑒𝑟𝑒 = 1
3𝑏2(𝑛3−1)

         (15) 

For Ta, Hahn et al. [13] used b2=0.106 nm2 for dislocations under tensile loads. If one assumes 

that n=3, a reasonable value for the work hardened zone, one obtains ρ= 4x1017m-2, a reasonable 

number for a severely hard-worked metal. This is on the same order of magnitude than the values 

obtained by MD and calculated by procedure above.  

For an intergranular void, the volume is: 

𝑉 = 4
3
𝜋𝑎𝑅2          (16) 

Where a is the minor semi-axis of the oblate spheroid and R is its major axis. The dislocation 

density can be similarly be expressed as: 

𝜌𝑠𝑝ℎ𝑒𝑟𝑜𝑖𝑑 = 𝑎
𝑅
𝜌𝑠𝑝ℎ𝑒𝑟𝑒         (17) 

It is clear that the growth of grain-boundary voids requires less plastic deformation, and therefore 

less work, than that of grain-interior voids. We will use a simple expression relating the growth 

rate of the two types of voids; it essentially considers the rate of growth tied to the plastic work 

rate.  

𝑑𝑅𝐺𝑏
𝑑𝑡

= 𝑅
𝑎
𝑑𝑅𝑖
𝑑𝑡

           (18) 

Thus,  

𝑅𝐺𝑏̇ (𝑡) = 𝑘′𝑒𝑘𝑡̇          (19) 



19 
 

Where k’=(R/a)k. Considering self-similarity and a constant aspect ratio l=a/R<1 for the oblate 

spheroid: 

𝑑𝐴𝑣
𝑑𝑡

= 2𝜋𝑅𝑙 𝑑𝑅𝑖
𝑑𝑡

         (20) 

The procedure outlined in Eqns. 7-10 can be applied for the intergranular case. The initial 

nucleation rate.  The initial nucleation rate was taken as 𝑁0̇ =10-4m2s-1. We assume that R/a is 2, 

and account for the ratio of areas rather than volumes. A complete derivation can be found in the 

supplemental information. Figure 15b shows that intergranular void growth approaches failure 

(D=0.5) more quickly than intragranular growth (Figure 15a).  

By assuming spallation occurs at D = 0.5, the spall strength can be found and related to 

the strain rate. The corresponding spall strengths as a function of the tensile pulse duration are 

shown in Figure 16. It is clear that, although the two mechanisms of intergranular and 

intragranular failure are operating, intergranular overtakes intragranular spalling and the 

polycrystalline tantalum fails by grain-boundary separation. A corollary of this is that the 

monocrystalline tantalum exhibits a higher spall strength.  

The strain rate can  obtained from the duration of the pulse by the application of the 

following expression from Reina et al. [79] and  Hahn et al. [13] based on dimensional analysis: 

𝑑𝜀
𝑑𝑡

=
𝑈𝑝
𝑡𝐶𝑙

 

(21) 

where Up is the particle velocity (dependent on pressure) and Cl is the longitudinal sound 

velocity (5,400 m/s for Ta). The equation of state parameters used for the calculation of Up  as a 

function of pressure are obtained from Marsh [80]: Us=3.43+1.19 Up . For the analysis 

performed, we report the strain rate sensitivity at 0.51 for the intergranular case and 0.50 for the 
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intragranular case. Although these values are larger than those from molecular dynamics (Fig. 

11), the current analysis applies to highly localized void growth and the values are dependent on 

the parameters chosen. 

5.   Conclusions 

Mono, poly and nanocrystalline tantalum spall by ductile failure. Voids nucleate, grow 

and coalesce around grain boundaries in poly and nanocrystalline Ta;  single crystalline Ta also 

shows signs of extensive dimpling. At lower strain rates of 106 s-1 (250 µm thick samples), single 

crystalline tantalum had the highest spall strength while nanocrystalline tantalum had the lowest, 

which has been explained by a past theory developed by Meyers [63]. Figure 15 shows a 

rationale for the differences in spall strength between the different conditions. The ultimate 

tensile response of Ta is represented by the ascending curves, which take into consideration the 

grain size and strain rate sensitivity. The same sort of relationship has been observed in Cu[64] 

and V[65]. This rationale is based on a lower strain-rate dependence for grain boundary 

separation because the rate-controlling mechanism is not the thermally-activated or drag-limited 

motion of dislocations. Polycrystals and nanocrystals contain boundaries, which act as 

heterogeneous nucleation sites for microvoids that nucleate and grow preferentially along the 

grain boundaries and, in the case of the polycrystals, may be related to the preferential 

segregation of impurities at the grain boundaries. Indeed, the grain-boundary nucleation stress 

can be considerably lower than the bulk nucleation stress. The crossover between the curves 

marks the change in failure from bulk to intergranular. The volumetric analysis of the spall 

surface, performed nondestructively using X-ray micro-CT, supports the observations of the 

spall surface and confirms that the polycrystalline samples spall via intergranular void 

nucleation, growth and coalescence.  
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X-ray micro-CT has demonstrated unique potential for characterizing the complex failure 

structures resulting from spall, even in the heavily attenuating tantalum system. Decreasing 

sample thickness (from 250 to 50 µm) resulted in higher strain rates (by ~10 fold) and spall 

strengths (~30% higher) than their thicker counterparts. Thus, a clear dependence of spall 

strength on strain rate and sample thickness was observed. 

Molecular dynamics calculations predict spall strengths for mono and nanocrystalline 

tantalum, albeit at much smaller durations, that are consistent with the experimental results: the 

nucleation of voids occurs both inside (intra) and at the grain boundaries (intergranular), but the   

differences in the nucleation rates and growth rates lead to intergranular void coalescence and 

failure in the nanocrystalline specimens, with an attended decrease in the spall strength. The 

variation of the spall strength with strain rate for the three cases of mono, poly, and nanocrystals 

converge at strain rates of 1012 s-1; this is close to the Debye frequency, which is presumably the 

highest strain rate achievable.  

The Curran-Seaman-Shockey theory for spalling in ductile materials is applied to the 

experimental conditions in the present work and extended for intergranular nucleation, growth, 

and coalescence of voids. This theory provides an analytical underpinning for the differences 

observed between mono and polycrystals and captures the principal features of the failure. 

In conclusion, a combined experimental-computational-analytical approach provides 

important new insights into the process of spalling in bcc metals, with tantalum as a model 

material. 
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Figure 1. Experimental setup schematic. Tantalum discs of thickness ranging from 50 to 250 µm 
are covered by a 20 µm ablator/heat shield and subject to laser ablation in order to drive a planar 
shock wave through the system. (a-d) Recovery experiments used a carbon aerogel foam to catch 
debris, decelerate and catch the tantalum for characterization. Depending on the laser energy, 
three states are expected (b) initial stages of incipient spall to identify void nucleation; (c) 
intermediate incipient spall where a clear spall bubble can be evaluated for void nucleation and 
growth; (d) complete spall failure. (e-f) VISAR analysis of free surface velocity. (f) Fringes are 
captured by a streak camera where Fourier analysis can transform this data into the form 
presented in (g).  Experiments were conducted at the Janus laser facility, LLNL. 
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Figure 2. Free (rear) surface velocity as a function of time for tantalum. (a) Idealized, (b) flyer 
plate impact, (c) laser driven, and (d) molecular dynamics simulation. Each trace shows 
qualitative similarities and (e) highlights processes occurring inside the material at five 
characteristic points. Notable, void nucleation (4) begins approximately half way between the 
peak (3) and the pullback trough (5). The simulation is colored semi-qualitatively to the 
longitudinal shock stress state: blue is compression, red is tension, and yellow represents 
intermediate stress states. 
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Figure 3. Segmented 3D volume derived from μ-CT imaging of the polycrystalline tantalum 
system subjected to spall conditions where the transparent purple is the tantalum and the solid 
blue material is the contained void. The surface of the spall bubble is shown in (b). (c,d) Cross 
sections identified in (a) showing (c) a view through the lateral edge of the spall bubble and (d) 
the center of the spall bubble. In (c,d) there is clear evidence of failure at grain boundaries by the 
presence of intact grains at the top and bottom of the bubble. Three “depth” progression views (e-
g) correspond to the red lines of (c,d), laying parallel to the spall plane. Starting (e) near the edge 
of the spall bubble just within the tantalum, and going (f) 30 µm toward the bubble from part ‘e’, 
and (g) 50 µm toward the bubble from part ‘e’. 
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Figure 4. SEM images of single (a-c), poly (d-f) and nanocrystalline (g-i) tantalum showing 
complete ductile spallation. Ductile failure is evidenced by the dimpling observed in (c, f, and i).   
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Figure 5. Microstructural analysis of monocrystalline tantalum spallation.  The secondary electron 
SEM image on top shows the spall plane in the bottom of sample. The EBSD mapping (IPF) below 
shows randomly distributed voids in the vicinity of the spall plane; their spacing is approximately 
10 μm. 
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Figure 6. Microstructural analysis of polycrystalline tantalum spallation. The colored regions in 
figures (a,b) correspond to (c,d,e). (c) Away from the spall bubble, incipient spall can be seen as 
voids scattered throughout the specimen. The EBSD scans show the voids at the grain boundaries 
and with a few voids within the grains themselves. Voids within the grains can be attributed to 
defects present before laser shock inducing spalling. (d,e) The area directly beneath the spall 
bubble shows smaller grain sizes at the edge of the spall bubble. This can be attributed to the 
following: the voids growing relatively large from the imperfection sites within the grains at some 
point grew into the coalescing large voids growing at the grain boundaries. Once a large enough 
perforation was formed, the material pulled off (spalled off) leaving behind remnants of the grains, 
which are thus smaller in size than the average grain size of ~20 μm. 
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Figure 7. Microstructural analysis of nanocrystalline tantalum spallation.  (a) The bottom surface 
shows a separation of the material. This separation suggests the voids that nucleated and had 
enough time to grow and coalesce into a large void volume. (b) In the adjacent region, the 
majority of voids can be found at nanocrystalline grain boundaries. From the scan, void 
nucleation, coalescence, and void clusters are most abundant at the grain interfaces, yet no 
particular crystalline orientation seems prevalent. (c) Grain size distribution and inverse pole 
figure (IPF) scan inset. Though the average grain size is 3 μm, the average grain size in the shock 
direction is 100 nm. The IPF shows significant texture, but there is no pre-shock reference with 
which to compare texture evolution during the spall process. 
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Figure 8. Free surface velocity traces for single crystals of varying thickness. 5 µm data from 
experiments conducted by C.E. Wehrenberg and details can be found in Zhao et al. [66].  
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Figure 9. Representative VISAR traces for single and nanocrystalline tantalum. Although the 
current experiments were not able to match the peak shock pressure between single and 
nanocrystalline samples, the two nanocrystalline traces show similar pullback behavior and a 
decrease in pullback amplitude as compared to the single crystal. This indicates that monocrystal 
tantalum has a greater spall strength than nanocrystalline tantalum. 
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Figure 10. Experimental data shows there is a correlation between spall strength and grain size in 
tantalum. As grain size increases, spall strength increases in Ta. 
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Figure 11. Spall strength as a function of strain rate plotted on a log-log scale. Power-law 
relationships are given for three "grain-sizes": single crystals, polcrystals (d > 5 um), and 
nanocrystals (d < 500 nm) (no fit is given for Microcrystals (500 nm > d > 5 um)). The ultimate 
tensile strength (UTS) of ~33 GPa is evaluated by Hahn et al. [13] using EOS and DFT data. The 
Debye frequency can be used as a predictor of what strain rate the material will reach the UTS 
and matches well with the power-law extrapolations. This graph illustrates the importance of the 
present nano-crystalline experiments in gaining insight into the grain-size dependent spall 
strength. Experimental data for large single and nanocrystalline samples (and thus lower strain 
rate) are absent from the literature. References as follows: Cuq-Lelandias et al.[24,67,68]; 
Abrosimov et al.[46]; Ashitkov et al.[25]; Zhao et al.[66] citing unpublished results from C. 
Wehrenberg; Razorenov et al.[23]; T. Remington’s thesis[69]; Q. An et al.[70]; Gray et al.[37]; 
Zurek et al.[71]; G. Roy’s thesis[72]; Rivas et al.[73]; Glam et al.[74]; and Millet et al.[75]. 
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Figure 12. Molecular dynamics snapshots of spall failure in nano- and single-crystalline 
tantalum. The loading direction is from the left to the right and the nominal strain rate is 108 s-1. 
a,c) 25 nm nano-crystalline tantalum. b,d) Single-crystalline tantalum. The top row shows atoms 
colored according to their local crystalline orientation. The bottom row shows dislocations and 
the surface of voids identified by DXA [76] and coordination algorithms respectively. In both 
images the surface of voids are denoted by a dark red color. Failure in the nano crystalline 
sample is limited to the grain boundaries, where the single crystal exhibits intragranular failure 
by necessity. The resulting spall strengths for nano and single-crystal tantalum at this strain rate 
are 8.5 and 13 GPa respectively - a 35% reduction of spall strength when introducing a high 
volume fraction of boundaries.  
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Figure 13 Schematic drawings of the void nucleation, growth, and coalescence in 
monocrystalline (a1-a4) and polycrystalline (b1-b4) samples.  In monocrystalline samples, voids 
nucleate in the grain interiors and grow via the emission of dislocations from the void/matrix 
interface. The shadowed area in Fig. a1 illustrates the plastic zone in the vicinity of the void. 
Such voids named are called intragranular. Foer nucleation of voids at grain boundaries (Fig. 
13 b1),  they  tend to develop a non-spherical, oblate spheroid shape with the major axes aligned 
with the boundary plane.  The  plastic zone, for a specific diameter, tends to be smaller. The 
energy required for intergranular void growth is thus smaller than that of for intragranular 
growth. Therefore, intergranular voids dominate failure in polycrystalline materials. 
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Figure 14. Schematic drawing of the void growth in grain interior and grain boundary. The 
emission of dislocations from these voids transports matter away from void and creates a work 
hardened layer. (a) In the grain interior (and monocrystals), shear loops are emitted from the void 
surface and propagate along eight {111} directions; they expand and pinch out prismatic loops 
through cross-slip of the screw components. (b) In grain boundary void growth,  dislocations are 
emitted along the major spheroid circumference and slip away from the tip of the void, leaving 
multiple slip lines which sometimes can be experimentally observed (e. g., [77]). 
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Figure 15. Predicted evolution of damage as a function of time at different tensile stress levels 
for (a) intragranular and (b) intergranular void nucleation and growth 
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Figure 16. Spall stress (defined as D=0.5) as a function of time doe intragranular and 
intergranular void nucleation, growth, and coalescence. Note higher spall strength by ~2.5 GPa 
for monocrystalline vs. polycrystalline tantalum. 
 


