Complete Manuscript

©CO~NOOOTA~AWNPE

Effect of Cu on amorphization of a TiNi alloy during HPT and shape memory

effect after post-deformation annealing**
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Abstract

A ternary TiNiCu memory alloy was subjected to high-pressure torsion (HPT) followed by
post-deformation annealing (PDA) to study the effect of Cu (5 at.%) on amorphization after HPT
processing and also the microstructural evolution and shape memory effect (SME) after PDA.
The results show that even after 20 revolutions the ternary alloy contains nanocrystalline areas
and the microstructure is not fully amorphous. An easier martensite to austenite transformation
and minor remaining austenite in the ternary alloy are responsible for suppressing amorphization.
PDA at 673 K provides nanocrystalline microstructures containing an R-phase with a minor
martensitic B19' phase in the ternary alloy. The SME of this alloy after PDA is not as satisfactory
as for the binary alloy processed through similar conditions because of the existence of a high
volume fraction of the R-phase. Nevertheless, the total recovered strain of the ternary alloy after

PDA for 30 min has a maximum value of 6.5%.
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1. Introduction

The conventional shape memory effect (SME) comes from the thermoelastic martensitic
transformation of the parent austenite phase (B2) to a low temperature martensitic phase (B19')
which leads to a crystallographically reversible transformation [1-2]. It is well-known that SME
materials exhibit the ability to return to their initial shape upon heating above the austenitic phase
transformation temperature after deformation in a martensitic phase. The primary mechanism for
deformation of the martensitic TiNi alloy is a martensitic reorientation in which one martensite
variant grows due to other variants shrinking during loading and this produces high stresses that
may appear in local sites on the interfaces between variants and on the grain interfaces. These
local stresses may exceed the yield stress for dislocation slip and thereby promote intragranular
plastic deformation. Generally, the strain appearing during the martensitic reorientation is
recoverable whereas the plastic strain is not recoverable and produces a deterioration in the SME
[2-4]. Therefore, producing an appropriate strength to prevent slip plays an important role in
attaining an optimum SME. In practice, work hardening followed by annealing, grain refinement
and alloy-hardening are important methods employed for TiNi alloys in order to improve the
strength of the material and thus improve the SME [5].

High-pressure torsion (HPT) is an efficient processing procedure for producing significant
grain refinement [6-8] and therefore increasing the critical stress for intragranular slip but
nevertheless HPT processing leads to limited ductility and also diminishes the recoverable strain
in TiNi shape memory alloys [9]. In principle, the reorientation of the martensite and the
formation of a single variant during active deformation should be partially or even fully
suppressed in very small grains or in heavily deformed microstructures of the TiNi alloys [10].
In addition, the formation of an amorphous phase during HPT processing [11-15] will lead to a
deterioration in the SME in TiNi shape memory alloys [9].

Accordingly, short term post-deformation annealing (PDA) at an appropriate temperature

provides a very important solution in removing this limitation in heavily and/or severely-
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.Odeformed alloys [16,17]. Short term PDA at 673 K leads to a crystallization of the amorphous
phase and recrystallization of the severely-deformed crystalline phase in the TiNi alloy [18-20].
It is worth noting also that the formation of nanograins due to PDA followed by quenching can
suppress the austenitic to martensitic (B19') phase transformation and promote the formation of
an intermediate martensitic phase (R) having dimensions in the range of ~60-150 nm [21] where
both of these changes affect the SME significantly [22,23]. It was proposed earlier that if
crystallized nano-grains form after PDA then there will be a critical grain size of the primary
austenite for the appearance of a fully-martensitic microstructure and this critical size will be
about 150 nm [24]. It was also shown earlier that the nanocrystalline microstructures after PDA
at 673 and 773 K followed by ice-water quenching contain B19' martensite together with an R-
phase and it was suggested that very small grains and the existence of an R-phase are two
important factors which both contribute to a superior SME [24]. High annealing temperatures
and long annealing times may remove the R-phase but with a consequent deterioration in the
SME due to grain growth and a decrease in the strength of the material. Short-term anneals for
10 min at 673 K or only 1.5 min at 773 K after 1.5 turns of HPT appear to be the optimum
procedure with a maximum recovered strain of up to ~8.4% and an improvement of more than
50% by comparison with the solution annealed (SA) condition in the binary TiNi alloy [9].

The addition of Cu to the TiNi alloy and the replacement of Ni by Cu lead to a transformation
temperature which is much less sensitive to compositional changes and therefore produces an
easier control of the shape memory properties. In addition, it leads to a narrow transformation
hysteresis and a lower martensitic yield strength. Another significant feature in adding Cu is that
the transformation temperature is relatively high and above room temperature and this provides
an opportunity to realize the shape memory effect around room temperature. It is also important
to note that the addition of 5 at.% Cu cannot change the transformation route so that the normal

B2-B19' occurs in this alloy [25,26].
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It follows that the addition of Cu to a binary TiNi alloy produces many advantages and the
behavior of a nanocrystalline TiNiCu alloy prepared by HPT processing followed by PDA may
exhibit superior properties including an excellent SME. To date, no information is available on
the effect of HPT processing on the ternary TiNiCu alloy and its shape memory behavior after
PDA. Accordingly, the present research was initiated to systematically investigate the effect of
HPT on the amorphization of a ternary TiNiCu alloy when processed through different numbers
of rotations and various PDA conditions and to critically examine the microstructural evolution
and the shape memory behavior of this alloy.

2. Experimental materials and procedures

The experiments were conducted using a TiNi-based alloy having a nominal composition
of Ti-45at%Ni-5at%Cu, henceforth denoted as Ti45Ni5Cu. Full details on the alloying and
sample preparation were reported earlier [9]. The alloy was solution annealed at 1123 K for 60
min followed by ice-water quenching. The disks for HPT processing had diameters of 10 mm
and thicknesses of ~0.79-0.80 mm and they were subjected to processing at room temperature
under quasi-constrained conditions [27, 28] using an applied pressure of P = 2.0 GPa, a rotation
speed of 0.5 rpm and total rotations, N, of 1.5 to 20 revolutions.

Each processed disk was carefully polished to give a mirror-like quality. Measurements of
the Vickers microhardness, Hv, were recorded using a hardness tester having a load of 100 gf
and with dwell times of 10 s for each separate measurement. These microhardness measurements
were recorded along randomly selected diameters within each disk with measurements taken at
separations of 0.45 mm and with the local value of Hv then estimated at every point as the average
of four separate hardness values. In order to study the phases, X-ray diffraction (XRD) was
employed using Cu Ka radiation at 40 kV with a tube current of 30 mA. The measurements of
XRD were conducted over an angular 26 range from 30° to 50° with a step size of 0.02° and
using a counting time of 9.6 s at every step. Circular areas of ~3 mm diameter were selected for

XRD from near the edges of the disks.
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Differential scanning calorimetry (DSC) was performed usinga TA Q 100 DSC instrument
with a liquid nitrogen cooling accessory in non-isothermal (scanning) experiments with a 10 K
mint heating rate up to 773 K. Samples from near the edges of the disks were prepared for DSC
analyses. The transformation temperatures were measured by DSC with the specimens heated
quickly to 393 K, maintained at temperature for 5 min, cooled to 173 K, maintained at
temperature for 5 min and then brought back to 393 K. The cooling and heating rates were 10 K
mint during the thermal cycling.

Post-deformation annealing (PDA) was performed at 673 K in a vacuum furnace after HPT
processing for various times from 10 to 120 min. The heating rate of specimens in the PDA was
120 K min™t when measured after placing the specimen in the furnace. Foils for transmission
electron microscopy (TEM) were prepared before and after PDA at 673 K for 30 min using a
focused ion beam (FIB) Hitachi NB5000 FIB facility and Gentle Mill Technoorg Linda at 3 mm
from the disk centres in the normal sections of the disks so that the normals of the images lie in
the shear direction. All TEM micrographs were obtained using JEM 1200 JEOL and HD 2700
Hitachi microscopes.

The shape memory effect was studied by loading up to 8% and then unloading followed by
heating to ~423 K by dipping in hot oil and then ice-water quenching. The loading and unloading
was conducted using a SANTAM tensile machine with a load capacity of 2 kN and under initial
strain rates corresponding to ~7.4 x 10 s, Electro-discharge machining (EDM) was used to
prepare miniature tensile specimens from near the edges of the HPT-processed disks and these
specimens had gauge dimensions of 2.0 x 0.6 x 0.5 mm?.

3. Experimental results
3.1. Microhardness measurements after HPT

The Vickers microhardness measurements are shown in Fig. 1 where the values of Hv are
plotted along each disk diameter for the Ti45Ni5Cu alloy after processing by HPT through from

1.5to 20 turns and the hardness value in the SA condition is denoted by the lower dashed line. It
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is important to note that individual error bars are not included on the various datum points for
clarity but nevertheless the average error on each point was typically of the order of ~2%. The
results indicate a significant increase in the hardness at the edges of the disks after 1.5 turns and
then the hardness values at the peripheries of the disks increase from Hv ~ 527 after 5 turns to a
saturated hardness of Hv ~ 550 after 10 turns. By contrast, the hardness values in the disk centers
increase more gradually from the SA value of Hv =~ 185 to a value of Hv = 360 after 20 turns.
Inspection of Fig. 1(a) shows clearly that the hardness gradually evolves across the disk diameters
with increasing numbers of rotations but the exceptional difference between the hardness values
at the edge and in the centres of the disks demonstrates that, even after 20 turns, it is not possible
to produce a fully homogeneous hardness distribution. On the contrary, there remains a very
small area, within a radius of 200 um at the centre of each disk, which retains a relatively much
lower hardness even after 20 turns.
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Fig. 1 Values of the Vickers microhardness versus distance from the center of the disk for

Ti45Ni5Cu after HPT processing for various numbers of turns.

3.2. Microstructures before and after HPT

Measurements of the phase transformation temperatures, the thermal hysteresis and the
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enthalpy of the austenite to martensite transformation were recorded for the SA alloy after ice-
water quenching: these results are summarized in Table 1 where Ms and Mt are the martensite
start and finish temperatures, As and Arare the austenite start and finish temperatures, AT is the
thermal hysteresis which is defined as the difference between the peak temperature of austenite
to martensite on cooling and martensite to austenite on heating (Ap-Mp) and AHgig-2 IS the
martensite to austenite transformation enthalpy during heating. By quenching the solution
annealed-ternary sample in ice-water (273 K), it is reasonable to anticipate that it will undergo a
martensitic transformation (Mf = 299 K). In practice, the DSC results indicate that the As
temperature is above room temperature (316 K) and this means that the martensite should be
stable at room temperature in the alloy. However, the X-ray diffraction pattern of the Ti45Ni5Cu
alloy in the SA condition represented in Fig. 2 shows ~16% retained austenite with the peak
position corresponding to the {110}g2 26 ~ 42.20°, calculated using standard methods [29], and
it was shown earlier that the microstructure of the SA Ti49.8Ni alloy is fully martensitic. Data

for Ti-49.8 at.% Ni was also added from an earlier investigation in Table 1 [15].

Table 1. The transformation temperatures Ms, M¢, As, and As (K), thermal hysteresis AT, To (K)

and average transformation enthalpy.

Alloy Ms Mt As As AT AHgio—g2 (J/mol) Ref.
TiNi 316 299 331 348 35 1269 [15]
TiNiCu 311 275 316 342 30 1175 Present study

Figure 2 shows the X-ray diffraction patterns at the edges of the disks of the Ti45Ni5Cu
alloy in the initial SA condition and after HPT for 1.5 to 20 turns. The results show clearly an
intensive peak broadening and a decrease in the intensity of the martensitic peaks at the expense
of increasing the austenitic peak in such a way that a broadened halo-like line, with a peak
position corresponding to the {110}s2ustenite) 20, IS dominant after processing by HPT up to 15
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turns. This confirms the structural change from a strain-induced dislocation substructure to an

amorphous structure and the martensite to austenite phase transformation during HPT processing.
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Fig. 2 X-ray patterns ot 1145NI5LU arter solution anneaiing (>A) treatment and different

conditions near the edges of the HPT-processed disks.

Fig. 3 TEM images and corresponding diffraction patterns of NiTiCu after 20 turns of HPT
processing. (a,b) Severely deformed microstructure contains elongated nanocrystalline structure
and shear bands marked by dashed lines. The band-shaped amorphous phases are marked by
arrows. The arrangement of the diffraction spots in semi-continuous circles contains B2
(austenite) diffraction spots of the nanocrystallites.
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The microstructure and a corresponding selected area electron diffraction (SAED) pattern
are shown in Fig. 3 at a region ~3 mm from the disk centre after HPT through 20 turns for
Ti45Ni5Cu. The microstructures in Fig. 3(a,b) reveal a mainly elongated nanocrystalline structure
together with shear bands that are denoted by dashed lines. Most of the nanocrystalline structure
shows dark contrast with respect to the band-shaped amorphous phases each with an average size
of ~45 nm (as marked by arrows). The arrangement of the diffraction spots in semi-continuous
circles in the SAED pattern of the Ti45Ni5Cu specimen in Fig. 3(a) confirms that the
microstructure contains boundaries having high angles of misorientation with rings containing

B2 (austenite) diffraction spots of the nanocrystallites.

570 640 675 755

Ti45Ni5Cu (at.%)
HPT:2.0 GPa, 20 turns, 0.5rpm, RT
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560 600 640 680 720 760
Temperature (K)

Fig. 4 Non-Isothermal (scanning) DSC measurement of Ti45Ni5Cu after solution annealing

and HPT processing through 20 turns: the heating rate is 10 K min™,

Figure 4 shows non-isothermal DSC measurements at the edges of the HPT-processed disk
through 20 turns and an initial SA sample. Two exothermic peaks are visible in the DSC
thermogram after severe plastic deformation where the first and second peaks relate to a
crystallization within the amorphous phase and a recrystallization of the remaining crystalline
phase due to the formation of a complex microstructure containing a mixture of amorphous phase
and any nanocrystalline austenite and martensite that remains present after HPT processing.

Thus, these results indicate that the crystallization commences at ~560 K and thereafter the

8
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samples are fully crystallized above ~660 K (at ~673 K which was selected as a PDA
temperature) and then fully recrystallized above ~760 K. The stored energy is given by the
integral of the two exothermic peaks for 20 turns and this value is estimated as ~1470 J mol ™.
3.3. Microstructures and microhardness drop after PDA in the ternary alloy

Figure 5 shows the X-ray diffraction patterns for samples of the ternary alloy after HPT
processing through 10 turns followed by annealing at 673 K for 10 to 60 min. A sharp R-phase
peak, with the peak position corresponding to the {112}r 20 =~ 42.16°, appears in the XRD
patterns after annealing together with martensitic peaks suggesting the advent of crystallization
and recrystallization. The calculated volume fractions of the R-phase after annealing are
summarized in Table 2 based on the XRD results [29].

The TEM images in Fig. 6(a,b) show the HPT-processed disk after 10 turns followed by
isothermal annealing at a temperature of 673 K for 30 min where it is clear that the crystallization
is complete and it is apparent from the diffraction pattern in Fig. 6(c) that there are no diffuse
rings corresponding to the amorphous phase. Thus, the microstructure of the ternary alloy after
annealing contains an R-phase together with martensite and an estimated average size of the

primary austenite grains of ~90 nm.
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Fig. 6 TEM images and corresponding diffraction patterns of nanocrystalline TiNiCu alloy
after 10 turns of HPT followed by PDA at 673 K for 30 min.
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Fig. 7 DSC curves of Ti45Ni5Cu after 10 turns of HPT followed by PDA at 673 K for 10 min
and further ice quenching. The quenching temperature of annealed sample and room

temperature are shown by dashed lines.

10

Figure 7 shows typical DSC curves of the Ti45Ni5Cu alloy after 10 turns of HPT followed
by PDA at 673 K for 10 min and further ice quenching. After solution annealing, a single stage
transformation occurs on both the cooling and heating cycles (not shown). Nevertheless, after

PDA a multi-stage transformation with two peaks appears on cooling and heating corresponding
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to the transformation processes from austenite to the R-phase and further to martensite and the
reverse path during cooling and heating, respectively. Since the annealed sample was quenched
in ice-water at 273 K, shown by the vertical dashed line, it is expected that it will undergo a
martensitic transformation but in practice the temperature is higher than Mt which indicates that
the microstructure contains martensite and R-phase after quenching. The DSC result shows that
room temperature at 298 K, denoted by the second vertical dashed line, is higher than Rs but
lower than Arand therefore it is concluded that the martensite and R-phase are stable at room
temperature.
3.4. Shape memory investigations

Figure 8 represents stress-strain curves recorded for a characterization of the SME (a) for
samples after PDA at 673 for various times after loading up to 6% and (b) for a sample after PDA
at 673 for 30 min after different loadings up to 4, 6 and 8%. It is important to note that the
recovered strain was measured after unloading and then heating the specimen to ~423 K by
dipping in hot oil followed by ice-water quenching. The curve of the sample after loading up to
8%, indicated by the red line, shows a two-stage yielding which can be described by detwinning
of R and B19' in the first stage and then a detwinning of B19', a stress-induced R—B19'
transformation and also slip in the second stage. It is important to note that the microstructure of
this sample includes R (71%) and B19' (29%) martensitic phases based on the XRD reults. It is
apparent that 4.0% of stain is recovered by unloading due to elastic and also the pseudoelastic
effect of the R-phase, 2.5% of stain is recovered by heating up to higher than the As temperature
due to SME of B19' and 1.5% is a permanent strain due to slip and the introduction of
dislocations. These results demonstrate that the total recovered strain is 6.5 which is a remarkable
value for a shape memory alloy. The strain recovery of the specimens was measured and the data
are summarized in Table 2 after loading to 8% where the results demonstrate that PDA at 673 K

for 30 min is the optimum procedure for achieving a maximum shape recovery.

11
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Fig. 8 Stress—strain curves of Ti45Ni5Cu after HPT processing for 10 turns followed by PDA at
673 K (a) for various times upon loading up to 6% and unloading, (b) for 30 min upon loading

up to 4, 6 and 8% followed by unloading.

Table 2. The Vickers microhardness, volume fraction of R-phase and recovered strain of
stress—strain curves after loading up to 8% (and 10% for some conditions) and unloading
followed by heating to ~423 K for time for samples after HPT processing through 10 turns

followed by annealing at 673 K for various times.

Annealing time R oh - ¢ ‘ Total
Alloy (min) Hv (% /;SE gg}v ?'\;Ie;;)a recovered Ref.
at 673 K ° ’ strain (%)
Ti45Ni5Cu 10 31048 73 - - Present
Research

30 30145 71 279 6.5
60 295+3 64 237 6.3
120 25242 - 125 6.0

Ti49.8Ni 10 36616 31 - - [9]
30 340+7 29 292 7.6
60 304+2 22 270 7.8
120 27442 18 260 6.9
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4. Discussion
4.1 Significance of Cu on amorphization during HPT

The microstructural evolution of binary TiNi alloys during HPT processing was studied
earlier [11-15,30-32] but no information is available on the ternary TiNiCu after the same
procedure. It was shown that HPT processing of a martensitic binary TiNi leads to the formation
of a nanostructured phase due to grain fragmentation and also to amorphization by increasing the
strain. Twin boundary movements are the most important deformation mode in martensitic TiNi
alloys and in this activity the twinning divides the existing twin plates so that the twin boundaries
act as obstacles for lattice dislocation slip and thus promotes the accumulation of dislocations
and the formation of localized amorphous phases [33,34]. Basically, and due to the significant
numbers of grain boundaries and twin boundaries which act as obstacles to dislocations, the
martensitic microstructure promotes localized amorphization through local accumulations of
dislocations [13,21]. The formation of shear bands during HPT processing also plays an
important role in producing localized amorphization.

In the present investigation, it is clear that the formation of an amorphous phase in the
ternary alloy has similarities to the behaviour in the binary alloy. However, even after 20
revolutions the ternary alloy contains nanocrystalline areas while the binary alloy is almost fully
amorphous with a few remaining nanocrystals having sizes of only a few nanometers after HPT
processing [15]. The appearance of the B2 phase is consistent with the XRD results in Fig. 2 and
the SAED patterns in Fig. 3 and this indicates the occurrence of a reverse transformation from
martensite to austenite induced by the severe plastic deformation. A comparison of the
Ti45Ni5Cu and Ti49.8Ni results [15] reveals broader peaks in the Ti49.8Ni alloy which is
probably due to the formation of a higher volume fraction of the amorphous phase. It has been
reported that most of the nanocrystallites contain austenite whereas prior to HPT the crystalline
structure was fully martensitic and generally a martensite-to-austenite and then a crystal-to-

amorphous phase transformation are well known in binary alloys with increasing numbers of
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rotations [14,15]. The present results clearly confirm essentially the same evolution in the ternary
alloy but with some resistance against the formation of the amorphous phase with lower saturated
hardness (~520 versus ~620 [15]) and stored energy (~1470 versus ~1530 J mol™? [15]) in the
saturation condition .

Since both the atomic radius and the number of valence electrons of the Cu are quite similar
to those of Ni, the substitution of Cu for Ni has almost a minimal effect on the unit cell volume
of the TiNiCu. It is assumed that supercells of Ti50Ni45Cu5 consist of five unit cells where only
one atom of Ni is substituted by a Cu atom in each supercell [35]. It was reported that for the
binary TiNi alloy the transformation strain of austenite to martensite is about 0.3% and for a
ternary TiNiCu alloy, when the Cu addition is less than 7.7%, this transformation strain remains
at about 0.3% since the transformation sequence is the same including B2 to B19' [10]. The peak
position change due to the addition of 5 at.% Cu is about 20 = 0.2° which leads to a change in
the lattice parameter below 0.01 A. Therefore, the lattice constants of the B19' and B2 structures
in Ti50Ni45Cu5 are very close to those of the equiatomic TiNi binary alloy. Accordingly, it is
expected that the Ti45Ni5Cu and Ti49.8Ni alloys will show similar deformation mechanisms
and hardening behavior. The microhardness results confirm this proposal since both alloys show
an increment by a factor of ~2.5 after HPT processing through 20 turns. Nevertheless, the
saturation levels of hardness in Fig. 1, the amounts of stored energy in Fig. 4 and the
microstructures observations in Figs. 2 and 3 after HPT processing represent a difference
between these two alloys after HPT.

The initial microstructure is a very important factor which affects the amorphization.
Basically, the existence of austenite may delay the amorphization during HPT [14]. The initial
microstructure of the Ti45Ni5Cu alloy contains ~16% austenite whereas the initial
microstructure of the Ti49.8Ni alloy is full martensitic. In addition, the phase transformation
temperatures, the values of AT and the enthalpy of the martensite to austenite transformation are

higher for the binary TiNi alloy as shown in Table 1 which suggests an easier austenitic phase
14
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transformation in the Ti45Ni5Cu ternary alloy. It is important to note that a similar behavior was
reported for a TiNiFe (with 3 at.% Fe) ternary alloy in which the tendency to form the amorphous
phase was low due to the alloy having a stable austenitic structure at room temperature [14].

It is possible to estimate the transformation temperature changes during the applied
pressure of HPT processing by, following an earlier report [15], using the Clausius-Clapeyron
relationship. Calculations show that with an applied pressure of 2.0 GPa the value of As decreases
to ~13 K for the ternary alloy which promotes the austenitic phase transformation. In addition,
heat evolution during the HPT processing is responsible for this transformation [15].

4.2 Microstructural evolution of the ternary alloy during PDA

The results in this investigation show that after 20 turns of HPT the microstructure contains
nanocrystalline and amorphous phases with many boundaries which may act as nucleation sites
due to the occurrence of heat-activated phenomena such as, for example, crystallization of the
amorphous phase after PDA. It is important to note that this inhomogeneity affects further
microstructural evolution during PDA and the formation of a range of grain sizes in the
microstructures from ~30 to ~150 nm after PDA is an important consequence of this initial
inhomogeneity. In addition, the DSC results show clearly that a dual phase of crystalline and
amorphous phases exist as an inhomogeneity in the microstructure after HPT processing. The
non-isothermal analysis suggests that crystallization and recrystallization start at 563 and 658 K,
respectively. A significant drop of hardness as shown in Table 2, and the formation of sharp
peaks in the XRD patterns in Fig. 4 after annealing at 673 K together with the TEM images in
Fig. 6, confirm the occurrence of crystallization. These results indicate that the microstructure
after PDA and ice-water quenching is R-phase together with a minor martensitic B19'. The
appearance of the sharp peak of the R phase in the microstructure after annealing is interpreted
by the suppression effect of the nanograins for the martensitic transformation and the formation
of the B19' phase. It was reported that the R-phase is stable at grain sizes in the range of ~60-150

nm [21]. The present results demonstrate that the grain size in the sample after PDA at 673 K for
15
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30 min is ~90 nm and this is within the range of ~60-150 nm so that the appearance of the R-
phase in the diffraction pattern and the XRD results is consistent with this earlier report.

A grain size comparison of the ternary and binary alloys after identical PDA procedures
shows a smaller grain size in the ternary alloy with ~90 nm versus ~140 nm [9]. It seems,
therefore, that the driving force of crystallization/recrystallization in an almost fully amorphous
binary specimen after HPT processing is higher than for the ternary specimen with a localized
amorphous phase after a similar procedure. The higher energy storage in the material obtained
by DSC analyses in Fig. 3 and the ultimate saturated level of hardness values in Fig. 1 also
confirm this conclusion. Therefore, it is expected that heating of the fully amorphous structure
will lead to more intensive coarsening.

4.3 The shape memory effect in the ternary alloy

It is well-known that a fully martensitic microstructure with appropriate strength will play
an important role in producing the optimum SME [10]. It was found in earlier research that HPT
processing of a binary TiNi alloy followed by the optimum PDA leads to an appropriate
microstructure with an optimum grain size of primary austenite [9]. For clarity, the term optimum
grain size means that it should not be too small either to suppress the martensitic transformation
after quenching and/or to promote the austenite to R-phase transformation. In addition, the grain
size should be sufficiently small to prevent grain growth and a strength drop. The present research
shows the existence of large volumes of the R-phase and it appears not possible to remove the
R-phase after PDA at 673 K even after an extensive annealing for 120 min. It is anticipated that
annealing for an even longer time will promote softening of the material and a consequent drop
in the critical stress due to an increase in grain size, thereby reducing the shape memory effect.

The R-phase plays an important role in the shape memory behavior of the specimens. Thus,
this phase shows pseudoelasticity due to the stress induced R to B19' transformation and also
SME but the available pseudoelasticity and shape memory strains are significantly lower than

for the B19' phase which is very small (~1%). Therefore, it is reasonable to anticipate that the
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existence of the R-phase within the microstructure will lead to a reduction in the SME [22,23].
The high value of the R phase promotes the pseudoelastic behaviour but diminishes the total
recovered strain.

Inspections of the results presented in Fig. 8 and Table 2 indicate that the recovered strain
for the nanocrystalline microstructure of the ternary alloy, obtained after annealing at 673 K for
various times, is not as satisfactory as for binary alloys processed through similar conditions
because of the existence of a high volume fraction of the R-phase. Nevertheless, the total
recovered strain of the ternary alloy after PDA for 30 min has a maximum value of 6.5%.

Close inspection of Fig. 8(a) indicates that PDA for 120 min decreases the flow stress
significantly and an intensive recovered strain is not obtained upon unloading in this condition
by comparison with other PDA conditions. This is due to the larger grain size and therefore
smaller amount of R-phase in this sample due to the longer annealing. However, this sample
shows no significant shape recovery due to the drop in strength of the alloy after heating at 673
K for a long period.

5. Summary and conclusions

1. The ternary Ti-45at%Ni-5at%Cu alloy was processed by HPT through from 1.5 to 20
turns at room temperature. Microstructural examination revealed a resistance to the formation of
an amorphous phase in the ternary alloy due to the easier martensitic to austenitic phase
transformation and the remaining austenite in the initial condition of the ternary alloy.

2. Post-deformation annealing at 673 K leads to crystallization/recrystallization and the
formation of nanocrystalline microstructures containing large volumes of R-phase with a minor
martensitic B19' phase. The formation of nanograins suppresses the martensitic transformation
and the formation of the B19' phase. It appears that a lower driving force of
crystallization/recrystallization in the ternary specimen after HPT processing with a localized
amorphous phase leads to the formation of a smaller grain size after PDA in the TiNiCu alloy.

3. The samples after PDA show stress-induced R to B19' transformations during loading
17
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and significant portions of recovered stain by unloading due to the pseudoelastic effect of the R-
phase. The shape memory effect of the ternary alloy after PDA is not as satisfactory as for binary
alloys processed through similar conditions because of the existence of a high volume fraction
(2.5%) of the R-phase. Nevertheless, the results show a total recovered strain of 6.5 for the ternary
alloy after PDA for 30 min which is a remarkable value for a shape memory alloy.
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