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ABSTRACT 

A novel Zn-3Ag-0.5Mg alloy was plastically deformed using 3 processing paths: hot 

extrusion (HE), HE followed by cold rolling (CR) and high-pressure torsion (HPT). The 

processed samples consisted of the η-Zn phase, ε-Zn3Ag precipitates within the matrix, and 

nanometric Zn2Mg precipitates within the Zn11Mg2 phase located at the grain boundaries. 

Both the η-Zn phase and Mg-rich phases were enriched in Ag. Electron backscattered 

diffraction was used to examine the effects of grain size and texture on mechanical behavior 

with tensile tests performed at room temperature (RT) at different strain rates. The coarse-

grained (~6 µm) samples after HE exhibited high strength with brittleness due to dislocation 

interaction with dispersed precipitates and, to some extent, with twinning activation. 

Significant grain refinement and processing at RT gave an increase in elongation to over 50% 

in CR and 120% in HPT. Ductile CR samples with an average grain size of ~2µm and 

favorable rolling deformation texture gave a yield strength of ~254 MPa, a tensile strength of 

~456 MPa and a reasonable strain rate sensitivity. These values for the CR samples meet the 

mechanical requirements for biodegradable stents in cardiovascular applications. 
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1.  INTRODUCTION 1 

Continuous medical developments and objectives for improving the quality of human 2 

lives have created high demands in the field of materials engineering, especially when 3 

designing new materials for load-bearing applications. In recent years, zinc and zinc alloys 4 

have gained increasing interest as metallic materials in the capacity of short-term 5 

biodegradable implants because of their optimal corrosion rate and biocompatibility. 6 

However, the use of pure Zn in the as-cast state for any structural application is not practical 7 

due to its inherent brittleness and poor mechanical properties 
[1]

.  8 

According to the requirements for cardiovascular applications 
[2]

, the yield strength 9 

(YS), ultimate tensile strength (UTS) and elongation to failure (EF) should exceed 200 MPa, 10 

300 MPa, and ~18%, respectively. Furthermore, the minimum value for EF should be in the 11 

range of 30% when considering the flexibility that is essential for the expansion of stents in 12 

blood vessels. The materials used for stents should exhibit a high UTS/YS ratio, sufficient 13 

ductility, and a high strain-hardening rate in order to avoid localized strain concentrations. 14 

Additionally, there are other concerns, including the high strain rate sensitivity (SRS) of Zn, 15 

the susceptibility to creep, and natural aging 
[1]

. Also, time-dependent behavior under a 16 

constant load and/or very low strain rates and the possibility of secondary phase precipitation 17 

at room temperature (RT) may produce significant microstructural and mechanical property 18 

changes leading to sudden localized damage of the stent. 19 

The low melting temperature of Zn (Tm = 419.5 °C) contributes to its recrystallization 20 

temperature of approximately 12˚C 
[3]

. Therefore, strengthening by plastic deformation is 21 

impossible as the deformed grains undergo rapid recovery as well as grain growth at RT. 22 

Another strengthening approach is via grain refinement which, as indicated by the Hall-Petch 23 

relationship, increases the yield strength and plasticity but only down to a critical grain size 
[4–

24 

6]
. The effect of grain refinement strengthening was partially observed in hot extruded Zn-Zr 25 

[7]
, Zn-Ag 

[8]
, Zn-Cu 

[9]
, Zn-Al and Zn-Mg 

[10]
 alloys. However, in these alloys the mechanical 26 
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properties may improve because of solid solution strengthening, the presence of second phase 27 

precipitates, crystallographic texture, and changing deformation modes which are also 28 

considered in the Hall-Petch equation 
[11,12]

. 29 

The low solubility of elements in Zn means that only a few may form solid solutions 30 

with Zn at RT and only at relatively small concentrations. These elements can contribute to 31 

grain size reduction and changes in the mechanisms taking place during deformation 
[13]

. 32 

Nevertheless, solid solution strengthening alone is not sufficient to meet all of the mechanical 33 

requirements. Earlier research showed that excessive grain size reduction, below ~3 µm in 34 

quasi-single phase Zn alloys after equal-channel angular pressing (ECAP), leads to extreme 35 

elongations of more than 600% and a significant drop in mechanical strength compared to 36 

coarse-grained hot-extruded alloys 
[14]

. In addition, the precipitation of secondary phases 37 

strengthens grain boundaries and successfully hinders the recrystallization-induced grain 38 

growth occurring during hot deformation 
[7–9,15,16]

. 39 

Thus, the fabrication of high-strength ductile Zn alloys with microstructural stability is 40 

challenging, but the approach has been addressed by designing binary and ternary alloys using 41 

different castings, additive manufacturing and other processing techniques 
[17,18]

. In general, 42 

the plastic deformation methods used for grain size refinement in Zn alloys may be divided 43 

into three groups: hot deformation, cold deformation and severe plastic deformation (SPD) 44 

processes. The mechanical properties of selected high-strength (YS > 200 MPa and UTS > 45 

300 MPa) Zn alloys, together with information about their processing methods and applied 46 

strain rates during RT tensile tests, are summarized in Table 1 where these examples are 47 

grouped depending on the final processing temperature. These results lead to three main 48 

conclusions:  (1) Mg, Li, and Cu are the most effective alloying elements in strengthening Zn 49 

alloys via grain refinement and precipitation hardening through the formation of Zn11Mg2, 50 

Zn2Mg, Zn4Li and Zn4Cu phases, respectively; (2) the hot processing of Zn alloys produces 51 

materials meeting the strength requirements but often without the required plasticity; (3) cold 52 
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processing directly after annealing or as a final step of complex processing provides 53 

significantly higher ductility in high-strength Zn alloys.  54 

Table 1. Mechanical properties of selected high-strength Zn alloys. 

HOT DEFORMATION PROCESSES 

Deformation 

process 

Composition  

(wt. %) 

Strain rate  

(s
-1

) 

YS  

(MPa) 

UTS  

(MPa) 

Elongation  

(%) 
Reference 

Hot rolling 

Zn-0.2Li 

1 x 10-3 

245 ± 7 369 ± 18 14 ± 2 
Zhao et al. 

[19] 
Zn-0.4Li 430 ± 14 448 ± 2 14 ± 3 

Zn-0.7Li 476 ± 51 468 ± 4 2.0 ± 0.3 

Hot rolling Zn-0.8Li-0.2Mg no details 254 ± 5 341 ± 5 31 ± 6 
Zhang et al. 

[20] 

Hot extrusion Zn-3Cu-1Mg 1x10-3 427 441 0.9 
Tang et al. 

[21] 

Hot extrusion Zn-1.2Mg 
1mm/min 

(~ 3.3 x 10-4 *) 
220 ± 15 363 ± 5 21 ± 5 

Shen et al. 
[22] 

Equal-Channel 

Angular 

Pressing 

Zn-1.6Mg 1.1 x 10-3 361 423 5.2 
Liu et al. 

[23] 

COLD DEFORMATION PROCESSES 

Hot extrusion  

+ Cold 

drawing 

Zn-0.02Mg 1 x 10-3 388 ± 2 455 ± 2 5.4 ± 0.3 
Wang et al. 

[24] 

Hot extrusion  

+ Cold 

drawing 

Zn-0.08Mg 

after 0 days 
3.3 x 10-3 250 266 30 

Jin et al. 
[25] 

Zn-0.08Mg 

after 1 year 
3.3 x 10-3 383 ± 6 434 ± 6 3.5 ± 0.5 

Zn-0.08Mg 

after 1 year 
1 x 10-3 337 374 34 

Hot extrusion  

+ Hydrostatic 

extrusion 

Zn-1Mg 8 x 10-3 316 435 35 
Jarzębska et al. 

[26] 

Cold rolling Zn-0.5Cu-0.05Mg 2 x 10-3 241 ± 5 312 ± 2 44 ± 2 
Ardakani et al. 

[27] 

Hot rolling 

+ Cold rolling 
Zn-4Cu 1 mm/min 327 393 39 

Li et al. 
[28] 

Hot-warm  

(100 ˚C) rolling 
Zn-0.8Li 3.3 x 10-4 261 401 80 

Li et al. 
[29] 

* assuming 5-fold specimens according to preparation mentioned in paper based on ASTM E8/E8M − 11 

standard method 
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Except for the brittle Zn-1.6Mg alloy attained after ECAP, other Zn alloys processed by 55 

SPD were not included in Table 1 because most studies lead to highly ductile but 56 

insufficiently strong ultrafine-grained Zn-based materials 
[14,30–32]

.  57 

The objective of this research was to examine the characteristics and properties of high-58 

strength, ductile Zn-based materials fabricated by processing using hot, cold and SPD 59 

techniques. Accordingly, a newly-designed Zn-3Ag-0.5Mg alloy, a potentially biodegradable 60 

material for cardiovascular applications, was fabricated and subjected to hot extrusion, hot 61 

extrusion followed by cold rolling and high-pressure torsion at RT.  62 

2. EXPERIMENTAL MATERIAL AND PROCEDURES 63 

2.1.  Materials processing  64 

The Zn-3Ag-0.5Mg alloy (wt. %) was fabricated by melting pure zinc (99.995 wt. %), 65 

silver (99.995 wt. %) and magnesium (99.95 wt. %) at 650 °C in a graphite crucible for 30 66 

minutes using an induction furnace, followed by gravity casting into a steel mold. The ϕ 20 67 

mm  80 mm ingot was annealed at 350 °C for 4 hours to homogenize the microstructure and 68 

then water-cooled. The precise chemical composition was measured using Energy Dispersive 69 

X-ray Spectrometry (EDS) using an FEI VERSA 3D scanning electron microscope (SEM) 70 

equipped with an EDAX microanalysis system. The composition was determined based on 71 

spectra collected at 20 keV and analyzed by EDAX Genesis software utilizing ZAF correction 72 

and averaging several selected areas. The measured weight contents of Ag and Mg were 2.99 73 

± 0.03 wt. % and 0.54 ± 0.04 wt. %, respectively, which is close to the nominal chemical 74 

composition. 75 

The annealed alloy was subjected to three different deformation processes. First, hot 76 

extrusion (HE) was performed at 250 °C with an extrusion speed of 0.1 mm/s and an 77 

extrusion ratio of 25:1 to obtain  4 mm rods. Second, cold rolling (CR) was carried out on 78 

the hot-extruded material in a direction parallel to the rod axis to avoid cracking the coarse-79 
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grained annealed billet. This process was performed with a thickness reduction of up to 75% 80 

at a constant rolling speed of 0.06 m/s. Third, high-pressure torsion (HPT) was performed at 81 

RT under quasi-constrained conditions 
[33]

 with a constant rotation speed of 1 rpm. The 82 

annealed samples with a diameter of 9.8 mm and a thickness of 0.85 mm were processed 83 

under an applied pressure of 6.0 GPa through 5 turns to obtain a reasonably homogenous 84 

microstructure. 85 

2.2. Microstructural characterization  86 

Microstructural observations of samples in the as-cast, annealed, HE, CR, and HPT 87 

states were performed using an SEM equipped with EDS and EDAX Electron Back-Scattered 88 

Diffraction (EBSD) detectors. All samples were prepared by grinding with SiC papers to 89 

#2000 grit and polishing using 3 and 1 µm water-free diamond suspensions. To remove the 90 

residual scratches and deformed layer, low-angle Ar
+
 ion polishing was performed at 2.5 kV 91 

for 45 min. The observations of the as-cast and annealed samples were performed on the 92 

cross-sections and the plastically-deformed samples were examined on longitudinal sections. 93 

Schematic illustrations of the alloy processing routes and the sample preparation are given in 94 

Fig. 1. 95 
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Fig. 1. Schematic of processing routes of the Zn-3Ag-0.5Mg alloy showing sections used for SEM-

EBSD analysis and geometry of tensile samples. Note that the scale in the sample drawings was not 

preserved. 

Lamellae from the extruded Zn-3Ag-0.5Mg alloy were prepared using an FEI Quanta 96 

3D 200i SEM equipped with a focused ion beam (FIB) facility and analyzed using an FEI 97 

Tecnai TF 20 X-TWIN transmission electron microscope (TEM). For phase identification, 98 

EDS data were combined with selected area electron diffraction (SAED) patterns and then 99 

analyzed utilizing JEMS software. The EDAX EBSD system and TSL OIM™ software were 100 

used to acquire and analyze the crystallographic orientation maps. In order to obtain an 101 

optimal number of grains for further analysis, EBSD maps of either 120  120 µm
2
 or 15  102 

15 µm
2
 were acquired with step sizes of either 150 nm (HE, CR) or 30 nm (HPT), 103 

respectively. 104 

The average grain size, crystallographic orientation maps, texture, and grain boundary 105 

misorientation distributions were analyzed using the MTEX toolbox in Matlab™. A single 106 

grain was defined as a set of at least 5 points with a misorientation angle between neighboring 107 
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grains higher than 15°. The misorientation angle for subgrains was set within the range of 3 - 108 

15°. Only grains of the Zn-based matrix were considered and the precipitates of other phases 109 

were excluded from the analysis. Additionally, the phase composition was examined using a 110 

Panalytical Empyrean X-ray diffractometer with CuKα radiation (λ = 1.54 Å). Diffractograms 111 

were collected in the 20 – 90 range of 2Θ angles at 40 kV, 40 mA, with a scanning rate of 112 

0.4˚/min and a step size of 0.02˚. The XRD patterns were analyzed using TOPAS 
[34]

 software 113 

and Rietveld analysis 
[35]

. 114 

2.3. Mechanical properties testing 115 

Tensile tests for materials after HE, CR or HPT were conducted at RT using an Instron 116 

5966 universal testing machine with initial strain rates of 10
−4

, 10
−3

 and 10
−2

 s
−1

. Tensile 117 

specimens were machined from the extruded rods in HE to obtain gauge lengths and 118 

diameters equal to 30 and 3 mm, respectively. Wire electro-discharge machining was used to 119 

cut dog-bone type flat specimens with gauge sections of about 16 × 2 × 1 mm
3
 along the 120 

rolling direction after CR and also to cut micro-specimens after HPT with 1.5 mm gauge 121 

lengths and gauge sections of 0.6  0.7 mm
2
. Based on the recorded force-displacement 122 

curves and equipment specifications, the measurement uncertainties were calculated for the 123 

measured yield stress, ultimate tensile stress and elongation to failure 
[36]

.  124 

3.  EXPERIMENTAL RESULTS 125 

3.1.  Microstructure of the initial material 126 

In Fig. 2 the microstructures and elemental information for the Zn-3Ag-0.5Mg alloy are 127 

shown for (a,c,e) the as-cast and (b,d,f) the annealed states. After casting, the material exhibits 128 

a dendritic morphology with a characteristic lamellar eutectic mixture in the interdendritic 129 

regions. The SEM-EDS elemental mapping in Fig. 2(c) confirms the presence of Ag within 130 

the dendrites, probably existing as a dissolved element in Zn, and there is an increased 131 

concentration of Mg within the interdendritic regions. The main peaks on the X-ray 132 
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diffractogram in Fig. 2(e) originate from the η-Zn matrix phase. According to binary phase 133 

diagrams 
[37]

, the maximum solubility of Ag and Mg in liquid Zn is 3% and 0.1%, 134 

respectively. It was observed during Rietveld analysis that peaks related to η-Zn exhibit 135 

slightly different positions and the c/a ratio of the η-Zn in the alloy is different by comparison 136 

with pure Zn 
[38]

. Thus, dissolved Ag atoms decrease the interplanar distance in the Zn crystal 137 

cell in the c-axis and generally lead to an increase in the c/a ratio of the η-Zn phase with 138 

increasing amounts of Ag 
[39]

. This suggests the presence of Ag and most likely small 139 

amounts of Mg in the η-Zn solid solution. A few peaks of relatively low intensity and the 140 

broadening of some peaks belonging to the η-Zn phase suggest the presence of a small 141 

fraction of secondary phases in the alloy. During indexing of the diffraction peaks, all 142 

possible phases in the Zn-Ag and Zn-Mg systems were considered and it was found that 143 

secondary phases in the alloy correspond to Zn2Mg and probably ε-Zn3Ag. The Zn2Mg phase, 144 

together with the η-Zn phase, is a constituent of the eutectic mixture observed in the 145 

interdendritic regions. 146 

After annealing, the dendritic structure was transformed into large, equiaxed grains and 147 

it is apparent from the SEM-EDS elemental maps in Fig. 2(d) that Ag is more uniformly 148 

distributed within the sample. According to the Zn-Ag phase diagram for a concentration of 149 

3% Ag 
[37]

, after rapid water cooling from 350°C Ag forms a supersaturated solid solution 150 

with Zn of the η-Zn phase. In place of the lamellar eutectic mixture, coagulated grains of Mg-151 

rich second phase form along the primary dendritic boundaries. In addition, the EDS point 152 

analyses marked with yellow crosses in Fig. 2(d) indicate that the average atomic 153 

concentrations of Mg, Ag and Zn in these grains are about 15%, 3% and 82%, respectively. 154 

The corresponding X-ray diffractogram in Fig. 2(f) supports a phase transformation from a η-155 

Zn + Zn2Mg eutectic mixture to a Zn11Mg2 phase enriched in Ag. It should be noted that the 156 

possibility of a small fraction of ε-Zn3Ag phase in the microstructure in the annealed state 157 

cannot be excluded.  158 
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Fig. 2 Microstructures (a,b), EDS elemental maps (c,d), and X-ray diffractograms (e,f) of the as-cast 

(a,c,e) and annealed (b,d,f) Zn-3Ag-0.5Mg alloy. 

3.2  Microstructures after plastic deformation processes 159 

The microstructures of the annealed material after processing through the three different 160 

deformation processes are shown in Fig. 3 where (a,d) is for HE, (b,e) is for CR and (c,f) is 161 

for HPT. It can be seen in Fig. 3(d-f) that the grain size is significantly refined for all three 162 

processing routes. Similar to the annealed state, the bright grains of the η-Zn matrix phase are 163 

located mostly at the grain boundaries whereas the grains of the Mg-rich phase marked with 164 
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red arrows remain in the microstructure. Additionally, precipitates of another intermetallic 165 

phase marked with yellow arrows are visible in the form of small white particles. It is 166 

reasonable to assume that the presence of precipitates hinders grain growth after dynamic 167 

recrystallization, most probably during the processing, together with the breaking of the Mg-168 

rich grains under the applied external stress. 169 

The Mg-rich grains are visible as white grains in Figure 3(a-c) as observed using the 170 

secondary electron mode in the SEM and these grains are distributed vertically in the HE and 171 

CR samples corresponding to the extrusion (ED) and rolling (RD) directions, respectively. It 172 

appears that other small precipitates are more randomly dispersed both at grain boundaries 173 

and within the η-Zn grains. For the HPT sample shown in Fig. 3(c), all precipitates are 174 

distributed uniformly within the η-Zn matrix. The volume fractions of this Mg-rich phase 175 

were estimated as 10.8%, 10.4%, and 8.8% for HE, CR, and HPT, respectively, where this is 176 

consistent with the volume fraction determined for the annealed state which was equal to 177 

10.1%. The slight differences in the topology of the samples shown in Fig. 3(d-f) is due to 178 

variations arising from the metallographic preparation process.   179 

 

Fig. 3 Microstructures of the hot extruded (a,d), cold rolled (b,e) and HPT (c,f) Zn-3Ag-0.5Mg alloy: 

SEM-SE (a-c), SEM-BSE (d-f). Yellow and red arrows indicate the newly precipitated phase and Mg-

rich phase, respectively. 
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Based on the Zn-Ag and Zn-Mg phase diagrams 
[37]

, no phase transformations are 180 

expected below the highest temperature of 250°C applied during processing. Therefore, an 181 

XRD analysis was performed to identify the phases present in the HE sample. The XRD 182 

diffractogram of the HE sample in Fig. 4 confirms the presence of η-Zn and Zn11Mg2 phases 183 

in the microstructure but additional peaks of another intermetallic phase were not detected 184 

probably due to texturing after extrusion and their small volume fractions. Therefore, SEM-185 

EDS and TEM analyses were performed and Fig. 5(a) shows the SEM-SE image of the 186 

extruded sample with the corresponding SEM-EDS elemental distribution maps. As in the 187 

annealed state, Mg occurs mainly in the larger grains composed of the Zn11Mg2 phase and the 188 

small precipitates are enriched in Ag. 189 

 

Fig. 4 X-ray diffractogram of the hot extruded Zn-3Ag-0.5Mg alloy. 

Phase identification of these small precipitates was performed based on TEM 190 

observations and SAED patterns shown in Fig. 5(b,c). It can be seen in Fig. 5(b) that the 191 

micrometric Mg-rich grains are composed of nanosized particles which are much smaller than 192 

100 nm. The SAED pattern indicates a mixture of the Zn11Mg2 phase and fine precipitates of 193 

the Zn2Mg phase where these phases are identified based on spot and ring diffraction patterns, 194 

respectively. Using STEM-EDS analysis performed on a few points marked with red crosses 195 

in Fig. 5(b), the average chemical composition (at.%) was close to 87% Zn, 3% Ag, and 10% 196 

Mg, thereby suggesting that Ag occurs in the Mg-rich regions so that these phases are more 197 

complex with partial substitution of Ag. In addition, it was confirmed that the small 198 

precipitates observed within the η-Zn grains and at grain boundaries do not contain Mg and 199 
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belong instead to the ε-Zn3Ag phase. The average atomic concentrations of the points marked 200 

with yellow crosses in Fig. 5(c) were approximately 82% Zn and 18% Ag and the average 201 

size of the ε-Zn3Ag precipitates was measured within the range of a few dozen to a few 202 

hundred nm. 203 

 

Fig. 5 SEM-BSE image and SEM-EDS elemental maps for element distributions in the investigated 

areas of extruded Zn-3Ag-0.5Mg alloy (a), SEM. TEM bright-field images and SAED patterns 

corresponding to Mg-rich grains similar to the area [A] (b) and Ag-rich precipitates similar to the area 

[B] (c) marked in Fig. 5(a). 

3.3. SEM-EBSD analysis  204 

Measurements by EBSD were used to examine the grain size and grain orientations 205 

after processing. Fig. 6 shows EBSD-IPF orientation maps and misorientation angle 206 

distributions of samples after (a,d) HE, (b,e) CR and (c,f) HPT. All three conditions show 207 

grain refinement compared with the annealed state and Table 2 summarizes the average grain 208 

sizes and the densities of high-angle (HAGB) and low-angle (LAGB) grain boundaries. The 209 

largest grain size was 6.0 ± 2.5 µm after HE but this was reduced to 1.8 ± 1.4 µm by CR and 210 

then to 1.2 ± 1.1 µm after HPT. Subgrains visible in the CR and HPT samples were about 211 
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one-half of the grain size. Most grains were oriented in [0001] directions after HPT but they 212 

were more randomly oriented after HE and CR.  213 

The grain boundary misorientation angle distributions are plotted in Fig. 6(d-f) and in 214 

the CR sample a peak is visible at ~ 87 ± 3 related to the presence of twin boundaries. These 215 

distributions are consistent with the calculated densities of HAGBs and LAGBs in Table 2. 216 

The density of LAGBs relates to the subgrain structure and increases significantly after CR. 217 

By contrast, the highest density of HAGBs occurs in the HPT sample, which is typical for 218 

SPD processing 
[40]

. 219 

 

Fig. 6 EBSD-IPF orientation maps (a-c) and distribution of grain boundary misorientation angles (d-f) 

for Zn-3Ag-0.5Mg alloy after HE (a,d), CR (b,e) and HPT (c,f). Please, pay attention to different scale 

bars in maps a-c. ED – extrusion direction. RD – rolling direction, TgD – tangential direction. 

Table 2. Average grain and subgrain size, and density of HAGB and LAGB after HE, CR and HPT. 

Material 
Grain size  

(µm) 

Subgrain size  

(µm) 

Density of HAGB 

(µm/µm
2
) 

Density of LAGB 

(µm/µm
2
)  

HE 6.0 ± 2.5 5.5 ± 2.1 0.57 0.21 

CR 1.8 ± 1.4 1.0 ± 0.9 3.81 5.75 

HPT 1.2 ± 1.1 0.6 ± 0.3 5.46 1.61 



 14 

 

3.4. Texture analysis 220 

Crystallographic texture analysis was performed based on (0002), (101̅0) and (112̅0) 221 

pole figures recalculated from the EBSD data. These data were measured on sample planes 222 

parallel to ED, RD and the shearing plane in the HE, CR and HPT samples, respectively, as 223 

presented in Fig. 1. Fig. 7 shows the characteristic textures typical for anisotropic hexagonal 224 

close-packed (HCP) metals after (a) HE, (b) CR and (c) HPT.  225 

The HE sample exhibits a (101̅0) fiber texture with the (0002) and (112̅0) poles more 226 

randomly distributed and with a texture that is axially symmetric. The lowest maximum 227 

intensities were recorded in this case. This texture is usually a result of the activation of basal 228 

slip systems during extrusion as is typical for HCP metals while the prismatic planes are 229 

perpendicular to the ED 
[41,42]

.  230 

In the texture for the CR sample, the maximum intensity of the (0002) pole figure is 231 

split into two maxima and tilted towards the RD. Typically, for rolled pure Zn, the (112̅0) 232 

pole aligns with the RD and the (101̅0) pole is parallel to the transverse direction (TD). For 233 

the Zn-3Ag-0.5Mg alloy, the maxima are slightly shifted which is probably related to the 234 

presence of deformed grains. Such texturing originates from a combination of basal slip and 235 

large-scale twinning 
[43]

 and this is consistent with the peak observed in Fig. 6(e) 236 

corresponding to the existence of twin boundaries.  237 

By contrast, the high shear stress in HPT leads to a strong basal texture with the highest 238 

maximum intensity of 24 and with many grains with a parallel c-axis. The six maxima visible 239 

in the prismatic pole figures with a maximum intensity of 6 relates to the 6-fold symmetry of 240 

HCP crystals and the preferred orientations achieved by the crystals during torsional straining 241 

in terms of the tangential monotonic shearing direction (TgD). Similar results were reported 242 

for Zn-Mg hybrids after 5 turns during HPT where there was no prismatic texture and the 243 
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alignment of (101̅0) and (112̅0) with the radial direction (RdD) was in agreement with the 244 

development of a basal texture 
[44]

. Generally, the observed textures of HPT samples are 245 

composed of two constituents corresponding to basal and (0001)[112̅0] textures 
[45]

.  246 

 

Fig. 7 Basal (0002), and prismatic (101̅0), (112̅0) pole figures of HE (a), CR (b), and HPT (c) 

samples. 

3.5.  Mechanical properties 247 

Uniaxial tensile tests were conducted to examine the effect of each processing technique 248 

on the mechanical properties. Tensile tests were performed at three different strain rates and 249 

the results are depicted in Fig. 8(a-c) as engineering stress versus engineering strain for the 250 

HE, CR and HPT samples, respectively. To highlight the differences in mechanical properties 251 

after the various processing routes, all results were summarized in Table 3. 252 
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Fig. 8 Engineering strain-stress curves of Zn-3Ag-0.5Mg alloy and fracture morphologies investigated 

after tensile test conducted at 10-3 s-1 for HE (a,d), CR (b,e), and HPT (c,f) samples. Please, pay 

attention to different scale bars in figures d-f and different elongation ranges on the x-axis. 

Table 3. Mechanical properties of Zn-3Ag-0.5Mg alloy after HE, CR, and HPT with the measurement 

uncertainty values.  

 
YS (MPa) UTS (MPa) Elongation (%) 

Strain rate 

(s
-1

) 
10

-2
 10

-3
 10

-4
 10

-2
 10

-3
 10

-4
 10

-2
 10

-3
 10

-4
 

HE 362 ± 3 283 ± 3 229 ± 2 427 ± 4 359 ± 4 343 ± 3 6.5 ± 0.8 4.1 ± 0.7 11.2 ± 0.8 

CR 321 ± 4 254 ± 4 168 ± 2 456 ± 6 382 ± 5 238 ± 3 30 ± 1 53 ± 1 73 ± 1 

HPT 359 ± 12 214 ± 7 113 ± 4 516 ± 13 327 ± 8 175 ± 5 62 ± 2 122 ± 2 224 ± 6 
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For the HE samples, the YS and UTS values increase consistently with increasing strain 253 

rate but there is no systematic change in the elongations to failure. At the microscopic level, a 254 

brittle mode was confirmed during fractographic analysis as shown in Fig. 8(d) where the 255 

fracture surface has small cleavage facets (marked with white arrows) indicating transgranular 256 

fracture through the Zn-based grains.   257 

The application of CR after hot extrusion leads to higher values of the UTS but the 258 

values of the YS are lower than in the HE condition. This is caused by the grain size 259 

refinement and by the texture present after extrusion, which is more susceptible to tensile 260 

deformation. A transformation from brittle to ductile fracture mode was recorded after CR as 261 

shown in Fig. 8(e) where the fracture surface has numerous spherical dimples and some 262 

tearing edges that are consistent with the observed necking and total elongations to failure 263 

above 30%.  264 

The ultrafine-grained sample after HPT gave the highest UTS of ~516 MPa when 265 

straining at 10
-2

 s
-1

 but the values for the UTS at the two lower strain rates were lower than for 266 

the CR condition. The most significant differences were recorded for the total elongations in 267 

the HPT samples which were much higher than for the CR samples at all three strain rates. 268 

Necking was observed at all strain rates and Fig. 8(f) shows an example of small spherical and 269 

slit-like dimples on the fracture surface. These dimples are significantly deeper than in the 270 

rolled state and the elongation to failure was double the value for the CR state. In ductile 271 

fracture modes, the ε-Zn3Ag phase precipitates and Mg-rich grains are not responsible for 272 

initiating cracks and it appears that other deformation mechanisms, such as grain boundary 273 

sliding (GBS) 
[14]

, may be responsible for the high ductility in the fine-grained samples. 274 

4.  DISCUSSION 275 

4.1  Effect of simultaneous additions of silver and magnesium on the initial 276 

microstructure 277 
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Microstructural investigations reveal that the simultaneous addition of Ag and Mg to 278 

pure Zn leads to a multi-phase microstructure in the Zn-3Ag-0.5Mg alloy. According to the 279 

Zn-Mg and Zn-Ag phase diagrams 
[37]

, the phases that may appear in equilibrium conditions 280 

at RT are the η-Zn solid solution enriched with Ag, ε-Zn3Ag, and Zn11Mg2. Nevertheless, it is 281 

noted that in the ternary Zn-Mg-Ag system a substitution of Zn and/or Ag sites in the ε-Zn3Ag 282 

phase with Mg atoms and Zn and/or Mg sites in the Zn11Mg2 phase with Ag atoms may be a 283 

possibility. During crystallization, the alloy undergoes a peritectic reaction (L + ε-Zn3Ag  284 

η-Zn) in which the primary ε-Zn3Ag phase is formed.  As a result of this reaction together 285 

with liquid, there is a partial formation of a η-Zn solid solution.  286 

Some local heterogeneities and nonuniform distributions within the η-Zn phase may 287 

appear at 3% Ag leading to further precipitation of the ε-Zn3Ag phase with decreasing 288 

temperature and, as the temperature drops below 364°C, the remaining Mg-rich liquid 289 

undergoes a eutectic reaction. As documented for Zn-0.5Mg alloy 
[46]

, two kinds of 290 

competitive eutectic mixtures, of the form Zn + Zn11Mg2 and Zn + Zn2Mg, can appear. It was 291 

also shown that, due to non-equilibrium solidification, the MgZn2
 
phase appears in the Zn-292 

1.8%Mg alloy 
[47]

.
 
Based on the XRD diffractogram in Fig. 2(e), the η-Zn + Zn2Mg eutectic 293 

mixture formed in the as-cast state and, as a result of annealing and subsequent water cooling, 294 

the eutectic regions transformed to grains of the Zn11Mg2 phase enriched in Ag with a 295 

morphology similar to the grains reported earlier for the Zn-0.5Mg alloy 
[10]

. Interestingly, a 296 

large number of nanometric particles of the Zn2Mg phase precipitated after plastic 297 

deformation. This is consistent with the results for a Zn-1.6Mg alloy where precipitates of the 298 

Zn2Mg phase also formed in the larger Zn11Mg2 grains after a hot ECAP process 
[23]

.  299 

Precipitation of the ε-Zn3Ag phase occurred either during HE or in the cooling after 300 

processing due to the limited solubility of Ag in Zn at 250˚C. It appears that in the sample 301 

after CR the phase composition remains the same. The precipitation of the Zn2Mg and ε-302 

Zn3Ag phases may occur as larger plastic strains are applied during HPT processing. 303 
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According to the STEM-EDS analysis, the Mg-rich phases are enriched in Ag and the similar 304 

atomic radii of Ag (144 pm) and Mg (145 pm) suggests that Ag can substitute Mg in these 305 

phases.  306 

4.2  Effect of microstructure and grain size on mechanical behavior 307 

In polycrystalline HCP materials, deformation begins by slip and, due to insufficient 308 

strain accommodation, the slip is accompanied by twinning. The grain size plays a vital role 309 

in the activation of twinning. Thus, it was shown that the critical stress for twinning in Zn 310 

alloys increases with a decrease in grain size, and the contribution of twinning to the total 311 

deformation increases with increasing grain size 
[48]

. As documented for pure Mg 
[49]

, a 312 

decrease in grain size below a critical value of ~2.7 µm inhibits twinning and promotes 313 

dislocation slip and other deformation mechanisms. The twinning occurring in coarse-grained 314 

HCP metals contributes to higher strengthening and lower plasticity than in fine-grained 315 

metals and this is consistent with the present results for the HE alloy where this sample 316 

exhibits the highest YS for all strain rates. The decrease in YS caused by microstructure 317 

refinement in the CR and HPT samples suggests the advent of other mechanisms such as grain 318 

boundary sliding (GBS).  319 

It is well known that the size, morphology and distribution of microstructural features 320 

play a significant role in determining the strength and ductility. Typically, hard precipitates 321 

located at grain boundaries do not produce reasonable plasticity 
[50]

. However, despite the 322 

apparent brittleness of the HE samples, in the CR and HPT states the Mg- and Ag-rich 323 

precipitates have similar sizes and morphology but exhibit increased ductility which is 324 

probably due to the occurrence of GBS. This flow mechanism will affect the accommodation 325 

of external stresses and thereby produce additional deformation instead of brittle fracture 
[14]

. 326 

As a result, high-stress zones are formed around the intermetallic precipitates and these will 327 

hinder grain movement and act as nucleation sites for new dynamically-recrystallized grains, 328 

as was observed in a Zn-3Cu-xFe alloy 
[51]

.  329 
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4.3  Effect of strain rate on mechanical properties 330 

Zinc is characterized by a low melting temperature and therefore deformation of 331 

samples processed at RT may be analyzed using mechanisms associated with elevated 332 

temperature tensile testing. Thus, the steady-state strain rate, 𝜀,̇  may be expressed by the 333 

relationship: 334 

𝜀̇ =
𝐴𝐷𝐺𝑏

𝑘𝑇
(

𝑏

𝑑
)

𝑝

(
𝜎

𝐺
)

𝑛

 

where 𝐴 is a dimensionless constant, 𝐷 is the appropriate diffusion coefficient, 𝐺 is the shear 335 

modulus, 𝑏  is the Burgers vector, 𝑘 is Boltzmann’s constant, 𝑇 is the absolute temperature, 𝑑 336 

is the grain size, 𝜎 is the applied stress, 𝑝 is the inverse grain size exponent and 𝑛 is the stress 337 

exponent which is equal to the inverse of the strain rate sensitivity, m.   338 

Based on the UTS in Table 3, the values of m were calculated for the strain rate ranges 339 

of 10
-2

 – 10
-3

 s
-1

 and 10
-3

 – 10
-4

 s
-1

 and the results are presented in Fig. 9(a). Similarly, the 340 

variation of the elongation to failure with strain rate is shown in Fig. 9(b). The elongations 341 

recorded in this investigation reached a maximum of 220% in the HPT sample at a strain rate 342 

of 10
-4

 s
-1

 and the associated strain rate sensitivity was m  0.27. Thus, these results fail to 343 

fulfill the requirements for superplasticity where, by definition, the elongations must be at 344 

least as high as 400% with a value of m  0.5 
[52]

. The limited elongation and the value of m 345 

close to ~0.3 obtained for the HPT sample are consistent instead with dislocation glide as the 346 

rate-controlling flow process 
[53]

. By contrast, there are some earlier reports documenting true 347 

superplastic flow in tensile testing at RT in some ultrafine-grained Zn alloys obtained by SPD 348 

processing: for example, elongations of 510% in a Zn-0.5Cu alloy 
[54]

, 520% in a Zn-5Al 349 

alloy 
[55]

 and up to 1000% in a Zn-0.3Al alloy 
[56]

.   350 
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Fig. 9 Variation of the ultimate tensile strength (a) and elongation (b) versus strain rate. 

4.4  Implications of these results for the production of cardiovascular stents 351 

High flow stress, low yield stress, and therefore high strain hardening ability is desirable 352 

when considering materials for stent production. Together with the appropriate ductility, it 353 

provides an adequate plastic deformation range within which the stent can be radially 354 

expanded inside the vessel, thereby avoiding localized strain concentrations or premature 355 

fractures. This is mainly associated with developing resistance to dislocation slip by twin 356 

boundaries, high-angle grain boundaries and second-phase particles 
[57]

. The strain hardening 357 

exponent, n, was estimated from double logarithmic true stress-true strain curves (not 358 

presented here) within the uniform plastic deformation ranges for the HE, CR and HPT 359 

samples.  360 

The general observation made for samples after the three deformation methods was that 361 

the strain hardening exponent was high at the low strains and then decreased at higher strains. 362 
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This behavior was observed for all tested strain rates and the changes of n between low strain 363 

ranges and high strain ranges was most significant, while differences between different strain 364 

rates and different materials was much less pronounced. The changes of n with strain 365 

variation was previously observed in various metals and alloys and the character of these 366 

changes was described as being dependent on phase composition and the presence of 367 

structural or phase transformations during the deformation 
[58]

. The increased strain hardening 368 

exponent in the low strain range was observed in martensitic steels due to Ni3Al precipitation, 369 

followed by decreased n at high strains 
[59]

. Similarly, in the currently investigated Zn-3Ag-370 

0.5Mg the initial high n value can be explained by dislocation interactions with dispersed Zn3-371 

Ag and Zn11Mg2/Zn2Mg precipitates (Fig 5). After the initial hardening, the generation rate of 372 

new dislocations and the dislocation – precipitate interaction number reaches equilibrium, 373 

resulting in a decreased strain hardening exponent. At higher strains in zinc alloys the 374 

dislocation density can be controlled by a relatively high rate of dynamic recovery due to the 375 

high homologous temperature of deformation. In addition, as the material is hardened, at 376 

higher strains different deformation mechanisms such as GBS become more important 377 

resulting in decreased hardening ability and increased plasticity. 378 

For the HE samples, the initial strain hardening exponent n was similar at all strain rates 379 

and equaled about 0.3. Further straining led to a change of n to lower values, below 0.16, but 380 

within a narrow deformation range before the brittle fracture. For comparison, the Zn-0.5Mg 381 

extruded alloy with a grain size of 4.1 µm tested at 10
-3

 s
-1 

exhibits a strain hardening 382 

exponent equal to 0.22 within the whole uniform plastic deformation range 
[60]

. The higher n 383 

value obtained in the same conditions for the Zn-3Ag-0.5Mg alloy can result from the 384 

presence of dispersed precipitates, whereas in the microstructure of the Zn-0.5Mg alloy there 385 

are Zn11Mg2 particles which are located mostly at grain boundaries. The additional strain 386 

hardening effect in the Zn-3Ag-0.5Mg alloy can result from Ag solid solubility in the Zn 387 

matrix. On the other hand, the analyzed strain hardening behavior stands in contrast to the 388 
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results shown for quasi single-phase extruded Zn-0.8Ag alloy with a grain size of 50.3 µm, 389 

where increasing strain caused the increase in the strain hardening exponent from 0.07 to 0.22 390 

[14]
. That observation was explained by the twinning deformation in the first stage resulting in 391 

decreased initial strain hardening, followed by an increase of n due to strong dislocation-twin 392 

interactions in the second stage. In the current study, twinning is still possible in coarse 393 

grains, however the much lower average grain size (6.0 ± 2.5 µm), decreases the ability of 394 

twinning to act as a primary strain accommodation mechanism and removes the possibility of 395 

decreased n at the onset of deformation. By contrast, the presence of second phase precipitates 396 

and solid solution strengthening due to higher Ag content in the Zn-3Ag-0.5Mg alloy leads to 397 

a stronger strain hardening in the first stage of deformation. 398 

In the CR samples, at the first stage, strain hardening occurred with n having values 399 

from 0.29 to 0.39 at 10
-4

 s
-1

, and 10
-2

 s
-1

, respectively. Similarly to HE, this is generally 400 

associated with an increase in the dislocation density during deformation and dislocation-401 

precipitate interactions. At higher strains, n decreases to values between 0.15 and 0.09 with 402 

decreasing strain rate. As presented in Figure 6b, the microstructure of the Zn-3Ag-0.5Mg 403 

alloy after CR consists of grains with a wider size distribution, and the overall distribution is 404 

shifted towards a more refined microstructure. A smaller grain size and higher grain boundary 405 

density allow the GBS to contribute much more to the overall deformation behavior, resulting 406 

in increased plasticity and a decreased hardening exponent especially at lower strain rates.  407 

The samples after HPT processing exhibit the largest strain hardening exponent in the 408 

low strain range in comparison to the HE and CR samples. Initially, the n exponent reaches 409 

0.50 at 10
-2

 s
-1

 and about 0.46 at lower strain rates and then decreases to about 0.11 in the high 410 

strain region. High n values are associated with a strong basal texture (Fig. 7c) and the large 411 

fraction of HAGB with misorientation angles below 30˚ (Fig. 7f). In this case, a relatively 412 

sharp basal texture results in a quicker dislocation pile-up and thus a higher strain hardening 413 

exponent in the initial deformation stage. Further straining leads to an increase in dislocation 414 



 24 

density, possibly followed by dynamic recrystallization which can introduce changes in grain 415 

boundaries structures and increase of the average boundary misorientation angle. 416 

Consequently, the ultrafine-grained HPT specimens at higher strains became more prone to 417 

GBS because of the higher fraction of high-energy grain boundaries providing very high 418 

plasticity 
[61]

. Similar results were also reported for ultrafine-grained pure Zn 
[62]

, Zn-0.5Cu 419 

[63]
 and the Zn-22Al eutectoid alloy 

[64]
 after processing by HPT. 420 

 As mentioned earlier, it is crucial for a material under consideration for stent 421 

production to exhibit a strain hardening ability within the required range of deformation. In 422 

the CR and HPT samples, the hardenability was recorded in a significantly wider strain range 423 

than in the HE samples where this is mostly related to the smaller grain sizes and higher 424 

densities of grain boundaries. Ideally, the transition from strain hardening to strain softening 425 

should be avoided, and based on results presented for the Zn-1Cu 
[65]

 and Zn-4Ag-0.6Mn 
[66]

 426 

alloys this may be addressed by additional heat treatment after cold deformation processes. In 427 

fact, the observed differences in strain hardening exponent n between the tested specimens 428 

may be affected by several factors such as grain size, strain level (as discussed above), strain 429 

rate, texture and grain boundary character distribution.  430 

An appraisal of all data obtained from this investigation shows that processing by HE, 431 

CR and HPT provide materials that have reasonable properties for the production of 432 

biomedical stents. Nevertheless, it appears that the ductile CR samples are especially 433 

attractive for meeting the requirements for use in cardiovascular applications. Thus, the 434 

average grain size is ~2 µm, there is a favourable rolling texture, a YS of ~254 MPa at a strain 435 

rate of 10
-3

 s
-1

, a corresponding UTS close to ~400 MPa and reasonable values for the strain 436 

rate sensitivity and strain hardening exponent. 437 

5.  SUMMARY AND CONCLUSIONS 438 
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1. This work focused on processing a high-strength ductile Zn-3Ag-0.5Mg alloy via hot, 439 

cold and severe plastic deformation techniques and identifying the factors influencing 440 

the flow properties.  441 

2. A high strength but relatively brittle Zn alloy was obtained by hot extrusion. The 442 

additional application of cold rolling after HE gave a significantly enhanced ductility 443 

and a negligible decrease in the yield and flow stress. Processing by HPT gave a very 444 

high strength and excellent elongations to failure but with a relatively high strain rate 445 

sensitivity.  446 

3. The optimum processing condition for the production of cardiovascular stents appears 447 

to be cold rolling after HE where there is a reasonable yield stress and ultimate tensile 448 

stress, and good values for the strain rate sensitivity and strain hardening exponent. The 449 

results appear to satisfy the listed requirements for short-term biomedical implants but 450 

further research will be needed to evaluate the biodegradation behavior and relevant 451 

biological aspects.  452 
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