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While there is now a considerable amount of knowledge in the area of failure analysis of
aerospace Al-alloys, the use of higher strength 7xxx alloy for new airframe application
requires a more comprehensive understanding of the failure mechanisms at play. As high
strength is known to be detrimental for fracture toughness, which is a critical parameter
in damage tolerant concepts and aerospace design, it is relevant to analyse the influence
of strength. and the microstructural conditions related to this high strength, on toughness.

Systematic material characterisation has been carried out on three high strength 7xxx
aluminium alloys in peak-aged and overaged conditions: 7150, Zr-containing 7449 and
Mn-containing 7449. Various microstructural features controlling the fracture process
were considered: differential scanning calorimetry (DSC) has been used to characterise
the content of n/n’ strengthening precipitates in the alloys, whilst the amount of coarse
intermetallics, and particularly of the undissolved S-phase (Al,CuMg), was studied via
image analysis. The grain structure and grain boundary characteristics (precipitate free
zone (PFZ) and grain boundary precipitates) were also assessed. Standard K. tests were
performed in accordance with ASTM E399. Several failure mechanisms have been
revealed by fractographic analysis: coarse voiding at intermetallics, fine tensile voiding
and a combined intergranular/transgranular shear fracture mode. In the Zr containing
alloys in particular, the increase in toughness with increased overageing is accompanied
by a change in fracturé mode from predominantly intergranular/transgranular shear
failure to coarse voiding. A fracture toughness model was derived based on the
microstructurally dependent work hardening factor, Ky, introduced in Ashby’s theory of
work hardening, combined with the semi-empirical model for plane strain fracture
toughness developed by Hahn and Rosenfield. This model predicts a linear relationship
between K, and K40‘85/ay30'35 which is shown to be consistent with the experimental data,
independent of the failure mechanism.

The application of a recently developed retrogression and reageing (RRA) heat
treatment to thick 7449 plates was also studied. The modelling approach considered the
temperature within the plate as a function of time, derived from heat transfer models,
combined with the influence of the temperature-time profile on the alloy microstructure,
evaluated using a equivalent time variable, and showed that the suitable theoretical range
of RRA treatment is narrow. Retrogression treatment holding temperature must be
between 180°C and 200°C and the heating rate between 10°C/h and 100°C/h.
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Chapter 1

Introduction

Reducing cost and/or increasing performance has always been the goal of
airframe manufacturers (see e.g. [1]). This can be achieved in the production of
aluminium alloys in various ways:

o  Weight savings due to enhanced mechanical properties, and hence
higher capacity of the aircraft in terms of range, passenger load or
freight load.

o Weight savings by reducing density of alloys used, particularly in the
development of Al-Li-X alloys.

e Reduction in manufacturing cost.

It is particularly the first approach that has led to the development of the AA7449 alloy
[2]. which is especially designed for upper wing skin applications (a compression load
dominated structure). In its development, Pechiney Rhenalu used both trials and
metallurgical simulation of different alloy compositions and heat treatments [3].
Compared to the incumbent 7150-T651 aluminum alloy, AA7449-T651 has a 10%
increased strength level. Whilst the increased strength satisfies one key property
requirement, progress in the design of structures using Damage Tolerance theory and
service experience have shown that enhanced toughness and stress corrosion cracking
(SCC) resistance are also critical [1,4]. Apart from the improved yield strength. the
AA7449 alloy also possesses an increased resistance to SCC [2]. However, the
toughness, and particularly the relationship between the toughness and the
microstructural features of this alloy, have not as yet been precisely determined. This is
due to the complexity of the microstructure which typically does not allow an
independent systematic variation in key parameters to determine their respective
influence on the mechanical properties. In the complex Al-Zn-Mg-Cu based commercial
7xxx aluminium alloys, alloy processing parameters are interdependent. For instance, it is

well known that increasing the solute content (Zn,Mg,Cu) of these precipitation
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strengthened aluminium alloys will raise the maximum attainable yield strength, but,
modifying the solute content will also influence grain boundary precipitate formation,
quench sensitivity and precipitate free zone formation, all of which can be detrimental to
the other mechanical properties. Therefore, progress in 7xxx alloy development must be
accompanied by extensive study of the evolution of the mechanical properties in relation
to microstructural changes as a whole during commercial alloy manufacturing. For 7449
and 7150 alloy applications, the compromise between strength and toughness properties
in different ageing conditions is of particular interest.

Hence, the first aim of the present study is to compare, analyse and model the
fracture behaviour of the 7449 and 7150 aluminium alloys and its evolution with ageing
treatment in order to elucidate the relationship between the fracture toughness and the
alloy microstructural features and strength. As such, a range of experimental tests have
been carried out, including (a) mechanical testing: tensile tests, notch tensile studies,
arrested crack tests and toughness tests, and (b) microstructural investigation:
particularly, differential scanning calorimetry (DSC) experiments; and transmission
electron microscopy (TEM). A fractographic study has been carried out to determine
precisely the fracture mechanisms and their interaction with microstructural features such
as grain and subgrain boundaries and coarse intermetallic particles. These results were
subsequently used in the analysis of the fracture process and the modelling of the fracture
toughness.

Ageing treatment is a fundamental aspect of precipitation hardened 7xxx alloy
manufacturing. In recent years a three-step heat treatment known as retrogression and
reageing (RRA) has been developed which gives enhanced SCC resistance properties
while retaining commercial strength and toughness level. This ageing treatment has been
commercially applied with success to 7xxx alloys. However, RRA treatment parameters,
i.e. holding temperatures, heating rates, duration, vary with the 7xxx alloy studied.
Furthermore, for thick 7xxx plates, the requirement for property homogeneity throughout
the plate adds restrictions on RRA treatment parameters. The application of RRA
treatment to 7449 alloys and more specifically to thick 7449 alloy plates is of commercial
interest but requires calibration of RRA parameters. Hence, the second aim of this study

has been developing an insight into the relationships between heat treatment, mechanical
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properties and homogeneity properties. To this end, modelling of transformation using
heat transfer models and an internal state variable approach has been implemented to give
a systematic approach to RRA treatment calibration.

The present thesis is structured as follows: the main characteristics of the 7xxx
aluminium alloys are reviewed in chapter two, including; the use of the 7xxx aluminium
alloys in the aircraft industry, precipitation strengthening mechanisms in 7xxx alloys, the
relationship between microstructure, strength and toughness properties, and the RRA heat
treatment and its implications in the improvement of 7xxx aluminium alloy properties.
Chapter three considers the application of fracture mechanics to the determination of
plane stain fracture toughness and reviews fracture toughness modelling attempts. The
experimental techniques used are detailed in chapter four. The results of the
microctructural investigation and mechanical testing are presented in chapter five. The
analysis of these results and the modelling of fracture toughness are described in chapter
six. Modelling of RRA treatments applied to thick 7xxx alloy plate is developed in

chapter seven. Finally, chapter eight presents the main conclusions from this study.

(%]



Chapter 2

High strength 7xxx aluminium alloys

2.1 Introduction

The materials investigated in this study are Al-Zn-Mg-Cu based alloys:
specifically the 7150 and 7449 compositions. These alloys offer high strength levels and
are commonly considered for upper wing skin in civil airframe manufacture.

The standard nomenclature for these alloys as well as their heat treatments is
explained in section 2.2. An historical overview of the development of the 7xxx
aluminium alloy in the aircraft industry is given in section 2.3.

The 7xxx aluminium alloys are particularly sensitive to precipitation hardening.
Their high strength is due to the formation of precipitates during ageing heat treatment
following a suitable processing route. The precipitation hardening and processing route
background is covered in section 2.4.

The influence of the complex microstructural features of commercial 7xxX
aluminium alloys on the strength and toughness is reviewed in section 2.5.

Improved property combinations in 7xxx aluminium alloys can be achieved
through optimizing heat treatment. The use of retrogression and reageing (RRA), a
relatively novel heat treatment developed to achieve a combination of high strength and

stress corrosion cracking resistance, is reviewed in section 2.6.

2.2 Standard nomenclature: alloy and temper

The International Alloy Designation System (IADS) for wrought products,
introduced in 1970, is widely accepted (see e.g. [5]). This system gives each wrought
alloy a four digit number of which the first digit is assigned on the basis of the major

alloying element. Hence, the 7xxx series is associated with zinc and magnesium as major
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alloying elements.

The second digit commonly indicates purity or alloy modification. A zero
indicates an early alloy specification; integers 1 to 9 refer to alloy modification, all alloys
exhibiting a close relationship.

The [ADS system also deals with temper designation in order to specify
mechanical properties of an alloy and the way they were achieved. The system designates
each temper with a letter and digits added as suffix to the alloy number. A summary of
temper designation is presented in Table 2.1. Stress-relieved wrought products are
designated by additional digits; e.g. the Tx51 temper refers to alloys stress-relieved by
stretching (0.5-3% for a plate) and in the same way Tx52 refers to alloys stress-relieved
by compression; Tx53 is stress-relieved by thermal treatment.

The most commonly used heat treatments for wrought 7xxx alloys are T6 and T7.
T6 represents a temper design to achieve the peak strength of the alloy. T7 is an overaged
temper. Several overageing temper have been developed for commercial use, they are
differentiated by a second digit. The most widely used overageing tempers for aluminium

alloys in the aircraft industry are T73 and T76.
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Letter Condition Digit Properties
F As Fabricated
0 Annealed-wrought
products only
H Cold work 1 Cold worked only
2 Cold worked and partially annealed
3 Cold work and stabilized
w Unstable temper
ages spontaneously
at room temperature
after solution
treatment
T Heat treated (stable) 1 Partial solutionizing+natural ageing
2 Annealed-cast products only
3 Solutionize+cold work
4 Solutionize+natural ageing
5 Artificially aged only
6 Solutionize+artificial ageing
7 Solutionize+stabilizing
8 Solutionize+cold work+artificial ageing
9 | Solutionize+artificial ageing+cold work

Table 2.1: Temper designation system.
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2.3 Historical overview of the 7xxx aluminium ailoys in the aircraft industry

Al-Zn-Mg based aluminium alloys were first developed in the 1920s in Germany
(see e.g. [6]). Development was driven by their relatively high static strength. The first
use for aircraft wings was achieved in 1938 with the X74S alloy (5.2%Zn, 2.1%Mg,
1.5%Cu, 0.4%Mn), although this alloy was susceptible to SCC. Further development
used an empirical approach, e.g. additions of Cr were made to the X748 alloy to obtain a
higher resistance to SCC, although the underlying physical mechanisms were not well
understood at the time. This led to the release of the 7075-T6 alloy (5.1-6.1%Zn, 2.1-
2.9%Mg, 1.2-2%Cu, <0.3%Mn, <0.4%Si, <0.5%Fe) in 1943, used as sheet for the skin
and the stringers of the upper wing skin of a late version of the B-19 Super Fortress, with
a weight saving of over 180kg per airplane. Sheet, extrusions, forging and plate were
available by 1946. The crash of three Comet jet airplane manufactured with 7075 type
alloy in the 1950s highlighted the need for damage tolerance approach in material
selection [7].

The demand of aircraft designers for improved strength, corrosion resistance and
fracture resistance has lead to numerous advances in composition and heat treatment of
7xxx aluminium alloys. The two step T73 overageing treatment was developed following
experiments which showed that ageing at temperatures above 150°C increased the
resistance to SCC in the short transverse direction and that adding a first ageing step near
120°C minimized the strength loss of the aforementioned step. The first application of the
7075-T73 appeared in the DC10 aircraft [5]. Further heat treatments were developed to
respond to specific problems, such as the T76 overaged temper used to address the issue
of exfoliation corrosion.

As effects of the alloying elements became better understood, new alloys
containing optimized combinations of these elements were studied. Under the
sponsorship of the United States Naval System Command and the United States Air
Force Materials Lab., from among 28 candidates an optimized alloy for property balance
was released in 1971 as 7050 (6.2%Zn, 2.3%Cu, 2.25%Mg, 0.1%Zr). It became the main
construction material of the F18 and was used in many other aircraft. At this time Boeing

was looking for a high strength alloy to replace the 7075-T6 used for their upper wing
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skins. The 7150-T6, a slightly modified 7050 alloy, proved to be successful and was used

as extrusions and plate for Boeing’s 757 and 767 aircraft.

Challenging technical and cost specification for new plane such as the Airbus
A380 have led Pechiney Rhenalu to produce the 7449 alloy which is particularly suited in
T651 and T7951 conditions for compression dominated structures such as the upper wing
skin and in T6511 and T79511 for upper wing skin stringers [8]. Improved dimensional
tolerances are also achieved through good age forming capability of the alloy in overaged

temper T7951 and T7651 [9].

2.4 Precipitation strengthening of 7xxx alloys

2.4.1 Processing route

The mechanical properties of 7xxx alloys are achieved through a multistage processing
route. Commercial processes are usually optimized for each alloy. The thermomechanical

treatment of a conventional commercial alloy consists of five basic steps [10]:

e Homogenisation: After casting, ingots have a microstructure characterised

by inhomogeneous concentrations of alloying elements, and the presence of
coarse precipitates. Homogenisation heat treatments (typically around
470°C) are designed to reduce the amount of coarse precipitates by
dissolving them and to homogenise the distribution of elements within the

cast dendrite structure by diffusion.

e Hot rolling: During hot rolling the coarse cast grain structure is broken up to
form a finer grain structure orientated in the rolling direction. Rolling also
separates intermetallic clusters to some extent, leading to bands of

intermetallics orientated in the rolling direction.

e Solutionizing: To obtain a solution of the alloying elements from which an
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optimised hardening precipitation will occur, solution treatment 1is
performed typically at 470-475°C for 7xxx alloys (7xxx alloys achieve
complete solid solubility in the range 455°C-530°C [11]). Solutionising is
designed to dissolve deleterious phase such as n (MgyZn), T (AlsCuMgs)
and S (AlL,CuMg).

e Quenching: The alloy is rapidly cooled to obtain a supersaturated solution of

both vacancies and alloying elements.

e Ageing or precipitation hardening heat treatment; This leads to a

decomposition of the supersaturated solution resulting in a fine dispersion of
precipitates. Prior to this step commercial plates may also be stress relieved
by stretching (which may also provide a degree of work hardening and

dislocations for heterogeneous precipitation).

Precipitation reactions depend also on the composition of the alloy. In this sense, the Al-

Zn-Mg-Cu system is complex [12,13,14]. Several examples of phase diagrams are given

in Fig. 2.1.
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Figure 2.1: a) Phase diagram of Al-Zn-Mg-1.5%Cu at 460°C (S=A[,Cublg,
T=AlsCuMg /Al;5(Mg, Zn) 49,n=MgZn;) after Polmear [5]
b) Projection of the aluminium corner of Al-Cu-Mg-Zn diagram, phase
distribution in the solid; after Mondolfo [12]
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2.4.2 Precipitation strengthening

7xxx aluminium alloys are generally developed for high strength which is of

course directly linked to the microstructure - particularly the finely dispersed precipitates

formed during heat treatments. The quantity and distribution of these precipitates changes

with the heat treatment applied. Although some authors have identified other

precipitation mechanisms for non-commercial heat treatment [15], the mechanism of

precipitation in copper containing 7xxx alloys is usually presented as (see e.g. [5.15.16])

Super Saturated Solution a(Al-Zn-Mg-Cu) — o + GP zones — o +1' —a+nor T

The main precipitates involved in this sequence are described below.

Most studies consider two types of Guinier-Preston zones (GP zones)
[17,18,19]. GP(I) are spherical solute-rich atom clusters that form
during low temperature ageing, whilst GP(Il) are vacancy rich clusters
that form during quenching [18]. They are formed by diffusion of
atoms over very short distances leading to a fine, high density
dispersion. GP zones retain the basic structure of the matrix and are
coherent with it [17]. The GP(I) zones solvus temperature is low,
hence they often disappear rapidly during commercial artificial ageing
[17,20]. GP(II) zones are more stable (they have been shown to coexist
with ' after ageing treatments conducted at 100°C [18]) and act as
preferential nucleation sites for n'. This fact provides the basis for
double step ageing treatment applied to Al-Zn-Mg alloys. GP zones
are formed during the first step ageing and 7', and 1, are formed during
the second step. The positive influence of the presence of GP zones on
the ' formation results from the fact that the number of zones acting
as nucleation sites can be much larger than the number of n' nuclei
formed in one-step ageing [19]. As GP(I) zones dissolve during

commercial heat treatment, they do not directly influence the
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mechanical properties in commercial heat treatment, except by
promoting a fine dispersion of ' and 1 (see below).

If an Al-Zn-Mg(-Cu) alloy is aged at around 60-180°C for sufficient
time, n' will form. n' nucleation sites can be a) concentration
fluctuation following dissolution of low concentration GP zones. b)
GP zones of overcritical size, ¢) quenched-in clusters rich in vacancies,
d) impurity atom cluster [17]. The strength of the alloy is higher when
this phase is homogeneously distributed in the alloy. n’ is a hexagonal
phase believed to be partly coherent with the matrix [15]. 7
precipitates appear as plate shaped particles, approximately 30A thick
and 50A in diameter [19] (up to 200A in diameter when they form on
dislocations [21]). They are present on different matrix planes with
several orientation relationships [22]. The exact composition of 7' is
difficult to estimate due to its small size. Early work by Auld and
Cousland [23] reported a composition for an Al-Zn-Mg alloy as
MgsZn 1 Al, although, in general, a MgZn, composition is accepted
(see e.g. [5],[15]). Recent work using atom probe analysis has shown
some evidence for a composition having the formula Mg(Zn,Cu,Al),
[24]. Li et al. [19] using high resolution electron microscopy have also
proposed a model of the compositional structure for Al-Zn-Mg alloys
which suggests a formula close to MgyZns Aly.y.

1 is the equilibrium phase in commercial alloys, it is also a hexagonal
phase which is incoherent with the matrix. At high ageing
temperatures (above 190°C) T phase, (Al,Zn)sMgs,, may appear [15].
n has a slightly different crystalline structure to n’, and is formed if the
alloy is over-aged (ageing for a longer time or at a higher
temperatures). Its composition is usually referred as being identical to

n' [15]. m forms heterogeneously on grain boundaries [25] and

dislocations [26].

Precipitation hardening is the dominant strengthening mechanism in 7xxx alloys.

12
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The strengthening of alloys by second phase particles can be considered in terms of their
interaction with dislocations. The contribution of precipitates to the initial vield strength
of the alloy can be modeled, in an idealized way. by considering those particles as point
obstacles exerting forces on a dislocation (see e.g. [27]). The diagram in Fig. 2.2
represent a dislocation pinned by precipitates. The contribution to the flow stress. Jz. is

expressed as

.
T
'/l 2
o~
paN——_

Ty
]

Where F is the obstacle strength. 4 is Burger's vector and L is the effective spacing of the
obstacles. This framework relates to the basic principles accounting for the incremental
vield strength due to precipitates. The variation in distribution, size or nature of the
precipitates will atfect the strength of the allov. Furthermore, considering the contact of
the particle with the dislocation. further parameters are needed to describe the influence

of precipitates on dislocations such as the elastic misfit of the particle, the surface energy

and ordering energy.

Figure 2.2: Schematic diagram representing a pinned dislocation.

Aluminium allovs (and of course other ductile crystals) will deform by the
movement of dislocations under a certain amount of shear stress. Precipitates strengthen
the alloy by impeding the movement of these dislocations. The precipitation
strengthening depends on the force needed bv the dislocations to shear or by-pass the

precipitate obstacles. The main strengthening mechanisms for common precipitation
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hardening svstems are given below [27]:

I. Surface strengthening: due to the creation of increased surface energv due to

particle shear

2. Stacking-tault strengthening: due to the difference in stacking fault energy
between the particle and the matrix.
3. Modulus strengthening: due to the differences in the elastic moduli berween

the particles and the matrix.
4. Coherency strengthening: due to the elastic mistit of the particle in the marmix.

Order strengthening: due to the creation of an anti-phase boundary following

(o

the passage of a glide dislocation through an order phase.
6. Orowan strengthening: due to dislocations looping around a particle in the
case of impenetrable obstacles

Expressions for these different mechanisms are given in Table 2.2.

Strengthening Formula - Reference Symbols
mechanism i
Surface « 1 [y bf - [27] | b Burgers vector
T 7 , G shear modulus
VT
Stacking fault FOR [28] / particle volume fraction
AT, T ' r particle radius
G"7b
Modulus ol N [28] T line tension of a dislocation
Ao, e — == vssurface energy
AN ED)
Coherency Gri [28] vy ditference in stacking-fault
) / - i3 l s
Ao, = 3 i energy between matrix and
particle
Order tor underaged allovs: [29] /4 interparticle spacing
VAT P E; modulus of the soft phase
At w2 V L E>modulus of the hard phase
. b r ¢. misfit parameter
~for overaged alloys: 25  antiphase  boundary |
y | ,
; . . £odpn [ Cnerg}
| At ord =< b \/ j
| Orowan ‘ Gh r BER)
| L 0, c—In— |
| A b i |

Tahle 2.2 Particle strengthening mechanisms
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The contribution of precipitates to the strength is influenced by the ageing condition. as

broadly summarized in Fig. 2.3

4
= '
w i
= i
o ;
7 ;
!
i
i
: : | : .
Particle cutting [ Particle looping
/ Planarslip — —/ Homogeneous slip
t
;

Ageing time

Figure 2.3 Effect of ageing on the alloy strength.

In underaged and peak aged 7xxx allovs. the shearing of GP zones, n" and small n
precipitates by dislocations effectively reduces the size of the precipitates on the slip
plane (se e.g. [30]). Thus, the local resistance to further dislocation is decreased on that
slip plane and dislocations then tends to concentrate in slip bands. This effect is related in
peak aged conditions to high strength and limited work-hardening. In the over-aged

condition coarser 7 precipitates can no longer be sheared, i.e. they are by-passed

a4

-

according to the mechanism described by Orowan (see e.g. [31]), see Fig.
Progressive looping around the particles becomes a further barrier for other dislocations.
leading to dislocation pile-ups. The interaction of these loops with the interface between
the matrix and the particle may indeed nucleate a void for relatively coarse particles te.g.
of a size typical of dispersoids, ~30nm), see Fig. 2.4.(¢c). Overall, the Orowan looping
mechanism shown in Fig. 2.4.(a) leads to a fairly uniform strain distribution within a

given material. Consequently. it decreases the tendency for shear band formation.

h
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J_ screw L.
/

/// edge /“UZ%/ /
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i
Dislocation line

a) generation of a loop round a particle

Cavity for void nucleation

]
|

¢) leading loops pushed to matrix particie
interface, nucleating a void

b) piled up loops
Figure 2.4 Formation and growth of voids around a particle [31].

Another rationalisation of the effects of hard second phase particles deforming
elastically in a plastically deformed matrix has been proposed by Ashby [32]. Assuming

that the interface matrix/particle does not fracture. Ashby concludes that secondary slip

must occur locally round particles (see Fig. 2

th
—
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Figure 2.5: Schematic diagram of a) a hard spherical particle in an idealized single
cubic, single crystal submitted (0 a shear stress o along the axis x; causing a
homogeneous plastic shear in the matrix a. b) when rhe particle is removed
from its hole, and the matrix undergoes a wuniform primary shear
displacement u;=ax., the hole is distorred as shown, ¢) to replace the parricle
in its hole, a secondary shear displacement u2=cxI (where ¢ is the shear
strain in the secondary slip svstem) ar the particle matrix interface is 7irst

needed if the particle is to be elasrically distorted only. (After Ashby [32]..

The density of secondary slip increases with increased strain. These secondary

dislocations act as a forest of obstacles which has to be overcome by primary dislocations

’O.

for the lamer to propagate. Therefore. Ashby derived a stress-strain relationshi

the influence of a single secondary dislocation on the stress-strain dependency and
estimating the densitv of secondary slip impeding primary dislocation. it is then possible
to deduce the force opposing the motion of a dislocation. The stress-strain relationship is
obtained by the requirement that this force equals an incremental force. above the :ield
strength. applied to the material. This theory of work hardening based on secondary slip
forest interference involves a work hardening parameter K, which depends on

microstructural parameters:

17
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where o is the stress. 0,5 is the yield strength. 5 is Burger’s vector. ¢, is the plastic strain.
G is the matrix shear modulus. f'is the volume fraction of non-shearable particles. 7., the
non-shearable particle diameter and M is a constant. W is sometimes referred as the
Tavlor factor [29.33.34]. This constant accounts for the polycrystalline nature or the
material. Gomiero et al. [34] have assessed this model including the influence of the grain

size and reviewed the different microstructural contribution to the strength. to give:

(2.4)

Where d is the grain size. In their work on the 2091 Al-Li based alloy. Gomiero et al.
[34] have observed large discrepancy between theoretical estimates from equation 2.3.
Ky and experimental values from equation 2.4, K. They attributed these large
differences 1o the non-homogeneous nature of strain. They stated that the effective local
strain & from which hardening arises is larger than the macroscopic strain to an extent

related 1o the volume fraction. V. of material that deforms plastically. Therefore the

relation between Ky, and K .y, can be expressed as

(]

L
N

[t should be noted that other factors participate in the strengthening of the alloy
(intrinsic strength. solid solution strengthening, grain size effect...) some of which will

be reviewed in the next section.
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2.5 Microstructural influences on strength and toughness in 7xxx aluminium alloys

Microstructural features influence strength and toughness. The toughness is
particularly influenced by various tactors including [35]:
» The strength of the material. which in turn is influenced by such factors
as shearable precipitates. grain size. etc.
e Spatial distribution. size and volume fraction of the particles that can be
subjected to cracking
¢ Resistance of particles and their interfaces to failure
» [ocal strain concentration induced by fine shearable particles
¢ Particles on the grain boundaries and the relation between these
decorated boundaries and the crack path
[n the following we will consider the various types of microstructural features that

influence toughness and strength.

2.5.1 Large particles

In wrought, high strength aluminium alloys. Fe and Si are essentially impurites
forming coarse intermetallics particles that often cannot be dissolved during
homogenisation or solution treatments. In 7xxx allovs. Fe and Si may lead to the

uch as Al-=CusFe and Mg;Si [36]. These intermetallics have no

1971

formation of phases
marked influence on the strength of the alloy [37]. Many authors have investigated the
38.59].

43

detrimental effects of coarse intermerallics on fracture toughness [33.36.
Toughness of a given allov is generally seen 10 increase as concentrations of Fe and Si
decrease [33.39]. It is therefore crucial to control the amounts of these impurities. hence

the development of allovs with enhanced purity levels such as 7475 and 2124,
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In terms of the influence of coarse intermetallics (generally 1-10um in wrought
products) on fracture behaviour. several processes have been identified. Hahn and
Rosentield [33] acknowledge that the cracking of the large particles occurs shortly atter
the onset of plastic flow because of high stresses generated around hard particles in a
matrix undergoing plastic deformation and the intrinsically brittle character of the phases
involved. It has been shown that trom 23 to more than 30% of the coarse intermetallic
inclusions in high strength aluminium alloys may be cracked after only 0.07 plastic strain
[33]. Such particles will also rupture easily when engulfed by the plastic zone preceding a
crack tip. creating a void. As more strain is confined to a much smaller zone adjacent to
the crack tip. coalescence of the void and crack tip opening occurs, see tigure 2.6. In this
model crack propagation occurs when the crack tip opening displacement (CTOD) value.
J,. equals the distance. .Y, from the crack tip to the nearest coarse void. In this mode!. the
principal parameters for crack propagation are the volume fraction of coarse particles and
their spacing [33].

Coarse voiding at

Crack tip Xo intermetallic site
4+

Void site enveloped by large
strain region

Growth

|

Further growth.
Localised flows begins

)

5

!

A

! o !'/\'x ..

| AT Fmal coalescence
v

Figure 2.6: Transgranular crack propagation by linkage of voids surrounding large

particles [40].
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[t is also important to note the presence of the so-called S phase (Al-CuMlg) in
7xxx alloys [41.42]. Whilst this is essentally a soluble phase in 7xxx alloys. incomplete
solutionising and/or excessive alloving levels lead to the presence of coarse particles
much like the Fe and Si containing intermetallics. having a similarly detrimental
influence on toughness.

Intermetallic particles are heterogeneously distributed. The intermetallics can
appear in cluster and are often orientated in the rolling direction. This mayv crezte a

degree of anisotropy in the alloy mechanical properties.

2.3.2 Dispersoid particles

Zr, Cr and Mn containing particles are used to limit recrystallisation and zrain
growth [43] by pinning the grain boundaries in commercial wrought Al-allovs. These
particles efficiency is function of their size, distribution and coherency with the matix.
The force applied by these particles on the grain boundary has been first calculated by
Zener (see e.g. [10]). It was shown that the pinning efficiency decreases as the particle
size increased and lost its coherency with the matrix [10]. In this respect, Zr. which
precipitates as Al;Zr (B' phase) particles (commonly ~10-50nm), is generally regarded as
better than Cr or Mn (whose precipitates are larger and less coherent) in exercising strong
control over grain structure whilst also increasing toughness and SCC [43].

The influence of the so-called “dispersoids™ formed by Zr. Cr and Mn on
toughness is twotold. As they limit recrvstallisation. which is believed to be detrimental
to the rracture toughness (see section 2.3.3 telow) [44,43] dispersoids have a posiuve
effect on fracture toughness. However. thev mav also nucleate voids by decohesion z: the
interface with the matrix, creating void sheets in high strength. low work hardening
materials, which are then seen to limit the fracture toughness [46]. [t has been assumed
that a recrystallised structure could also enhance void growth at AlsZr dispersoids as they
will become incoherent with the matrix during recrystallisation. The propagation of a

crack by void sheet formed from dispersoids has been investigated and modeled by Chen

R}
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and Knott [46] for 7xxx aluminium alloys and Haynes and Gangloff [47] for Al-Cu-Mg-
Ag-Zr. Overall. it may be seen that there is a complex relation between dispersoids. Zrain

structure and toughness.

Dispersoids have an indirect influence on strength, particularly as a result of crain

refinement. Fine grains increase strength: this will be reviewed in the next section.

2.5.3 Intluence of the grain structure

Influence of the grain structure on the strength

Strength properties are enhanced by grain refinement. The contribution or the
grain size effect to the yield strength can be described by the Hall-Petch law (se2 2.g.

[34]). According to Hall and Petch. the stress increment due to the grain size is
- 7 -2 .
C=Ty =hygd 2

where 7. is the resolved vield swess of the polycrystal, 7y the yield stress or the
corresponding single crystal, d the grain size. and kzp a coefficient. A similar relation can
describe the influence of the subgrain size ds,, on the material strength o:

c=0c,+kd ] 2.7)
where ¢ is the strength of the annealed material. k is the subboundary strength anc o is
constant. Strength increments of over 100% by producing fine, stable subgrain size

through thermomechanical processsing have been reported in the literature [6].

Recrvstallisation

The influence of the grain structure and recrystallisation on toughness has 2een
substantially investigated in the literature [44,48.49,50.51] demonstrating different
tendencies. Thompson and Zinkham [50], for instance, have illustrated the increase in

toughness in the L-T direction for unrecrystallised structure in AA-7075. They assume
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this to be due to a higher fraction of intergranular fracture in the recrystallised material.
Staley [31] turther suggests that increased boundary misorientation between grains in the
recrystallised structure enhances grain boundary precipitation and. hence, decreases
toughness (see section 2.3.4). However. work by Morere [48] on a 7010 aluminium alloy
with relatively low recrystallised fractions showed no distinct intluence of the boundary
character on the fracture process, with the lower toughness for recrystallised alloys in this
case being attributed to the presence of coarse intermetallics in soft recrystallised grains

(see section 2.3.1).

Anisotropv

The grain structure 1s also believed to contribute to the anisotropy of toughness in
wrought material. A wrought material with conventional pancake shaped grains (flat
grains elongated in L and T direction after cross-rolling) can exhibit three different
failure characteristics depending on direction ot loading and crack growth [32]:

o  Weak interface cracking during S-L and S-T loading, leading to strongly
intergranular failure (Fig. 2.7.a).

o Intergranular failure perpendicular to the crack direction in L-S and T-S
orientations (Fig. 2.7.b); the associated crack bifurcation (or blunting; will
lead to a higher toughness as the blunted crack will decrease the overall

crack driving force.
o Intergranular failure can also occur in L-T and T-L test orientations Fig.
2.7.¢). this ’process is called delamination. This delamination enables siress
riaxiality to relax leading 1o increased fracture resistance. Le. the
specimen can be considered as if composed of several thinner through-

thickness sections closer to plane stress conditions than plane strain.

[S]
L
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Crack path

- . . . Grain boundaries
(a) SL orientation-propagation

(b) LS orientation-crack blunting

(¢) LT orientation-delamination/crack dividing

Figure 2.7 Influence of the grain boundaries orientation on the crack propagation
» Fracture path deflection may appear in the L-S and L-T orientations due to

shear strain localisation oriented at 43° to the crack plane, see Fig. 2.8.

This deflection drives the crack away from the maximum tensile siress

plane (i.e. plane perpendicular to the applied force) and hence reduces the

crack driving force.
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\4

Figure 2.8: Schemaric illustration of fracture path deflection in an L-S

oriented specimen [52].

2.5.4 Influence of grain boundary precipitates and Precipitate Free Zones (PFZ)

Kirman [33] has shown. for a commercial 7075 aluminium alloy, that in an
overaged condition the fracture is predominantly intergranular. In their review of grain
boundary ductile failure. Vasudevan and Doherty [23] put forward three dominant
mechanisms for this:

* Microvoid growth at larger grain boundary precipitates: fracture toughness
then decreases as the area fraction of the grain boundary covered by
precipitates increases [54]. The n phase, which nucleates heterogeneously

on grain boundaries in 7xxx type alloys, is present during the entire ageing

[§9)
n
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treatment but tends to coarsen with an increased ageing time. [t can be
noted that a slow quench rate increases the density of n grain boundary
precipitates [535] and. hence. may decrease toughness.

e Strain localisation in grain boundary PFZs: the interface between marrix
and PFZ represents a high differential in yield stress that can favour void
formation due to strain localisation. However, some authors [36] have also
suggested that the PFZ may relax the stress at the end of a transgranular
slip band and. therefore, enhance the toughness of an alloy. Other studies
[37] have suggested that variation in PFZ width have little effect on
fracture toughness.

s Slip band blocking: the shearing of matrix precipitates may promote the
formation of planar transgranular slip bands, which then create a local
stress concentration when thev meet a grain boundary (see ¢.g. [3§]). Such

intersections are then believed 10 be sufficient to initiate a crack.

2.3.5 Fine precipitates

Toughness is typically greatest in the under-aged condition and decreases when
approaching peak strength. Some improvement occurs with overageing with a reduction
of vield strength. but for the same level of vield strength. underaged alloys exhibit better
toughness than overaged allovs (Fig. 2.9).

A

Underaged

ch

e
IS

Ove@/’\> /Peak aged

3Oys

Figure 2.9: Schematic diagram of the evolution of the K vs 0y relationship

during ageing.
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The bertter strength/toughness performance of underaged alloys over overaged allovs is
due in part to the formation in overaged condition of large m precipitates at grain
boundaries. with PFZs adjacent to them. promoting intergranular fracture (see section
2.5.4). However. underaged alloys usually exhibit poor SCC resistance and are seldom
used for commercial application. In overaged and peak aged conditions. a compromise is
sought between properties that improve with overageing, like SCC resistance and
toughness. and the ones that decrease on overageing, like yield strength.

The toughness recoverv with overageing is usually associated with local
interactions between dislocations and precipitates (GP zones, " and 1) that provide an
indirect though important intluence on the fracture behaviour: when a material is
under/peak aged. precipitate shearing may produce heterogeneous deformation
(specifically. local planar slip bands) which may favour void initiation at dispersoids
within the slip band. or at slip band/grain boundary intersections where high local stresses
are generated. In overaged allovs, byv-passing of larger n precipitates by dislocations
in the alloy. Therefore, local cracking

creates a homogeneous distribution of strain

requires more additional strain to initiate.

2.6 Retrogression and Re-ageing (RRA) heat treatment

Overageing treatment. such as T73 and T76. have been applied to reduce the
susceptibilitv of 7073 T631 aluminium alloy 1o stress corrosion cracking (SCC).
However, overaged treatments result in a significant loss of strength. To address this. a
heat treatment which aims to reduce the susceptibility of 7xxx aluminium alloys to SCC
while retaining a strength comparable to the T6 heat treatment was developed by Cina
[39]. This three-step heat treatment is called retrogression and re-ageing (RRA)
treatment. The three steps are as follows:

» Ageing the alloy to a T6 temper
» Heating the alloy for a short time above the ageing temperature and below
the solutionizing temperature (180°C-260°C) (i.e. within the (u+ 1) region

of the phase diagram) followed by either air-cooling or cold water quench.

[§9)
~3
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e Re-ageing to a T6 heat treatment

From the T6 microstructural state, the retrogression treatment dissolves either
partially or completely the smaller n' precipitates [60] while some of the bigger 0’
precipitates (which sizes exceed a critical size d,) are transformed to a more stable phase
n. For a temperature above 200°C, phase diagrams by Mondolfo [12] have shown the
possibility of forming T phase, however this has been seldom observed in previous
studies [60]. This step also leads to a coarsening of the n phase in the matrix and at the
grain boundary. The re-ageing step induces the growth of the partly dissolved 7' and the
re-precipitation of n". Thus the main microstructural characteristics of the RRA treated
alloy are a homogeneous distribution of 1’ and 7 in the matrix with a broad particle size
distribution and coarser 1 grain boundary precipitates. The matrix is similar to a T6
temper while the grain boundary is similar to a T73 temper (precipitates are larger and
more widely separated).

The relevance of T7 and RRA treatment lies in the improvement of the SCC
resistance with ageing. Although it is not the subject of this study to develop the
influence of the microstructure on SCC, some basic notion of the mechanism of SCC is
useful in understanding RRA treatments.

SCC is a complex mechanism involving interactions between the microstructure,
mechanical deformation and the environment (see e.g. [5]). Two basic theories have been
developed to explain SCC: anodic dissolution and hydrogen embrittlement. Both are
believed to occur in 7xxx alloys, the relative importance depends on the particular alloy
studied and the heat treatment applied to it. SCC in 7xxx alloy is an intergranular mode
of rupture as both these mechanisms relate to grain boundaries.

The anodic dissolution concept considers that grain boundaries, PFZ and grain
boundary precipitates act as an active path for corrosion due to high potential differential
between the grain boundary precipitates and interior of the grain. Furthermore, stress,
strain, grain boundary segregation and slip band intercepts with the grain boundaries
enhance SCC sensitivity. The volume of grain boundary precipitates per unit grain
boundary area has been found to be the most representative parameter of SCC
susceptibility [60]. Also, the alloying element concentration within the PFZ changes the

electrochemical potential and can therefore influence SCC sensitivity. For example a
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higher concentration of Cu is believed to be beneficial to SCC resistance as Cu is thought
to enter the grain boundary precipitates thus reducing the potential difference and
retarding SCC [60].

The hydrogen embrittlement mechanism is also affected by the composition of the
alloy and particularly the elements remaining in solution at the grain boundary. It has
been suggested that Mg and Zn promote hydrogen dissolution in aluminium alloys,
giving rise to hydrogen embrittlement (e.g. see [61]). A cathodic electrochemical process
between water vapor and the alloy produces hydrogen. It enters the alloy via grain
boundaries or dislocations, as hydrogen has a low solubility and mobility within the
matrix (e.g. see [62]). Therefore the hydrogen is expected to be mainly present at grain
boundary sites, and transport through grains can also occur by dislocations. When present
in solution at the boundary hydrogen promotes brittle intergranular fracture [62].
However, several studies [60,62] have shown that grain boundary precipitates when they
reach a critical size can act as hydrogen trapping sites, therefore reducing the amount of
hydrogen in solution and subsequent embrittlement.

Therefore overageing and RRA heat treatments may improve SCC resistance by
varying the grain boundary and matrix characteristics in several ways:

o The removal of dislocations due to the retrogression treatment decrease the
rate of hydrogen transfer in the alloy [63,64], thus reducing hydrogen
embrittlement.

o The coarsening grain boundary precipitates can act as trapping sites for the
hydrogen [60]. They can also remove Zn and Mg from the PFZ.

» The homogenization of strain due to the replacement of n' precipitates by 7
during overageing reduce the localized stress at grain boundaries produced by
coarse slip bands and thus reduce SCC sensitivity.

e Reducing potential difference and hence reducing anodic dissolution [63].

Among the many parameters which can affect the microstructure, the duration and
temperature of the retrogression step are often recognize as the critical parameters of
RRA treatments [60]. High temperature and/or long duration of the retrogression step can
lead to severe overageing and poor strength/SCC resistance balance. Islam and Wallace

[66] applied retrogression treatments of 10s at 280°C with a standard reageing procedure
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(24h at 120°C) t6 a 7475 T6 alloy and noticed a 25% decrease in yield strength compared
to the T7351 condition for a 5% increase in SCC resistance (from conductivity
measurements). Rajan et al. [67] applied a 1h at 220°C retrogression step to their 7075 T6
alloy and after reageing found a 22% loss of strength compared to a standard T6
treatment. The optimum retrogression time and temperature is related to the
microstructure evolution during this step. During retrogression, strength decreases very
rapidly to reach a minimum before increasing to secondary peak and then decreasing
again on further overageing as shown in figure 2.10. Dahn et al. [68] have divided this
curve in three stages. In their study the first stage is associated with the partial dissolution
of GP zones, stage II to ' formation and growth and stage III to the coarsening of all
precipitates. Reaged material submitted to short retrogression time has a slightly higher
yield strength/hardness as compared to T6 levels [68]. Longer retrogression time lead to a

loss in the strength properties of the alloy.

A

RRA

Strength

111

Retrogression duration

Figure 2.10: Schematic diagram showing the strength variation as a function of

retrogression time. R. retrogressed alloy, RRA: retrogressed and re-aged

alloy.

Cina [59] first suggested that the optimum retrogression duration corresponds to
the minimum of the retrogression curve (Fig. 2.8). However, this minimum is attained for
very short length of time, 20s at 240°C [60] up to 6min at 200°C [67], which is not

applicable commercially for relatively thick products. Further investigation [67,69] have
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shown that this peak is not necessarily the optimum for retrogression treatment. Rajan et
al. [67] have shown that longer retrogression time associated with lower temperature can
produce valuable strength/SCC resistance combination applicable to thick products.

A long retrogression treatment would lead to the coarsening of all precipitates.
Therefore short retrogression times have to be applied to avoid the softening of the alloy.
As heat up rates depend on plate thickness, there is a difficulty in applying the RRA
treatment to commercial thick plates and optimisation of both time and temperature of the
retrogression step have to be achieved. This optimisation is made possible by the
understanding of the physics of heat transfer through an aluminium plate and

thermodynamics of precipitation reaction. These topics will be studied in the next

sections.
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Fracture mechanics and fracture toughness modelling

3.1 Fracture mechanics

3.1.1 The energy balance approach

In the 1920s, Griffith (see e.g. [31]) presented the first quantitative analysis
considering the effect of cracks on the fracture behaviour of a material. Griffith suggested
that in a cracked body under stress, fracture would occur when the rate of release of
elastic strain energy due to crack propagation was equal to the rate of increase in surface
energy associated with the formation of the free surfaces created. This energy balance
approach was extended by Irwin [31] to the fracture of ductile materials by including a
term in the energy balance accounting for the work done in plastic deformation during
crack propagation.

A significant aspect of this approach is the determination of a crack driving force,
G, which is the rate of elastic strain energy release during crack extension. Thus, G can
be used to characterise the resistance of a given material to fracture through a critical
value of energy release rate, G, i.e. G, is the applied G to cause fracture. However, the
use of energy balance approach is limited for most structural metals where plastic
deformation significantly occurs during fracture as the strain energy release rates are
based on purely elastic behaviour. Nonetheless, Irwin showed that G. is still a meaningful
expression for the fracture toughness when the scale over which plastic deformation

occur is much smaller than the crack length and other characteristic dimensions of the

specimen considered [31].
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3.1.2 The stress intensity approach

The use of G, as an engineering design criterion was found to be limited due to
difficulties in measuring the work done in plastic deformation of the material during
crack growth. In the 1950s, Irwin, to cope with practical difficulties of the energy

approach, promoted the stress intensity approach to crack propagation [31]. Irwin shows

that the elastic stress distribution ahead of a crack length @ under a remote uniaxial load ¢

may be written in the following basic form:

c,=—=—1J1, (9) + higher order terms in » (3.1

Where 6 and r are defined as in Figure 3.1 and K is a constant giving the magnitude of

the elastic stress field and called the stress intensity factor, given by:

K=o+ fispecimen geometry only) (MPavm) (3.2)
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Figure 3.1: Stresses at a point ahead of the crack tip

It could then be shown using the principle of virtual work that G is related to K by the
following expressions:

()
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2

G =——under plane stress conditions (3.3)

5

G = — under plane strain conditions (3.4)
Ell-v~
Hence, G, can be related to a critical stress intensity factor K. which is a measure of
fracture toughness. However, it should be noted that stress levels given in equation 3.1
tend to infinity when » approaches zero. In real metallic materials the onset of a plastic
zone at the crack tip will limit the peak stress levels. The linear elastic fracture mechanics
approach considers that the extent of this plastic zone is small compared to the zone at the
crack tip where stress levels are dominated by K, therefore the elastic stress field
surrounding the crack tip plastic zone will still be closely related to K. Subsequently, the
attributes of the plastic zone, such as its shape or size, will be determined by the
surrounding elastic stress distribution, and hence be related to K. This approach has the
advantage that K is function of the crack length, the applied stress and the specimen

geometry only, which can be directly quantified (using analytical or numerical methods).

3.1.3 Crack geometry

The crack geometry presented in Fig. 3.1 is rather simplified compared to most practical
cases. Complex crack/loading situations may be analysed using three limiting cases:
mode I (opening), mode II (in-plane shear) and mode III (out-of-plane shear), as

illustrated in Fig. 3.2.
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~
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QRENING MODE SLIDING MODE TEARING MODE

Figure 3.2: The three crack opening modes

Each crack opening mode can be quantified by a stress intensity factor as defined by an
equation similar to Eq. 3.1. Hence, any crack/loading configuration can be characterised

by a generalised expression following:

o b4 Vi A
c,=0,+0, +0, (3.5)

: - K, : : A
with o f; = = fy.k (6) + higher order terms in (3.6)

Vomr

Where o j .C ,j” ,cy,j” are the stresses at the crack tip in the respective mode of loading I, II

and III. K, represent the stress intensity factor corresponding to the three loading
configurations illustrated in Fig. 3.2. ;* are the radial distribution functions.

The fracture properties of a given material associated with mode I loading are generally
considered to be the lowest. The opening mode has therefore been the focus of research
in fracture mechanics. The present study is based on mode I behaviour, therefore the

following discussion is confined to mode I analysis.
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3.1.4 Crack tip plasticity

Under mode I loading the size of the crack tip plastic zone for a given stress
intensity is dependent on the specimen thickness. Two limiting cases are usually
considered (see Fig. 3.3): (i) plane stress conditions, through thickness stresses are
relieved by unrestricted plastic deformation in the through thickness direction, (ii) plane
strain condition, plastic deformation in the through thickness direction is restricted by

surrounding elastic material (see e.g. [70]).
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Figure 3.3: Schematic elastic/plastic stress distribution near a crack under, (a) plane

stress and (b) plane strain conditions [70].
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Plane stress is characteristic of thin specimens or edges of thick specimens
whereas plane strain is characteristic of the middle plane of relatively thick sections (Fig.

3.4).

/Plane strain condition

ol Plane stress conditions

Figure 3.4. Schematic diagram of the stress state conditions in a specimen under mode |

loading

In plane strain condition, tensile hydrostatic stress is present just ahead of the
crack tip as a result of plastic flow constraint. Under such conditions, peak tensile stresses
of the order of three times the material flow stress may develop. Plane strain loading is
therefore considered the limiting condition in terms of mechanical properties. Plane strain
fracture toughness, Kj., is most often used as engineering design parameter to evaluate a

material’s fracture resistance.

In a ductile material, a zone of plastically deformed material forms at the crack tip
under the action of an applied far-field tensile load. Many calculation of crack tip plastic
zone size have been presented in the literature (see e.g. [70,71]). These studies vary from
first order approximation to finite element modelling. Irwin (see e.g. [31]) derived a first

order estimate of the scale of deformation under LEFM conditions. The plastic zone
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characteristic dimension, 7y, is related to the stress intensity factor following:

-
G'y

Where «a is a constant, g, is the yield strength. In Irwin’s analysis « is estimated to be
1/(27) under plane stress condition for an (assumed) circular plastic zone of radius 7,. The

constant « is usually divided by three to describe plane strain condition.

More accurate descriptions of the plastic zone in a ductile metal available in the
literature (se e.g. [72]) show a plastic zone for a crack under mode I loading to be

represented by two symmetrical lobes ahead of the crack tip (Fig. 3.5).

y

Plane stress zone

Crack tip

Plane strain zone

Figure 3.3 plastic zone shapes from the Von Mises yield criterion

The plastic zone size may then be expressed as:

rpG =y [_{{—] (38)

where 7,4 1s as illustrated in Fig. 3.4 and ayis a function of 4.
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3.1.5 Crack tip opening displacement

An initially sharp crack under an applied load will open up and become blunted
due to plastic deformation. The crack tip opening displacement (CTOD), o, gives a
measure of this blunting. The CTOD is taken as the separation of the crack surfaces at the
crack tip when the crack is loaded. The degree of blunting can be related to the
maximum deformation condition and may therefore be used to characterise the behaviour

of cracks in ductile materials (see e.g. [71]). Under LEFM conditions, the CTOD can be

expressed as:

K
§ =B — 3.9
: BEG‘V (3.9)

where f is a constant. CTOD values are particularly significant as it has been shown that
crack tip strain are particularly concentrated in a zone extending to approximately twice
the CTOD value ahead of the crack tip (see e.g. [72]). Also, crack tip stress levels reach a

maximum at a distance of approximately twice the CTOD [72].

3.2 Modelling of toughness

The dominant micromechanisms of fracture for high strength aluminium alloys that have

been identified in chapter 2 are:

1. Decohesion and fracture of coarse constituent particles or intermetallics

o

Intergranular fracture

Transgranular shear at dispersoid particles.

|8

Numerous attempts to model fracture toughness in relation to the microstructure

and micro-mechanisms have been made in the literature. However, a number of problems

exists:

e The strain-stress distribution in the plastic zone ahead of the crack is
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complex.

e A “proper” fracture criterion must be chosen.

s Any fracture criterion can depend on many parameters that are difficult to
determine. For example, the fracture criterion may state that fracture
occurs when a critical strain is exceeded over a certain distance, such as
particle spacing. Subsequently, the critical strain has to be determined. but
it is a function of the stress state, which varies dramatically near the crack
tip.

e Materials commonly show a mixture of failure mechanisms, making a

simple single fracture criterion questionable.

As noted previously, Hahn and Rosenfield [35] have proposed a model which
considers the critical element determining fracture toughness to be the propagation of the
crack between large particles and not the cracking of the particles. It has been proved that
large intermetallics crack at very low strain levels, therefore when a particle is near the
crack tip, it has already cracked and toughness will depend on the linking up of the
associated voids. The critical condition will then depend on the size and volume fraction
of cracked particles and the size of the heavily strained region at the crack tip which
depends on the yield strength and modulus.

When /., the width of unbroken ligament to the next void forming particle ahead of the

crack tip, is equal to the crack opening displacement, J, the failure criterion may be said

to be reached. K, is then given by:

K, = 255[%} D| £ (3.10)

Where D is the diameter of the void initiating intermetallics and f; is their volume
fraction. This model is to a certain extent in contradiction with experimental data. If the
yield strength is raised for the same volume fraction and diameter of particles, the

toughness is predicted to increase, contrary to general experience. The model also
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predicts an increased toughness with increasing diameter of void initiating intermetallics
which contradicts experimental studies [40]. Van Stone and Psioda [73] comment on this,
stating that for an accurate model both void initiation and growth should be considered,
and contrary to Hahn and Rosenfield, they expect the dispersoids to have an effect on
fracture toughness. However, the Hahn and Rosenfield model has been shown to give a
good approximation of experimental results for constant yield stress and constant particle
size. Recently, Ehrstrom et al. [74] have shown that the basic principle of this model may
be used to predict fracture toughness of 7xxx type aluminium with some success. They
extended this model, considering the clustering of particles (the distance between
intermetallics, 4, is replaced by a parameter proportional to the distance between clusters,
Acl), they also considered a critical growth rate of cavities at the large particles to be the
fracture criterion and used a finite element model for void growth behaviour in the
clusters.

Following from the Hahn and Rosentield model [75], Garrett and Knott [76],
working on Al-Cu based alloys, have also derived an expression of toughness related to
tensile properties, particularly yield strength and work hardening exponent, »n. They make
the assumptions that the average tensile strain in the region of intense plastic deformation
(of length /) is half of the shear strain at the crack tip y, and that the strain distribution in

the plastic zone decreases linearly with distance from the crack tip (Fig. 3.6).
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Figure3.6: Schematic illustration of Garrett and Knott model of plane strain plastic zone

at the onset of instability [76]

5

From experimental work, Hahn and Rosenfield have deduced that l~% [75].

Garrett and Knott then derive (for a constant void initiating particle dispersion) the

following equation for the fracture toughness [76]:

K, =Cn\o (3.11)

Where C is a constant.
Chen and Knott [46], studying 7010 and 7475 alloys in different ageing

conditions, have further developed this model by considering that the influence of
dispersoids on crack propagation is greater than the influence of coarse intermetallics.

Strain localization within shear bands in the plastic zone ahead of the crack tip may lead
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to decohesion of the dispersoid/matrix interface. Therefore, the fracture criterion is

reached when the stress at the interface dispersoid/matrix o, exceeds the cohesion

strength. o.1s shown to be given by:

d
o, = gb (3.12)

Where b is the Burgers vector, 4 the dispersoid spacing, d the diameter of dispersoid and

v, 1s the critical shear strain.

This may then be shown to give:

[

K, =| " ko o ntid”
104 ”

Where m and A4 are constants.

The results of Garrett and Knott work, along with those of Chen and Knott’s are

presented in Figure 3.7. Their experimental results are shown to follow relatively

accurately the linear relationships predicted.
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Figure 3.7: Experimental results and overall model prediction from Garrett and Knott

[76] and Chen and Knott [46] studies

Also based on a ductile fracture approach, Haynes and Gangloff [47] have
proposed a critical plastic strain model of toughness. This model is applicable for alloys
failing by dimple rupture and couples three elements: crack tip stress-strain fields, stress
state dependent tensile fracture strain, and a critical microstructural distance, Z*, over
which microvoid fracture initiates. They consider the critical tensile fracture strain to be a

function of the stress state triaxiality

N
g7 —" :aexpL—I.S—lJ (3.14)

. . ) , . o} )
Where ¢ is a constant, o, is the mean stress and oy is the effective flow stress (—=being
' o}
Y

a measure of the stress state triaxiality). This experimental relation has been deduced

: c , . o
from the fitting of &’ verses — curves obtained from notched tensile tests by considering
c
7
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the reduction area (RA) of the specimens such that [47]:

RA
P =—In 1-—— 3.15
& n( 100) G.15)
and T2 :—+ln(—d—+lJ (3.16)
o, 3 4

Where d is the initial notch-root diameter and R is the notch-root profile radius. as shown

in Fig. 3.8.

Figure 3.8: Schematic drawing of a notched tensile specimen geometry.

Fracture in a cracked specimen is considered to occur when ¢ exceeds its critical value
over a distance /: fracture initiates by void impingement or void sheeting between the
void nucleation site and the crack tip. Therefore, the predicted plane strain fracture

toughness is equal to the applied stress intensity required for the crack tip plastic strain,

. o, , .
¢, to exceed the stress-state dependent fracture strain, &y (—=-), over a distance /. An
‘ o,
. . . L . . o,
illustration of this model is given in Figure 3.9: equations for ¢” and (—=) follow from
o
A

crack tip stress-strain field calculations. The fracture criterion is satisfied at the
: . G, o e .
intersection of the ¢’ and &, (—) curves, yielding an intrinsic fracture strain, ¢’ and a
o)
H

critical distance to CTOD ratio, / */o‘,c.

45



Chapter 3

A
Om/Cf

o~
5

o=

3 8

© =

= ©
)
:- £ a)
)

e”i(om/on)
— N

X/0;

Figure 3.8: Illustration of the critical plastic strain-controlled model from Haynes and

Gangloff [47].

The following equation for the plain strain linear elastic initiation fracture toughness Kjc;

is given

Ko = - - (3.17)

where d, is a linear function of 7. a*fis the smooth tensile bar fracture strain. This model
has been shown to give accurate prediction of fracture toughness dependence on

temperature in the Al-Cu-Mg-Ag studied.

The models presented above are essentially based on ductile fracture considering
mainly second phase particles and bulk material properties without taking into account
the influence of grain boundaries. It has been shown that ageing promotes intergranular
fracture in some alloys (see e.g. [35,53]). In materials containing a high fraction of
incoherent grain boundary precipitates with PFZs of unspecified width, Embury and Nes
[77] have identified as an empirical failure criterion the critical value for the grain

boundary shear strain, y;, based on the area fraction of grain boundary precipitates, 4.

46



Chapter 3
0.5
When 7, = (—Al—] -1]/2 (3.18)
,

When this critical shear strain is attained the voids around each particles will join up
leading to the fracture of the specimen. Then, the energy absorbed on fracture is a

function of yrand o, the ultimate tensile stress of the weak PFZ, giving

G =0y, ~—= (3.19)

The relation between K.” and A¢*° shows good agreement with experimental results as

shown in Figure 3.9.

60
+ Al-10.7%Li-0.22%Mn [Vasudevan-Doherty]
50 - a Al-2.5%2Zn-3.5%Mg [Unwin-Smith]
= 40
s
e
"
E 30-
N?_, 20
=
10 -
0
1 1.5 2 2.5 3
(A"
Figure 3.9: Variation of K* with (49" for alloys that show different matrix yield

strength [25]

Localized shear in the PFZ is of course expected to have a detrimental effect on
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fracture toughness, although there is still some debate on the exact influence [78]. Using
a similar approach as Hahn and Rosenfield used, Hornbogen [79] has derived a fracture
toughness model for the case when plastic deformation is restricted to narrow planar
zones along the grain boundary. The fracture criterion is given by a critical value of the

strain in the PFZ. ¢/, then from Eq. 3.10. Hombogen derived the following equation:
K, =(Ec ,ne,w/Dy)* (3.20)

Where / is a constant, oy, 1y, are respectively the yield strength and the strain hardening
coefficient, w is the PFZ width and Dg is the average grain size. &, is considered to be
dependent on the amount of grain boundary particles. These authors also make the
assumption that plastic deformation is limited to the PFZ and, hence, oy, is much smaller
than within the grains.

This model was later extended by Hornbogen and Graf [80] by considering that
transcrystalline fracture can occur in the bulk alloy. The fracture is therefore composed of
an intercrystalline portion p; and a transcrystalline portion p,=(/-p; that are associated
with partial fracture toughness levels Kj; (Eq. 3.20) and Kj, (Eq. 3.10) respectively.
Hornbogen and Graf suggested that there is a critical angle of grain boundary, 4@,, that
will experience maximum shear stress and which is more favorable to for a crack to

follow an intergranular path. p; is then expressed as a ratio of 24®, over the angular

range 7/2:

_ 382, (3.21)
T

p,

And the fracture toughness is estimated as a linear weighted summation of the partial

fracture toughness levels:
K/c :K!wpt +K1’c¢(1_p1) (322)

Gokhale et al [81] made clear that a comprehensive model should consider all the
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modes of fracture and take account of the anisotropy of the alloy properties in terms of
grain structure and clustering of coarse intermetallics. Sugamata et al. [82] have made
some attempts to relate the fracture toughness to both intergranular and transgranular
fracture in Al-Li alloys using a linear relation considering the area fraction of

intergranular fracture, A;, and the area fraction of transgranular fracture, A,

—~—
Ll
o
LI

et

K,=K, 4 +K,A4

lei fet
K. is derived from Eq. 3.20. K}, is derived from Roven’s fracture toughness model for
transgranular fracture [83]. This model assumes that the material surrounding the crack

tip does not contain PFZ or coarse particles, slip is restricted to the slip bands emerging

from the crack tip (see Fig. 3.10).

Sas
Figure 3.10: Assumed rwo-dimensional situation in an average section of the crack front.

A slip band is emerging from the crack tip at an angle o and has a width

Wsp. After Roven [83].

Roven considers the critical plastic strain, &,, to be:
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= _g@__ (3.24)

€,
S
( SGB JWS‘B

\~SB

Where Sgp is the spacing of the grain boundaries and Sgp is the slip band spacing. ¢, is

also a function of the number of slip bands following:

£ = S(}B
P SgMtana

Where M is the Taylor crystallographic orientation factor. The transgranular fracture

toughness is obtained by combining Eq. 3.10 with Eq. 3.24 and 3.25:

let

1/2
_ 28 Wepo E (3.26)
M tanasS., ;

Sugamata et al. have shown reasonable prediction of toughness with this model.
However, Gokhale e al. [81] point out that this simple model is not physically reasonable
as there is no basis for stress intensities to be linearly additive. Therefore, they proposed a

model based on the energy release rate G, additivity

G,=G, A4 +G,, A (3.27)

H=

4

K[¢'~

withG, = with £ constant (3.28)

In their study Gokhale er al [81] consider three micromechanism of fracture:
intergranular fracture, transgranular fracture and coarse constituent particle fracture (area

fraction A4,), such as:

A+4,+4,=1=>4+4 =1-4, (3.29)

Lo
<o
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Eq. 3.29 can be written as:

A+ A4

i i

2 A -2
Kizc :<A; +A:‘{K[:Jl _A1K12a+ I K;u}
Combining Eq. 3.30 and Eq. 3.9, a convenient way to express fracture toughness is:

(3.31)

1-4

g

Kz» 2 2 2 A
h=mwmﬁm%4ﬁ
7

K and Ky, are constant for a given alloy chemistry, quench rate and ageing treatment.

2

' and 4 . This relation

P P

Therefore Eq. 3.31 predicts a linear relation between

has been used to assess the fracture toughness of 7050 aluminium alloy [78] with some
success (see Fig. 3.1) with varying specimen orientation and/or recrystallised volume. It
should be noted that the slope and intercept of the linear prediction should yield the

completely intergranular fracture toughness and completely transgranular fracture

toughness.
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Fig. 3.11: Experimental data on water-quenched and peak aged partially recrystallised

7050 alloy specimens.

This last model appears more comprehensive than previous models. However, it
fails to predicts the evolution of fracture toughness with ageing treatment and alloy
composition which are fundamental to 7xxx alloy series processing.

Table 3.1 gives summary of the models presented above. A truly comprehensive
model of fracture toughness has to consider all fracture modes (coarse voiding at large
intermetallics, transgranular shear fracture, intergranular fracture), the parameters which
influence these fracture modes (yield strength, grain boundary precipitation, PFZ, coarse
intermetallics, grain structure) as well as the anisotropy of some of these parameters
(distribution of intermetallics and dispersoids, orientation of the grain structure). All

these processes are linked, and interactions between them may be expected.
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Authors Advantages Inconvenient Ref
Hahn Give relationship between | Considers only one [35]
and K. and volume fraction of | fracture mode (i.e.
Rosenfield intermetallic particles. coarse voiding at

intermetallics). The
relationship between
K. and the yield
strength is contrary to
experimental
knowledge.

Garrett Give relationship between | No relation between [76]

and K, and bulk material K. and

Knott tensile properties. microstructural

properties. Valid only
for a single fracture
mechanism.

Haynes Consider in more detail No relation between [47]

and the influence of the stress | K. and

Gangloff state at the crack tip on microstructural
fracture properties. properties.

Hornbogen Consider the influence of | Valid only for a single | [79]
the grain size and grain fracture mechanism
boundaries on fracture (i.e. intergranular
toughness. fracture)

Sugamata K,=K_4 +K Multi-mechanistic No physical [82]

et al. approach to fracture justification of the
toughness modelling. equation. The model

does not take into
account possible
interaction between
the fracture modes.

Gokhale k2 <[k, - k2] Multi-mechanistic The model does not [81]

et al. approach to fracture take into account

toughness modelling with
physical justification of
the equation.

possible interaction
between the fracture
modes.

Table 3.1: Fracture toughness models.
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Experimental methods

4.1 Materials and heat treatments

Two Al-Zn-Mg-Cu alloys, 7449 and 7150, were provided by Pechiney CRV as
30mm thick plates. They were solutionised, quenched and stretched (corresponding to the
commercial W51 heat treatment). These particular pieces were then naturally aged for
several months before undergoing four different proprietary commercial heat treatments,
which were:

- Ageing to achieve the peak strength of AA-7449, this heat treatment was

referred to as T6 (7449)
- Ageing achieve to the peak strength of 7150, referred to as T6 (7150)
- Two slightly overaged double step treatments: T79 and T76 (the T76 treatment
being more overaged than T79).
In addition more overaged heat treatments were performed for the 7449 aluminium alloy
(Table 3.1). All heat treatments applied to these alloys should be referenced as Tx51,
however we will refer to them as T6 and T7 heat treatments in the interest of brevity.

Another Al-Zn-Mg-Cu alloy containing Mn instead of Zr was provided by DERA
as a 25mm thick plate. This alloy, which is not a commercial product, possesses Zn, Mg
and Cu contents similar to 7449 and will be referred in the following as 7449(Mn). This
alloy was furnished in as-rolled condition and naturally aged for several months before

undergoing a solution treatment for 1h at 473°C, quench in water, and subsequent heat

treatments, specifically T6, T76, and T7C.



Chapter 4

Heat treatment denomination | Description
T7A W51+ 24h at120°C + 12h at 165°C
T7B W51+ 24h at120°C + 24h at 165°C
T7C W51+ 24h at120°C + 3%h at 165°C
T7D W51+ 24h at170°C
T7E W51+ 48h at160°C i

Table 4.1: laboratory overaged treatments applied to the 7449 aluminium alloy

In terms of compositions. the main features of the two commercial alloys are a
33% increase in the Zn content in 7449 over 7150, and a slightly higher Cu content
for 7150, see Table 4.2 (exact compositions are proprietary). 7449(Mn) contains

slightly less Zn, Mg and Cu compared with the 7449 alloy.

Zn Mg Cu Zr Fe Si Mn
7449 7.5-8.7 1.8-2.7 1.4-2.1 <0.25 <0.15 <0.12 -
7150 5.7-6.7 1.8-2.7 1.5-23 <0.25 <0.15 <0.12 -
7449(Mn) 8.1 2.2 1.75 - <0.15 <0.12 04

Table 4.2: Composition ranges of 7449, 7449(Mn) and 7150 alloys (%Wt

The DSC samples and the specimens used for the mechanical tests (toughness

tests and tensile tests) are highlighted in Table 4.3.
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| Temper DSC Mech. Test.
7449 7150 | 7449(Mn) | 7449 7150 | 7449(Mn)

W51 v v

T6 (7449) v v v v 7 v

T6 (7150) v v
T79 v 4 v v
T76 v v 7 v 7 7
T7A v v
T7B v v
T7C v v v v
T7D v v
T7E 4 v

Table 4.3: Heat treatments applied to the three alloys with corresponding

experimental work. Heat treatments are given in order of increased

ageing.

4.2 DSC

4.2.1 Principles

Differential Scanning Calorimetry is concerned with the measurement of
energy changes in a substance (see e.g. [84]). It is an economical, fast, sensitive and
reproducible method, as will be discussed later. Hence, it is one of the most
commonly performed thermal analysis techniques in various areas such as
mineralogy, but also polymer science, pharmaceutical studies or petroleum product
analysis. As its name suggests, it uses the difference in heat evolution between the
substance and a reference to quantify the response of the sample studied.

As the instrument signal records the energy change against time, DSC can be
considered as a quantitative technique. However, DSC is often, particularly in studies
of aluminium alloys, employed for qualitative study.

There are two main principles used for the DSC technique (see fig. 4.4) [84]:
e Power Compensation DSC: the signal is related to the differential heat

provided to keep the sample and the reference at the same temperature.
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o Heat flux DSC: the signal derives directly from the difference of
temperature between the sample and the reference.
These two methods have both advantages and inconveniences, and their use is
determined by each particular application.

One advantage of the DSC is the possibility to have fast heating or cooling
(with rates of approximately over IOO"C.min’l). This, associated with the relative ease
of use of the DSC, makes it available for application in the industry where, for
example, a robotic system can test several samples at a time. Control of the sample
environment is also possible, allowing testing at either high or low pressure.

The DSC has a high sensitivity that enables it to draw results from a very
small sample (few mg), which makes the methods both cheap and reproducible, but,
for heterogeneous materials, one single test can not give an overall view of the
different properties. The preparation of the sample is also of great importance as the

deformation induced in the material to cut and machine the samples can modify its

properties [85].

C
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d4Q/dt - TEMPE RATURE
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C
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Figure 4.4. Schema of the basic principles of (a) Heat flux DSC and (b) Power

compensation DSC
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4.2.2 Experimental

Fine slices of 0.5mm thickness were cut and punched to obtain Smm diameter
samples. The samples were then put in a crucible in the DSC furnace. The reference
employed was a pure aluminium disc of the same weight as the sample (=5mg). The

DSC is a Shimatzu 50 heat flow DSC. The samples underwent the heating sequence
as follows:

-Heating at 10°C /min to 520°C

-Cooling at maximum rate (-99°C /min) to 30°C

-Isothermal for 2 hours

-Heating at 10°C /min to 520°C

-Cooling at 2°C/min to 30°C

-Heating at 10°C /min to 520°C

-Cooling at -99°C/min to 30°C

The results displayed by the DSC were then corrected with a baseline correction. a
heat correction and a temperature calibration. The aluminium alloy is also known to

have a linear derivation of the heat flow, Q, measured with the temperature:
QrealZQmes+a+bT (4 1)

Where a and b are constant. As the heat flow is expected to be zero at 50°C and

520°C, these constants can be calculated for each alloy and then the curves can be

corrected.

4.3 TEM

Several different samples were investigated with a Jeol JEM-2000FX TEM:
7150T7951, 7150T7651, 7449T7951, 744977651 and 7449T7E. The samples were
3mm diameter discs punched from the bulk material. The discs were subsequently
ground with 1200 paper-grit to a thickness of about 0.3mm. They were

electropolished with a Tenupol 3 electropolisher using a standard solution (30%
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HNO;, 70% methanol) at ~-20°C. The electropolisher was set with a voltage of 12V

and a current of about 0.13A.

4.4 Image analysis of coarse intermetallics

Grinding and polishing

The quality and consistency of the preparation of the samples will determine
the accuracy of image analysis results. Therefore a method of grinding and polishing
that is identical for all the samples has been carefully applied. For the alloys
considered in this study a three-step grinding (120, 600 and 1200 grit SiC-paper), and
three-step polishing (6pm, lpm, 1/4pm diamond paste) procedure has been used. An

automated polishing machine was used to ensure consistency of results.

Image Analysis

Image analysis was carried out on a PC system connected to a Kodak
Megaplus digital camera (1400x1000 resolution) mounted on an Olympus BH-2
optical microscope. High-resolution images are acquired from the digital camera, and

subsequently analyzed using two packages: PC_Image workshop, and Optimas v. 5.2.

4.5 SEM & EDS

EDS has been performed on polished sections of the 7449, 7150 and
7449(Mn) alloys to identify coarse intermetallics.

SEM investigation of the fracture surfaces of failed specimens was carried out.
This included edge-on observations linking the microstructural features in the LT and
LS plane to the fracture surface features. For the edge-on observations, samples were
cut from the middle of fractured specimens (to observe the fracture surface area which
had been under plane strain conditions). The surface is subsequently coated with
Lacomit varnish to be preserved during the later etching stage. The coated samples
were mounted in resin support and polished to a standard metallographic finish.

Finally, as for optical microscopy characterisation of the grain structure,
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orthophosphoric etchant was used. The samples were etched for 1 to 3 minutes in a
10% H3;PO4/90% distilled water solution heated to 50°C. Finally, the samples are
broken out of the resin mount and the Lacomit varnish removed allowing the original

fracture surface to be observed simultaneously with the underlying microstructure.

4.6 Toughness tests

To achieve a fatigue pre-crack front that meets the requirement of the ASTM
standard and a reasonable pre-cracking time, a schedule of decreasing fatigue loads
was used. Potential drop (PD) crack measurement was used. This enabled the loads to
be chosen on the basis of a previously determined relationship between the potential
measured on the specimen during crack growth and the crack length a:

%V =-0.9984 +1 .776(;} - 0.4276(—1/1/—] (4.2)

0 0

Where V, is the initial potential and # the specimen length.

The present test methods followed ASTM E-399 [81]. This test method
includes two parts:

e Recommendations and requirements for Ky, testing

e Annexes such as displacement gauge design, fatigue cracking procedure,

requirements for testing specimens

The test consists of loading a notched specimen which has been pre-cracked in
fatigue. The compact tension (CT) specimen will be particularly considered, as this
format was used in the present study (Fig 4.5). A specimen can be tested in different
directions from the initial material as shown in Figure 4.6; in this study the L-T

orientation has been tested.
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Figure 4.5: Schematic diagram of the CT specimen used for the present work

(dimensions in mm)

Figure 4.6: Crack plane orientation code [81]

The K. value is derived from elastic stress analysis equations. This value is

representative of a neutral environment with the presence of a sharp crack under
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severe triaxial constraint. Prior cyclic loads may affect the results giving a Ko value
above K. due to blunting of the pre-crack. Overall, K}, validity depends on a variety
of conditions, the main ones being:

e Sharp pre-crack conditions created by a low prior fatigue load (the
fatigue crack loading in the terminal stage of fatigue cracking must not
exceed 60% of Ky, where K is the measured stress-intensity factor at
fracture.

o The crack tip plastic region has to be small compared to the crack size

or the specimen thickness. The following criterion is used:

K, Y
2.5{ ¢ J < B,a Where B is the sample thickness, « is the
Oy

crack length, K is derived from the 95% offset load value, Pg,
as defined in the ASTM standard E399.

o P /F, <1.10 where P, is the maximum load experienced by the

sample

When all the conditions are satisfied the Ky value is then considered as K. If not, the
calculation of the specific strength ratio, Rsy can be carried out to give semi-
quantitative information about the properties of the material.

Three tests were performed for each condition (see Table 4.3) for the 7150 and

7449 alloys; two tests were performed for the 7449 (Mn) alloy due to limited

available material.

4.7 Tensile tests

Tensile tests on the materials were carried out in general accord with ASTM
standard E-8 with Hounsfield 'C' specimens (see Figure 4.7) for 7449 and 7150 in
T651(7449), T7951, T7651 conditions, and Hounsfield 'A’ specimens for 7449 and
7449(Mn) respectively in T7A, T7B, T7C, T7D, T7E conditions and T6, T76, T7C
conditions. Three tests were performed for each condition. Specimens were taken in L
orientation (i.e. parallel to the rolling direction). Tests were performed with specimens

machined from the middle and quarter thickness positions of the 7449 and 7150 plates
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for T651(7449), T7951 and T7651 heat treatments. Other tests were performed with

specimens machined from the middle thickness position of the plates.
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Figure 4.7: Schematic drawing of the Hounsfield tensile specimen 'A’" and 'C’

with their respective dimensions (length in mm)

The strain was recorded using a 10mm gage extensometer for Hounsfield

specimen 'C' and a Smm gage extensometer for Hounsfield specimens 'A'. The yield

strength was measured as the stress at 0.2% plastic strain. The ultimate tensile

strength is the maximum nominal stress reached in the test. The strain hardening

coefficient n has been measured from the stress-strain curves using the equation



Chapter 4

o, = He" (4.6)
Where H is a constant, o, is the true stress and ¢ is the true strain
Therefore #n is the slope of the curve log o, = {(log ¢) and is calculated by a linear

regression using 5 values for plastic strains between 1 and 5%.

4.8 Notch tensile tests

L-oriented, circumferentially notched tensile specimen of 7449, with varying
notch acuity, were fractured to establish a stress-state dependent fracture locus
((o,/0p)) for the 7449 alloy. Stress-state triaxiality is expressed as the ratio of mean

stress (o) to effective flow stress (o) and is dependent on notch geometry [47]:

~

Cp 2

w1, 1n[i+ 1] +.7)
4R

Where R is the initial notch root profile radius and d is the initial notch root diameter

as illustrated in Figure 4.8. Three different geometries have been tested (see Table

z - g

4.4).
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Fig 4.8: Schematic drawing of the notch tensile specimen geometry (length in mm)

d(mm) R(mm) T/ Of1

5 1 1.144

5 2.5 0.739

4 3 0.621
Unnotched tensile specimen 0.333

Table 4.4: Notch geometry and corresponding triaxial-state values
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The diameter at failure, dy, was determined from two orthogonal measurements
of the fracture surface. Effective plastic strain at fracture depends on diametrical

contraction according to:

d
g7 =2In - (4.8)

,
i

4.9 Arrested crack tests

The crack paths in the alloys have been studied using optical microscopy on
polished and etched arrested crack specimens. The specimens were chevron-notched
bars of rectangular cross section, as shown in Fig. 4.9. The specimens were taken in
the same orientation as the toughness specimen (L-T). A bolt loading device was used
to produce a crack within the samples, which would run and arrest due to the constant
displacement conditions. The crack was then filled with an epoxy resin under pressure

using a vacuum dessicator to preserve the specimen edges for subsequent sectioning

and polishing.

14

14

Figure 4.9: Schematic drawing of the chevron-notched specimen (length in mm)
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Microstructure and mechanical properties: results

5.1 Grain structure

Optical micrographs of the 7449, 7449(Mn) and 7150 alloy grain structures are
presented in Fig. 5.1. The 7449 and 7150 alloys exhibit a similar grain structure, with the
structure of both alloys being strongly elongated in T and L directions. The 7449(Mn)
alloy grain structure is clearly less significantly elongated.

The three alloys exhibit a certain amount of recrystallisation. From optical
micrographs, the amount of recrystallisation was estimated at 20% for the 7449 alloy and
30% for the 7150, whilst the 7449(Mn) alloy appeared to be fully recrystallised.

The grain size represented as the mean free path between boundaries in the short
transverse (ST) direction, ds, has been measured by the mean linear intercept method. For
the 7150 alloy ds is slightly larger (about 16pum) than for the 7449 alloy, for which ds was
about 12um (Table 5.1). For both alloys, a wide range of subgrain sizes was seen (~3 to

10um). The 7449(Mn) exhibit a much coarser grain structure, with dsreaching 40pum.

5.2 Coarse intermetallics

Optical microscopy showed that coarse intermetallics were inhomogeneously
distributed; they mainly appeared as bands of particles oriented in the rolling direction.
Intermetallics were especially observed in recrystallised grains. The coarse intermetallic
particles were examined in the SEM (see Fig. 5.2 and 5.3). This analysis identified two
different kinds of Cu containing particles for the 7150 and 7449 alloy: one containing Al,
Fe and Cu (which is believed to be Al;CuyFe) and the other Al, Mg and Cu (believed to
be S phase [36]). In the 7449(Mn) alloy, Al-Fe-Cu, Al-Mn-Fe and Mg-Zn particles were
observed. Similarly to 7449 and 7150, the Al-Fe-Cu containing particles were thought to
be Al;,CuFe; the Al-Mn-Fe phase is possibly AlgMnFe (Mn dispersoids, AlgMn, can
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contain Fe when it is present in solution) [87]. Mg-Zn coarse particles are believed to be
undissolved coarse m precipitates. EDS analysis of some of the smaller particles
contained in the three alloys, which appear black in the optical micrographs, showed that
they contained Si and Mg, and were therefore identified as Mg,Si. The image analyser
enabled particles to be distinguished by their grey level and their area fractions were
determined (see Fig. 5.3). For all alloys, the area fraction of black particles (Mg;Si) was
between 0.1 and 0.2%. The 7150 alloy contained the greater amount of mid-grey particles
(S and Al,CuyFe), corresponding to 1.6%, approximately the double of the amount
contained in 7449 (0.9%) and 7449(Mn) (0.9%). Volume fractions of intermetallic phases

are presented in Table 5.2.

5.3 TEM

The TEM experiments reveal aspects of the grain structure, with Fig. 5.5 showing
both recrystallised and unrecrystallised regions. Details of the different precipitates are
shown in Fig. 5.6: a homogeneous distribution of small (i.e. <50nm) precipitates and
somewhat larger dispersoids (presumably Al;Zr) were identified within the grains, with
coarse n particles at the grain boundaries. The width of the grain boundary precipitate
free zones (PFZ) was seen to vary between 40 and 70nm for the various treatments
considered here (Fig 5.7); no simple variation of PFZ width with degree of overageing
could be observed. Large variations in grain boundary precipitate size (see Fig. 5.8) and
area coverage of the grain boundaries within single samples were observed (see Fig. 5.9).
Grain boundary precipitates were generally of ellipsoidal shape, elongated along the grain
boundary (see Fig. 5.10), with aspect ratios varying between 2 and 6. Grain boundary
precipitates having preferential orientations at an angle with grain boundary have also
been observed (Fig. 5.11). Grain boundary precipitates sizes vary between 20 and 60nm
for the 7150 aluminium alloy, with no significant differences between T7951 and T7651,
whereas for the 7449 aluminium alloy, precipitates sizes seem to vary from about 25nm
in the T7951 condition to 55nm in the T7651 condition, with little apparent growth with

further overageing to T7E.
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5.4 DSC

All three alloys, in all the ageing conditions applied, were studied by DSC. and
results are presented in figures 5.12, 5.13, 5.14 and 5.15. All the DSC curves show
similar general features (Figs. 5.12, 5.13, 5.14 and 5.135). The nature of the different
peaks has been detailed in the literature [88.89]. The peaks are numbered identical to
earlier work [88], and their nature is discussed below.

It should first be noted that in freshly quenched 7xxx alloys GP zone formation
(an exothermic effect) is expected to occur at temperature lower than 150°C during DSC
scanning, but that in the present naturally aged, peak aged and overaged alloys no peak
due to GP zone formation is observed (This exothermic zone formation peak (Peak I) has
indeed been observed in the solution treated and quenched 7449 alloy, where it occurs in
the range of 30 to 100°C [89]). The absence of this peak even in W51 conditions (see
Figs. 5.13 and 5.14) suggests that in the present alloy GP zone formation has been
completed very early on during the natural ageing process.

The first endothermic peak (peak II, see Fig. 5.12) shifts to higher temperatures as
the ageing treatment becomes more severe (see Figs. 5.13 and 5.14). This corresponds to
the results obtained in the literature (see e.g. [90]). For the W51 temper the first
endothermic peak is usually associated with GP zones dissolution. For instance, Garcia-
Cordovilla and Louis [20] found a GP zone dissolution peak temperature of 130°C that is
in agreement with our work. For the peak-aged alloy the first endothermic peak occurs at
higher temperature. Papazian [91], studying the reaction kinetics of 7075 Aluminium in
the T6 condition, shows that the first dissolution peak is made up of simultaneous
formation and dissolution reactions that can be GP-zone dissolution, 1’ formation and n’'
dissolution. Delasi and Adler [89] assume that the first endothermic peak represents
mainly GP dissolution for the under-aged (UA) alloys, and represents mainly 7'
dissolution for the over-aged (OA) alloys, which explains this shift to higher dissolution
temperature with increasing the ageing severity. However, it is not always clear whether
this peak is dominated by GP-zone or 1’ dissolution as Delasi and Adler [89] consider

that this peak represents both GP-zone and 7' dissolution for peak-aged (T651) 7075

alloy.
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According to the literature [89] the second peak (peak III, see Fig. 5.12) is a
combination of up to three reactions, 1’ formation and growth, n formation and T
formation, leading to a three peak shape for underaged alloys. In the overaged temper, i.e.
when most 1’ phase is already formed, the triple peak becomes a double peak shape that
may represent the formation of  and T. However, some authors [60] consider this double
peak shape in peak aged alloys to be due to 1" and n formation. The total heat evolved
decreases with the increase of the ageing treatment (Fig. 5.13, 5.14). This can be
explained as tfollows. It is known that during ageing, n' and n are formed. Hence, the
amount of 1" and 1 forming during the DSC run, which depends on the remaining Mg and
Zn dissolved in the Al-rich matrix to form the precipitates, is reduced, thus reducing the
total heat evolved.

The second endothermic peak (peak IV, see Fig. 5.12) corresponds to the
dissolution of the phases present after precipitation (mostly stable 1). This reaction is to a
large extent determined by the equilibrium solvus of the dissolving phase(s) (e.g. the
thermodynamic equilibrium between 1 and the Al-rich phase) [21], and this equilibrium
is temperature dependent. As the present T6 and T7 ageing treatments will have little
effect on the microstructure that the DSC samples have developed by the time the start of
peak IV (about 280°C) is reached, this peak is very similar for all the samples.

For the 7449 (Mn) alloy, a sharp endothermic peak is found around 480°C. Such
peak has previously be observed for 7xxx alloys and was associated with the melting T or
n phase [92].

For the 7150 alloy, a sharp endothermic peak is found around 500°C (peak VIII,
see Fig. 5.13), which represents the melting of the S (Al,CuMg) phase [41,88]. There is
no evidence of any effect of ageing on this peak, as it does not seem to vary
systematically with the heat treatment. This indicates that this peak is sample dependent.
involving S phase formed during ingot casting.

Throughout the various heat treatments, both alloys have a similarly shaped peak
II, but the complex precipitation peak (peak III) shows marked changes. In the peak aged
condition the total heat evolved during peak III is higher for the 7449 alloy (see Fig.
5.12). This can be explained by the higher Zn content of the 7449 alloy. However, in

overaged conditions, the trend is reversed and for T79 and T76 conditions the 7150 alloy
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shows a higher exothermic heat evolution (Fig. 5.13 and 5.14). This suggests that the rate
of Zn precipitation during T7 treatments is higher for the 7449 alloy than for the 7150
alloy, causing the 1’ and n precipitation peaks to decrease in size faster for the 7449 alloy.
The higher amount of ) in the 7449 alloy is evidenced by the higher peak area of peak IV
for all the ageing treatments. The peak VIII relating to S phase melting does not appear at
all in the 7449 (Zr) alloy. In 7150 alloy. this peak seems to be dependent on the position
within the plate suggesting that there is a higher amount of S phase at the quarter depth

position of the plate (Fig. 5.16).

5.5 Mechanical tests

The present materials are relatively high strength aluminium alloys, with T6 vield
strengths of 600 MPa for the 7150 alloy, 625 MPa for the 7449 alloy and 546 MPa for the
7449(Mn) alloy (Table 5.3). The high strength levels of the 7449 and 7150 alloys is
illustrated in Fig. 5.17 by comparison with 7475 and 7075 alloys. The yield strengths of
7449 are at least 20 MPa higher than those of 7150 for all commercial heat treatments,
which is in line with the literature [2]. The 7449 T6 yield strength is more than 100MPa
greater than 7075 T6 for the same fracture toughness level [2]. It should be noted that the
heat treatments considered in this study were designed for the 7449 alloy. Hence, the
7150 and 7449 (Mn) alloys in their respective heat treatment conditions are not an
entirely fair comparison. The T651 treatment used in the 7449 alloy will in fact be a
slightly underaged condition for the 7130. Similarly, The T6 treatment applied in this
study to the 7449 (Mn) alloy is not strictly the designed ageing treatment to achieve peak
strength for this alloy: reports on Mn containing Al-Zn-Mg alloys [93,94] suggest that
our T6 treatment will also correspond to an overaged treatment for the 7449(Mn)
material.

For the toughness tests, two valid K. values were obtained for each condition for
the 7150 and 7449 alloy. For the 7449 (Mn) alloy, only K, values were obtained due to
the bowing of the fatigue pre-crack. However these values were coherent between them

and compared to the other alloys, therefore for the clarity of the discussion these Ky
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values will be refered to in subsequent chapters as Kjc values”™. As expected, the yield
strength decreases and the toughness increases on increasing overageing, i.e. in going
from T651 to T7E (Fig. 5.17). As overageing is increased from T651 to T7E for the 7449
alloy the strength decreases in an approximately linear manner with the increasing
toughness. In the T7951 and T7651 conditions the 7150 and 7449 alloys show similar
levels of toughness (but with better strength properties in the 7449 alloy). 7449 (Mn)
alloy strength-toughness properties in T6 and T76 conditions are in the same range as the
7449 alloy strength-toughness property linear recovery trend. However, strictly
comparing the 7449(Mn) alloy to the 7449 respectively in T6 condition and T76
conditions, Fig. 5.17 shows that 7449(Mn) exhibit a slightly better toughness value but
with a much lower yield strength. In T7C condition, 7449(Mn) has a yield strength
80MPa above the 7449 T7C yield strength for the same level of toughness. 7449 (Mn)
T7C alloy strength-toughness combination is in near the 7475 T6 aluminium alloy. The
7449 (Mn) alloy has a toughness recovery rate (i.e. associated with decreasing strength)
greater than that of the 7449 alloy.

For all tensile tests performed, the applicability of Ashby’s work hardening
equation (Chapter 2 Eq. 2.2) was assessed and compared to the classical Ramberg-
Osgood equation, by fitting the corresponding equations to the experimental stress-strain
curves. The fitting of the experimental stress-strain curves by the exponential model and
the Ashby model (Eq. 2.2) revealed that for 0.01<g,<0.05 the Ashby model is more
accurate than the exponential fit for most samples tested and at least equivalent for few of
the samples. Table 5.4 shows the root mean squared error (RMSE) between the

experimental data and the different work hardening models. The RMSE value is define as

follows:

m
2

5 O-exp ermmental - O-mocl elling i ) ~
RMSE =1/ = (5.1)
m

" In subsequent chapters K|, values are plotted for each test.
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where m is the number of data point considered, Gexperimeniar a4 Cpogeiiing are respectively
the stress experimental value and the stress value derived from the models (taken at
identical strain values). This table shows that over this range of strain, the Ashby model
is accurate to about 2% of the experimental data whereas the Ramberg-Osgood model
can deviate by up to 5% from the experimental values.

The strain hardening parameters K, and » show different trends with ageing; »
increases consistently with ageing for both alloys, whereas K, is initially approximately
constant (in the T6 and T79 conditions for 7150 and 7449 alloys, and in the T6 and T76
conditions for the 7449 (Mn) alloy) before a marked increase in the more overaged
conditions (T76 for the 7150 alloy, T76 to T7E for the 7449 alloy and in T7C condition
for the 7449 (Mn)).

The elongations to rupture of the 7150 and 7449 alloys are similar (Table 3.5).
They range between 10.5 and 15%. The elongations in the 7449 (Mn) alloy are much
smaller, from 5.3% in the T6 condition to 8.6% in the T7C. The critical strain for the
7449 alloy, calculated from the reduction area in smooth tensile specimens, showed a
consistent increase with overageing.

Tensile tests conducted for the 7150 and 7449 alloys with samples extracted from
the plate centre and plate quarter showed only limited differences in terms of yield

strength, tensile strength or elongation (Table 5.5).

5.6 Notch tensile tests results

Notch tensile tests were performed to establish stress-state dependent fracture
strains. The triaxial stress-state depends directly on the notch geometry and is
systematically varied in the present tests. Fig. 5.18 shows the fracture strains related to
their stress-state for different heat treatments for the 7449 alloy (see section 3.2 also). The
figure shows that the critical strain to fracture increases with more severe heat treatments.
The critical strain also decreases with more severe (triaxial) stress state conditions. The -

results for the 7449 alloy are broadly consistent with results reported in the literature for

other 7xxx alloys [95].
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5.7 Fractography

From the fracture surfaces of the failed toughness samples, various features can
be recognized (Fig. 5.19 to 5.25). 7449 and 7150 alloys samples showed reasonably
similar features, whilst the 7449 (Mn) alloy exhibited quite distinct fracture
characteristics. Fractographic features of the 7449/7150 alloys and the 7449 (Mn) alloy

are therefore reviewed separately below.
5.7.1 Fractographic analysis of the 7449 and 7150 alloys

The presence of coarse voiding was generally evident in the 7449/7150 samples,
with large intermetallics visible inside the voids (see e.g. Fig. 5.19f). The presence of
ridges in the T direction (which is the predominant grain boundary direction) also
indicates some interaction with the grain boundaries (see Fig. 5.19a). The ridges were
specifically linked to the grain boundary locations (Fig. 5.23), however fracture was
clearly not wholly intergranular, i.e. linkage of grain boundary failure in the S direction
was at least partly transgranular in keeping with the observation of Ludtka and Laughlin
[96]. For both alloys it was clear that the rupture mode was influenced by the ageing
condition; the T7651 condition is more ‘ductile’ (exhibits a higher proportion of coarse
primary voiding), with less of the ridge-like features as compared to the T651 condition.
On further ageing of the 7449 alloy to the T7E condition, a more complete transition
occurs to principally coarse voiding.

Edge-on observation of the microstructure on the L-S plane and the fracture
surface have clarified the nature of the linear ridges. They appear to be formed from the
grain boundaries (Fig. 5.23). An important feature of the linear ridges is that the “valley”
between ridges is rarely observed to propagate down the grain boundary into the bulk of
the sample. The valleys between ridges are generally rounded in the L-S plane. Fig. 5.23
clearly illustrates the difference between rounded valley features and a secondary crack
which has propagated down the grain boundary, marked by “X’” in the figure. Such true
delamination has only been observed occasionally. It is interesting to note the link

between grain boundaries which are well decorated by particles, and the ridge separations



Chapter 5

(Fig. 5.24). From the fractographic results, it is difficult to determine whether the more
decorated boundaries are grain or subgrain boundaries. However, Fig. 5.23 and 5.24
show that boundaries between unrecrystallised and recrystallised grains exhibit these
features suggesting that the more decorated boundaries are high angle boundaries.

Edge-on observations of the fracture surface and the L-T plane in the 7449 and
7150 alloys (Fig. 5.25) (i.e. parallel to the crack growth direction) reveal further aspects
of the multimechanistic nature of the fracture process. Transgranular shear through both
unrecrystallised and recrystallised areas is evident, whilst there was clearly some
influence of the boundaries of recrystallised grains on the fracture path for the two alloys.
Particularly, transitions from linear ridges to clear grain boundary failure was observed
between recrystallised and unrecrystallised grains. Continuous linear features running
across recrystallised and unrecrystallised areas were also identified. Whilst interactions
between recrystallised and unrecrystallised grains were sometimes evident, little
influence of substructure on crack growth was seen.

Optical microscopy observation on LS (Fig. 5.26) and LT planes (Fig. 5.27) of
arrested crack specimens further illustrates the features revealed by the edge-on SEM
observations for the 7449 and 7150 alloys. Figure 5.26 shows failure at grain boundaries
where the adjacent grain has necked down to a relatively fine point (see locations X).
However, many regions of apparent shear decohesion are also seen (see locations Y),

illustrating the complex nature of the failure in this material. Multiple failure modes are

highlighted in Fig. 5.27.
5.7.2 Fractographic analysis of the 7449 (Mn) alloy

The 7449 (Mn) material has a quite distinct mode of rupture compared to the 7150
and 7449 alloys, as shown in Fig. 5.21. The fracture mechanism is associated with fine
tensile voiding. Large areas of the plane strain zone of the failed samples are covered by
small voids (<5um). Particles up to 1um are visible within these voids (Fig. 5.22). These
particles have an ellipsoidal or round shape. The voids surrounding these particles are
only 2 or 3 times bigger than the particles. More coarse voiding was also seen in this

alloy (Fig. 5.28), however, it was not a dominant feature of the fracture surface. Evidence
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of interaction of the grain boundaries with the fracture process has been identified: lower
magnification SEM micrographs show small ridges (<100um) orientated in the T
direction (Fig. 5.29). However, these ridges are not linked together and are widely
spaced. The fracture mechanism for the 7449 (Mn) shows no obvious sign of

evolution/change with ageing condition.

~J]
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Mean free path, average grain intercept (um)
ds dr dr
7150 16 79 34
7449 12 60 20
7449(Mn) 40

Table 5.1. Grain sizes represented as “mean free path” in S, L and T direction of the
7449, 7150 and 7449(Mn) materials.

Intermetallic phases (% volume fraction)
Mngi AbCugFe A17CL12F€, AI@MHF@, NIan:
and Al,CuMg
7150 0.15 1.5 -
7449 0.17 0.75 -
7449(Mn) 0.13 - 0.79
Table 5.2: Intermetallic content of 7150, 7449 and 7449(Mn) alloys.
oys |Standard| oyrs | SE Kie SE} n SE Ka / SE |elongation| SE
(MPa) | Error [(MPa) (MPavm) (MPa.m™?) (%)
(SE)
7150 T651 599 7 644 |12 31.0 |1.7]0.051}0.0007 391 27 129 105
T7951 | 572 3 617 | 8 292 10.6(0.055|0.007 396 31 114 04
T7651 | 566 4 617 | 4 31.3 [1.4{0.059]0.003 435 13 105 0.3
7449 T651 627 8 665 | 5 25,6 |1.6]0.041}0.002 365 4 126 0.8
T7951 | 591 2 622 | 1 28.1 1.710.046| 0.001 343 19 105 0.4
T7651 | 3584 12 614 | 3 31.3  10.9(0.047| 0.007 392 1 11.1 1.1
T7A 512 5 561 | 5 343 [1.1]0.0630.004 455 25 126 0.1
T7B 472 10 535 12| 394 10.910.082|0.002 549 4 132 04
T7C 421 10 498 | 10| 43.7 ]2.1{0.103}0.003 622 23 13. 0.6
T7D 426 3 500 | 4 42.7 10.3]0.104| 0.002 569 18 145 102
T7E 404 5 481 | 3 454  12.0}0.108|0.007 560 38 13.0 1.2
49(Mn)| Té6 449 3 586 | 8 30.1  10.310.036] 0.02 300 42 3.3 2.0
179 400 10 577 | 2 33.8 10.610.037| 0.01 297 25 7.3 2.1
T7C 363 6 545 | 4 44,5 11.0]0.063| 0.01 422 23 8.6 1.2
. . AValues
1¢ standard error (SE) for # tests having a range of value AValues is defined as: SE = ———
v

le 3.3 Tensile and fracture toughness tests resulls.
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T6 T79 T76
123 ]1]2]3]1]2 3
_  [Ashby RMSE| - [0.70[0.53[0.51(0.50] - |1.54]0.26] 0.40
2 Ramsberg | - |1.20|1.04]066|2.24] - [1.90|0.61] 0.70
RMSE
_ [Ashby RMSE[0.43] - |023]0.16[0.19[0.25[0.07| - |0.37
3 Ramsberg |0.73| - |0.62]/0.12|0.16/0.10|0.33| - | 023
RMSE
T7A T7B T7C T7D T7E
T 1213112312131 12]3[1]2]3
_ |Ashby RMSE[ - [0.56(0.71[0.65(0.80(0.70/ 0.72 |1.03|061| 0.36 [0.24] - [0.76] - |0.85
N Ramsberg | - |1.60|1.76]2.11|2.08|1.56| 1.55 |0.65|1.38 | 0.26 |0.36] - |1.58 1.43
RMSE

Table 5.4: Root mean square errors (RMSE) in fitting work hardening behaviour with the
Ramsberg-Osgood and Ashby models

7150
T651 T7951 T7651
center |quarter| center |quarter| center |quarter
yield strength (MPa) | 599 595 572 577 566 557
UTS (MPa) 644 635 618 615 617 603
elongation (%) 129 | 127 | 114 ] 111 | 10.5 | 104
strain hardening 0.0511|0.0508]0.0551(0.05160.0586]0.0559
coefficient, n
7449
T651 T7951 T7651
center |quarter| center |quarter| center |quarter
yield strength (MPa) | 627 623 591 599 584 574
UTS (MPa) 664 657 622 625 614 | 607.5
elongation (%) 126 | 122 | 1056 | 11.2 | 11.1 10.9
strain hardening 0.041 | 0.044 | 0.046 | 0.045 | 0.047 | 0.052
coefficient, n

Table 5.5: Comparison of 7449 and 7150 tensile properties from samples extracted from
the center position and quarter position of the plate
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7449 (Mn)

Figure 5.1: Optical micrograph of the 7449, 7150 and 7449 (Mn) materials: polished and
etched sections
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where a systematic EDS analysis was performed on particles. Particles 1
was identified as 70%at Al-19.49%at Cu-9.43%at Fe-0.61%at Zn and
particle 2 as 43%at Al-21.25%at Mg-34%at Si-0.5%at Cu-1.2%at Zn- Fe

frace.

10pum

Figure 5.3: SEM backscaterred electron micrograph of a group of coarse Cu bearing
intermetallics (arrowed) in the 7150W51alloy.
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Figure 5.4: a) Optical micrograph of the L-S face of the 7150 W51 alloy, polished and

unetched, b) Binary image of Fig. 5.4.a) showing the black particles and grey
particles, ¢) Binary image of Fig. 5.4.a) showing the black particles.
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lum

Figure 5.5: TEM micrograph of the grain structure of the 7449 T7951
alloy (bright field).

200nm
Figure 5.6: TEM micrograph of grain boundaries and matrix
precipitation of the 7449 T7B alloy (bright field).
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1L Standard deviation 0O PFZ width T
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Figure 5.7: measured PFZ average widths for various heat treatments.
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Figure 5.8: Grain boundary precipitate sizes (along maximum dimension) for

various heat treatments.
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subgrain 2 Grain boundary

Grain |

subgrain 2

Figure 5.9: TEM micrograph of intersecting boundaries in the 7150 T7651 alloy. Grain
boundary 1 exhibits a high area coverage of small grain boundary
precipitates, whilst grain boundary 2 shows a low area coverage of large
grain boundary precipitates. Grain boundary 1 is a boundary between two

subgrains. Grain boundary 2 is a boundary between two grains.

500nm

Figure 5.10: TEM microgra of grain boundaries e 7449 T7651 alloy (bright field).
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100nm

Figure 5.11: TEM micrograph of a grain boundary of the 7150 T7651 alloy showing
grain boundary precipitates (brigth field).
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Figure 5.12: DSC curves of the 7150 and 7449 alloys in T651 heat treatment conditions.
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Figure 5.13: DSC curves of the 7150 alloy for various heat treatment conditions.
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Figure 5.14: DSC curves of the 7449 alloy for various heat treatment conditions.
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Figure 5.15: DSC curves of the 7449(Mn) alloy for various heat treatment conditions.

86



Chapter 5

0.05
— Top of plate

— first quarter

— middle
second quarter

0.025 A

== bottomm

Heat flow (W/g)
S

-0.025 A

-0.05 . T T ; T
0 100 200 300 400 500

Temperature (°C)
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Figure 5.18: Critical strain vs. stress state curves for the 7449 alloy in

different heat treatment conditions.

88



Chapter 5

Fig. 5.19¢: SEM mzcrograph of ﬁacture surface (T-S plane) of 7449 T7651
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Fig. 5.19f: SEM micrograph of fracture surface (T S plane) of 7449 177C.
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Fig. 5.19h: SEM micrograph of fracture surface (T-S plane) of 7449 T7E.
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Figure 5.20: SEM micrograph of fracture surface (T-S plane) of @) 7150 T651, b) 7150
177951 and c) 7150 T7651.
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Figure 5.21: SEM micrograph of fracture surface (T-S plane) of a) 7449 (Mn) T6, b)
7449 (Mn) T76 and c) 7449 (Mn) T7C.
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lpm

Figure 5.23: SEM edge-on micrograph showing the fracture plane (TS)
and the polished and etched LS plane of the 7150 T7951
alloy. (X) secondary crack propagating down the grain
boundary into the bulk sample.
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10pm
Figure 5.24: SEM edge-on micrograph showing the TS fracture plane
and the polished and etched LS plane of the 7449 T651
alloy

10pm
Figure 5.25: SEM edge-on micrograph showing the TS fracture plane and the
polished and etched LT plane of 7150 17951 alloy showing recrystallised
(R) and unrecrystallised grains (UR)
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X highlights region of grain boundary failure and
necking down of grains, whilst Y identifies a region of
shear decohesion.
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Figure 5.27: Optical section (LT) of an arrested crack in 7449 T651: X
highlights a region of grain boundary failure and Y a
region of shear decohesion.
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Figure 5.28: SEM micrograph of fracture surface (T-S plane) of 7449 (Mn) T6
. [ — 7 v , -

Figure 5.29: SEM micrograph of fracture surface (T-S plane) of 7449 (Mn) T6
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Microstructure and mechanical properties: Discussion

6.1 Introduction

As noted in the literature review, many microstructural parameters can influence
the strength and fracture toughness of commercial 7xxx materials: intermetallic particles,
dispersoids, strengthening precipitates, grain structure and grain boundary morphology
may all play an important role in the fracture process. The direct application of basic
physical metallurgy models to these commercial complex alloys is therefore problematic.
However, a pragmatic approach aimed at acquiring sufficient description of the
microstructural features combined with the analysis of the evolution of the fracture
mechanism can provide significant information towards alloy or process optimization.
Furthermore, developing the modelling of fracture toughness for these alloys using
identified critical parameters while considering the limit of applicability of existing
models can give valuable insight towards the manufacturing process of these materials
and their applicability in engineering structure. The relationships between toughness and
bulk properties such as work hardening and yield strength have been shown in the
literature review to give valuable models whilst adopting relatively simple physical
frameworks.

In the present chapter the results presented in the previous chapter will be
analysed and discussed in three stages. The mechanisms of failure in the 7449, 7150 and
7449(Mn) aluminium alloys and associated microstructural influences are considered in
Section 6.2, whilst in Section 6.3 new approaches to toughness modelling are presented.
This new model is subsequently assessed and compared to other modelling approach in

Section 6.4.
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6.2 Mechanisms of failure

Several mechanisms of failure were indicated by the fractographic analysis: fine
tensile voiding in the 7449 (Mn) alloy, coarse voiding at intermetallic particles, along
with intergranular separation and transgranular shear fracture in the 7449 and 7150
alloys.

For the 7449 and 7150 alloys, it was difficult to separate accurately the amounts
of transgranular shear and grain boundary failure, as well as the interaction between
coarse voiding and the other fracture processes. SEM observation at a higher
magnification on the edges of the linear ridge showed featureless areas, fine shear
voiding, slip traces and fine intergranular dimples. Whilst exact identification of failure
mechanisms was problematic, the controlling mechanism clearly varied with ageing, with
the complex intergranular/transgranular shear ‘ridges’ dominating in the T651 condition,
and coarse voiding becoming progressively more important as overageing became more
severe. The T651 heat treatment is associated with the higher strength of the alloy. This
high strength is due to a fine dispersion of 1’ precipitates which are obstacles to the
movement of dislocations. When sheared, these precipitates may be expected to create a
localization of the deformation [97]. Therefore, the ability of the alloy to accommodate
strain, particularly near the crack tip where the particles are sheared due to the presence
of the plastic zone, may be limited. This localization of the deformation may be expected
to be strongest for the peak-aged alloys. A local critical strain sufficient to initiate
transgranular shear fracture through the matrix may therefore be attained sooner for a
given crack tip opening displacement in the T6 condition. As the strength in the matrix is
high in the T6 condition, it is also significant to consider the strength differential between
the matrix and the PFZ at the grain boundaries (i.e. where the strength is low), providing
an additional strain localization mechanism that may encourage grain boundary failure.

The SEM edge-on observation linking the fracture surfaces to the L-S plane of
microstructures  illustrates the nature of the ridges representative of the
intergranular/transgranular shear fracture, particularly indicating the influence of the
grain boundaries and the grain boundary precipitates on failure (Fig. 5.23,5.24).

Boundary particles may of course also be expected to favour boundary separation given
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the strain/stress concentrations they cause and their co-location with the soft PFZs. It was
seen that the fracture path was particularly influenced by grain boundaries that were
decorated by coarse precipitates: when the precipitates were not present, the boundaries
did not seem to influence the fracture path (see Figs. 5.23 and 5.24). Ludtka and Laughlin
[96] have observed a competition process between intergranular and transgranular failure
which exhibits features similar to some seen here. They suggested that this process is
initiated by formation of voids at the coarse precipitates at the grain boundary, with voids
subsequently coalescing and extending along the grain boundary. This step is followed by
the necking down of the grain interiors until fracture occurs transgranularly. This
mechanism is illustrated in Fig. 6.1. It is interesting to note that whilst failure in our
samples is clearly influenced by the decorated grain boundaries, excessive delamination
of the grain structure is not evident. As shown in Fig. 6.2, it would appear that for our
alloy, once failure appears at the boundaries, separation of the material is more
dominated by triaxial opening rather than ongoing planar separation of the boundary, 1.e.
the form of the crack path illustrated in Fig. 5.24 suggests that a degree of void growth
occurs at the grain boundaries rather than a separation of the boundaries. It may be
suggested that the presence of a low density of grain boundary precipitates be the cause
of this mechanism: in this case, the voids formed at the grain boundary particles can grow
but their low density is an obstacle for sustained propagation along the grain boundary.
Precipitate sizes and PFZ features may also be expected to influence such behaviour, with

further experimental investigation beyond the current experimental scope being required

to clarify this issue.
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Figure 6.1: Schematic of the sequence of events during fracture of high strength Al alloys [96]
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It has been reported in the literature [35] that coarse particles fail early in the
fracture process. However, the limited amount of coarse voiding in the T6 condition tests
suggests that the growth of these voids would occur at a higher strain than the critical
strain required for intergranular/transgranular shear fracture. During the ageing treatment,
the strengthening precipitates become coarser and the coarsened n precipitates which
gradually replace 1’ can no longer be sheared. This is then identifiable with increased
work hardening capacity and more homogeneous deformation, decreasing susceptibility
to shear decohesion. At the same time, the strength differential between the matrix and
any PFZs that are present is reduced, giving rise to increased relative deformation
resistance at the grain boundary. A competition may then be identified between the
improve fracture resistance at the grain boundary due to the reduction in matrix-PFZ
strength differential and the coarsening of boundary precipitates with ageing. Several
authors [25] have pointed out the detrimental effect of increased grain boundary coverage
by precipitates on fracture toughness. Nevertheless, enhanced grain boundary failure on
overageing has not been observed in this study. As such, matrix precipitation, and
consequent influences on matrix-PFZ strain partitioning ‘capacity’ would appear to be
dominant in the present alloys. Overall the transition to coarse voiding at intermetallics
with overageing is identifiable with changing boundary failure characteristics and matrix
deformation mode rather than any intrinsic change in coarse voiding processes.

In the 7449 (Mn) alloy, fine tensile voiding, evidenced by the predominance of
fine dimples on the fracture surfaces, is clearly the main failure mechanism. Particles
visible inside the voids are up to 1pum in size. Their size and distribution are consistent
with the distributions of Mn containing particles in Mn containing 7xxx alloys [98]. The
fact the fracture process was insensitive to heat treatment further suggests Mn dispersoids
were involved, as opposed to phases such as T or 1 which would evolve during ageing.
Earlier studies [46,96] have stressed the potentially damaging effect of dispersoids on
fracture toughness. It has been suggested [46] that as shear strain begins to localize into
narrow bands at the crack tip, decohesion of dispersoids may occur. This decohesion
decreases the local deformation resistance of the material promoting further decohesion
within the shear bands, and, subsequently, fracture of the bands. Such processes do not

appear to apply in the present 7449(Mn) materials with voids exhibiting a predominantly
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equiaxed (round) form, as opposed to assymetric shear forms. The fact that Mn
containing dispersoids appear to be such potent void formation sites compared to the Zr
containing particles of the 7150 and 7449 alloys may of course be linked to the increased
size and incoherent interfaces of the Mn containing particles [93].

Large S phase intermetallics are of course expected to promote failure through
coarse voiding [41,42] as seen in more heavily overaged 7449. S phase can be suppressed
by a combination of high solution treatment temperature and a limited Cu and Mg content
such that all S phase can be dissolved at the solution treatment temperature [42,92]. EDX
investigation of coarse intermetallics and DSC results have shown that S phase is not
present in the 7449 and 7449 (Mn) alloys. This can be analysed by considering Fig. 6.4
and 6.5 which show that, in the 7449 alloy, the suppression of S phase was achieved by
decreasing the copper content relative to that in the 7150 alloy (the present 7449 alloy has
a Cu content which is 0.3wt% lower than that of the 7150 alloy). Notwithstanding the
difference in S phase content, the 7449 and 7150 alloys have a similar strength-toughness
relation for T6, T79 and T76 conditions (see Fig. 5.17). In these cases it would appear
that the higher content of S phase in the 7150 alloy than in 7449 alloy is not detrimental
to the 7150 alloy as coarse voiding at intermetallics contributes only to a limited extent to
the fracture process in these near peak aged conditions (as identified fractographically).
Going to more overaged conditions, coarse voiding at intermetallics becomes
progressively more important, and thus the S phase in 7150 might be expected to limit the
recovery of toughness with decreasing strength of the 7150 alloy although such

conditions were not part of the present test matrix.
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Figure 6.4: Estimated phase diagram of Al-Zn-Mg-Cu wih Zn=6wt%, Cu=2wt% with
%Cu in the average composition range of the 7449 and 7150 [99].
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Figure 6.5: Estimated phase diagram of Al-Zn-Mg-Cu with Zn=6wt%, Mg=2.4wt% with
%Cu in the average composition range of 7449 and 7150 [99].
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6.3 Toughness modelling
6.3.1 Existing approaches

Several models to analyse toughness on the basis of microstructural parameters
have been published in the literature (see e.g. Hahn and Rosenfield [75], Garrett and
Knott [76]), as reviewed in Chapter Three. Garrett and Knott [76], as well as other

researchers before them [75], have argued that the critical condition at the crack tip is

reached when the strain exceeds a critical value g, over a critical distance. Using

experimental studies by Hahn and Rosenfield [75], they expressed their model as:

K, =Cno & [6.1]

where K, is the fracture toughness, C is a constant and g, is the yield strength. The latter
relation between Ky, n and oy, is common to the works of Garrett and Knott, and Hahn
and Rosenfield and others (e.g. Chen and Knott [46]). We will refer to this equation as
the Garrett and Knott model; the models mentioned above are applied and further
analysed in recent literature [46,47] (see section 3.2).

This model gives a relationship between the fracture toughness and the tensile
properties of the alloy, without providing any direct relationship to the microstructure.
The work hardening coefficient, n, is an experimentally derived term and is not explicitly
related to the microstructure. Furthermore, it must be noted that the use of » to describe
work hardening is a matter of mathematical convenience, and does not provide a
particular meaningful indication of work hardening itself. This is due to its mathematical
formulation, whereby ‘parallel’ yielding curves, see Fig. 6.2, that only differ in initial

yield point will in fact give different »n values.
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Figure 6.2: Schematic diagram of two stress-strain curves with different yield

strength but ‘parallel’ yielding curves

These limitations of the Garret and Knott model reduce its value with regards to property
optimisation studies of the heat treatable Al-based alloys, in which strength can be readily
varied through variation in heat treatment and composition. Hence, a different approach
to modelling, aimed at deriving quantitative expressions for the decrease in toughness
with increasing strength incorporating clear microstructural influence on work hardening
may be beneficial.

Macroscopic flow behaviour may be expressed in terms of yield strength and
strain hardening. Whilst the first is reasonably well defined, strain hardening is less
straightforward. Strain hardening mechanisms depend on microstructure, and are
generally divided in several regimes with different corresponding equations, depending
on the strain hardening mechanism at play [77]. Strain hardening is often quantified

using a purely empirical, exponential equation, based on the Ramberg-Osgood equation,

which is expressed as,

where ¢ is the strain, o is the stress, &y, oy, cand B are constants. The plastic part can be

approximated as:
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o =Ag" [6.2b]

where 4 is a constant, ¢ the strain, and # is the work hardening exponent.
Contrary to the general exponential form of Eq. 6.2, the Ashby [32,100] theory of
strain hardening due to non-shearable particles and grain boundaries leads to a square-

root strain hardening expression which has been given as (see also [29,34]):

\ b ne bf s
c =0, +M| 035G, |—+025G, |—= | /¢
’ d, 2, )V [6.3]
=0, +K,,¢,

where M is the Taylor factor [33], b is the Burgers vector, dy is the grain size, f,, is the
volume fraction of non-shearable particles, 7, is the radius of non-shearable particles, K
is the strain hardening factor and G, is the shear modulus. For non-shearable particle

types of varying sizes and volume fraction it holds:

o b
K, =035, |2 voasg, [Py P [6.4]
‘ dg 2rns,1 2rns,2

where f,; and r,;; are respectively the volume fraction and radius of the different type of

non-shearable particle.

Our results show that for our alloys K, varies between 350 and 560MPa.m™%.

These values are slightly higher than theoretical values calculated from Eq. 6.4 using
microstructural data [44] for typical 7xxx alloys in underaged conditions where
precipitates are generally shearable, which indicate that K, is about 150-300 MPa, with
grain size having the most important influence. For overaged (T7) samples, coarsened
precipitates will become non-shearable and contribute to an increase in Ky It is
unfortunately not possible to predict K; values for the present materials, as f,; are not
strictly known. It is interesting to note that the above equations are only valid over a

limited strain range; roughly for g, between 0.01 to 0.05 [32]. This means that gy in

109



Chapter 6

Ashby’s root-strain work hardening regime may deviate to some extent from a

conventional 0.2% proof stress.
6.3.2 A new modelling approach

As noted previously, for a given absolute work hardening curve, » values will
vary with oy levels. Given the widely quoted significance of strain hardening capacity in
fracture processes, it is clearly valuable to be able to separate work hardening and
strength levels, whilst retainihg an understanding/relationship with the established Garrett
and Knott equation. Extensive assessment of medium to high strength Al-alloys (for

£,=0.01 to 0.05) reveals the following relationship (details of this analytical fit can be

found in Appendix I):

where C; is a constant. y is found to have a value of 0.85(x0.1). As such, it may be seen
that for a fixed absolute work hardening rate (K4), n decreases with increasing yield

strength.

In terms of toughness modelling, it may be assumed that if the relative

. . . . - *
contributions from different fracture mechanisms do not vary with strength, £, can be

considered to be a constant. From Eq. 6.5 combined with Garrett and Knott’s expression
for ductile fracture (e.g. [76], see Section 3.2) the following expression for the toughness

is derived:

2CEe!c  .n’ 2CEs”™  ,  os
Model I K, = | ——2 —¢ [===Ceg /6 7 (6.6)
l1-v© l-v=

where E is Young’s modulus, v is Poisson’s ratio and C is a constant. It is interesting to

note that if K, and g are constant, i.e. if the distribution of non-shearable particles and
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the grain structure is constant, with only one fracture mechanism occurring, K. reaches a
minimum when o, reaches a maximum: i.e. by the proper separation of work hardening
and absolute strength levels in this expression, an intuitively acceptable inverse
relationship between strength and toughness is exhibited, as opposed to being convoluted

with apparent hardening characteristics.

6.4 Application of the new toughness model and comparison to previous models

6.4.1 Applicability of the Garrett and Knott model

As compared to 7xxx alloys used to assess the Garrett and Knott type models in
the past [46,76], the current 7150 and 7449 alloys possess a lower toughness, higher
strength and lower work hardening coefficient ». Hence it is valuable to compare our
present data with the prediction of the Garrett and Knott model. The Garrett and Knott
model indicates that for samples failing through the same mechanism, K. is proportional
to nv’xoy. However, Fig. 6.6 shows that is not the case for the 7449 alloy over the range of
ageing treatments studied and, in fact, the data on peak aged and slightly overaged
conditions (until T7651) show a steeper slope than the more overaged conditions. This

tendency is confirmed by the 7449 (Mn) alloy.

Sy i
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e
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Figure 6.6: Relationship between K;. and n\/ays for the 7449, 7449(Mn), and 7150 alloys
studied. Data for 7075 and 7475 is from reference [46,76]

o Influence of the critical strain:

In the first instance, changes in critical failure strain may of course be identified
with changing fracture modes for the 7449 and 7150 alloys. The Garrett and Knott model,
which essentially is a single mechanism model would generally be expected to fail under
these circumstances. For the peak aged and slightly overaged 7150 and 7449 alloys, the
high strength condition is seen to promote multi-mechanistic aspects of the fracture
process, with a competition between coarse voiding and the combined
transgranular/intergranular failure mode. In more overaged tempers the fracture mode is
dominated by a single mechanism: i.e. the coarse voiding at intermetallics. One may
consider that including the critical strain as a variable parameter in the Garrett and Knott

model may improve the model accuracy. This may be tested through the critical strain
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data from smooth tensile tests, as originally suggested by Garrett and Knott [76]. The

Garrett and Knott model incorporating the critical strain is re-plotted in Fig. 6.7.
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Figure 6.7 Relationship between Kj. and n\f(aysgc*) Jfor the 7449 alloy.

This figure shows that variable critical strains deduced by simple reduction of
area in smooth tensile specimens does not enhance the linearity of the predicted
relationship, i.e. the coarse voiding dominated T7A to T7E conditions are still below the
linear prediction.

For the present work data from Fig. 5.18 were fitted to a theoretical estimate
following Haynes and Gangloff [47] which is based on integration of the Rice-Tracey

void growth laws under constant stress-state conditions, which gives:

ej’f(gm /G,Z):aexp{ﬁ gi] [6.7]
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The fitting results are shown on Table 6.1 and the fitting of the curves is displayed in Fig.

6.8.
o p
T6 1.043 -2.971
g | 176 1.200 -2.870
(\
T7C 0.926 -1.240
Table 6.1: Fitting coefficients from Eq. 6.7.
0.8 - ——maodel (Eq.6.7) applied to T7C condition
——model (Eq. 6.7) applied to T76 condition
0.7 4 ——model (Eq.6.7) apllied to T6 condition
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Figure 6.8: Critical strain vs. stress-state for the 7449 alloy in several heat treatment

conditions and their fitted models (derived from the Rice-Tracey approach,).

This approach may be judged to give a more accurate approximation of the stress-
state/critical strain relationship. Critical strain values associated with the plane strain zone
(corresponding to o,/0;y values ~2.1, see e.g. [75], extrapolated from Fig. 6.8) were

incorporated in the Garrett and Knott model (Eq. 6.1) and the resulting toughness

prediction is plotted in Fig. 6.9.
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Figure 6.9: Relationship between K. and n\/!(ayscﬂc*(an/aﬂ)) for the 7449 alloy for
ow/oa~2.1.

Figure 6.9 shows that the inclusion in the Garrett and Knott model of the critical strain
dependence on stress state triaxiality does not seem to improve the model accuracy.

It may be noted that the approximation of fracture toughness failure mechanisms
via bulk material testing (i.e. notched tensile tests) is open to debate. Such hypothesis
appears valid when a single fracture mechanism occurs, such as in the T7C condition, i.e.
a coarse voiding dominated fracture mechanism: however, the bulk material critical strain
in T76 condition is used to describe both coarse voiding and intergranular/transgranular
shear mechanisms. The underlying theory for the determination of the critical strain as a
function of stress-state is based on void coalescence analysis, therefore the applicability
of these concepts to partly intergranular fracture is questionable. Fig. 6.9 could be
interpreted by considering that the stress-state triaxiality at the onset of fracture in coarse
voiding dominated conditions is higher than for intergranular/transgranular shear
conditions. The fracture mechanism may be more accurately described

. . e . . . * *
micromechanistically by relating fracture strains to each fracture mechanism: ., , €y »
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¢n . This method is a multi-mechanistic approach to toughness modelling, a concept

considered further in section 6.4.3.

o nandl relationship

A further important approximation in the Garrett and Knott approach lies in the
relation between the work hardening exponent, #, and the zone of intense deformation as
identified in section 3.2. The parameter n is related to the capacity of the alloy to
accommodate further strain and to develop shear bands during loading, i.e. a relation
between n and [* arises. The semi-empirical approach in the Garrett and Knott model
which uses a linear relation between /" and »’ by a fit through results for aluminium
alloys, as well as titanium alloys and steels needs confirmation. It may be shown that a
different relation between /” and » is in fact conceivable, based on the present results:
considering the relationships between / " the CTOD at the onset of fracture (J ), K, E. Oys
and the critical strain at the crack tip (¢ ) used by Garrett and Knott (see e.g. [31]), [ can

be obtained ‘retrospectively’ via:

.6
£ =—
21 ]
; ;oo K (6.8)
5*“ e EG,V.!‘g‘
Eo

I” values were calculated for the present 7449 data and plotted against » values (Fig. 6.10)

and »” values (Fig. 6.11).
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Figure 6.10: Relation between calculated | “values and strain hardening exponent, n, for

the 7449 a lloy with a linear trendline.
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Figure 6.10 and Figure 6.11 show that within this framework, a linear relationship
between » and notional /" values is as much a reasonable approximation as assuming a
linear relationship between /” and #”. A linear relation ship between /™ and » would give
an alternative toughness model following:

Model II: K,=Cno, (6.9)

This relation 1s plotted in Fig. 6.12 for 7449 alloy data: whilst the data in this figure
cannot be fitted satisfactorily with a single line through to the origin, the accuracy of the

linear prediction of K, is in fact enhanced by the simple modification, we may identify as

model] II.

K. (MPa‘\/m)

0 1 2 3 4 5 6

!
N(no)

Figure 6.12: Relationship between K. and \/(nays) Jfor the 7449 alloy in different heat

treatment conditions.
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The additional effects of the critical strain and the relation between /” and # on the Garrett

and Knott model then gives rise to:
K, =C\no,e (6.10)

The results for the data on 7449 are plotted in Figure 6.13.
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\/(”Ofvs &)

Figure 6.13: Relationship between K. and \f(nqugv Jfor the 7449 alloy in different heat

treatment conditions

This latter plot shows that with the determination of varying parameters such as critical
strain and an alternative approximation of the size of the zone of intense deformation, an
alternative model can be derived which fits our data reasonably well. However, seeing
that the linear relationship between » and /° which led to Eq. 6.9 was derived based

exclusively on data for 7449, model II would need to be compared to other data before
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any further conclusions can be drawn. Especially data on 7075 and 7475 which have been
suggested to show a good correlation between K. and n\/’lay [46] would need to be

considered in detail.

6.4.2 Applicability of the toughness model, model I, based on Ashby’s work hardening

theory

As may be seen from Eq. 6.6, the Ashby hardening modified model shows K to

: K’ . : .
be proportional to ./_‘40_5 . Fig. 6.14 shows such a relationship for the present data on
vs

7449 and 7449 (Mn) alloy: the prediction by the “new” model would appear to hold up
better than the original Garrett and Knott model (Fig. 6.6), i.e. in Fig. 6.14 a straight line
through the origin can fit the data, whilst this is not possible in Fig. 6.6 (or Fig. 6.7).
Similar to Garrett and Knott’s model, this new model is still only valid for a single
mechanism of failure, but this does not seem to adversely influence its accuracy. In the
first instance it must be noted that the fundamental derivation of Eq. 6.6 is of course a
direct substitution between » and K, based on an empirically derived curve fit. As such
the improvement in modelling accuracy between Eq. 6.6 and the Garrett and Knott
approach cannot be given immediate micromechanical weight. However, key point to
bear in mind are:

(A) A satisfactory translation from the non-micromechanical ‘n’ exponent, to the
genuinely physically based ‘K, has been made, and shown to retain a
reasonable Trelationship between tensile deformation characteristics and
toughness.

(B) Section 5.5 has shown that K actually provides a more accurate description
of the work hardening of the present material compared to #.

(C) K, may be related to quantifiable microstructural features such as the grain
structure of the alloy and the non-shearable particles present in the matrix. As
1 particles are the only non-shearable particles that are susceptible to vary in
density and size with ageing, the variation of K, should be related to changes

in the 1 precipitate sizes and density through ageing. Specifically, in overaged

120



Chapter 6

conditions, a transition to Orowan looping is expected to increase the work

hardening factor in the 7449 alloy.

As such, the present work may provide evidence for a more satisfactory micromechanical
relationship between microstructure, tensile deformation characteristics and toughness

than that provided by any modelling approach that uses ‘#’ exponent values (such as

Garrett and Knott).
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Figure 6.14: Graph of Kj. vs. 5—_%; with y=0.85

ys

It is also valuable to note that the driving parameters of the fracture model are to a
large extent uncoupled, i.e. the parameter describing macroscopic work hardening, Ky,
does not depend directly on gy, (although some microstructural features, such as non-

shearable particles, can effect both the strength and K4, thus causing some interrelation to

remain).
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Similar to the approach used in deriving model II, also model I can also be
moditied to include the linear relationship between /” and » as observed for 7449 (Fig.

6.9). Thus. an additional model can be derived by combining Eq. 6.9 and Eq.6.5.

K, ~\Jo,n

{KA }‘/ =Model I K, ~c,77"2.K12.e™  (6.11)
R 1

(o3

y

Figure 6.15 illustrates the relation predicted by model III (Eq. 6.11) for the 7449 alloy.

50 -
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40-

25

Figllre 6 ].5 Gi’aph Of K[C Vs, \/KA?E‘! }:s.‘/

for the 7449 alloy.
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It is clear from Fig. 6.15 that this additional model (model III) may exhibit a reasonable
correlation with the experimental data. The relative accuracies of the different models
have been evaluated by statistical means using RMSE between the experimental result
and the linear predicted models for the corrected Garrett and Knott model (Fig 6.13),

model I (from Eq. 6.6, Fig. 6.14) and the two further modifications (model II and model

III) developed in this study.

RMSE
Garrett and Knott model (Eq. 6.1) 3.9
Model I (Eq. 6.6) 2.3
Model II (Eq. 6.9) 3.7
Model ITI (Eq. 6.11) 1.9

Table 6.2: Root mean square error (RMSE) between experimental data

and Garrett and Knotr and new toughness models for the 7449

alloy.

The typical range in K, measured in the tests for a given alloy/heat treatment
combination was 2-3 MPa. The RMSE values in Table 6.2 clearly show that the accuracy
of models I and III is of the same order as the accuracy of plane strain toughness tests

results. Model I (Eq. 6.6) particularly presents a combination of relatively good accuracy,

meaningful parameters and relative simplicity.
6.4.3 Multi-mechanistic approaches to toughness modelling

The need for a multi-mechanistic approach to toughness modelling for the 7150
and 7449 alloys has been highlighted in the previous sections. A multi-mechanistic
interpretation of the model derived in Section 6.4 (Eq. 6.6) is illustrated in Fig. 6.16. A
linear relation is associated with the fracture modes, with experimental results falling on
these lines when a single failure mechanism occurs, or between the lines when there is

combination of failure mechanisms.
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Figure 6.16: multi-mechanistic analysis of Fig. 6.13.

Several attempts have been made within the literature to model toughness with a
multi-mechanistic approach, as noted in Section 3.2: Hornbogen and Graf [80] have
proposed a linear summation of specific intergranular and transgranular fracture
toughness, weighted by their respective area fraction on the fracture surface; whilst
Gokhale et al [81], considering fracture toughness as an energy parameter, have used a
squared summation of K}, for specific fracture mechanisms with a weight function based
on the area fraction of the respective mechanisms. Following the same principles a
multimechanistic model may be deduced attributing a critical strain specific to coarse
voiding failure and a critical strain specific to the intergranular+transgranular shear
fracture mode, with a specific toughness value being generated for a given failure
mechanism. Following from this, a weighted summation of toughness contributions from

the different mechanisms may be made, similar to Hornbogen and Graf;
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K,=A,K,  +4,K

et e il

(6.12)
where 4., and 4,, are the area fraction of the specimen surface that failed respectively
through coarse voiding and intergranular/transgranular fracture. K., and Kj.,, are the
fracture toughness values associated with the occurance of a single fracture mode
(respectively, coarse voiding and intergranular/transgranular fracture). It shall be noted
that critical strains specific to the fracture mode ecv* and g,/,*, defined in Section 6.4.1, can

be used to define K., and K.+

*
gfracl.mode (613)

with K, =C K

where C is a constant. Following this formulation, Eq. 6.12 is then equivalent to a
weighted sum of the specific critical strain. However, as discussed in Section 6.4.1, the
determination of specific e and 8,'/,* values is problematic. Therefore, the influence of
the critical strain will be expressed through fracture mode specific constants Cy; and Ce.

According to Eq. 6.6 and Eq. 6.13, K., and K. ;; may be expressed as

K., =C, Kl —_—
leilt et AY y . * E
K C K,, 0.5-y ‘Nlth C/‘racr.mode = C 84/‘racl.mode (6 14)
T oo = ! G ’
leev eyt Ay

Combining Eq. 6.12 and 6.14 gives

5 0.5~y , -

Kfc' = K:O_& ' (Acvccv TAI/IC: {) <613)

SEM fractographic observation of failed specimens was used to deduce semi-quantitative
estimates of the percentage of the surface area failing by coarse voiding or the
intergranular/transgranular shear fracture mechanisms: a grid was superposed to the

fracture surface micrographs and the fracture mode occuring at the intersection of the
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grid lines was recorded and weighted against the total number of grid point to give a

percentage. These estimates are presented in Table 6.3.

7449-Temper Ay (%) Air (%) | Range
T6 29 71 20
T79 48 52 13
T76 63 37 18
T7A 84 16 12
T7B 100 0 -
T7C 100 0 -
T7D 100 0 -
T7E 100 0 -

" The range is defined as the variation between the maximum value and
the minimum value obtained from the micrographs studied.
Table 6.3: Estimated area fraction of coarse voiding and intergranular/transgranular

shear fracture from the SEM fractographic observation of the failed

toughness specimens.

The constant C,, is obtained by applying Eq. 6.15 to alloy 7449T7B to T7E test results
(i.e. conditions where coarse voiding was clearly dominant). C;, was then used as a fitting

parameter. This then yields

Cy=1.62
Cy=1.85

Using these parameters, Eq. 6.15 is plotted in Fig. 6.17.
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alloy.

Figure 6.17 shows that the linear relationship predicted by Eq. 6.15 is reasonably well
respected. The RMSE value for this multi-mechanistic model is 2.1. The accuracy of this
model would thereforéappear only slightly improved compared to model I (see Table
6.2). In the first instance the approximation made in estimating the different fracture
mode areas on the fracture surface may limit the accuracy of any associated model.
Furthermore, the model represents a relatively simple description of multiple failure
modes with no interaction occuring between the mechanisms.

Following the same approach but considering a squared summation of fracture toughness

gives:
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K, "=4.K,) +Ai/tch,i/t2 (6.16)

(o cvt > e, ev

Combining Eq. 6.16 with Eq. 6.14 gives:

K, =Ko J4,C2 +4,,C?, (6.17)

Using the same parameters as above, Eq. 6.17 is plotted in Fig. 6.18.
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Figure 6.18: K vs. 4, K, + 4, K, plotted with experimenial data for the 7449

alloy.

The RMSE value for this multi-mechanistic model is 2.1 which shows little amelioration

compared to the weighted summation model presented in Eq. 6.15.
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6.5 Conclusions

e SEM analysis on fracture surfaces and polished sections through fracture surfaces and
arrested cracks showed that fracture in 7449, 7150 and 7449(Mn) is multi-mechanistic:
fine tensile voiding, grain boundary failure, transgranular shear and coarse voiding at
large intermetallics occur. In the 7449(Mn) alloy, there is a marked influence of Mn-
containing dispersoids on the fracture process. In the 7150 and 7449 alloy the
occurrence of several fracture modes within a same sample, and the evolution of the
dominant fracture mode with the ageing treatment, was linked to the amount of 1’
shearable precipitates within the matrix (i.e. controlling shear banding), as well as the
weakening of grain boundaries by coarse 1 precipitates. The higher amount of coarse S
phase in the 7150 alloy is believed to lower the alloy fracture toughness compared to
the 7449 alloy.

e The work hardening behaviour of these high strength 7xxx aluminium alloys is better
described by the Ashby work hardening model for hard particles in a soft matrix
compared to the Ramberg-Osgood model.

o A new modelling approach, incorporating the Ashby model for work hardening with
previous approaches within the literature was derived. The advantages of this new
model are:

> The model correctly predicts an increasing toughness with decreasing
strength and independently describes the dependence of toughness on
yield strength and work hardening for a given alloy.

»> The work hardening factor K, is directly relatable to the microstructure

Y

The significance of /" and ¢, values has been considered in relation to
model accuracy. The use of ¢, values from smooth and notched tensile
tests was not seen to particularly improve model performance.

o The complex interaction between the failure mechanisms make the attempts to model

fracture toughness using multi-mechanistic approaches problematic. Incorporation of
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multimechanistic behaviour into the present data has been attempted, although the
accuracy/validity of the approaches is difficult to clarify with the available data
(multimechanistic model accuracies are not seen to improve dramatically upon single

mechanism approaches).



Chapter 7

Heat treatment modelling

7.1 Introduction

The application of RRA heat treatment has proven commercially valuable for
7xxx aluminium alloys. This temper has been given the designation T77 and applied by
Boeing to the 70355 alloy and by Alcoa to the 7150 alloy. However, the use of this
treatment is still limited. In chapter 2 part 2.6, some of the problems related to the
application of RRA treatment were reviewed. The present chapter describes a study that
was conducted to provide some insight in the difficulty of applying RRA treatment to
thick 7xxx plates. Commercial applications require both a good level of mechanical
properties and homogeneity of these properties throughout the plate. A modelling
approach has been applied to evaluate these properties depending on the parameters of
the heat treatment, and especially the parameters of the retrogression treatment as this
stage of the RRA treatment is the most significant for the process efficiency. The
parameters considered were the retrogression treatment temperature and time as well as
the heating rate from a T6 heat treatment temperature to retrogression temperature.
Several cases of retrogression treatment were modeled: linear heating of the oven,
immersion of the alloy in an oven set at the retrogression temperature. The presence of a
medium between the alloy and the oven was also included in the study.

The temperature profile for the alloy was calculated from the basic principles of
heat transfer as presented in part 7.2. The comparison of the different RRA treatments
with their varying parameters was made using an internal state variable approach. This
calculation was done for various plate thicknesses as explained in part 7.3. In part 7.4, the

results of the modelling work are presented and discussed.
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7.2 Basic principle of heat transfer

The description of the heating and cooling of a solid is based on an energy balance

formulation (see e.g. [101]). This balance depends on the energy flow added to the
system by an outside source, £, . the rate of energy exported out of the system, £, , the

rate of energy generation inside the system. £, , and the energy storing rate, £ . The

energy balance is then expressed as:

Em + Eg =F

oul

+E. (7.1)

The energy balance 1s depicted schematically in Fig. 7.1.

System

Figure 7.1: Energy balance description of a system

The generation of energy in a solid is due to the conversion of other energy forms
into thermal energy, like for example an exothermic chemical reaction. Though chemical
reactions are taking place during the heating of aluminium alloys (precipitation,
dissolution), this effect is generally negligible compared to the overall heating of the
material. provided no massive melting or solidification occurs.

The transfer of heat from an external source to the system for aluminium is
achieved mainly by conduction. The conduction heat transfer is the transfer of kinetic
energy from one atom to the next by direct contact between the two. The conduction in a

o

solid with a heat flow propagating along an axis x is described by the Fourier law:
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_ 4T
g = kA(dY] (7.2)

Where ¢ is the rate of heat flow in the x direction, & is the thermal conductivity, 4 is the
system area normal to x direction, 7 is the temperature and x is the distance along the x-
axis.

The phenomenon of energy storage occurs in a solid when the temperature changes with

the time. It 1s then described as

: oT
E =pVe — 7.3
L=P ( 3 J (7.3)
Where p is the density of the material, V'is the volume, ¢ is the specific heat, 7 is the time

Therefore heat diffusion problems are expressed as differential equations. The

solution to the differential equation can be found if the boundary conditions are specified.

7.3 Heat flow modelling in a 7xxx aluminium plate

7.3.1 Internal state variable modelling

It has been stated earlier that the application of RRA treatment to thick plate
would require different heat treatment as compared to RRA treatment applied to thin
plate. i.e. slower heating ramp, longer retrogression time, lower retrogression holding
temperature (see Fig. 7.2). Though apparently quite different, heat treatments such as
presented in Fig. 7.2 can actually lead to the same microstructural state. The concept
behind this is generally referred to at the equivalent time approach and has been used by a
number of researchers [102,103,104]. The equivalent time approach gives some insight
into the heat treatment/precipitation reactions in order to interpret and compare the

temperature-time profile relative to each heat treatment undergone by the alloy.
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A Retrogression treatment for thin plate

Retrogression treatment for

thic ate
|~ thick pl

Temperature

r'ed

» Time

Figure 7.2: Schematics of two potentially equivalent heat treatments

Shercliff and Ashby have proposed a model for the ageing of heat treatable binary
aluminium alloys [102]. Considering that over most of the ageing curve the particles
coarsen at an almost constant volume fraction and applying simplifying assumption
together with the cubic coarsening law, they relate the mean particle radius » at a time /

for a heat treatment conducted at a temperature 7 to the mean radius 7y at =0 with the

equation:

N
P)-r = %‘;{exp(— EJ (7.4)

Where £; is a kinetic factor which depends on the matrix composition, £ is the activation

energy, and R is the gas constant.

Therefore, the extent of ageing can be defined by the “temperature corrected time”

variable £:

p= ieXp[— £, j (7.5)

However, most commercial heat treatments are not isothermal. Therefore Shercliff and
Ashby [102,105] introduce the concept of kinetic strength J of a thermal cycle 772). J

describes the microstructural state of the alloy and is expressed as:
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S 1 E )
J=1 — ——a
J‘” 0 exp( 0 dt (7.6)

/

A given isothermal heat treatment (at a temperature 7y for a time ¢,) corresponds to a P
value which determines the microstructure. This same P value (i.e. the same

microstructure) can be attained by a different isothermal heat treatment at a temperature

T for an equivalent time /,,:
: E, H
f&/ = PT GXP(“E} (7/)

The same equivalent time approach can be used for non-isothermal heat treatment (using
J). This approach enables the direct comparison of different heat treatments.

The same kind of concept has been applied earlier in an industrial context. For example.
Dubost and Bouvaist [106,107] evaluated thermal treatments applied to 7xxx aluminium

alloys using a function R(7) having a similar form:

A,
R(T) = 4, f exp(— 9(;)}# (7.8)

Where A and A, are constant and (1) is the time dependent temperature applied for a

duration 7 to the alloy.

Another version is given by Shahani et al. [45] in their optimisation of thick 7xxx alloy

products:

Jexp— kE“ dt
T kI (7.10)

24

kT

ref

g T

exp-

Where 7,.r1s an arbitrary reference temperature.
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Thus it is possible to compare the effect of different isothermal and non-
isothermal heat treatments and gain some insight in the relation between microstructural
state and ageing by the use of the equivalent time approach. This theory relies on the
estimation of the activation energy which is specific to each reaction and a way to

calculate these activation energies is described below.
7.3.2 Calculation of the activation energy

The rate of a precipitation reaction depends on the activation energy E, of the
different reaction. Several methods can be used to derive the mean activation energy of a
thermally activated process [108]. The Kissinger method provides a means of deriving an
activation energy from a set of experiments performed at a range of heating rates.

Various types of thermal analysis experiments can be analysed. The Kissinger method

predicts a linear relation between L and ln—‘%—with a slope equal to £/ks:
J S
In f{}:_ B¢ (7.11)
Tj ) kB T/’

Where C is a constant, 7y is the temperature at a fixed state of transformation, f is the

heating rate and 43 is the Boltzmann constant.

Ty is related to an arbitrary fixed state of transformation, i.e. for DSC experiments a

constant heat evolved, AQ, value [109].

. . dQ . . .
DSC experiments give the heat flow —;71 versus time. By integrating the heat
!
flow of the peak corresponding to the reaction of interest, i.e. specific activation energy,
: do . . .

over the time: j —;Z:dt, AQ values can be derived and AQ evolution with the temperature

!

is deduced. At a fixed state of transformation, i.e. an arbitrarily chosen AQ value, a 7

temperature can be deduced. This can be achieved for several DSC runs with different
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heating rates. Therefore, several 7;-f; combinations are obtained. The slope of the curve -

1 . _—
—Vs. lnFﬁ;— gives the value of the activation energy.
/ '

7.3.3 Model of heating of a plate

The present problem of heating up of a thick plate is a transient, i.e. time
dependent, heat conduction problem. Generally the boundary condition at the surface of
the solid depends on convective heat transfer, depending on the relative efficiencies of
conduction and convection for aluminium alloys. In the following treatment we will
neglect this complication and instead assume that simple boundary conditions for
conduction can be applied to describe the conditions on the contact surface of the two
media [101]:

e The heat flux is continuous over the surface of separation, that is:

-~

hm k] aTmua’mml — hm k», OTmediuml (712)
b 5x vl 7 ax

Where k; and k; are the respective conductivities of the medium 1 and
medium 2, Tpeqium; 18 the temperature in the first media (air, oil, etc), and
Tredium> 18 the temperature in the second media (aluminium plate)(see Fig.
7.3).

o At the surface of separation the temperature of the two media are the

same:
(7.13)

Izgl 71mudluml = 11?[’1 Tmedtuml
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Tout) Trmediumt

Boundary condition:

constant temperature

or linear heating Medium 1:
air or oil

Boundary condition:

Medium 2:7xxx Al symmetry of the plate
plate conditions

Interface condition: -Al temperature = medium temperature
-heat flux continuous over the surface of separation

Figure 7.3: schematic illustration of the heat conduction problem with

boundary condition.

Assuming that the generated energy is negligible, the differential equation defining this

problem is (see e.g. [101]):

o’T 10T
_ 7.14
ox® o ot ( )
: k
With a = — (7.15)
pc

Other conditions are:
° atx=0, T=T,(1)
o symmetry: T(x+/+L)=T(1+L-x)

* at t=0: T, mediuml =T] and 7, medium2:T2
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If the temperature stays constant (7;) at the surface of the aluminium plate, Eq. 7.14 can

be solved analytically, and this gives [101]:

AT -T2 1 n+hr/ Y . ((2n+1
T i =71, + =2 ISXP{—@ )AL) at sm(( n )MZL) (7.16)

To solve the above equation for varying interface temperature, generally an
iterative method needs to be employed. A readily usable iteration equation can be derived

from Eq. 7.14.

AT AT
— —a—= (7.17)
At Ax~

Which gives:

-~
X+Av At ‘:'Tx,i—A!

Tr,z = Tu—m + (ZA[ Axg

+7T
x—Ax f-Ax (7 1 8)

Where T, is the temperature at the position x and at the instant 7. Using this equation and
the initial and boundary conditions given above, the temperature evolution with the time
throughout the aluminium plate and medium can be obtained using an iterative method.
Hence, evolution of temperature in the plate for different thermal treatments can be
modeled. Several configurations are considered:
o Fixed T, with initially Thegumi= Tov a0d Tieqimz €quals the room
temperature: this case is representative of a cold plate immersed in a
hot bath in a stable furnace.
e T,, is increasing linearly with initially Toeqiumi =T medium2: this case is
representative of the heating of plate in a fluid bath, which are both at

the same temperature initially.

These cases have been programmed in Visual Basic using Microsoft Excel’s built-in

visual basic editor. The program code is presented in Appendix II.
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7.3.4 Modelling parameters

The heat transfer through an aluminium plate during a retrogression treatment has
been modelled using Eq. 7.18. The diffusivity a and conductivity % used in this model are

summarised in Table 7.1.

o (x10° ms) k (W/m.K)
7xxx aluminium alloy 7.72 155
Alir 3.19 0.024
Oil 1.76 0.14

Table 7.1: Diffusivity and conductivity constants

The plate thickness in the model was 20cm; it represents an upper limit for thick
7xxx alloy products [45,106]. Two thicknesses for the medium layer have been
considered: 10cm and 50cm. The retrogression treatment follows directly after the T6
ageing treatment conducted at 120°C. A range of cases with a selection of parameters has
been studied; including heat transfer from the furnace to the plate with and without an
intermediate medium (oil and air), heating rates of 100°C/h, 50°C/h and 10°C/, holding
temperature of 180°C and 200°C and holding times of 10min, 30min and 1h. Separately,
the case of the immersion of a cold aluminium plate in a hot bath (with a 10cm medium
layer) has been considered for the same holding times and temperatures.

All these heat treatments were subsequently evaluated using the equivalent time
approach described in Eq. 7.10 (T,.~120°C). Equivalent times are also compared to

typical equivalent time for retrogression applied to thin plates.

7.4. Results
7.4.1 Preliminary experimental investigation of RRA

Analvsis of T6 samples: the activation energv of n’ dissolution
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The activation energy of ' dissolution in 7449 has been determined applying the
Kissinger method to analyse DSC experiments conducted at different heating rates
(5°C/min, 10°C/min, 20°C/min) on the 7449 T651 alloy. Calculations have been
performed on the first endothermic peak (n' dissolution).

DSC runs conducted on the 7449 T651 alloy at different heating rates are shown in Fig.

7.4.
——5°C/min DSC heating rate
0.04 - — 10°C/min DSC heating rate
——20°C/min DSC heating rate
0.02 -
@ 0 e el
=3
£ -002 -
:
T -0.04 -
-0.06 -
'0.08 T T T T 1
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Temperature (°C)
Figure 7.4: DSC curves of the 7449 alloy T651 with 3 different DSC heating rates.

As the DSC heating rate is increased, both the peak temperature and the heat flow
increase. This graph also shows that the retrogression treatment takes place in the
temperature range where 1’ dissolution takes place. In more conventional commercial
ageing treatment achieved at lower temperature, the phase transformation from n' to n is
expected to appear slowly and continuously. The efficiency of the retrogression treatment
relies on the transformation of the grain boundary precipitates but also in ensuring that a
sufficient amount of n' precipitates will be dissolved or partially dissolved during the
process. This provides that the strength can be restored to a T6 level during re-ageing

treatment. As the grain boundary precipitate transformation process can not be analysed
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from the DSC data, the progress of the retrogression treatment is evaluated in terms of i’
dissolution. Therefore the activation energy considered in the following model is the
activation energy of n' dissolution. Thus, only the first endothermic peak, i.e. the peak
related to 1’ dissolution, in the DSC runs has been considered in the determination of the
activation energy £,. These peaks have been integrated to give the total heat evolved as
plotted in Fig. 7.5. To obtain 7y temperatures associated with a constant fraction
transformed for the first dissolution peak for each of these runs, an arbitrary heat evolved

value was chosen as 3 J/g.

5°C/min DSC heating rate
—10°C/min DSC heating rate
—20°C/min DSC heating rate

Heat evolved (J/g)
&)

0 E= e T T
30 80 130 180
Temperature (°C)

Figure 7.5: Curves of the integration of the first dissolution peak of 74497651 DSC

curves for different heating rate.

From Fig. 7.5, three 74-f; combination are determined. These combinations are then
plotted according to the Kissinger method in Eq. 7.11 (Fig. 7.6). According to the

Kissinger method, the trendline slope of these points is then proportional to the activation

energy.
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La(p/TH)

-13.2 -
-134 - ¢ Trendline equation:
136 y=-8368.3x +4.9142
-13.8 -
14
-14.2 -
-144 -
-14.6 - *
-14.8 :
0.00215 0.0022 0.00225 0.0023 0.00235
1/T¢
Figure 7.6 Kissinger method applied to the total heat evolved of the first endothermic

peak of 74497651

This procedure gives:

E
* = 8400K
kB

The activation energy of n" dissolution is then 70kJ .mol™. Tt should be noted that different

heat evolved values along the linear part of these curves can produce E, values that vary

by about 10% from the value given above. This error may affect the accuracy of the

modelling performed below.

Analvsis of retrogressed samples

In a preliminary investigation, two RRA treatments for thin plate, described in

Table 7.2, to use as a reference were investigated using DSC, Vickers hardness tests and

tensile tests.

DSC experiments on retrogressed 7449 alloy are shown in Fig. 7.7.
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Figure 7.7: DSC curves of the 7449 alloy for two different retrogressed heat treatments.

The features shown in this figure are similar to previous studies on retrogressed
7xxx alloys [89,110]. Papazian [91] suggested that the first exothermic peak (peak I)
represents the re-precipitation of m' precipitates dissolved during the retrogression
treatment; with the following endothermic peak (peak II) representing their re-dissolution
during the DSC run. Subsequently m precipitates can form (peak III) for the alloy
retrogressed at 200°C followed by n dissolution; or if most of n precipitates have been
formed prior to the DSC experiment a transition to 1 dissolution can occur directly as for
the alloy retrogressed at 230°C [89]. However, Park and Ardell have proposed another
interpretation [110]. They observed that peak I occurs over the same temperature range as
the 1’ dissolution peak in alloys treated to T6 type conditions. As precipitation must take
place at lower temperature compared to the dissolution reaction they described that first
exothermic peak as the effect of the re-growth of partially dissolved n' precipitates. The
theory of thermally activated reactions indicates that precipitation will lead to a different
shape peak as compared to re-growth [111]. Park and Ardell [110] also argue that the

transformation of 1’ into 1 precipitates occurs during peak I. Therefore, at this stage there
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is a bimodal distribution of 1 precipitates in the alloy due to the presence of very small
precipitates formed during the DSC run and n precipitates formed during the heat
treatment. Peak II then represents the dissolution of the small 1 precipitates and peak IV
represents the dissolution of larger m precipitates. In this interpretation peak III does not
represent a precipitation peak but an absence of reaction between small 1 precipitates
dissolution (peak 1I) and large n precipitates dissolution (peak IV). The absence of peak
I1I for the alloy treated at 230°C suggests that there is a wider range of 1 precipitate sizes
in this alloy.

These two DSC curves suggest that the sample retrogressed at 200°C contains
more 1’ precipitates and/or small n precipitates than the one retrogressed at 230°C. The
presence of peak [ in both conditions indicates that a certain amount of 1’ dissolution has
occurred during both retrogression treatments.

Optimum re-ageing treatment has been determined by conducting Vickers hardness tests

for samples heat treated at 120°C (see Fig. 7.8) The optimum re-ageing time is about 16

hours at 120°C.
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——T6+retrogressed at 230°C for 15min
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Figure 7.8: Vickers hardness results of 7449 in two different retrogressed conditions re-

aged for various length of time.

Tensile tests have then been conducted for both RRA conditions (Table 7.2).

min. +re-aged at 120°C for 16 hours

UTS oys | Elongatio n Ka
(MPa) | (MPa) n (%)
RRA 1: Té+retrogressed at 200°C for 15| 622 604 9.8 0.036 | 283
min. +re-aged at 120°C for 16 hours
RRA 2: Té6+retrogressed at 230°C for 15 | 499 420 13.5 0.107 | 584

Table 7.2: Tensile tests results
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Due to the limited availability of specimens no toughness tests were performed on RRA

treated material. Howener, model I predicts a linear relation between the toughness, Ky,

K s A e )
and :os (see Chapter 6). Therefore, —=—can give a good indication of toughness
o’ ol

s 35

level, see Fig. 7.9.

35
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15 1 \ *
O
10 - + Commercial heat treatment
= | aboratory heat treatment
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0 ‘
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Gys (MPa)

Figure 7.9: yield strength vs. n\/‘o;s Jfor the 7449 alloy in various heat treated conditions.

Figure 7.9 shows the sensitivity of the 7449 alloy to retrogression treatment. Though
retrogression treatment duration is short (15 minutes) and the temperature difference is
30°C between the two conditions, RRA 2 appears to be significantly overaged compared
to RRA 1. The nVo,s-0,s combination of both RRA treated samples are in the same range
as the other heat treated alloys. Therefore, these results suggest that RRA treatment will
not benefit the toughness-yield strength relation in 7449 (but to confirm this toughness
tests would be needed). As discussed before, the main benefit of RRA treatments will be

found in an improved SCC resistance.
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7.4.2 Retrogression heat treatment modelling

The aim of this study is to determine the applicability of RRA treatments to thick
7449 plates. The retrogression treatment is the critical step in this process. Therefore. this
study was focused on determining critical parameters that affect the retrogression
treatment and establish how these parameters influence the retrogression treatment and its
suitability. i.e. obtaining a good balance of mechanical properties (strength-SCC
resistance). This has been achieved applying the following modelling procedure: the
basic principles of heat transfer, reviewed in part 7.2.1, enabled us to model the
temperature at every point throughout the plate at all time of the given retrogression
treatment (see Fig 7.10); thus, the specific heat treatment at a particular position within
the plate is deduced. This heat treatment cause a specific microstructure to develop and,
hence, specific mechanical properties. The equivalent time is evaluated for each position
within the plate and comparison of equivalent time value near the surface of the plate, at
the plate centre and quarter plate give significant data on possible variability in properties
and. hence, on the suitability of retrogression treatments for thick 7xxx aluminium plate.

The temperature profile, as shown in Fig 7.10, evolves with time. Figures 7.11,
7.12 and 7.13 show the evolution of temperature with time for different positions within
the plate. Plates heated linearly in an oven (see Figs. 7.11 and 7.12) show the same
temperature-time curve features. A transitional behaviour appears in the first few minutes
of the process. Subsequently, the plate heats up linearly following the oven temperature
gradient; at this stage there is a time lag in the behaviour of the different positions within
the plate. Finally, the plate temperature reaches the oven holding temperature. The
temperature profile of an alloy immersed in a pre-heated medium layer is illustrated in
Fig. 7.13. The alloy and the surrounding medium temperature show a transition
behaviour where the plate is heated to the holding temperature. In Fig. 7.11 the plate is
heated from 293K to 453K in around 5 minutes.

A detailed analysis was performed to elucidate the effects of various parameters
on the heating of the plate. It was found that the retrogression treatment parameters can

modify the temperature profiles in the following ways:
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o Heating rate: As shown in Fig. 7.14, a slow heating gives a less pronounced transition
behaviour with a smaller difference in temperatures for the plate surface and plate
center. A faster heating rate results in a more noticeable transition step and an
increased time lag between the plate surface and plate center temperature.

o Medium thickness: a larger difference appears in the temperature profile of alloys in a

10cm air layer as compared to those in a 50cm air layer (Fig. 7.15). For the alloy in a
50cm air layer the transitional behaviour is much longer. Therefore at the end of the
treatment the plate temperature is critically below the retrogression temperature.

e Type of medium: in the absence of a medium the temperature profile of the plate

surface follows the oven temperature program. The medium nature (air or oil) modify

only slightly the temperature profile (Fig. 7.16).

The temperature-time relation for critical positions within the plate, i.e. near the
plate surface, at the quarter of the plate and at the plate centre, was used together with Eq.
7.18 (with E,=70kJ/mol) to calculate the equivalent times for the different retrogression
treatments at these positions. The results are gathered in Table 7.3 to 7.9.

The equivalent time is a measure of the microstructural state of the alloy (see part
7.3.1). However, the relevance of the retrogression treatment for a thick 7xxx aluminium
plate requires two conditions to be fulfilled: a microstructure similar to a retrogressed
thin 7xxx plate (that can be evaluated using the equivalent time) and the homogeneity of
the alloy properties throughout the plate. The latter property can be measured by the

percentage difference between the plate surface equivalent time and the plate center

equivalent time, this can be expressed as:

% Diff = 1, (Surface)-— 1, (center) 100 (7.19)
Ly (surface)

The calculation of the difference for each treatment and each parameters are displayed in

Table 7.3 to 7.9. The concept of “homogeneity of the plate” used in the following part of

this study will refer directly to these values, %Diff.
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The results presented in Table 7.3 to 7.9 can be analysed by comparing the influence of

the different parameters:

Heating rate: the equivalent time increases with decreasing heating rate as the time to
reach the holding temperature increases, i.e. longer treatments will give higher
equivalent time. However, the difference in equivalent time between the plate surface
and the plate center decreases with decreasing heating rate.

Holding temperature: the equivalent time more than doubles going from 433K to

473K. The homogeneity of the plate is similar for both holding temperatures.

Holding time: the relative importance of the holding temperature is strongly affected
by the preceding ramp speed. For example, in Table 7.3 considering a 473K holding
temperature for 1h with 100K/h heating rate, the ramp heat treatment represents less
than 10% of the total equivalent time, whereas for considering a 453K holding
temperature for 10min with 10K/h heating rate, the ramp heat treatment represents
more than 90% of the total equivalent time. The equivalent time also obviously
increases with longer retrogression treatment while the difference in equivalent time
between the plate surface and the plate center decreases.

Type of medium: the equivalent time is slightly less for the direct heat transfer case as

compared to heat transfer in presence of air. The latter has an improved homogeneity.
The equivalent time also decreases using oil as a medium instead of air but the
homogeneity is similar for both mediums.

Medium thickness: the comparison between 10cm and 50cm air layer shows much

lower equivalent time for the 50cm air layer. However this is related to the plate
temperature not reaching the retrogression treatment set holding temperature, as is

illustrated in Fig. 7.16.

Immersion in hot bath: The medium does not seem to influence this treatment. Short

retrogression time give high inhomogeneity values, up to 25%, at both retrogression

temperatures. Longer treatments give higher equivalent time with with homogenity

values below 10%.
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Plate surface Quarter plate Plate centre

454

453 -

452 -

451
——completed heating ramp

450 + ——completed heating ramp+10min at 453K

449 -

temperature (K)

448 -

447 -

446 -

445 T T T T T T T T
0.01 0.02 0.03 0.04 0.05 0.06 0.07 0.08 0.09 0.1

position within the plate (m)
Figure 7.10: Temperature profile through a 20cm thick 7449 aluminium alloy plate (half-

width represented) immersed in a 10cm air layer at different stages of a

retrogression treatment conducted at 453K with a heating ramp of 100K/h.
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Figure 7.11: Temperature profile of an aluminium plate immersed in 10cm air layer

heated from 393K to 453K at 100K/h
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Figure 7.12: Temperature profile of an aluminium plate immersed in 50cm air layer

heated from 393K to 473K at 10K/h
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Figure 7.13: Temperature profile of an aluminium plate immersed in 10cm air layer

heated 453K.
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Figure 7.14: Temperature profile of a 20cm thick 7449 aluminium alloy plate heated in a
10cm air layer from 393K to 453K with a fast heating rate (100K/h) and a
slow heating rate (10K/h) and maintained at 453K for 10min.
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Figure 7.15: Temperature profile of a 20cm thick 7449 aluminium alloy plate heated in a
10cm and in a 50cm air layer from 393K to 453K with 100K/h and

maintained at 453K for 10min.

153



Temperature (K)

Chapter 7

460 1
450 -
440 -
430 -
420 -
——Air medium (plate surface)
410 4 —— Air medium (plate centre)
—— oil medium (plate surface)
400 - —— Oil medium (plate centre)
390 T T T T
0 600 1200 1800 2400

Time (s)

Figure 7.16: Temperature profile of a 20cm thick 7449 aluminium alloy plate
heated in a 10cm thick medium layer from 393K to 453K with
100K/h and maintained at 453K for 10min
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holding temperature: 180°C 200°C

heating rate jeq. Time (h) ramp §i10min»30min 1h ramp (10min|{30min |1h

100°C/h near surface 3.02 774 11.39 /19.88 |7.45 [13.43 |27.81 44.39
1/4 plate 284 |7.52 1117 19.6517.04 12.93 27.31 |43.88
1/2 plate 277 742 11.07 19.5516.86 12.71 27.09 [43.66
Diff (%) 83 76 28 1.7 {79 |74 |28 1.6

50°C/h near surface 6.58 9.35 17.00 23.49 116.16 22.24 3463 |53.20
1/4 plate 6.38 9.13 14.78 2327 |17.71 121.74 34.13 |52.70
1/2 plate 6.30 9.03 1469|2317 |17.51 121.53 [33.91 (52.48
Diff (%) 43 34 21 14 40 32 21 1.4

10°C/h near surface 37.26 |38.08 43.73 52.22 186.27 92.44 104.82 1123.40
1/4 plate 37.05 %37.86 43.52 |52.00 {87.79 191.95 104.33 122.91
1/2 plate 34.96 |37.77 43.42 51.90 [87.57 |81.73 104.11 122.69
Diff (%) 69 08 07 06 08 08 |07 0.6

Table 7.3: Equivalent time for various retrogression treatments

plate of 20cm thickness in the presence of an 10cm air layer

applied to 7xxx alloy

holding temperature: 180°C 200°C

heating rate |eq. Time (s) ramp |10min 30min 1h ramp 10min 30min |1h

100°C/h near surface 3.57 ‘6.39 12.04 120.51 {8.19 [14.96 |27.19 [47.92
1/4 plate 3.27 606 11.70 12017 [7.54 114.20 26.44 [47.16
1/2 plate 316 17.93 ,11.58 120.04 |7.29 13.91 26.15 44.88
Diff (%) 116 72 38 23 [108 7.0 3.8 2.3

50°C/h near surface 7.19 [10.02 17.68 24.17 |17.58 |23.78 36.17 54.76
1/4 plate 6.88 9.69 17.3523.84 |16.87 |23.04 137.43 54.02
1/2 plate 6.76 19.57 17.22 23.71|16.60 22.75 37.14 53.74
Diff (%) 60 45 29 19 (76 |43 |28 1.8

10°C/h near surface 36.39 |39.14 44.63 53.13 [88.53 94.72 |107.12 1127.44
1/4 plate 36.07 38.82 4431 52.80 |87.80 94.00 |106.39 |124.72
1/2 plate 37.94 38.69 44.18 |52.68 |87.52 |93.71 |[106.11 124.43
Diff (%) 12 11 1.0 10.8 1.1 1.1 0.9 0.8

Table 7.4: Equivalent time for various retrogression lreaiments applied to 7xxx alloy

plate of 20cm thickness with no medium layer.

—
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holding temperature: 180°C 200°C

heating rate [eq. Time (s) ramp |10min 30min|1h ramp |10min [30min |th

100°C/h near surface 255 7.05 ;10.67 19.15 {6.35 111.88 |24.19 142.76
1/4 plate 2.41 4.84 11045 /18.93 |6.00 [11.39 23.68 14226
1/2 plate 234 475 10.351/18.83 |7.85 111.18 |23.46 42.04
Diff (%) 82 79 é3.0 1.7 7.9 7.9 3.0 1.7

50°C/h near surface 6.04 1869 [14.33 22.81 {14.91 [20.76 :33.11 151.68
1/4 plate 7.86 [8.48 14.11|22.59 |{14.49 |20.27 13261 |51.18
1/2 plate 7.78 18.38 [14.01 122,49 |14.31 /20.05 :32.39 |50.96
Diff (%) 4.3 3.6 22 14 4.0 3.4 2.2 1.4

10°C/h near surface 34.66 [37.45 143.10 |51.58 {84.89 191.02 /103.39/121.97
1/4 plate 34.45 [37.24 42.89 |51.37 |84.42 90.53 [102.90:121.48
1/2 plate 34.36 |37.14 142,79 |51.27 [84.21 90.31 102.68/121.26
Diff (%) 09 |08 j0.7 0.6 0.8 0.8 0.7 0.8

Table 7.3: Equivalent time for various retrogression treatments applied to 7xxx alloy

plate of 20cm thickness in presence of an 10cm oil layer.

time

holding temperature (K) 10min 30min 1H
surf 2.64 8.29 16.76

453 1/4plate  |2.10 7.76 16.22
1/2plate  {1.99 7.64 16.11
diff(%) 246 7.8 3.9
surf 7.78 18.14 36.69

473 1/dplate  }4.58 16.96 37.51
1/2plate  {4.33 16.70 37.25
diff (%) [24.8 7.9 3.9

Table 7.6: Equivalent time for various retrogression treatments applied to 7xxx alloy

plate of 20cm thickness immersed in hot air (10cm layer).
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time

holding temperature (K) 10min 30min 1H
surf 2.64 8.28 16.75

453 1/4plate  [2.10 7.73 16.20
12plate  {1.98 7.61 16.08
diff(%) 27.0 8.1 4.0
surf 7.77 18.11 36.64

473 1/4plate  [4.56 16.89 37.42
1/2plate  [4.31 16.63 37.17
diff (%)  |27.3 8.2 4.0

Table 7.7: Equivalent time for various refrogression treatments applied to 7xxx alloy

plate of 20cm thickness immersed in hot oil bath (10cm layer).

180°C 200°C

heating rate eq. Time (s) 10min | 30min | 1h 10min | 30min ’ 1h
100°C/h near surface 0.97 1.94 | 448 1.51 3.12 8.36
1/4 plate 0.95 189 | 4.36 1.46 3.01 8.11

1/2 plate 0.94 1.86 | 4.31 1.44 2.96 | 8.00

Diff (%) 31 41 3.8 46 7.1 4.3
50°C/h near surface 2.21 3.70 7.24 4.16 7.20 | 14.82
1/4 plate 216 | 362 | 7.09 | 4.05 7.00 | 14.48
1/2 plate 214 | 358 | 7.02 | 400 6.91 | 14.32

Diff (%) 32 | 32 3.0 3.8 4.0 3.4
10°C/h near surface 23.41  27.38 | 33.98 | 58.04 | 66.68 | 81.75
1/4 plate 2321 2716 | 33.72 | 57.57 | 66.15 | 81.16
1/2 plate 23.13 1 27.06 | 33.61 | 57.36 A 67.92 | 80.89

Diff (%) 1.2 1.2 1.1 1.2 1.1 1.1

Table 7.8: Equivalent time for various retrogression treatments applied to 7xxx alloy

plate of 20cm thickness in presence of an 50cm air layer.

180°C 200°C
holding time 10min [30min |1h 10min |30min |1h
eq. time (h) 2.83 (848 |16.96 [6.19 |18.58 [37.15

Table 7.9: Equivalent time for retrogression various retrogression treatments applied to

thin 7xxx aluminium alloy plate.
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7.5 Discussion

To achieve a suitable RRA treatment for a thick plate, the retrogression treatment
equivalent time has to be as close as possible to the thin plate retrogression treatment
equivalent time, with a small difference between the treatment received by the surface of
the plate and the middle of the plate, i.e. good homogeneity of the properties throughout
the plate. The present results show the difficult balance between these requirements: a
low equivalent time is generally associated with high heating rate, and good homogeneity
is associated with low heating rate. Thus, a balance must be sought.

A suitable means of analysing this balance is by plotting the equivalent time of a
treatment (at the centre of the plate) vs. a parameter describing the homogeneity of the

Loy (Suif ) 14y (centre)

100. A
Loy (surf) )

microstructure. For the latter we have chosen to use

L,q (Surf ) 1y (centre)

Ly (surf )

the constraints on the applicability of the retrogression treatment. The homogeneity

VS. 1,4 1s presented in Fig. 7.17. It illustrates

!
schematic of a plot of

requirements limit the speed of the heating rate and impose a minimum duration on the
retrogression treatment. On the other hand. the equivalent time requirements impose a
maximum duration on the retrogression treatment and require relatively fast heating rates.
The different retrogression temperatures and medium conditions will move the curves,
i.e. in Fig. 7.17 treatment B curve is situated closer to the axis compared to treatment A.
It is clear that the closer the curve is to the axes, the larger the portion of the curve
situated in the “valid” section delimited by the homogeneity requirement and equivalent
time requirement will be. In Fig. 7.17, if the heating rate and duration of the treatment are
chosen correctly, treatment B will satisfy all requirements and will possibly be a valid
retrogression treatment, whereas treatment A will fail to satisfy both requirements in all

cases. Therefore, the closer the curve is to the axis the better possibilities for a suitable

retrogression treatment will be.
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Fast heating rate, short retrogression treatment

etrogression treatment validity limit
(i.e. as compared with retrogression
treatment for thin plate)
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Figure 7.17: Schematic t.; vs. x 100 curve for iwo given

retrogression temperature associated with a given medium, treatment A

and B.

Fig. 7.18 and 7.19 show the influence of the different parameters on these types of
plots. Figure 7.18 illustrates the influence of the addition of a medium on equivalent time
and equivalent time difference through the plate. It is clear that the presence of a medium
lowers both properties compared to the direct heat transfer through a plate. Decreasing
temperature also contributes to lower these values. Low heating rates (around 10K/h)
give good homogeneity but very high equivalent time, i.e. well above the equivalent time
for retrogression treatment for thin plate. On the other hand, high heating rates (around
100K/h) give valid equivalent time as compared to valid retrogression treatment for thin
plate but with poor plate homogeneity: the percentage difference is estimated between 5

and 10%.
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Figure 7.18: The percentage difference in equivalent time between the retrogression
treatment received by the plate surface and the treatment received by the
plate centre vs. the equivalent time at the plate cenire jfor various

retrogression treatments applied to the 7xxx alloy.
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Figure 7.19: The percentage difference in equivalent time between the retrogression
treatment received by the plate surface and the treatment received by the
plate centre vs. the equivalent time at the plate centre for retrogression

treatments applied to the 7xxx. alloy in two different medium.

Figure 7.19 shows the influence of varying the type of medium. Although the
diffusivity coefficient of the oil is less than half the value of the air diffusivity, no

significant difference on the heat treatment of plate is found, and differences are

dominated by the holding temperature.

In analysing Figs. 7.18 and 7.19 it was noted that the data could be fitted well

using an equation of the form:
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Yodiff. = c{i) (7.19)

eq

Where C and g are constants depending on heat treatment type. Examples of these fits are
given in Fig. 7.18. A fixed value of ¢ for each condition of 0.88 and a varying C value
seems to provide a good fit for all the conditions. C values are summarised in Table 7.10.
These results show that the presence of a medium and lower holding temperatures are

beneticial to the reversion treatment. i.e. thev yield lower values of C.

Holding temperature 180°C 200°C
medium No medium 30 64
Alr 22 46
0Oil 22 47

Table 7.10.: C values for different temperature and medium.

From this investigation, several retrogression treatments valid for 7xxx thick plates are
proposed for products immersed in a medium:

e 100°C/h heating ramp to 200°C and no isothermal step.

e 100°C/h heating ramp to 190°C+10min isothermal step

e 100°C/h heating ramp to 180°C+10min isothermal step

e 50°C/h heating ramp to 180°C+10min isothermal step

e immersion for 30min in a bath at 180°C
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7.6. Conclusions

A heat transfer model together with an internal state variable approach has been
used to evaluate the applicability of RRA treatments to thick 7449 aluminium plates.
Several observations have been drawn from the results of this modelling work:

e During the immersion of a cold plate in a hot bath, the heat up of the
plate produces a large difference between the temperature at the surface
of the plate and at the plate interior. This treatment gives low equivalent
times for longer retrogression treatment compared to heating
ramp-+holding time configuration.

e Heating rates of 10°C/h give in all conditions a high equivalent time
compared to equivalent time for thin plates.

e The difference in equivalent time is below 10% in all heating
ramp+holding temperature configurations. This difference decreases
with the heating rate and going to longer isothermal treatment duration.
This difference is not significantly affected by varying holding
temperature.

e The equivalent time more than doubles on going from 180°C to 200°C
holding temperature.

e The equivalent time also increases with decreasing heating rate, though
the difference in heat treatment between the surface and the interior of

the plate decreases with decreasing heating rate.

There may be a narrow theoretical “window” of applicability for RRA treatments
to thick plates. Holding temperatures between 200°C and 180°C with heating rates around
50°C/h and holding time less than 30minutes may be suitable candidates (SCC data also

required). Experimental work on thick plates would be required to validate this model.
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Appendix I

Two different analytical models of work hardening have been considered in this

study: the Ramberg-Osgood model (see Section 6, Eq. 6.), and the Ashby model (see

Section 2, Eq. 2.). The correlation between the strain hardening exponent » and the work

hardening factor K is derived from the following equivalence:

c=4de¢" =0, +KA\/E

(L1)

However it is not possible to derive directly mathematically » as a function of K; and oy,

from this equation. Therefore, a curve fitting approach was used. For yield strength levels

relevant to high strength 7xxx aluminium alloys (i.e. between 400 and 600MPa), K,

values were systematically varied between 300 and 500MPaVm. Varying the plastic

strain between 0.01 and 0.05, a modeled stress is obtained from Eq. 2.2, (see Figure

1.1.2).

Oys

K,

o=0,s+K Ve with & varying from 0.01 to 0.05

400

450

300
350
400
450
500

500

300

350

400
450
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4 plastic strains between 0.01 and 0.05

300
350
400
450
500

Set of strain-strain curve with
systematic yield strength variation and

» Work hardening factor variation using >

Ashby’s work hadening equation for

(Fig. 1.2).

Figure I 1: Schematic diagram of the modeling process.
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Figure 1.2: Example of stress-strain curves plotted using varying K, values, yield

strength values for a strain value varying between 0.01 and 0.05.

From each stress-strain curve obtained a Mcueuiaea value is derived using Ramberg-
Osgood equation. A Auederca Value can be derived from Eq. 6.5. Subsequently C; and yare
used as fitting parameters between #cacuiarea and Hoderes OVET a comprehensive range of

yield strength and work hardening values typical of 7xxx aluminium alloys.
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Figure 1.3 shows the linear relationship between In(r) and In(K.4/oy;) for the 7449,
7449 (Mn) and 7150 alloys. Plots for the 7150 alloys are in the same range as those for
the 7449. The plots for the 7449 (Mn) are below this range but their trendline slope 1s
similar to the trendline slope for 7150 and 7449, i.e. yis considered to be constant over

this range of high strength aluminium alloys, whereas C; is a constant specific to a given

alloy.
-1.5
a
+ 7150
7449
A 7449 (Mn)

-0.6 -0.4 -0.2 0 0.2 0.4 0.6

In(K4/0yy)
Figure 1.3: In(n) vs. In(Kyo,)

For the present alloys, y is about 0.97(+0.1), and C; varies from 0.08 for the 7449 and
7150 alloys to 0.05 for the 7449 (Mn) alloy. However, any modelling attempt would aim
to be reproducible over a range of alloys as large as possible. Hence, the average value
for y obtained from a larger range of alloys will be used in the assessment of the

toughness models. Fig. 1.3 demonstrates that »=0.85 is consistent with our present alloys

considering the scatter of the data.
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APPENDIX II

'declare constant
--Heat treatment duration

Const total _time = 7000

--plate thickness 20cm

Const plate_width =0.2

--number of thickness division of the media and alloy for incremental calculation
Const oil_length step =9

Const Al length step =10

--Alloy and media diffusivity constant

Const Al diffusivity = 0.0000572547

Const Oil_diffusivity = 0.0000318926

--starting temperature

Const T1 =393

'declare module level variables

--the temperature of the alloy and media at a time t are stored in a first vector
(each vector value correspond to the temperature a thickness division).
Temperature at a time t+4t are stored in a second vector.

Dim rang1(10)

Dim rang2(10)

Dim rang1bis(11)

Dim rang2bis(11)

--Initialisation (temperature at t=0)
Sub iteration()

Forn=0To oil length step + 1
rangl(n) =Ti

rang2(n) =0

Next
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Forn=0To Al length step +1
ranglbis(n) = Ti
rang2bis(n) =0

Next

--Incremental variable
k2=1
k=0

--A time step is chosen and the corresponding temperature step for the oven
depending on the heating rate is deduced (here time step:0.5s and temperature
step:0.01389°C/s (heating rate 100°C/h))

tempvar = Ti - 0.01389

Fort=0 To total time Step 0.5

--Incrementing
k=k+1

tempvar = tempvar + 0.01389

--The temperature of the medium in contact with the oven increases as the oven
until it reaches the maximum temperature
If tempvar <453

Then rang2(0) = tempvar

Else rang2(0) =433

End If

--Calculation of the medium temperature using Eq 7.18 (defined as a customized
function)

Forx =1 To oil length step

Ta=rangl(x-1)

Tb =rangl(x)
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Tc=rangl(x + 1)

rang2(x) = calcul_iteration(Ta, Tb, Tc, 0.5, 0.01, Oil_diffusivity)
--When temperature reaches the maximum limit the iteration is stopped
If rang2(x) > 453 Then rang2(x) = 433

Next

--Applying boundary condition between the medium and the aluminium
rang2(10) = rang1(10) + Oil_diffusivity * 0.5 * (rang1(9) - rang1(10))/0.01 * 2)
rang1bis(0) = rang1(10)

rang2bis(0) = rang2(10)

ranglbis(1) = (155 * rang1bis(0) + 0.024 * rang1bis(0) - 0.024 * rang1(9)) / 155)
rang2bis(1) = (155 * rang2bis(0) + 0.024 * rang2bis(0) - 0.024 * rang2(9)) / 155)

-- Calculation of the aluminium temperature

Forx =2 To Al length step

Ta=ranglbis(x - 1)

Tb = rang1bis(x)

Tc =ranglbis(x + 1)

rang?2bis(x) = calcul_iteration(Ta, Tb. Tc, 0.5, 0.01, Al diffusivity)
Next

rang2bis(11) = rang2bis(9)

--The temperature profile values (temperature at a time t and position x) are

written in an excel worksheer at regular and significant time intervals

If (k = 60)
Thenk2=k2 + 1
k=0
Ifk2 = 2000

Then End
Else vCells(k2 +2, 1) =t
Forx =0 To oil length step + 1
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Cells(k2 + 2, x + 2) = rang2(x)
Next

Fory=0 To Al length step + 1
Cells(k2 + 2,y + 13) = rang2bis(y)
Next

End If

--Reinitialise the first vector
Forn=0To oil length step +1
rangl(n) = rang2(n)

Next

Forn=0To Al length step +1
rang1bis(n) = rang2bis(n)

Next

Next

End Sub

--Define Eq. 7.16 as a function
Function calcul_iteration(T1, T2, T3, dt, dx, a)
calcul_iteration=T2+a*dt* (T3-2*T2+T1)/dx "2

End Function
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