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Additively manufactured (AM) Inconel 718 (IN718) was characterised in terms of
microstructure, effect of post heat treatment and hence dependence of fatigue crack
growth on build orientation, even after heat treatment. The AM specimens were
manufactured in two orientations so that cracks would propagate either parallel
(horizontal samples) or perpendicular (vertical samples) to the build direction. In addition,
cast and wrought IN718 specimens were studied to benchmark AM against established
processing techniques. The AM as-built microstructure exhibited a columnar, dendritic
structure parallel to the build direction. No differences were found between specimen
orientations in terms of Laves phase, and MC type carbides precipitating in inter-dendritic
regions. There were however differences in average grain size, with vertical specimens
having a coarser grain structure. Post processing heat treatments recrystallised the
structure eliminating the columnar grain morphology, although some columnar-type grain
shape was retained. In addition, a high percentage of twin grain boundaries were formed
during the heat treatment process for both orientations, and vertical specimens again
had a larger average grain size than horizontal. Laves phase were dissolved, and
precipitation of common IN718 strengthening precipitates (6-phase, y’, and y”) occurred,
with no difference between sample orientations. The cast and wrought material used for
comparison had a finer, equiaxed microstructure with a lower area fraction of twin grain

boundaries compared to heat treated L-PBF.

Long crack fatigue tests were conducted on single edge notched samples at 350 and
650 °C in air at a load ratio 0.1, under 1-X-1-1 trapezoidal loading waveforms with dwell
times, X, of 1s and 90s at maximum load. At 350 °C no apparent difference in crack
growth rates was found, with transgranular fracture modes found at all AK levels for all

tested specimens. Intergranular fracture modes became evident when testing at higher



temperatures, with the vertical samples showing greater crack growth resistance at both
frequencies. Horizontal specimens had on average a higher degree of intergranular
failure. Their smaller grain size, and lower area fraction of twins resulted in a higher
number of grains susceptible to high-temperature embrittlement. With longer dwell times,
vertical samples again showed greater crack growth resistance, with crack arrest
occurring at low AK values due to observed crack deflection reducing the effective stress
intensity at the crack tip. For all testing at 650 °C cast and wrought specimens displayed
higher fatigue crack growth rates, and significant differences in grain boundary failure
mechanisms. The equiaxed grain structure in cast and wrought specimens was not as
effective deflecting cracks, plus the smaller grain size and lower area fraction of twins
resulted in a much larger number of grains susceptible to high-temperature

embrittlement.

The extent of oxidation related damage formed ahead of the crack tip during dwell-fatigue
was further studied by performing tests alternating between high (5 Hz) and low
frequency (1-90-1-1) regimes at 650 °C. Crack arrest occurred again for vertical
specimens and subjected to 90 s dwells with no apparent oxidation embrittlement formed
ahead of the crack tip. In contrast, horizontal and cast and wrought specimens both
exhibited the formation of a large oxidation related damaged zone ahead of the crack tip
during dwell fatigue promoted by dynamic embrittlement. This was linked to a large surge
in crack propagation rates when switching to higher frequency (5 Hz) as the crack
propagated through embrittled grain boundaries. In order to further study the effect of
dwell time on damage ahead of the crack tip and understand the large differences
between sample orientations, pre-cracked specimens were held under a sustained load
at 650 °C for 16 hours. The resultant crack tip and oxides formed were studied using
scanning electron microscopy, electron backscatter diffraction and energy dispersive
spectroscopy. No differences were found in the composition of oxides. However, the
location of the oxide layer with respect to the crack tip was different for horizontal (ahead
of the crack), and vertical (filling the crack) specimens. This resulted in a more
conventional grain boundary failure process by dynamic embrittlement for horizontal
specimens, comparable to that in the literature for cast and wrought IN718. The
microstructure of vertical specimens, however, promoted a very tortuous crack path
compromising oxygen delivery to the crack tip. In addition, the reduction in effective AK
associated with crack deflection will have lowered the local stresses at the crack tip.
Thus, at low AK levels the combination of limited available oxygen and low local stress
at the crack tip was not sufficient to promote diffusion of oxygen ahead of the crack tip,

with oxidation forming inside the crack and stopping fatigue crack propagation.
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1 Introduction

1.1 Background

Nickel-based superalloys are materials extensively used in the aerospace industry due
to their excellent mechanical properties and corrosion resistance at elevated
temperatures [1], [2]. Polycrystalline superalloys are usually produced via the cast and
wrought (CW) route, and the performance of these components is often limited by the
mechanical properties of the parts and/or design/geometry constraints introduced in the
manufacturing process [3]. Additive manufacturing (AM) offers a relatively new route for
processing superalloys and has attracted significant attention from the aerospace
industry in recent years for the production of superalloys [4]. AM is the general term used
to describe specific manufacturing techniques that enable the production of complex 3-
dimensional components by adding material where needed rather than subtracting it, in
a layer-by-layer fashion [5], [6]. It does not require the need for dedicated tooling, and it
is highly flexible with shorter lead times compared to traditional manufacturing
techniques. However, as with any new manufacturing method, its application for safety

critical components must be carefully reviewed.

Commercially, the advantages of using AM in aerospace components can be primarily
related to reduced lead times (and associated costs) and with the ability to produce novel
and complex geometries that were previously impossible to manufacture [7], [8]. By
utilising the design freedom of AM, it is also possible to combine components reducing
the need for fastening and adhesion in complex assemblies, and thus avoid potential
failures across joints. Furthermore, AM provides a nearer net shape manufacturing
solution, hence the amount of scrap material will be reduced per component improving
buy-to-fly ratios [7], [9]. Along with all the benefits of AM, there are some challenges for
the adoption of this technology in the aerospace industry. It is a complex process with a
large number of processing variables that can have an effect on the quality of the final
parts. Although significant research has been done to optimise/control the process, these
parameters affect the thermal history, and thus the quality and mechanical properties of
the fabricated parts in ways that are still not entirely understood. Some of these are

manifested as surface roughness, porosity, residual stresses, unique microstructures as
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well as anisotropy in the mechanical properties. Further challenges include limited data
(knowledge of material properties), or standardised certifications for AM processes [9].
Since, all aerospace manufacturing is subject to strict certifications and quality controls,
it will be necessary to develop standard procedures, and to improve knowledge of

process-microstructure-property relationships for the successful implementation of AM.

AM research of nickel superalloys has mainly concentrated on Inconel 718 (IN718) due
to its excellent weldability allowing the production of near fully dense components [10].
IN718 is a y" (NisNb) precipitation strengthened nickel-based superalloy that has been
extensively used in the aerospace industry for turbine disks operating up to temperatures
of 650 °C [11]. Most of this AM research has focussed on microstructure, process
parameter optimisation and monotonic mechanical properties (tensile testing, and
hardness) [12]-[19]. However, knowledge of cyclic loading performance, i.e. fatigue
strength or fatigue lives (main failure mechanism for nickel-based superalloys), under
service relevant conditions is still very limited. Fatigue studies have mainly focussed on
room temperature high cycle fatigue (HCF) lifetime analysis where AM parts have
commonly shown inferior fatigue endurance compared to CW components [3], [12], [20],
[21]. Furthermore, the main parameters of interest in these prior fatigue studies are
loading orientation (relative to building orientation), surface quality, process induced
defects and effect of heat treatment. In general, when heat treated, AM specimens show
comparable lifetimes to cast and wrought IN718, due to the precipitation of IN718
strengthening precipitates y" and y'. However, as-built components exhibit reduced
performance mainly related to the presence of process induced pores, lack of
appropriate bonding between layers and the high content of Laves phase in the as-built

microstructure.

In service, AM components will be subjected to fatigue loading conditions with varying
temperatures and frequencies [1]. Fatigue crack growth (FCG) behaviour is known to be
affected by the material microstructure, environment, temperature, loading conditions
and the interaction between them [22]. Generally, high frequency testing at
low/intermediate temperatures shows cycle dependent crack growth, with transgranular
fracture modes. Conversely, by decreasing loading frequency or introducing dwell
periods at maximum load in oxidising environments, time dependent crack propagation
mechanisms and oxidation-enhanced intergranular fracture modes become apparent,
significantly accelerating crack growth rates [23]. Such detrimental temperature and
dwell effects are widely recognised and studied for CW IN718 [24]-[30]. The typical AM
microstructure is, however, very different from that of CW IN718 (in terms of grain

boundary character, precipitate distribution, grain shape anisotropy, etc.), potentially
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leading to different FCG behaviour at high temperature. Understanding the effect of
these microstructural differences on high temperature fatigue is needed for the
optimisation of AM structures and has therefore motivated this study where the effect of
frequency, temperature, and oxidation on FCG mechanisms will be assessed for AM
IN718.

1.2 Aim and objectives

The following objectives were set to improve the understanding of the fatigue crack
propagation mechanisms of additively manufactured Inconel 718. This aims to contribute
to improved fatigue performance and to inform printing strategies to improve structural
integrity of AM components. To achieve this, the following broad objectives have been

set:

1. Characterise the role of AM processing and post heat treatments on material
response, defect formation/distribution and microstructure.

2. Assess high temperature fatigue crack propagation mechanisms in AM IN718
and benchmark the material response to comparable cast and wrought IN718.

3. Explain synergies between microstructure, temperature, loading conditions, and
oxidation on fatigue crack propagation at high temperatures, and the

corresponding implications for AM processing and part design.






2 Literature review

2.1 Additive manufacturing

Additive manufacturing (AM) is defined in the American Society for Testing and Material
(ASTM) standard F2792 as "the process of joining materials to make objects from 3-D
model data, usually layer upon layer, as opposed to subtractive manufacturing
technologies" [31]. This feature allows production of complex parts directly from design
reducing the need for complex tooling, dies or casting moulds and reducing the number
of processing steps [5]. Complex parts can be produced with fewer limitations compared
to conventional methods (e.g., straight cuts, round holes) or standard shapes (e.g.,
tubes, sheet). Another advantage is the reduction of material usage, and the possibility
of recycling un-melted/sintered feedstock materials [6]. For these reasons, AM is being
considered more and more for the production of high performance components for
aerospace, automotive, and energy applications [5], [6], [32]. There are, however, some
metallurgical aspects specific to AM (i.e., mechanical anisotropy, porosity, different
phase distribution and residual stresses) that need to be further understood to
improve/optimise AM components. This section will focus on AM of IN718, particularly

on the manufacturing processes and the resultant microstructure.

2.1.1 Process

AM processes for metals can be divided into different categories depending on the
feedstock materials, or energy source used. However, for this study only laser-powder
bed fusion (L-PBF) will be discussed. L-PBF uses a high energy density laser to
selectively melt and fuse regions of powder, layer by layer according to computer aided
design (CAD) data [33]. It consists of a series of steps from CAD data preparation to part
removal from the building platform. Figure 2.1 shows the building process which

includes:

1. Digital model data is converted into machine instructions to generate support
structures for any overhanging features, and slices for scanning of the individual

layers.



Stock of new Powder

. A substrate (to support the part) is fixed to the build platform and levelled for
process control.
Protective inert gas (e.g., argon, or nitrogen) is fed into the chamber containing
the build platform. It helps protect the hot metallic parts from oxidation.

. A powder roller spreads a thin (thickness < 100 um) layer of loose powder, evenly
distributing the powder across the entire substrate width.
The laser beam scans the powder bed, to melt and fuse selected areas according
to the digital data. Once the scanning of a specific layer is completed, the build
platform steps down, a new layer of powder is spread on top of the substrate and
the laser scans a new layer. The process is then repeated for successive layers,
until the components are built.
Process parameters such as laser power, scanning speed, hatch spacing, and
layer thickness (Figure 2.2) are adjusted for each build, such that melt pools
completely fuse with the neighbouring melt pool and the preceding layer. This
remelting process of the previous layer helps to fully consolidate the component.
Once the process is completed, loose powder is removed, and the component
can be detached from the substrate either manually or by electric discharge
machining (EDM)

High Energy heat source Mirror

Roller/Spreader

Object/Part

Powder Bed

Build Platform

Figure 2.1 L-PBF process schematic [9]
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Figure 2.2 Schematic of L-PBF process parameters [33].

During the L-PBF process many parameters will affect the quality of the final component.
The main parameters include: laser type, wavelength, beam diameter (or spot size), laser
power, scanning speed, hatch spacing, scanning strategy, and layer thickness [5], [33]-
[35]. Some parameters will be fixed by the selection of hardware, whereas others are
adjusted for different build jobs and different powder materials. Materials can only absorb
light energy for certain wavelengths. Therefore, CO- lasers (A = 10.6 um) are used for
ceramics or polymers, because of their higher optical absorptivity and fibre lasers (e.g.
Nd:YAG, Yb:YAG with A = 1.06 um) are used for metals [5]. The beam diameter or spot
size (around tens of micrometers in diameter) determines the spatial resolution of the
machine. Finally, continuous wave lasers are commonly used, however, pulsed lasers
can also be applied [36]. This introduces more parameters: pulse duration, frequency,

shape, etc. which have proven to affect surface quality.

Figure 2.2 shows a representation of the process parameters that can be changed to
optimise processing and material properties. The laser power and the speed of the
moving laser spot should be adjusted to provide enough heat to melt the powders. The
hatch spacing is the distance between two neighbouring scan lines, which usually is
smaller than the laser spot size (to achieve fusion of two adjacent layers). Finally, the
layer thickness is the thickness of the powder before being scanned. These parameters
together with the energy absorption of the powders affect the volumetric energy density
applied to melt the powders [5], [37]. The resultant volumetric energy density is given by
equation 2.1, where: P is the laser power (W), v is the scanning speed (mm/s), h is the
hatch spacing (mm) and t is the layer thickness (mm). Insufficient energy densities (low
laser power, high scanning speed or large layer thickness) may lead to a phenomenon

known as balling, where spherical beads are formed due to insufficient surface tension



and wetting of the preceding layer molten pool [6]. On the other hand, high power and
low scanning speeds can lead to excessive material evaporation and the keyhole effect,
which could cause porosity due to excessive penetration of the molten pool [6], [38].
Furthermore, poor selection of hatch spacing might lead to porosity as adjacent lines do
not fully fuse together. Hence, a suitable combination of these parameters is necessary
to successfully build near fully-dense parts. The effect of different parameter

combinations will be commented upon later on the report.

(2-1)

The path that the laser follows during the process is known as the scanning strategy.
Various strategies have been developed, and Figure 2.3 shows some conventional
strategies. Uni-directional and bi-directional are strategies where the laser sequentially
scans the part dimension in the scanning direction across each layer. The island strategy
(Figure 2.3-c) has been used to reduce residual stresses [6], [39]. For island scanning,
the part is segmented and scanned in parts of N x N areas, where N is the length of the
segmented area. The unidirectional fills in island scanning are alternated, which results
in a decrease in the temperature gradients in the scan plane by better distributing the
heat through the process. Linear contour scanning is also possible with L-PBF, where
the contour of the scan pattern follows the edge of the part, and multiple passes are done
to improve the surface finish of the process [5]. Moreover, the scan patterns are usually
rotated by a given angle for every layer. Finally, the scan strategy will have an impact on

the other process parameters. Thus, laser power and scanning speed need to be

performance of the parts.

optimised for a given scanning strategy to eliminate porosity and improve the mechanical
o
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Figure 2.3 Scan strategies used to determine laser path in L-PBF: a) uni-directinal, b) bi-directional, c) island
scan strategy [6]



2.1.1.1 Feedstock materials

Alloy powders are used in L-PBF due to ease of feeding and controlled melting [6].
Mixtures of powders in pre-set ratios can also be fed to produce controlled
composition/property gradients [5]. Powders will have a large influence on the properties
of the final component; therefore, high quality powders should be used. However,
manufacturing of high quality powder is a complex process, considering the high surface

area and the susceptibility to oxidation.

Powders are characterised by shape, size distribution, surface morphology and
flowability [33]. Typical particle sizes for L-PBF range between 10 to 60 um, and their
size distribution is usually controlled by sieving methods [5]. Shape and surface
morphology are usually characterised using scanning electron microscopes (SEM), and
the flowability is measured by the Hall flow test. Finally, for L-PBF processes, another
parameter to consider is the powder packing structure. It is dependent on all of the
characteristics previously mentioned, and it will determine the local configuration of
individual particles on the powder bed, highly influencing the final component structure
and properties. These characteristics will depend on the manufacturing process. Four

powder manufacturing techniques are [5]:

o Gas atomization (GA) process. The molten alloy is atomized using high pressure

flow of argon or nitrogen. Once solidified the droplets can be collected as powder.

e Rotary atomization (RA) process. The molten alloy is deposited on a rotary disk.

Upon contact with the disk, fine droplets of metal are thrown away, and when
solidified they are collected as powder.

e Plasma rotating electrode process (PREP). The end of a rotating metal bar is

melted using an electric arc or plasma. The resulting molten metal is centrifugally
ejected as fine droplets, and when solidified, collected as powder.

o Water atomization (WA) process. The molten metal is atomized using a high

pressure water jet. Once solidified the droplets are collected as powder.
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Figure 2.4 SEM image of alloy powders manufactured by a) PREP, b) RA, c) GA [34]. Comparison of shape
between d) GA and e) WA [40]. IN718 component porosity when produced with f) GA powder, and g) PREP
[41].

Figure 2.4 shows SEM images of powders produced by the above mentioned processes
[34]. PREP gives the best results, with particles that are spherical with relatively smooth
surfaces. Particles produced by RA exhibit random shapes with a smooth surface. The
GA process forms powders with relatively spherical morphology and dimpled surfaces
[34]. Furthermore, there are smaller particles attached to the surface that increase the
surface roughness. Finally, the powders from the WA process are characterised by
irregular shapes and a coarse surface roughness [40]. Powders with uniform size
distribution and smooth surface texture will arrange and pack more efficiently. In addition,
they will enhance powder flowability and the ability to spread a uniform powder bed
density, promoting homogeneous melting and inter-layer bonding, which results in
improved mechanical properties and surface finish [34]. As a result, PREP will usually
yield the better results. The coarse surface of the powders processed via GA and WA
will lead to higher surface roughness [40]. Moreover, components processed via GA, WA
or RA where the size distribution variation is high, will have higher porosity due to
entrapped gas bubbles [41]. Figure 2.4-f, g shows the difference in porosity between

components produced using PREP and GA under the same processing conditions.

2.1.2 Defects

As mentioned previously, many parameters are involved in a L-PBF process. Optimised
parameters can result in high density levels (> 99 %), however, if any of the parameters
are improperly chosen higher proportion of defects will occur [38]. The common AM
defects can be divided into two categories: porosity and cracks. Understanding these
defects and their formation is important as it will improve the process reliability and the

quality of the parts produced.
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2.1.2.1 Defect types

Porosity is a common defect in AM, and it needs to be minimised due to the detrimental
effects it can have on the material mechanical properties. Porosity in AM can be

classified as powder induced or process induced.

Powder-induced porosity is typically small in size (<50 um) and it has a spherical shape
(shown in Figure 2.5-c) [42]. There are two main mechanisms by which this type of
porosity might emerge. First, gas pores between the metal powder might form and
dissolve in the molten pool. Due to the high cooling rates of the L-PBF process the
dissolved gas cannot escape before solidification occurs, forming a pore [38]. Second,
gas can be entrapped in the powders during the manufacturing process, especially for
GA powders. These entrapped gas particles will result in micro spherical pores, smaller

than pores caused by low packing density of the metal powders [5], [38].

Process-induced porosity, referred to as lack-of-fusion (LOF), is caused by inadequate
overlap of the molten pool from a new layer on the previously deposited layer [34].
Furthermore, LOF defects can be classified into two types: (i) un-melted powders, and
(i) poor bonding between layers. If the energy input is low, the melt pool width will not
be enough to ensure sufficient overlap between scan tracks, resulting in un-melted
powder between the tracks [43]. Moreover, if the energy input is even lower, the melt
pool depth will be insufficient to achieve appropriate interlayer bonding, leading to the
formation of pores because of poor bonding between layers. Finally, LOF defects are
much larger than powder-induced pores and have an irregular shape with sharp edges,

as shown in Figure 2.5-a, b [44].

2 3 LTSN AT
LOF, un-melted metal powder

100 jun I 200 pm

Figure 2.5 Optical images of porosity defects in L-PBF; a) LOF poor bonding, b) LOF un-melted powder, c)
gas porosity [44], [45].

Cracking or delamination might occur in AM components due to the rapid melting and
solidification processes that take place [35]. Cracks can be very long, spreading over
several layers, or as short as the layer thickness [38]. Two main types of cracks can

occur in a L-PBF process [9], [38]:
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1. Solidification cracking along grain boundaries, or between two consecutive
layers. As the newly deposited layer solidifies, it will tend to contract due to
solidification shrinkage and thermal contraction. The substrate or previous layer,
will, however, be at a lower temperature. As a consequence, there is a difference
in contraction between the two layers. This results in a tensile stress at the

solidifying layer, and if its magnitude is large enough cracking will occur.

2. Liquation cracking in the partially melted zone (PMZ) of the build. In the PMZ,
rapid melting below the alloy liquidus temperature might cause melting of phases
such as carbides. Due to the solidification shrinkage that occurs under cooling, a
tensile force is exerted into the liquid films around the carbides, that may act as

cracking initiation sites.

2.1.2.2 Effect of process parameters in defect formation

The applied energy density will control the dimensions of the molten pool which, as
explained above, has a significant impact on the type and size of potential defects. Figure
2.6, shows a scatter plot for void fraction and crack density against volumetric energy
density for the Ni-superalloy CMSX486. As shown, with increasing energy density, the
penetration depth of the melt pool is larger, and thus void fraction decreases [46].
However, cracking content increases as the thermal stresses are larger. Furthermore, if
the energy density is too high then keyholing may occur [5]. If the keyhole becomes
unstable, it can collapse and form voids in the form of entrapped gas [35]. Lower energy
densities (rapid scanning or low power) reduce crack formation, however, LOF pores

increase due to the smaller size of the molten pool.

The scanning strategy will not only affect the melting and solidification process, but it will
also have an influence on the location and distribution of the defects [38]. Uni and bi-
directional scan strategies can suffer from scanning speed variations across a scanning
track (if producing a large component), which will result in a local increase in laser
energy, and a possibility for defect formation [47]. Furthermore, impurities might be
pushed to the edges, resulting in a cluster of defects at the perimeter of the component.
Rotating the strategy from one layer to the other can prevent defect clustering by
balancing the energy input across all layers [38]. Furthermore, the island scan strategy
can be used to balance the overall residual stresses and reduce the formation of cracks.
However, porosity and LOF are generally formed at the border of the different scan

islands. Finally, post-processing treatments such as hot isostatic pressing (HIP), can be
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used to reduce porosity and crack content. However, due to the nature of HIP process it
will not be able to close surface intersecting pores [48].
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Figure 2.6 Scatter plot of void fraction and crack density in L-PBF against energy density [38].

2.1.3 Structure of AM materials

During AM, a selected volume of material is subjected to a complex thermal cycle. This
cycle involves rapid heating of the powder above its melting temperature, rapid
solidification once the heat source moves on, and numerous re-heating and re-cooling
cycles as the following layers are scanned [35], [49]. The resultant spatially variable
thermal cycle yields meta-stable microstructures and non-equilibrium compositions of
the resultant phases that may vary from layer to layer [5]. Furthermore, the resultant
microstructures, irrespective of the material, are usually fine-grained in comparison to

e.g., casting, which can be explained by the rapid solidification [6], [49].

The temperature profiles, and thus final microstructure, will depend on the melting and
solidification of the melt pool. Additionally, the thermal gradients will be affected by the
surrounding powder, due to the different heat conduction between the solidified material
and powder. Generally, as heat conduction in the build direction is higher than in any
other directions, solidification occurs from the previously deposited layer, which results
in elongated columnar grains in the build direction that can exceed the layer thickness
[49]. These columnar grains can lead to anisotropic properties. The G/R ratio is

commonly used to predict the growth of columnar or equiaxed dendrites and can be
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applied for AM processes, where G represents the thermal gradient, and R the cooling
rate of the melt pool [6], [49]. Columnar dendrites are favoured under higher thermal
gradients and lower cooling rates, whereas equiaxed dendrites are the opposite.
Therefore, the process parameters can be tailored to control the thermal conditions and
crystallographic orientation, depending on the location of the part, and reduce the

anisotropy of the microstructure.

In optical microscope images the features of L-PBF processing can be clearly seen, as
shown in Figure 2.7. The x-y direction (cross-section) shows regular laser tracks, which
correspond to the laser scanning strategy. The laminar structure can be seen in the
vertical sections (x-z, y-z), as well as characteristics of the build strategy such as:
scanning pattern, hatch spacing, layer thickness and melt pool. At higher magnifications,
the columnar dendritic microstructure can be observed. More on the specific

microstructure of L-PBF IN718 will be explained in section 2.2.3.

Figure 2.7 Microstructure of IN718 in as-built condition a) in three mutually perpendicular planes [50], b) at
higher magnifications showing the dendritic structure [51].
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2.2 IN718 and its fatigue behaviour

This section will give a description of the composition, physical metallurgy, and
microstructure (cast and wrought, and L-PBF) of IN718, with reference to their influence
on fatigue performance. The published literature is reviewed, concentrating on the effects
of high temperature environments on crack initiation and growth, as well as the effects

of L-PBF processing on fatigue performance.

2.2.1 Composition and physical metallurgy

Table 2-1 AMS5662 Inconel 718 composition in wt-percentage.

C Si Mn P S Cr Mo Ni Cu Co

0.025 0.07 0.07 0.011 0.000 | 17.8 2.97 53.7 0.05 0.026
3 6

Ti Al Nb B Fe N Pb Ta (o] Bi

0.92 0.54 5.33 0.002 18.12 | 0.00 | <0.000 | <0.0 | <0.000 | <0.0000
9 5 3 2 3 3

Ca Mg Sn Se Ag
<0.000 | 0.001 | <0.00 | <0.000 | <0.000

3 2 1 3 1

The chemical composition of IN718 can be found in Table 2-1. The strength of IN718 is
due to a combination of solid solution strengthening and precipitation hardening of the
face-centred cubic (FCC) nickel rich matrix (y phase) [52]. However, precipitation
hardening is the main strengthening mechanism. Solid solution strengthening is enabled
by elements such as Fe, Cr, Al, Ti, Mo and Co and it remains effective up to temperatures
of 60 % the melting temperature [52]. Mo and Co improve the creep properties by
lowering the stacking fault energy and impeding dislocation slip [53]. The main precipitate
forming elements are Nb, Ti and Al. Nb favours the formation of the main strengthening
phase, the y’ phase, whereas Al and Ti favour the formation of the y’ phase [54].
Furthermore, Nb provides the added benefit of stabilising primary MC type carbides. Cr
enhances oxidation and corrosion resistance by forming a stable, non-porous Cr,03
surface oxide layer. The presence of carbon improves the melt processing of the alloy,
as it reduces the solidus temperature of nickel enabling better control of the liquid metal
properties [55]. However, the remaining carbon can affect the material properties through
the formation of a variety of carbide phases. These carbides are important precipitates
to consider given their effect on the mechanical properties and fatigue resistance of
IN718.
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2.2.2 Microstructure (cast and wrought)

Table 2-2 Main strengthening precipitates of IN718 [56]

Orientation Theoretical
i Crystal wrt to Precipitate max. Temp.
Phase | Composition Structure gamma Morphology amount range (°C)
matrix (vol %)
((()8(1)2‘/) n Spherical /
14 Nis(Ti, Al) FCC 4 cuboid 8 650 - 850
[100]y // <<
<100>, pm
Discs:
((288)13” g 20-60 nm
7 NisNb BCT [100] i diameter 13 620 - 900
<1 Og>v 5-9 nm
thickness
(010)s//
. . (001)y Long thing
) NisNb orthorhombic [100]s// plates 13 750 to 1020
<110>y

MC carbide 3
\ N

SEI 15.0kV  X1,000 10y

Figure 2.8 SEM Micrographs showing left) typical cast and wrought microstructure and the precipitation of
5-phase and MC carbides, right) precipitation of y and y” in cast and wrought IN718 [56].

The crystallographic characterisation of the main strengthening phases (y”, y’, and d) are
shown in Table 2-2. Furthermore, images of the microstructure of the material and
precipitates are provided in Figure 2.8. In IN718, y” is a NisNb metastable phase with a
body-centred tetragonal (BCT) crystal structure [57]. It forms during the ageing treatment
as coherent disk shape particles on the {100} planes of the FCC structure [54]. Typical
particle sizes are 20-60 nm diameter and thickness 5-9 nm [53]. Additional contributions
to strength come from the Nis(Al, Ti) y’ phase, which has a FCC structure [54]. The role
of y” as the main strengthening precipitate differentiates IN718 from other Ni-based
superalloys, in which y’ is the principal strengthening phase. Both phases precipitate
homogeneously as fine particles distributed uniformly across the microstructure [58]. The
precipitation of both phases is very sensitive to the ratio (Ti + Al)/Nb (in atomic %) [54].
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For standard IN718, this ratio is = 0.7, which results in a higher volume of y” (= 13 %)
compared to v’ (= 8%) [56]. Another factor that makes y” the main strengthening factor
is its higher lattice mismatch, which induces more coherency strain strengthening [53],
[59].

Phase stability is relatively poor in IN718 at temperatures above 650 °C caused by the
transformation of y” into the more stable 5-phase, which provides lower strengthening
[59]. At temperatures above 800 °C this process can take place in 100 hours. A second
factor limiting phase stability at temperatures above 700 °C is the significant coarsening
of y” (more rapid than the coarsening of y’) [56]. Some studies have shown that a
compact morphology precipitation of y” and y’ can improve the thermal stability and
mechanical properties of IN718 at temperatures above 650 °C [54], [60], [61]. This
morphology can be obtained by increasing the ratio of (Ti + Al)/Nb, while at the same
time increasing the total content of Nb, Ti and Al above standard IN718 [59]. In this case,
precipitation of y’ would occur first. It will then be surrounded by a shell of y” plates after
ageing at 650-800 °C for 4 hours. Extended ageing shows that the compact morphology
can have greater resistance to coarsening than standard precipitates morphologies,

indicating a possible way of enhancing the stability of the alloys at higher temperatures.

The 6-phase is a stable form of NisNb and has an orthorhombic structure [62], [63].
Precipitation of the 6 phase can occur at grain boundaries at low aging temperatures
(below 900 °C), and inside grains at higher temperatures. Periods of long thermal
exposure can also lead to precipitation of the 5 phase [53]. Below 900 °C, precipitation
of & will be preceded by y’ and y”, while at higher temperatures it can precipitate directly
from the y matrix [57]. It generally precipitates with an acicular morphology although in
wrought IN718 globular shaped precipitates can also be found. The globular morphology
is associated with plastic deformation leading to fragmentation of the phase plates [56].
The 8-phase has generally been considered as detrimental, as it forms instead of the
strengthening y”. However, under certain circumstances it may have beneficial effects.
When it precipitates at grain boundaries a surrounding Nb depleted region will form,
which can lead to zones of increased plasticity improving the notched stress rupture
properties of the material [53], [57]. Furthermore, it has been found to have a pinning
effect on the grain boundaries, enabling control of grain size at high temperatures [62],
[63].

Carbides and nitrides can also be found in the microstructure of IN718. Primary carbides
are of the form MC, where M is Ti, Nb, Ta, Hf, Th or Zr. Nitrides take the form MN, where

M is Ti, Nb or Zr. For IN718 the main nitride and carbide forming elements are Ti and Nb
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[55]. Furthermore, they are generally globular with an irregular shape. MC and MN form
early in the solidification process, nitrides form first in the melt and act as nucleation sites
for primary carbides [64]. Furthermore, not all the carbon present forms carbides during
solidification, some remains in solid solution. As a result, during heat treatments or
service, primary carbides that are not completely stable might react with the y matrix to
form lower carbides [53]. The lower carbides that can form in IN718 are M23Cs, and MgC.
These can either precipitate at grain boundaries (M23Cs) or be randomly distributed

across the matrix (MsC).

The Laves phase is a brittle, intermetallic phase and is a product resulting from the
terminal eutectic reaction (liquid — y + Laves) in the solidification of IN718 [64]. Laves
phases have a hexagonal close packed (HCP) crystal structure, and their chemical
composition is (Nb, Mo, Ti)(Ni, Fe, Cr), [64]. The formation of Laves phases occurs at
temperatures higher than 982 °C and it is typically avoided, if possible, as it has a
detrimental effect on the mechanical properties of IN718 [52]. It can be found in as-cast
ingots or welds; however, it is usually eliminated by a homogenisation treatment [65].
Thus, it is rare to find Laves phases in wrought IN718. Finally, other minor phases can
be found in IN718, such as: borides, sulphides, and phosphides [53]. These phases,

however, do form during welding or in AM where non-equilibrium cooling conditions exist.

2.2.2.1 Processing and heat treatments

The manufacturing process for Nickel superalloys will depend on the alloy system, shape
and form of the end product, and the service conditions and properties needed for the
specific application [1]. In general, superalloys can be processed by: (i) casting, (ii)
wrought processes through ingot metallurgy and forging, and (iii) powder metallurgy (PM)
if the material is very heavily alloyed. IN718 has been primarily produced by cast and
wrought methods, and therefore, will be the only processing route explained. The cast

and wrought process is described in Figure 2.9.

Vacuum induction melting (VIM) is used as the standard melting procedure for the
preparation of superalloys [1], [66]. For VIM, raw alloying elements are melted under high
vacuum, then the fluid is decanted from the crucible into a mould where casting will occur
under pressure in an argon atmosphere [1]. However, the VIM-cast material is not
suitable for immediate use. First, the level of segregation is too high. Second, it may
contain solidification cracks, porosity and refractory particles may be present [67]. For
these reasons, conventional cast-and-wrought processing uses secondary melting

processes such as vacuum arc remelting (VAR) and possibly electro-slag remelting
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(ESR). The additional steps are used to further increase the quality of the final product,

and to improve the yield and forgeability of the ingots.

<l i > P —
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Vacuum induction melt Electro-slag refine Vacuum arc remelt
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Anneal Upset and draw Forge

Figure 2.9 Sequence of processes used for the production of turbine disc alloys by ingot metallurgy [66].

VAR involves the melting under vacuum of a consumable electrode into a copper-cooled
crucible (see Figure 2.10-b) [1]. The electrode is the casting that has been previously
produced by VIM. A high current is passed through the electrode and the baseplate of
the copper crucible. This creates a direct current (DC) arc which melts the surface of the
electrode and forms a new ingot as the material cools down at the bottom of the crucible
[1], [67]. The resulting ingot has a structure and chemistry far superior to the electrode
(VIM part) that is being melted.

ESR is an alternative method of secondary melting. Similar to VAR a consumable
electrode is remelted, however, in this case a molten slag pool sits between the electrode
and the solidifying ingot (see Figure 2.10-a) [1], [67]. An alternating current (AC) is then
applied between the electrode and the forming ingot through the resistive slag [1], [67].
Hence, solidification occurs in the slag skin and not the crucible baseplate [66]. Both
methods can be independently used to meet the alloy requirements. However, more
recently triple melting is being used to exploit their combined advantages. Triple melting
will start with VIM followed by ESR, which produces a higher integrity ingot, but it may

contain microstructural defects due to segregation [1]. Then, the ESR ingot is remelted
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using the VAR method. Finally, after the remelting processes have finished the ingot is

annealed to remove or reduce elemental segregation.
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Figure 2.10 a) Schematic representation of the ESR process, b) Schematic representation of the VAR
process [1].

The ingots produced by the remelting processes are unsuitable for direct mechanical
applications [66]. Therefore, they undergo thermal-mechanical work to break down the
as-cast structure and reduce the grain size. The first step is to anneal the material to
remove or reduce elemental segregation. Next, a process known as ingot conversion
takes place (usually achieved by cogging), during which the diameter of the bar is
reduced [1]. The ingot is placed in a furnace and heated until it reaches an appropriate
temperature for forging. Then, it is manipulated between two horizontal dies causing it to
deform in and out of plane. The process is then repeated as the ingot rotates, resulting
in an octagonal cross-section, see Figure 2.11 for a representation of the process. At the
end of this procedure the ingot is returned to the furnace and the process is repeated
until the desired reduction is achieved. For the later stages the temperature is reduced
below the relevant solvus temperature to inhibit grain growth after deformation [1], [53].
This deformation causes substantial recrystallization to a finer microstructure [1]. Finally,
a rounding operation is performed prior to slicing the billet for forging. The resultant
cylinder is then forged into a shape close to the final product shape. After forging, a heat
treatment is usually applied to manipulate the final microstructure of the superalloy and
make them suitable to specific applications. Typically, forging of IN718 takes place at

900-1120 °C, starting at the top of the temperature range, and progressively reducing
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the temperature to finish around 900-950 °C [4]. At this temperature, precipitation of the
8 phase occurs, providing some grain size control by pinning the grain boundaries. If
finer grain sizes are required, the 5 phase can be precipitated before forging, which is

then performed below the solvus temperature of 5 [53].

Figure 2.11 a) Cogging operation for the thermal-mechanical working of a superalloy billet, b) cross-sections
of the worked billet after various stages of working, with the un-worked billet at the left [1].

The precipitation kinetics for IN718 have been reported in the form of Transformation-
Time-Temperature diagrams, an example is given in Figure 2.12. These diagrams
provide a summary of the approximate precipitation and solutioning ranges that are

commonly used in standard IN718 heat treatments. These are:

e 1010-1050 °C for 1 hour followed by water quench. This will dissolve all
intermetallic precipitates (5, y’, and y”).

e 900-980 °C for 1-5 hours will precipitate & phase.

e 620-850 °C precipitate y’, and y'.

A common heat treatment for IN718 would consist of 1-2 hours of solution treatment
(925-1010 °C), followed by a duplex age treatment at 720 °C and 620 °C. The solution

treatment dissolves y’ and y”, while at the same time precipitates some 6 phase and
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retains any that precipitated during the forging process. The 6 phase will inhibit grain
growth by pinning the grain boundaries during the solution treatment, thus preserving
the grain size obtained post forging. The wide solution temperature is due to the large
variation of Nb accepted in IN718 (4.75-5.3 wt.%) [56]. The next step in the heat
treatment would be ageing at 720 °C for 8 hours, furnace cool to 620 °C, and then hold
at 620 °C for 10 hours followed by air cooling. This duplex age treatment will lead to y’/y”
precipitation giving optimum strengthening properties. Direct ageing processes have
been developed for turbine discs showing improved high temperature fatigue strength,
however, there is some reduction in stress rupture life for low stress / high temperature
regimes [68]. The direct ageing process intends to produce fine grained components with
a very low quantity of 5 phase. For this process, forging will start at temperatures of 1025
°C, with a final upset at 980 °C followed by water quenching. After forging, the standard

duplex ageing treatment is applied to precipitate y’/y”, without any solution treatments.
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Figure 2.12 Transformation-time-temperature diagram for IN718 [69].

2.2.2.2 Slip behaviour of cast and wrought IN718

Plastic deformation in metals is mainly related to the movement of dislocations. A
characteristic of plastic deformation in IN718 is that slip generally occurs
heterogeneously. Hence, dislocation motion is concentrated in planar bands (slip bands)
rather than occurring homogeneously throughout the material. The FCC matrix of IN718

has a low stacking fault energy, which leads to a large degree of dislocation dissociation
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into partials with a stacking fault between them. This will help strengthen the material by
inhibiting dislocation cross slip (main deformation mechanism at high temperatures) and

favouring the movement of dislocations across specific slip bands.

As previously mentioned, y’ and y” are the main strengthening precipitates of IN718.
These are coherent with the matrix, and their most significant contribution is that they
constrain the movement of dislocations [70]. Coherency strains between the matrix and
precipitates caused by differences in their lattice parameters, is the first way in which the
particles restrict dislocation motion. Furthermore, the thermal expansion coefficient of
the matrix is higher than the precipitates. This results in an increase of the lattice
mismatch with temperature, improving the creep response of the material. If the stresses
are high enough, however, the dislocations can pass through the precipitates by shearing
them. This shearing process provides another strengthening mechanism, due to the
energy necessary to create additional precipitate/matrix interfaces. The y’ and y” are
also ordered phases. Shearing of the particles disrupts the ordered atomic structure in
its slip plane, leaving behind a distorted plane known as anti-phase boundary (APB). In
order to remove the APB, dislocations need to move through the precipitates in pairs.
The leading dislocation will cause the APB, and the trailing dislocation will then interact
with the distorted particle reordering the structure. The resultant breaking and re-
arrangement of chemical bonds leads to strengthening of the material. This again favours

the formation of slip bands (heterogeneous slip) instead of cross-slip [70].

Another characteristic of IN718 is marked cyclic softening during low cycle fatigue, at
both room and high temperatures [71], [72]. The repeated shearing of precipitates by
dislocations that occurs during cyclic loading, leads to the formation of preferential paths
for dislocations to travel across the microstructure. This constant movement of
dislocations through the precipitates will lower their strengthening effectiveness, leading
to cyclic softening. This is supported by TEM studies performed by Fournier et al. [71],
showing how the repeated cutting of y” reduces the size of the particle to an extent that
they offer reduced resistance to dislocation motion. Since cross-slip of coupled
dislocations is more complicated, slip will continue to occur in the same slip plane during
deformation, forming planar slip bands in the cyclically loaded IN718 specimen. As a

result, cyclic softening will occur, and almost precipitate-free planar slip bands will form.

2.2.3 Microstructure (AM)

In general, L-PBF IN718 exhibits a columnar dendritic structure (see Figure 2.13 for
differences observed in the cross-section and longitudinal-section) [48], [50], [73]. The

microstructures are finer than those produced by the cast and wrought route [73]. In
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addition to the grain structure generated by L-PBF, the phase composition has been
found to be different to conventional cast and wrought IN718. Several authors have
reported the difficulty of precipitating the y’, y” phases due to the high cooling rates [17],
[35], [51]. However, other studies argue the presence of y” [50], [74]. Amato et al. [74]
found ellipsoidal y” precipitates perpendicular and parallel to the build direction.
Furthermore, they found the presence of y” to be related to the scan strategy and size
of the melt pool. The y” precipitates, appeared at the interaction point between adjacent
melt pools, possibly because of their short interaction time and high thermal gradient.
Moreover, Ni et al. [50] showed the anisotropy of their distribution, with a higher content
of precipitates in the vertical cross-section (shown in Figure 2.14). A more common
feature is the presence of Laves and MC-type carbides at interdendritic regions or grain
boundaries, because of micro-segregation of these elements during the AM process [36].
This is largely due to the rapid cooling and localised melt pool, resulting in non-
equilibrium conditions during solidification. Under the rapid solidification conditions there
is insufficient time for elements such as Nb or C to diffuse back into the solid. As the
concentration of these particles increases in the remaining liquid, formation of
precipitates such as NbC and Laves occurs [36]. Furthermore, the different thermal
cycles across the height of the component can lead to the formation of location
dependent precipitates. Thus, the precipitates at the bottom of the sample, which are

exposed to more thermal cycles, are usually larger than those found at the top [5]. This

results in significant spatial heterogeneity for L-PBF components.

Figure 2.13 Differences in dendrite orientation between a) section perpendicular to BD, b) section parallel
to BD [48].
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Figure 2.14 EBSD orientation maps showing grain morphology a) parallel to BD and b) perpendicular to BD.
Distribution of different phases is shown in c) vertical section, and d) horizontal section [50].

2.2.3.1 Effect of process parameters on microstructure

In addition to achieving high relative density, the selection of process parameters has
significant effects on microstructure, and phase composition. The shape of the melt pool,
which determines the solidification process is a function of the laser power and scanning
speed. High power and high speed will result in a comet-shaped melt pool (or keyhole if
the power is too high), whereas low power and low speed will yield a spherical melt pool
[49]. The comet-shaped melt pool will generate the linear columnar grains explained
above. Spherical melt pools, on the other hand, generate curved columnar grains, as the
thermal gradient is directed from the boundary to the liquid free surface [5]. Deviations
from columnar grains can also be seen with increasing the scan velocity [75], [76]. As
the velocity increases, the angle between the build direction axis and dendrites
increases, as the angle between the thermal gradient and build direction starts to be
affected by the high velocity. Furthermore, if the velocity is high enough, grains might
suffer a zigzag effect, as the thermal gradient would significantly vary between layers
[76] (see Figure 2.15). The formation of carbides can also be affected by scan velocity.
As the velocity increases, solidification will occur before significant elemental diffusion

takes place, preventing their precipitation [49].
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Figure 2.15 Observed zig-zag patterns caused by changes in scanning strategy [76].

As explained before, the G/R ratio can be used to determine the resultant dendrite
structure. The ratio can be represented in a solidification map and Figure 2.16, shows
the relationship for IN718. Using this principle, the processing parameters can be chosen
to achieve a certain G/R ratio. Dehoff et al. [77] used the G/R ratio to achieve parts with
controlled crystallographic orientations at specific locations within the component. The
G/R ratio can also be used to predict the formation of Laves phases and avoid them.
Low G/R promotes the formation of equiaxed dendrites, which can separate the liquid
between them, avoiding the formation of inter-dendritic Laves phases [78]. There are,
however, limitations on what G/R ratios can be achieved depending on the maximum

power of the laser used.

Energy density, and laser power will also have an impact on microstructure and phase
composition. Jia, et al. [79] studied the effect of increasing energy density, and found the
resultant microstructures changed from coarse columnar dendrites to clustered
dendrites, and finally slender, finer and ordered dendrites. Furthermore, as the energy
density increases the grain size decreases. Popovich et al. [17] investigated the effect of
varying L-PBF parameters within the same IN718 tensile sample. Two different
parameters were chosen with the same energy density but different laser powers (950
W, and 250 W). The 250 W sections resulted in finer grains (5-100 ym) randomly
oriented, and the 950 W sections showed long columnar grains (= 1000 um) along the
build direction. The change between parameters could be distinguished by sharp
changes in texture, demonstrating the possibility of tailoring the structure and mechanical
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properties throughout the part geometry, as shown in Figure 2.17. Furthermore, the 950
W section showed higher values of porosity and a higher content of Laves and carbide

content.
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Figure 2.16 Solidification map for IN718 [6].

Figure 2.17 EBSD analysis of L-PBF IN718 featuring a coarse grain structure and fine grains in the same
plane [17].

Scanning strategy will affect the microstructural texture and residual stresses. Nadamal
et al. [15] studied the effect of the hatch length (laser scan vector length) on the
microstructure. The reported structure showed coarser columnar grains for shorter
scans, whereas longer scans lead to refined grains (Figure 2.18). Furthermore, they
studied the resultant residual stresses, with the shorter scans causing high compressive
stresses in the build direction, and the longer scans leading to an overall reduction of the
residual stresses but with high stress gradients in the scan direction. Lu et al. [16]
characterised changing scanning strategies, by varying the island size. The results

showed a reduction in residual stresses, as the island size decreased. However, lower
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island sizes promoted the formation of cracks, which limits its application. Arisoy et al.
[80] studied the effect of changing the angle between layers (hatch angle), at 67° and
90°. The 67° rotation showed a finer microstructure, and furthermore, the angle of
inclination of the columnar grains was less affected by laser power and scanning speed.
Finally, Foster et al. [81] studied the effect of changing the interlayer dwell time (delay
between layers). The specimens were produced with the same process parameters, only
varying the waiting period between each layer by 0, 20 or 40 seconds. The results
showed a reduction in the secondary dendrite arm spacing with increasing dwell time

(3.7 um for 0 s, and 3.2 uym for 40 s), caused by an increase of the thermal gradient.
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Figure 2.18 Grain structure for shorter (left) and longer (right) laser scan paths/hatching from EBSD [15].

2.2.3.2 Heat treatment of IN718 AM components

Thermal treatments for AM materials may be used to relieve residual stresses, close
pores/cracks or improve the properties of the material. As explained previously, given
the high cooling rates of the AM process, the starting as-built microstructure is different
to that found in conventional cast or wrought IN718. Different heat treatments have been
investigated for AM IN718, such as: stress relief, hot isostatic pressing (HIP), solution
treatment and/or age treatment. Stress relief treatments may be performed to reduce the
residual stresses formed during the AM process. HIP is used to reduce the internal
porosity and cracks. Solution treatments homogenise the structure and reduce elemental
segregation, and age treatments will induce the formation of the precipitating phases y’
and y”. Standard heat treatments have been developed for cast and wrought IN718
(AMS 5662/3), however, there are no specific standards for thermal processing of AM
IN718. ASTM F3055 (standard for AM IN718), sets recommendations for thermal

treatments depending on the classification of the component: recommending stress
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relieving, standard solution and age treatments, and HIP for higher strength components.
Nonetheless, the parameters are not fully agreed, and these should be developed
depending on the processing parameters used, as they can significantly vary the starting

microstructure.

Some studies have considered the application of the standard IN718 heat treatment
(solution + double step age treatment). The results show a partially recrystallised
microstructure, where the Laves phases cannot fully dissolve into the matrix during the
solution treatment. The y’ and y” phases, precipitated during the age treatment as usual.
Chlebus et al. [82] investigated increasing the solutioning temperature from 980, 1040 to
1100 °C to fully homogenise the y phase. It was determined, that for 980 and 1040 °C
the structure maintained its columnar grain structure, but Laves phases are still present.
At temperatures above 1100 °C the y phase was fully homogenised, and the structure
was fully recrystallised. Liu et al. [83] considered direct double ageing, to compare with
standard heat treatments. The structure maintained its columnar nature, and the strength
significantly increased, due to the high precipitation of the strengthening y” and y’
phases. However, the ductility was lower compared to standard heat treatments, due to
the presence of fine Laves particles in interdendritic areas. Finally, other studies have
added a homogenisation step to the standard heat treatment to remove the Laves

phases, however, it resulted in substantial grain growth [10], [69].

Mostafa et al. [69] studied the effect before and after HIP and homogenisation. The HT
sequence consisted of homogenisation at 1100 °C for 1 h, then HIP at 1160 C for 4 h
under 100 MPa. Both heat treatments resulted in complete recrystallisation. The
homogenisation treatment induced the precipitation of 6-phase at the grain boundaries,
and HIP resulted in the formation of MC carbides. Aydinoz et al. [18] produced
specimens that were HIPed and age treated. HIP caused a complete recrystallisation of
the structure and subsequent ageing led to the evolution of y”, and the formation of &-
phase at grain boundaries. Furthermore, the HIPed and aged specimens showed a
decrease in strength, but higher ductility compared to AM specimens with the standard
IN718 heat treatment. Tillmann et al. [48] studied the effect of HIP on porosity reduction,
it was found that for IN718 processed with L-PBF the HIP temperature should not be
higher than 1150 °C, and above 100 MPa for a maximum of 4 hours. Relative density
increased from 99.17 to 99.98 %, however, the AM as-built structure disappears, and

grain size is larger.

Stress relief treatments have also been considered, however, the temperature required

for this treatment is very high and can lead to microstructural changes, that may
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compromise the material properties [39]. Deng et al. [10] studied the remaining residual
stresses in AM IN718 after different heat treatments, using the Zener-Wert-Avrami
function and parameters determined for laser shock-peened IN718. The remaining
residual stresses (ratio between initial and post-treatment residual stresses) after

different heat treatments were:

e Age treatment: 720 C/8 h and 620 C/8 h. Residual stress ratio - 0.985
e Solution treatment: 980 C/1 h. Residual stress ratio - 0.217

o Homogenisation: 1080 C/1 h. Residual stress ratio - 0

2.2.4 Fatigue characteristics of Ni-superalloys and cast and wrought
IN718

For materials used in the energy and aerospace industry, a critical aspect of their
performance is their resistance to fatigue crack initiation and propagation at elevated
temperatures. Therefore, understanding these processes is of considerable interest to
industry. This section will review the current fatigue related knowledge for cast and
wrought IN718, which will be later compared to L-PBF IN718. Most of the work on cast
and wrought material has focussed on long crack propagation studies at elevated
temperatures. Crack growth behaviour will be affected by a combination of
microstructure, temperature, oxidation and loading mode effects. The resultant fracture
mode can be transgranular, intergranular or a mixture of both depending on the loading

conditions. Furthermore, fatigue behaviour can be divided into two broad regimes:

e Cycle dependent behaviour, where crack growth is controlled by the loading cycle
characteristics: stress intensity range, maximum stress intensity applied, and
load ratio.

¢ Time dependent behaviour, where thermally activated processes influence crack

propagation, resulting in time and temperature dependent crack growth.

Generally, low temperatures, high frequencies and inert atmospheres result in cycle
dependent behaviour, whereas time dependent behaviour is favoured by low frequency,

high temperature and aggressive environments.

2.2.4.1 Effect of microstructure

Microstructural features such as grain size, and the distribution of carbides or
strengthening precipitates will have an influence on the crack propagation behaviour.
Nickel superalloys can be processed with different grain sizes and precipitate

distributions, and therefore some studies have been performed to assess their influence
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on fatigue crack initiation and propagation by comparing coarse grained, and fine grained
microstructures. Microstructural effects will be different if short or long fatigue crack
growth is studied. Furthermore, the effect of microstructure will be different for cycle-

dependent or time-dependent regimes.

Under cycle-dependent conditions, fine grained structures provide more resistance to
crack initiation, and short crack growth [84]. The better short crack growth resistance can
be attributed to the greater crack arrest and deflection at grain boundaries, since there
are more of them. When considering long crack growth rates, however, coarser grained
materials tend to perform better [85]. At low AK values, crack deviation induced by large
grains can promote roughness-induced crack closure, improving the crack propagation
resistance. Furthermore, large grains promote longer slip paths and enhanced slip
reversibility, that can reduce fatigue damage accumulation. Under time-dependent
conditions, larger grain sizes exhibit lower crack growth rates. This is because, materials
with larger grains have less grain boundary area through which oxygen can diffuse, and
therefore a higher resistance to oxidation assisted fatigue crack growth. Necklace
microstructures, may force the crack to follow a more tortuous path, thus, improving the

resistance to intergranular crack propagation.

Precipitate size can influence crack growth by affecting dislocation movement, which will
lead to the activation of different slip behaviours. For instance, fine precipitates exhibit a
heterogeneous slip behaviour that can decrease fatigue damage accumulation and
improve the resistance to crack propagation under cycle dependent conditions [86].
Whereas, under time-dependent conditions coarse precipitates can reduce stress-
assisted grain boundary oxidation by promoting more homogeneous slip, lowering the
fatigue crack growth rate [87]. The presence of carbides along grain boundaries can also
lead to changes in crack growth behaviour. The presence of discrete MC-type carbides
at grain boundaries can prevent them from sliding and thus inhibit crack growth. On the
other hand, continuous carbides at grain boundaries can reduce the binding force at

grain boundaries, enhancing crack growth [86].

2.2.4.2 Effect of temperature

At elevated temperatures the fatigue crack growth rate increases due to a decrease in
the material yield strength and enhanced dislocation mobility. Additionally, as
temperature increases the diffusivity of aggressive species is higher, leading to
degradation of grain boundaries and faster crack growth rates [88]. Time dependent
behaviour, with thermally activated processes such as creep and stress relaxation,

become more pronounced as temperature increases. Activation of creep can contribute
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to lower crack growth resistance, and a transition from transgranular to intergranular
fracture due to grain boundaries sliding, although this is not common for IN718 for normal
operating temperatures. In contrast, elevated temperatures might activate stress
relaxation and change the slip character (as discussed in relation to precipitate size) to
more homogeneous slip, reducing local stress concentrations and reducing crack growth
rate [86]. A comprehensive study of the effects of temperature on crack growth in IN718
is that of Weerasooriya [89]. Constant AK tests at R=0.1 were conducted at Kmax of 40
MPavm for frequencies ranging between 0.001-0.1 Hz. Results of these tests can be
seen in Figure 2.19. For temperatures between room temperature and 650 °C, the crack
growth rates increase as temperature increases (the effects of frequency will be
discussed in the following section). The rate of increase in the cycle dependent regime
is limited, and the fracture mode is transgranular. At some transition temperature,
dependent on frequency, the fracture mode will be mixed transgranular/intergranular.
The temperature required for this transition to occur will be higher as frequency
increases. Finally, at the highest temperatures, the behaviour of IN718 is purely
intergranular, and characterised as time-dependent. The effects of temperature can also
be observed when fatigue testing IN718 under vacuum. However, the increase in crack

growth rate is lower when compared to air due to the lack of oxidation effects.
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Figure 2.19 Crack growth rate as a function of temperature at Kmax of 40 MPava. Showing the change in
micromechanisms of crack growth with changes in frequency and temperature [89].
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2.2.4.3 Effect of cycle parameters

At high temperatures, where crack growth can be affected by oxidation, parameters such
as: load ratio, frequency or loading waveform can influence the transition from cycle-
dependent to time-dependent crack growth. The effect of these parameters on the

transition and crack growth rate will be discussed below.

In terms of the effect of load ratio, it is reported that increasing the load ratio generally
leads to an increase in crack growth rates [90], [91]. Higher load ratios lower the applied
AKin, and therefore crack closure effects are absent. Furthermore, it has been found that
the load ratio effect is more pronounced for coarse grained structures [86]. Frequency
effects on the fatigue performance of superalloys have been widely studied. This is
because frequency plays an important role in determining whether fatigue occurs under
cycle or time-dependent regimes. Furthermore, it is known that frequency has a
significant effect on crack growth in air at high temperatures [90], [91]. Testing in alloy
IN718 performed at 550 °C by Clavel and Pineau [28], shows that for frequencies higher
than 0.5 Hz, fatigue crack growth rates are mostly independent of testing frequency.
However, for frequencies lower than 0.5 Hz, a decrease in frequency leads to an
increase in fatigue crack growth rate. Floreen and Kane [92] reported similar variations
in crack growth with respect to frequency at 650 °C. At room temperature, and at a
frequency of 10 Hz (under purely cyclic-dependent conditions), transgranular fracture
modes can be observed with some accommodation of plastic strain ahead of the crack
tip due to shearing of the y” precipitates [93]. For specimens at higher temperatures (550
°C) but at frequencies higher than 0.5 Hz, propagation is still in a transgranular mode.
Below 0.5Hz at 550 °C, mixed transgranular/intergranular modes are observed, with the
quantity of intergranular fracture increasing as the frequency is decreased. Furthermore,
TEM studies performed show that slip became more heterogeneous as the frequency

was lowered [28].

The shape of the loading waveform can also have an effect on crack growth rates.
Generally, the addition of a dwell time at maximum load to a fatigue cycle will increase
crack growth rate for IN718 [91]. Adding or increasing dwell time will significantly affect
the introduction of time dependent processes such as oxidation. Under these time-
dependent conditions, crack growth rate is inversely proportional to frequency, and thus
sensitive to dwell times imposed at maximum load. There are some cases, however,
where dwell time can retard crack growth. This can occur when dwell time occurs at other
than the maximum load. In this case, significant creep can occur blunting the crack tip

and reducing the crack growth rate [91].
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2.2.4.4 Oxidation effects

The intergranular failure modes previously discussed in high temperature fatigue tests in
air suggest that grain boundary oxidation is a major cause for accelerated fatigue crack
growth rates for IN718. Some aspects of oxidation have been previously discussed in
relation to frequency effects; this section will further discuss the effects of oxidation

enhanced fatigue crack growth.

The underlying mechanism controlling the interaction between oxygen and the fatigue
crack tip is still not fully understood, and it is still a reason for debate in the literature.
There are two main theories: dynamic embrittlement, and stress assisted grain boundary
oxidation (SAGBO) [26], [94]. The dynamic embrittlement process can be explained in
three steps, and a schematic of the process is shown in Figure 2.20 [95]. First, oxygen
will diffuse along the grain boundaries ahead of the crack tip over very short distances
(nano-metre scale). This diffusion is promoted by the combination of both high
temperatures and stress. The oxygen will embrittle the grain boundaries ahead of the
crack tip reducing their cohesion strength. When stress is applied the grain boundaries
will break leading to accelerated fatigue crack growth rates. For SAGBO, the diffusing
oxygen reacts with an alloying element present at the grain boundaries (Nb in the case
of IN718) forming a brittle oxide. This oxide cracks when stress is applied and is believed
to be the reason for the intergranular failure and faster propagation rates. Studies have
indicated that, for IN718, dynamic embrittlement is the main mechanism causing
intergranular failure [29], [96]-{98]. The concept of a damaged zone ahead of the crack
tip, caused by dynamic embrittlement, has also been proposed in the literature [25], [99].
The results show that an embrittled area forms ahead of the crack tip during dwell fatigue
loading conditions, which has a lower resistance against crack propagation. The size of

this damaged zone will increase with increasing temperature and dwell time.

The addition of hold times during the loading cycle can further increase the time available
for grain boundary oxidation and thus increase crack growth rate. Numerous studies
demonstrate that the addition of holding times at maximum and minimum load can
increase the crack growth rate [85], [100], [101]. However, this effect might saturate for
very long dwells. Pineau et al. [102] found that for hold times longer than 1000 seconds
at minimum load, there was no additional increase in fatigue crack growth rate. This was
attributed to the formation of a Cr.Os oxide layer at the crack tip that prevented more

oxygen from penetrating.
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Figure 2.20 Schematic representation of dynamic embrittlement, representing the relationship between
oxygen, microstructure, and applied stress [95].

The degree of oxidation ahead of the crack tip is usually dependent on the oxygen partial
pressure, content of aggressive species and the applied load [27]. Work performed by
Mollins et al. [103] showed that for IN718 there is a critical partial pressure (10" Pa)
beyond which fatigue crack growth rate increases dramatically, due to oxidation assisted
processes. Work performed by Andrieu et al. [100], further corroborates this idea; their
study focussed on the effect of oxygen partial pressure on grain boundary oxidation and
fracture mode. Spinel-type Ni(Fe2Cr).Os oxides formed at high partial pressures,
whereas Cr.03 oxides formed at lower partial pressures (10" Pa). The change in oxide
type led to a change in the fracture mode: intergranular for high partial pressures, and
transgranular for lower pressures. This change in propagation mode is related to the
ability of the formed oxide to limit further penetration of oxygen along grain boundaries.
The spinel-type oxides are brittle and porous, whereas the Cr.O3; oxides can restrict
oxygen penetration showing higher resistance to intergranular crack growth. So far
oxidation has been related to detrimental effects on crack growth rates. However, the
formation of a thick oxide layer in the crack path/tip can result in crack closure. Such
oxide induced crack closure can improve the fatigue performance at low AK levels close
to the threshold region. Higher thresholds linked to oxide-induced crack closure have

been reported by Yuen et al [104], and Lynch et al. [79] for example.

Grain boundary character will also have a key influence on crack propagation by dynamic
embrittlement. Oxygen diffusivity can vary depending on the type of grain boundary.
There is some evidence in the literature that for special CSL (coincident site lattice) grain

boundaries oxygen diffusion is slower [98], [105], [106]. Therefore, intergranular failure
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will preferentially occur along random high angle grain boundaries, with materials
containing a high number of CSL grain boundaries exhibiting improved resistance to

cracking by dynamic embrittlement.

2.2.5 Fatigue characteristics of L-PBF materials

Fatigue knowledge of L-PBF IN718 is currently limited in the literature, with no special
attention paid as yet to high temperature performance. These prior studies have been
primarily focussed on S-N curve lifetime analysis where AM parts have commonly shown
inferior fatigue endurance compared to cast and wrought components. As-built
components exhibit reduced performance mainly related to the presence of process
induced pores, lack of appropriate bonding between layers, and the high content of
Laves phase in the microstructure [107]. Heat treated specimens sometimes show
comparable lifetimes to cast and wrought IN718 due to the precipitation of the
strengthening particles y” and y’ [12]. Furthermore, looking at the published L-PBF
fatigue related literature, it is apparent that most of the work is focussed on improving
the lifetime of L-PBF specimens, and thus to demonstrate that it can be comparable to
wrought IN718. However, to improve the trustworthiness and performance of parts
fabricated via AM, more focus is needed to understand the fatigue damage process,
crack initiation and growth micro-mechanisms, and their specific relationship to the

characteristic microstructures of AM specimens.

The wide range of processing variables found in L-PBF, and the effect they have on the
microstructure and mechanical properties makes it difficult to predict and control the
fatigue characteristics of the final product. Current studies have considered build
orientation, surface quality, process induced defects and post heat treatment as the main
parameters controlling the behaviour of L-PBF specimens [4], [108], [109]. In addition,
other studies have considered the effect of varying process parameters, and temperature
on the fatigue performance of IN718. The effect of these parameters will be discussed in
more detail below. It should also be noted that due to the wide variety of L-PBF process
parameters, feedstock material, post-manufacturing processes, specimen type, loading
conditions, etc. it is difficult to make direct comparisons between different AM

publications, and also appropriate comparator cast and wrought materials.

2.2.5.1 Effect of build orientation (room temperature)

Given the anisotropy of the microstructures, the direction of the applied stress with

respect to the orientation of the deposited layers (build direction) can have an effect on
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the lifetime of the components [110]. In this review, specimens where the build
orientation is parallel to the loading direction will be considered as vertical, while
specimens where the build direction is normal to the loading direction will be considered

as horizontal, as shown in Figure 2.21.

B.D. :Building direction
L.D. : Loading direction

5l
an] PR

(A)

Figure 2.21 L-PBF fatigue specimens a) vertical test specimens, b) horizontal test specimens [110].

Multiple studies have shown that fatigue lifetime is generally longer for specimens
manufactured in the horizontal direction [108], [110], [111]. Figure 2.22 shows an
example from two publications on as-built microstructures where the fatigue life was
lower for vertical specimens (other studies show comparable results). The difference in
lifetime between the two publications in Figure 2.22, is due to some of the testing being
done on notched samples [108]. Furthermore, regardless of their building direction, the
majority of specimens in as-built condition showed inferior fatigue lifetimes compared to

cast and wrought components.
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Figure 2.22 Fatigue life of L-PBF IN718 specimens with respect to build orientation [108], [111].

As-built specimens have an anisotropic microstructure due to the uneven thermal history
and directional heat transfer that takes place during the L-PBF manufacturing process.
This means that microstructural features, such as grain size, grain morphology and
crystallographic orientation will be different for the horizontal and vertical specimens.
Furthermore, build orientation will affect the heating and cooling cycles during the L-PBF
process. Horizontally manufactured specimens usually have longer inter-layer time
intervals, due to their larger footprint on the baseplate (it will also depend on the sample
aspect ratio, see Figure 2.22 for reference), which in turn results in higher cooling rates
[110]. The difference in thermal gradient leads to different as-built microstructures, which
are usually finer for horizontally built specimens [5]. The finer microstructure can improve
the resistance to crack initiation, and thus, improve the overall fatigue lifetime. Although
the finer grain size, and anisotropy of the microstructure can have an influence on the
fatigue lifetime, it has been reported that the biggest contributing factor to the difference
in performance is the difference in distribution and orientation of process induced defects
with respect to the loading direction [4], [110]. LOF defects tend to be large voids with
high aspect ratios, and usually form between layers due to insufficient fusion. The
orientation of these weak interlayer points with respect to the loading direction is
regarded as the main source for the structural anisotropy. A schematic of the
arrangement of these weak links between layers in the macrostructure with respect to

the loading direction is shown in Figure 2.23. In vertical specimens, LOF defects are
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normal to the loading direction. This arrangement creates a higher stress concentration
around the void when compared to horizontal specimens and thus easier means for void

growth and crack initiation [110].

The effect of grain boundary orientation on fatigue crack growth has not been as studied
in the literature, with studies mostly limited to stainless steel 316L. It is reported that
specimens where crack growth is parallel to the build direction (horizontal) have a lower
threshold value, and also show slightly lower resistance to crack growth [112]. The
presence of process induced defects doesn’t play a major role in this case, and the
differences are mostly attributed to easier propagation paths due to grain boundary
alignment with the crack growth path. A schematic of the interaction between the
microstructure and crack growth depending on build orientation, is shown in Figure 2.24,
along with da/dN vs AK plot representing the difference in fatigue crack growth rate for
two different build orientations. It can be seen how the microstructure in the vertical
specimens offer a more tortuous path for cracks to propagate, hence, reducing the
fatigue crack growth rate [112]. This effect, however, is somewhat limited at room
temperature since propagation is mostly transgranular. At higher temperatures, and low
frequencies where intergranular propagation is dominant build orientation could have a

bigger influence on crack growth rate, and therefore needs to be further investigated.

Vertically Built Horizontally Built

e S

Figure 2.23 Schematic showing the orientation of lack of fusion defects for vertical and horizontal samples
with respect to loading direction, and the resultant stress concentration [4].
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Figure 2.24 Interaction between the microstructure and crack growth for a) vertical and b) horizontal
specimen [110], c) fatigue crack growth rate (da/dN) vs k for 316L stainless steel with respect to build
orientation as shown in the inset images [112].

2.2.5.2 Effect of heat treatment (room temperature)

Some studies have considered the use of post manufacture heat treatments to reduce
the effect of build orientation, and to improve the fatigue lifetime by dissolving Laves-
phase and precipitating IN718 common strengthening precipitates (delta-phase, y’, and
Yy”) [12]. It is expected that stress relief, solution annealing and ageing treatments will
remove some of the microstructural directionality, and thus reduce differences in grain
size and morphology between horizontal and vertical samples. However, although
proper heat treatment may be able to alleviate microstructural heterogeneity, it might not
be able to remove the effect of build orientation on fatigue performance due to the
presence of defects in the specimens [4]. Hence, some studies have considered adding
a HIP process to reduce the void content and directionality (e.g., reduce aspect ratio in
shape of LOF defect), and therefore reduce the difference in fatigue lifetime between
build orientations [12]. On the other hand, if appropriate process parameters are selected
to avoid the formation of LOF defects, the need for a HIP stage might be avoided. Figure
2.25 shows testing performed by NASA on vertical and horizontal specimens with the
same void content that had been stress relieved, HIPed, solution treated, and age treated
(see Figure 2.25 caption for specific temperatures) [113]. It can be seen how there is no
apparent effect of build orientation on the fatigue lifetimes, and that the L-PBF results
are comparable to standard cast and wrought IN718. This increase in the fatigue lifetime

compared to as-built specimens is mainly related to the dissolution of Laves-phase and
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the precipitation of y’ and y”. The difference in response at mid stress levels can be
attributed to the larger grain size found in the L-PBF specimens, and the lower quantity
of y’ and y” compared to the cast and wrought samples caused by the precipitation of -

phase during the stress relief and HIP process [113].
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Figure 2.25 S-N curve of heat treated L-PBF IN718 built in two orientations vs standard cast and wrought
IN718. Heat treatment for L-PBF specimens involved: stress relief (1065 C for 1.5 hours; furnace cool), HIP
(1165 C, 100 MPa, 3-4 hours), Solution treat (1066 C for 1 hour; air cool), age treat (760 C for 10 hours;
furnace cool to 650 C; hold for 20 hours at 650 C; air cool) [113].

The effect of post heat treatments is assessed in most reports by comparing the
performance of as-built specimens with samples that have been heat treated using the
standard IN718 heat treatment plus a HIPing stage (to reduce void content). However,
less attention is being paid to developing specific heat treatments for L-PBF IN718 to
optimise its fatigue properties, and either match or improve the fatigue performance of
cast and wrought components. Some studies have considered multiple heat treatments,
and compared the results, however, more work is needed to fully understand the
micromechanisms of fatigue within heat treated specimens. Wan et al. [109], performed
high cycle fatigue (HCF) tests on three different heat treatments, and compared the
results with as-built L-PBF IN718. Figure 2.26 shows their results along with the specific
heat treatments employed. It shows how the fatigue response of L-PBF IN718 can be
enhanced after heat treatment. According to the authors, void content did not change,
hence the differences in fatigue response may be attributed to the absence of brittle
Laves phases in the heat treated samples and the precipitation of y”. Additionally, the
improved response of HA treated samples was related to smaller 8-phase compared to

the other treatments, which induced a higher void damage tolerance at the same applied
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stress. Aydinoz et al. [18] studied the effect of five different heat treatments (see Figure
2.27 for specific temperatures) on the cyclic stress behaviour of L-PBF IN718 at constant
strain. They found that the performance after solution annealing was marginally better
compared to the HIPed material. The closure or reduction in size of pores did not play a
major role in the fatigue performance, and the difference was attributed to the
microstructural changes that occurred during the HIP process. They argued that a
complete recrystallisation of the sub-micron cell structures found in the as-built material
during HIP was responsible for the inferior fatigue lifetime at room temperature. During
solution annealing, these structures are maintained, and after ageing, precipitates form
around them. These structures can then efficiently obstruct dislocation motion providing

better performance than HIPed specimens.
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Figure 2.26 top) S-N curve of L-PBF fabricated IN718 and bottom) parameters used for the heat treatment
[109].
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Figure 2.27 Cyclic stress response at room temperature and strain amplitude 0.5% for L-PBF IN718 under
five different heat treatments. S: solution annealing (1000 C for 1 hour; air cooling), H:HIP (1150 C, 1000
bar, 4 hours; furnace cool), A:aged (720 C for 8 hours; furnace cool 50 C/hour to 621 C; hold at 621 C for 8
hours; air cool [18].

2.2.5.3 Effect of process induced defects

The surface roughness of AM parts in the as-built state is considerably higher than
traditionally manufactured metallic parts [5]. This is mostly due to the presence of
partially melted powder on the boundary of the parts, and the staircase effect on the
surface resultant from building the parts layer-upon layer [114]. Surface roughness acts
as a stress raiser and has a negative effect on the fatigue lifetime of the materials by
accelerating crack initiation. Kelley et al. [111] reported a decrease in lifetime of 30-40
% for parts in the as-built condition (Ra = 6-16 ym) compared to cast and wrought (Ra =
1 um). Similar results were provided by Balachandramurthi et al. [115], and Witkin et al.
[116] for heat treated specimens. They found, however, a larger scatter in the data for
machined specimens, related to the presence or absence of surface voids. Therefore,
post processing surface treatments (grinding, electropolishing, surface milling, etc.) are
usually applied to reduce the surface roughness of the fabricated parts and improve their
fatigue lifetimes. It should, however, be noted that one of the advantages of AM is the
ability to produce near-net shape complex parts reducing the need for any machining,
and with complex internal features that might make surface roughness reductions
impossible [114]. Hence, the impact of the as-built surface roughness on fatigue
performance, and surface roughness control via changes in the process parameters (i.e.,
contour scanning, or re-scanning), should be studied more deeply for AM design

purposes.
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Yang et al. [117] studied multiple crack initiation sites caused by pores and their location
with respect to the surface for as-built IN718 in HCF tests. Surface intersecting pores
caused the largest reduction in fatigue lifetime, as shown in Figure 2.28. Internal pores
(not intersecting with surface, see Figure 2.28 for schematic) with comparable or larger
size to surface pores caused the initiation of primary cracks in some cases, however, the
lifetime for those components was higher. The porosity distribution in the materials
surface will therefore be a key parameter controlling fatigue lifetime. Interestingly,
however, studies have focussed on quantifying the reduction in lifetime related to the
presence of pores but almost no attention has been paid to the relationship between
short crack growth and porosity distribution. There is well developed literature focussing
on the relationship between crack initiation, short crack growth and porosity distribution
for other processing routes (e.g., castings, welds). It is of interest to compare between

processing techniques and understand if AM porosity effects are any different.
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Figure 2.28 top) S-N data for as-built L-PBF IN718 at R=-1, room temperature, 20 kHz, and surface polished
to 0.5 um, bottom) summary of pores characterised for surface and interior crack initiation [117].
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Watring et al. [118], and Kantzos et al. [119] have studied the effect of process parameter
modifications for as-built and heat treated components respectively. In both cases they
reported similar findings, where a combination of parameters would give the best
performance, and outside this optimal range fatigue lifetime would considerable
decrease due to the presence of process induced defects. Figure 2.29 shows HCF tests
results performed by Watring et al. [118] using specimens manufactured with different
process parameters by varying laser power, scan speed, and built orientation. The
results show that two mechanisms governed the HCF response of L-PBF IN718. These
are: (i) relationship between build orientation and surface roughness, and (ii) increase of
defects due to sub-optimal laser-energy input. Horizontal specimens (0° build
orientation) had the highest surface roughness compared to the other build directions,
and therefore had the worst fatigue life. The difference between vertical and angled
specimens (60° build direction) was also attributed to the difference in surface
roughness. Tests were performed in dog bone specimens, and to manufacture the
horizontal specimens support structures were needed. The addition of support structures
increased the roughness substantially, and thus, decreased the fatigue lifetime.
Therefore, support structures should be avoided were possible, as the associated
increase in surface roughness can have a negative impact on fatigue performance.
Furthermore, the effect of build orientation contradicts previous studies that reported
better fatigue performance for machined/polished horizontal (0-degree) specimens. The
contradiction may be explained by a dominant effect of surface roughness over build
direction. The lifetimes as a function of energy density followed a bell shape within build
orientation, with an optimal energy density of 60-70 J/mm?3. Outside this window, lifetimes
were lower due to the presence of LOF defects at lower energy densities, or keyhole
pores at higher energies. The presence of these pores and their negative impact on
fatigue can be seen in the fracture surfaces presented in Figure 2.29. Furthermore,
variations in the scanning strategy have been shown to impact the microstructure of L-
PBF IN718, as explained in section 2.2.3.1. The effect of scanning strategy on
microstructure and fatigue performance was studied by Wan et al. [120], by performing
HCF tests on machined vertical samples with two different scan strategies in the as-built
condition. They used bidirectional scanning, with and without a 90° rotation between
layers. They found that not rotating the scan strategy between layers produced a finer
microstructure (up to 2.3 times smaller), and led to a small increase of 9 % on fatigue
lifetime. Although further tests would be necessary to assess the reproducibility of the

results.
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Figure 2.29 Fatigue tests on as-built IN718 components with no surface or heat treatments top) HCF life vs
volumetric energy density for specimens built under different build orientations. Bottom) SEM images of
fracture surfaces a, d, and g) 45 J/mm?; b, d, and h) 62 J/mm? and ¢, f, and i) 77 J/mm3[118].
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2.2.5.4 High temperature fatigue

Most of the fatigue related work has focussed on room temperature performance, instead
of high temperature, which is surprising given the likely served conditions for nickel-
based superalloys. A limited number of studies have investigated the fatigue properties
of AM IN718 at elevated temperatures. These studies have mostly focussed on lifetime
analysis, and the main factors they have concentrated on are, effect of texture, build

orientation, and heat treatment.

Gribbin et al. [121] have investigated high temperature (500 °C) HCF behaviour of direct
metal laser melted (DMLM), and cast and wrought IN718, at a test frequency of 50 Hz
(Figure 2.30). Two types of heat treatments were considered (standard AMS5663, and
standard AMS5663 + HIP at 1163 °C for 4 hours at 100 MPa), and the specimens were
built horizontally, and diagonally (45° with respect to build orientation). There were small
differences in lifetime between orientations, however, differences between heat
treatments had bigger effect. HIPed specimens had the lowest lifetime, which was
related to a coarser grain structure promoted by the higher temperatures during the HIP
treatment. Similar results for the influence of build orientation on fatigue lifetime at
temperature by Ma et al. [122] for short crack tests at 650 °C under vacuum. However,
in both cases the temperature/frequency combination chosen did not promote
intergranular failure modes. Hence, the effect of grain boundary orientation with respect

to the direction of crack propagation is expected to be reduced.
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Figure 2.30 HCF data (testing at 50 Hz, and 500 °C) for AM IN718. Samples heat treated as per AMS5663
(standard IN718 treatment: solution anneal + ageing). For DMLM + HIP, HIP stage (1163 C for 4 h, 100
MPa) added before AMS5663 treatment. DMLM H - Horizontal sample, DMLM D - Diagonal sample built at
a 45° angle with respect to the build direction [121].
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Kim et al. compared fatigue crack propagation rates between heat treated L-PBF and
cast and wrought IN718 (see results in Figure 2.31) [123]. Testing was performed at
room temperature, 650 °C, and 10 Hz (cycle-dependent conditions) on heat treated
(AMS5662) specimens built in the vertical direction (crack growth occurred perpendicular
to build direction). Crack propagation rates increased as temperature increased for L-
PBF specimens, as expected. At 650 °C and high AK values fatigue crack growth rates
were comparable for both L-PBF and CW specimens. However, at low/mid AK regions
L-PBF specimens exhibited much higher crack propagation rates. Laves phase were not

fully dissolved by the heat treatment, which promoted the difference between L-PBF and

CW specimens at high temperatures.
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Figure 2.31 da/dN vs 4K for L-PBF and CW IN718 at R=0.1, 10 Hz, and temperature 650 C, and 25 C [123].
A relatively detailed study on high temperature crack propagation of AM IN718 was
recently published by Deng et al. [124] (see Figure 2.32). They studied dwell-fatigue

crack propagation on heat treated samples (see Figure 2.32 for specific parameters) at
550 °C, and a triangular loading waveform with 2160 seconds dwell at peak load with 10
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seconds unloading-reloading segments. Intergranular failure modes were dominant and
large differences in crack propagation rates between sample orientations were reported.
The columnar grains characteristic of as-built components was not removed by the heat
treatment, resulting in large crack deflection and lower effective stress intensity for
vertical samples (n-type). Interestingly, differences in damage mechanisms were
reported between L-PBF and traditional cast and wrought specimens, with creep being
the main damage mechanism at 550 °C with the nucleation and growth of cavities along
grain boundaries, as opposed to dynamic embrittlement for cast and wrought. This was
related to the dislocation sub-structure typically found in AM as-built specimens. The
dislocation structure was not fully removed during either heat treatment (SA and HSA,
see Figure 2.32 for reference), and was found to be similar to that found in the tertiary

creep regime for IN718, promoting creep damage even at 550 °C.
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HA 1353 K (1080 °C)/1 h/WC None 50 K/h FC to 893 K (620 °C)
HSA 1353 K (1080 °C)/1 h/WC 1253 K (980 °C)/1 h/WC 893 K (620 °C)/8 h/AC

I°'C, AC and WC denotes furnace cooling, air cooling and water cooling, respectively. SA is the standard heat treatment for wrought IN718 (AMS
5662). HSA is the standard heat treatment for cast IN718 (AMS 5383).

Figure 2.32 Crack propagation rates da/dN vs AK for L-PBF IN718 manufactured in two orientations, and
subject to different heat treatments. Details on the specific heat treatments are provided in the table
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2.3 Summary of literature review

L-PBF offers a cost effective alternative to manufacture IN718 parts, however,
there are still a variety of metallurgical factors specific to AM (anisotropy, porosity,
phase distribution, heat treatment etc) that need to be further understood. During
the manufacturing process, there are a large number of parameters that will affect
the final component such as laser power, scanning speed, hatch spacing,
scanning strategy, and layer thickness. The selection of these parameters will
have a large influence on the thermal history of the material and will therefore
control the final microstructure. Furthermore, if any of the parameters are
improperly chosen, it will result in the formation of defects in the material
compromising its mechanical properties. Although a significant effort has been
done to understand their effects, there is a lack of research relating process
parameters to defect formation and microstructure formations. Hence, further
work needs to be performed to be able to systematically reveal the influence of

these parameters on the final material.

The microstructure of as-built AM IN718 is significantly different to that found in
cast and wrought materials. It consists of a columnar and dendritic grain
structure, generally oriented parallel to the build direction, which results in
anisotropic properties. Furthermore, the fast cooling rates result in the formation
of Laves phases, not commonly found in cast and wrought IN718. Multiple heat
treatments have been studied to improve the mechanical properties of AM parts.
However, these have been limited to slight variations of conventional heat
treatments for IN718, which has ultimately resulted in only slight improvements,
since the microstructure of AM parts is significantly different from cast and
wrought components. Therefore, further refinement of these heat treatments is

needed in order to optimise the mechanical properties of AM.

Long crack growth behaviour of cast and wrought IN718 has been extensively
studied in the literature. Complex interactions between microstructure, cycle
parameters and environmental effects have been reported. Furthermore,
considerable attention has been given to the interaction between cycle

parameters (i.e frequency), temperature and environmental effects on FCG rates.

There are few publications studying the fatigue properties of L-PBF IN718,

especially for crack propagation, and elevated temperatures. Thus, the fatigue
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behaviour of L-PBF specimens needs to be further studied to improve/optimise
future AM structures. Current investigations show the importance and effect of
build orientation, surface roughness, heat treatment and process parameters on
the fatigue lifetime of L-PBF specimens. There are as yet many unknowns on the
micromechanisms of fatigue crack initiation and growth that require further
research. According to the reviewed studies, build orientation has a measurable
impact on fatigue lifetime. Horizontally built specimens have shown better
performance, mainly related to the orientation and location of large LOF defects
with respect to the loading direction, and deposited layers. For crack propagation,
however, the distribution of grains in horizontal specimens allows for an easier
path for crack growth, and thus they show higher FCG rates. Effects of heat
treatment on the microstructure have been shown to improve the fatigue lifetime
of L-PBF specimens to comparable levels with cast and wrought samples.
Decreasing the surface roughness through machining has significantly improved
fatigue lifetimes for as-built IN718. However, AM parts have very complex
geometries where surface roughness reductions might be impossible. Hence, the
impact of the as-built surface roughness on fatigue performance, and surface
roughness control via changes in the process parameters (i.e. contour scanning),
should be studied more deeply for AM design purposes. Finally, very few studies
have looked at high temperature fatigue performance, mostly focussing on
lifetime analysis. Therefore, further work is required to understand the effect of
cycle parameters and time-dependent mechanisms on crack propagation at high
temperatures to improve L-PBF IN718 components for high temperature

applications.

51






3 Materials and Methodology

3.1 Material

The material used for this study is IN718. Two material conditions will be discussed: L-
PBF and cast and wrought. L-PBF specimens were manufactured in two different
orientations, which will be referred to as horizontal and vertical (see Figure 3.1 for
reference). The different orientations will be used to determine the effect of grain
orientation and anisotropy in the fatigue performance of the material. Although only heat
treated L-PBF specimens have been fatigue tested, the microstructure of both as-built,
and heat treated specimens will be discussed. All heat treated L-PBF samples have
undergone multiple thermal processing stages (stress relief + hot isostatic pressing +
solution treatment + precipitation treatment). The AM specific steps are stress relief and
HIP, whereas the solution and ageing treatments are comparable to cast and wrought
IN718 and aim to precipitate IN718 common strengthening precipitates (y’, y” and &-
phase). Stress relief is performed before separating the samples from the baseplate,
followed by HIP to reduce porosity and induce recrystallisation to mitigate anisotropic
properties. The specific details of the printing process parameters, and heat treatment
are commercially proprietary. Furthermore, all specimens were printed as larger

rectangular blocks, from which smaller microscopy and fatigue test specimens were cut.

BUILD

DIRECTION

(BD)
HORIZONTAL VERTICAL
ORIENTATION ORIENTATION

Figure 3.1 Building strategy for horizontal and vertical samples. Printing layers, and position of the notch
(red) are presented for reference.
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Cast and wrought IN718 was also analysed to compare the microstructure of L-PBF
specimens to conventional IN718. The material was provided as a bar that had been
cast and then rolled compliant with AMS5662 [125]. When manufacturing, the material
was solution treated at 965 °C for 1 hour followed by air cool. It was then aged at 720 °C
for 8 hours, furnace cooled at 50 °C/h to 620 °C, then aged at 620 °C for a further 8 hours,

finishing with air cooling.
3.2 Microstructural Characterisation

Metallographic samples for optical and SEM microscopy were prepared using standard
techniques. Rectangular samples were cut from the various samples (in y-z, and x-y
planes for AM materials, see Figure 3.1 for reference) using a Mechatome T210 linear
precision saw, with an abrasive wheel. Specimens were then mounted in conducting
phenolic resin (bakelite) for microscopy examination. The polishing route employed can
be found in Table 3-1. In addition, specimens were thoroughly cleaned with distilled water

and ethanol between each step.

Table 3-1 Polihing route for IN718 sections.

Wheel speed
Paper / Cloth Abrasive size (rpm) Time (min.)
SiC 120 grit 350 Until planar
SiC 800 grit 350 4
SiC 1200 grit 350 4
Struers DP-Mol 6 um 150 4-6
Struers DP-Nap 1 um 150 4-6

Etching was performed using Kalling’s reagent 2 (100 ml Ethanol + 100 ml Hydrochloric
acid + 5g Copper (Il) Chloride). Following preparation, specimens were examined under
an Olympus BH-2 optical microscope, a JSM 6500F field emission gun (FEG) scanning
electron microscope (SEM), and a JSM 7200 FEG-SEM, using accelerating voltages of
10-15 kV at a working distance of 10 mm. The SEM was operated in secondary electron
imaging (SEI), and backscatter electron imaging (BEI) modes. Element analysis was
performed using an energy dispersive X-ray spectrometer (EDX) detector attached to
the SEM.

TEM imaging was used to characterise the precipitation of both y" and y” precipitates.
Thin foils were prepared by mechanically thinning down discs to a thickness of =100 um
from which discs with a diameter of 3 mm were extracted. These discs were then

electropolished using a dual jet electropolishing system Struers Tenupol 3, in a solution
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of 10% perchloric acid and 90% ethanol at -25 °C. Images were then recorded using a
Jeol JEM3010 TEM operated in bright field mode.

Electron Backscatter Diffraction (EBSD) was used to investigate microstructural features
in more detail. A final polishing stage using alumina suspension (OPA, 0.3 um), and
colloidal silica suspension (OPUS, 0.04 um) was carried out for EBSD analysis. All EBSD
data was processed in Matlab using the MTex Toolbox, and average grain size, grain
size distribution, grain aspect ratio, and CSL boundaries were extracted from the EBSD
maps. Furthermore, to determine microstructural effects on crack propagation. EBSD
characterisation was conducted on fatigue samples that had been sectioned (more detail
on the sectioning procedure will be given in section 3.4.1). Kernel average misorientation
(KAM) maps were extracted from the tested samples to qualitatively analyse the extent
of plastic deformation around the crack tip/path. KAM is a method that measure local
grain misorientation between a point, and its neighbours and for this study, KAM was

calculated considering only first order neighbouring points.

3.3 Characterisation of porosity

To measure the density and characterise the defect distribution of L-PBF specimens two
methods were used. The Archimedes method (used to obtain information on overall
porosity) and analysis of optical micrographs from cross sections (for local porosity

information).

3.3.1 Archimedes method

For the Archimedes method a Mettler AE 240 balance was used with a measuring
accuracy of £ 0.1 mg. In order to obtain the density, the specimen’s mass was measured
in lab air and submerged in a fluid, according to ASTM B962-17 [126]. The calculation of
the part density, p follows:

mg
Pp = (pfl = Pair) Me — Mg + Pair (3-1)

Where py is the fluid density, pair is the air density, m, is the mass of the part, and my is
the mass of the fluid. Each sample was measured independently five times for two days,
allowing for the samples to fully dry between measurements. The measurements were
conducted in acetone, and the temperature dependence of its density was taken into
consideration. Once the samples were introduced in the fluid, a settling time of 30

seconds was allowed before taking any measurements. Furthermore, to consider
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evaporation of the liquid during testing, the evaporation rates of acetone were calculated
and the total mass lost due to evaporation over 30 seconds was added to the mass of

the specimen in the fluid.

3.3.2 Microscopy

Each L-PBF specimen was cut in two perpendicular sections (y-z, and x-y planes) to
prepare samples for local porosity assessment (the analysed samples were at least 9 x
9 mm). The specimens were then prepared for microscopy using the method explained
in section 3.1. These were then observed under an Olympus BH-2 optical microscope
without etching. For each cross section, the full area was imaged under x10, and x20
magnification. The process was repeated at different heights in the part with a distance
of at least 0.5 mm between images. Overall, four sections of the entire surface area were

taken per sample and orientation.

All micrographs were analysed using the Image Processing and Analysis in Java
(Imaged) software. To evaluate void content, size, and morphology the images were
segmented using the thresholding technique to discriminate between solid material and
pores. The critical threshold was determined as the point at which isolated bright pixels
increased abruptly. Furthermore, to characterise the shape of pores their circularity was

calculated This was defined as:

41A
pz
Where A and P are the area and perimeter of the pore, respectively.

Circularity =

3.4 Fatigue crack propagation testing

Single edge notch bend (SENB) specimens with dimensions 55 x 10 x 10 mm were
tested in a three point bend test configuration with a loading span of 40 mm. A notch was
machined at the centre of the specimen by wire-EDM cutting, and the length of the notch
was 2.5 mm (25 % of total cross section) to comply with BS ISO 12108:20188 [127]. To
characterise the effect of build orientation, both AM specimen orientations were tested,
and an EDM notch was introduced so that cracks would propagate either perpendicular
or parallel to the build direction, as shown in Figure 3.2. All tested specimens were
manufactured in the same build plate, although the specific location of each sample on
the build plate is unknow. The sides of the sample were polished to a 1 um finish to allow
for post-test characterisation of oxidation processes at the side surface. The other faces
were mechanically abraded (1200 grit) to improve contact when spot welding wires for

the direct current potential drop (DCPD) method, as elaborated below.
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Figure 3.2 Schematic of expected microstructure orientation (columnar grains in as-built configuration) with
respect to (wrt) loading direction.

Fatigue testing was conducted using a 50 kN (load cell) Instron 8501 servo-hydraulic test
machine, with a high temperature vacuum chamber (though all tests were conducted
under standard atmosphere and pressure) fitted with four quartz lamps to achieve high
temperatures. Temperature was controlled with an R-type thermocouple spot welded to
the side surface close to the crack, connected to a Eurotherm 815 controller (system
error: £ 1 °C). Cyclic loading was applied in load control mode with a load ratio of 0.1,
and a trapezoidal waveform of the type: 1s-Xs-1s-1s, (see Figure 3.3-a for reference),
where the 1s segments correspond to loading, reloading, and holding at minimum load,
while dwell time at maximum load (X segment) is different depending on the test. Fatigue
crack growth (FCG) was monitored using the direct current potential drop (DCPD)
method. Current was provided by two wires at the end of the specimen, two PD wires
were spot welded across the notch, and two more wires were placed away from the crack
to normalise data against temperature and current variations (see Figure 3.3-b for
reference). The FCG rate was then derived from the potential drop variation with time
using the secant method. A post-test crack length calibration was performed by
comparing the derived crack length (from the initial PD calibration) with beachmarks
formed on the crack fracture surface at known parts of the testing cycle. Prior to testing,
the specimens were pre-cracked using a load-shedding method, with a sine waveform,
stress ratio of 0.1, frequency of 10 Hz and initial AK of 20 MPavm. The AK was stepped
down in 10 % intervals after the crack had grown through four monotonic plastic zones

(calculated using Irwin’s approach [128]), to AK levels of = 12-15 MPavm. The final
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precrack length was = 0.8—1 mm, which ensured that crack growth would occur from a

sharp crack away from any effects caused in the machining of the notch. After pre-

cracking, the specimen was heated and allowed to stabilise at the testing temperature

for 10 minutes, the loading was changed to trapezoidal, and the test was started.
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Figure 3.3 a) Schematic of a trapezoidal loading waveform, b) Schematic of long crack test setup with DCPD

wires.

The experimental work included three different types of tests as summarised in Table

3-2, and are outlined below:

Fatigue crack propagation tests (constant load, increasing AK) were run to
failure and performed to obtain the characteristic da/dN vs. AK response for all
material conditions, at different temperatures (350, and 650 °C), and trapezoidal
frequencies (1s dwells, or 90s dwells at maximum load). Tests with one second
dwells at peak load were used as a baseline frequency to characterise the
performance of the alloy, whereas tests under 90s dwells were used to assess
more time-dependent fatigue crack growth mechanisms.

Interrupted tests were employed to characterise oxidation ahead of the crack
tip for testing with 90s dwells (time-dependent regime). Specimens were pre-
cracked to a AK of 12 MPa+a, and then run for approximately 1500 cycles using
a 1-90-1-1 waveform. The testing was then interrupted and held at maximum load
for 16 hours, during which crack growth was monitored using DCPD.
Alternating dwell / Block tests have been previously employed by Gustafsson
et al. [99] to assess the extent of oxidation related damage ahead of the crack tip
for IN718 at different AK levels. During these tests, loading is separated into two
regimes: first low frequency (fully time-dependent), followed by loading at high
frequency (fully cycle-dependent). This allows characterisation of the amount of

oxidation related damage formed during dwell-fatigue by assessing relative crack
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growth rates through any affected region during the transition to high frequency.
These tests were run to failure (constant load, increasing AK), alternating
between 5 Hz, and 1-90-1-1 blocks for crack increments of at least 0.5 mm. A

schematic representation of the loading waveform can be found in Figure 3.4
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Figure 3.4 Schematic of the block tests loading waveforms.
Table 3-2 Test matrix for long crack testing.
Temperature and sample condition
350 °C 650 °C
L-PBF L-PBF L-PBF L-PBF

Testtype Vertical Horizontal Cc&wW Vertical Horizontal c&w

1-1-1-1 v v v v v v

1-90-1-1 v v v
Block test v v v
Interrupted N \
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3.4.1 Fractography

Fracture surfaces obtained from fatigue testing were investigated at different AK levels
to understand the underlying fracture mechanisms. A Wild M420 macroscope was used
to obtain images of the entire fracture surface, whereas higher magnification images
were taken at selected regions of interest with a JSM 6500F FEG-SEM, and JSM 7200
FEG-SEM at an accelerating voltage of 15 kV and working distance of 10 mm.

Some specimens were sectioned perpendicular to the fracture surface (see Figure 3.5
for schematic of the sectioning strategy) to inspect the microstructure around the cracked
surface, and to examine the interaction between secondary cracks and precipitates or
grain boundaries. To preserve the integrity of the fracture surface during the sectioning
procedure, specimens were nickel plated using a Watt’s solution (500 ml H2O, 150 g
NiSO46H20, 20 g NiCl.6H20, 20 g H3sBO3) at a temperature range of 40-60 °C, using a
99.9% pure Ni anode, and a current density of 40 mA/cm? for 60 minutes (see Figure 3.6
for an schematic of the setup). The nickel-plated specimens were mounted in Bakelite
resin and ground, polished and etched as described in section 3.2. They were then

observed under an optical microscope, FEG-SEM and EBSD.
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Figure 3.5 Schematic illustration of sectioning strategy for analysis of secondary cracks
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Figure 3.6 Schematic of Nickel plating setup [129].
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Fracture surface roughness measurements were taken at different AK levels using an
Alicona infinite focus microscope. The images were taken at x10 magnification at
selected regions of interest, and the average surface roughness (Sa) was measured to
characterise the surface roughness of the fracture surfaces. The filter cut-off (Ac) values
to obtain the average surface roughness were selected following the BS EN ISO
4288:1998 standard [130]. Given the high surface roughness of the fracture surfaces (Sa
> 10 um) the cut-off value was set to 8 mm for all specimens except 1-1-1-1 tests at 350
°C on CW specimens where the recorded roughness was lower (2 < Sa < 10), thus the
cut-off filter was set to 2.5 mm. Average surface roughness can be mathematically
described as Equation (3-3), where Z(x,y) is the instantaneous local height

measurement, and a is the area of the micrograph.

1
Sa = —ff |Z(x,y)|dx dy (3-3)
Ally
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4 Microstructure characterisation

4.1 Introduction

Materials microstructures are closely linked to mechanical properties and thus,
characterisation of the microstructure of L-PBF IN718 is essential to fully understand its
fatigue behaviour. In this chapter the microstructures of both L-PBF and comparable cast
and wrought IN718 were investigated using the metallographic techniques described in
chapter 3. In addition, although as-built specimens were not fatigue tested, their
microstructure is presented in this chapter. This is because, to characterise differences
caused by build orientation on heat treated components it is important to also understand
the original as-built microstructure. Some aspects of the work detailed in this chapter

have been published/presented in the following paper:

D. Martinez de Luca, A. R. Hamilton, P. A. S. Reed, Influence of build orientation on high
temperature fatigue crack growth mechanisms in Inconel 718 fabricated by laser powder
bed fusion: effects of temperature and hold time, submitted to International Journal of
Fatigue (2022).

4.2 Results and discussion

4.2.1 As built L-PBF IN718 microstructure

Optical metallographic images of the macrostructure in as-built condition can be seen in
Figure 4.1, in two perpendicular planes (y-z, and x-y planes). After etching the melt
morphology and laminar material nature are visible. From the top view (x-y plane) the
scanning strategy can be observed as straight lines that represent the laser scanning
tracks. The scanning tracks between adjacent layers intersect with each other at
approximately 67°, following the presumed interlayer rotation. From the front (y-z plane)
view a fish-scale pattern of the melt pool boundaries can be distinguished. As expected,
no apparent differences were measured in the melt pool shape/dimensions, since the

process parameters were the same for both orientations.
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Figure 4.1 Optical micrographs of the as-built microstructure in two orthogonal planes (y-z, and x-y planes)
for: a-b) vertical specimens, and c-d) horizontal specimens.

To obtain a better understanding of the microstructure, SEM micrographs of the as-built
specimens were taken. Figure 4.2-a,c show the solidified structure of vertical specimens
in the y-z plane, composed of an array of dendrites with similar orientations to the build
direction. These can either go through several layers or be contained within the melt
pool. Furthermore, it can be observed in Figure 4.2-c, that the growth direction in the
newly-formed (e.g., upper) molten pools, either follows the dendrites outside the molten
pool, or it is at an angle of ~90°. Tao et al. [131], also reported a similar phenomenon
and believed it to be related to the local relationship between partially re-melted dendrites
and molten pools. Moreover, different dendrite morphologies can be seen in melt pool
overlapping regions. The difference between these regions arises from the variation in
cooling resulting from overlapping laser scans. Similar morphological differences were
observed by Mostafa et al [69]. The influence of the thermal gradient on the
microstructure in the x-y plane is shown in Figure 4.2-b, d. Since most of the dendrites
are oriented along the build direction, the cross-sectional view (x-y plane) renders a
honeycomb like structure: demonstrating the anisotropic nature of the structure. The
SEM observations presented for vertical as-built specimens are representative of
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horizontal specimens as well, since no differences in the structure could be discerned.
The dark areas in the SEM images are the matrix (y) phase, and Laves phases are
present in the bright inter-dendritic regions. These particles form as products of eutectic
reactions if the cooling rate is very fast and if the concentration of Nb, Mo, and C in the
melt pools is sufficiently high [36], [69], [82]. These are brittle intermetallics and
detrimental to the mechanical properties of the material. Fine MC-type carbides (mostly
NbC) can also be present in the interdendritic regions [69]. IN718 common strengthening
precipitates (3-phase, y’, and y”) are not present, due to the high cooling rates of the AM
process. Finally, no observable differences in precipitation were found between sample

orientations, with the micrographs presented in Figure 4.2 being representative of

horizontal specimens.

Figure 4.2 Low and high magnifications SEM micrographs of the as-built microstructure in two orthogonal
planes (y-z, and x-y planes) vertical specimens. Micrographs are representative of horizontal specimens.

To further understand the as-built microstructure, EBSD scans were performed in two
different planes (y-z, and x-y plane) for both L-PBF orientations, and the results are
shown in Figure 4.3, and Figure 4.4. For both orientations the anisotropic grain structure
is evident, with grains growing parallel to the build direction, and primarily textured in the
<001> orientation. This results in long, elongated grains parallel to the build direction and
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a finer grain size perpendicular to the build direction. For calculating the average grain
size, micrographs from both orientations were considered given the anisotropic grain
structure. The average grain length was calculated from micrographs parallel to the BD,
and the average grain diameter from micrographs perpendicular to the BD. The
calculated mean grain length was 43.85 + 64.44 um, and 35.91 + 51.18 um for vertical
and horizontal specimens. Perpendicular to the build direction, however, the average
grain size is much finer 12.61 + 11.36 um, and 10.95 + 13.81 um for vertical and
horizontal specimens respectively. Resulting in overall longer grains for vertical
specimens (parallel to build direction) compared to horizontal specimens, but with a
similar diameter. The grain size distribution (both parallel and perpendicular to the build
direction) for as-built specimens is shown in Figure 4.5 (based on grains shown in Figure
4.3, and Figure 4.4). In Figure 4.5-a, the grain lengths for both orientations mostly range
from 10-50 um (=80 %), with approximately 15 % of larger grains at 50-250 pm.
Furthermore, there are some larger columnar grains up to 500 um long in both cases.
Perpendicular to the build direction, grain size distribution is much finer, with grain size

mostly ranging between 10-30 um.

There is a large number of low angle grain boundaries for both material conditions,
indicating a large number of sub-grains (see Figure 4.3-c, d, and Figure 4.4-c, d for
reference). These sub-grain structures are characteristic of L-PBF as-built
microstructures and are linked to the differences seen in dendrite orientations within the
melt pools (see Figure 4.2-c) leading to a sub-grain structure [132]. Furthermore, the
percentage of twin grain boundaries was below 0.5 % for both orientations, with a large
spread in grain boundary misorientation angles as shown in Figure 4.6. Twins are not
expected to form during the L-PBF process; however, they are commonly found in CW
IN718, showing overall a very different starting microstructure prior to heat treatment

compared to CW.
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Figure 4.3 EBSD micrographs of as-built horizontal specimens: a) IPF map (z-orientation) on y-z plane, b)
IPF map (z-orientation) on x-y plane, c¢) sub-grain structure on y-z plane, and d) sub-grain structure on x-y
plane. The tensile axis (TA) from the fatigue tests is included for reference.
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Figure 4.4 EBSD micrographs of as-built vertical specimens: a) IPF map (z-orientation) on y-z plane, b) IPF
map (z-orientation) on x-y plane, c) sub-grain structure on y-z plane, and d) sub-grain structure on x-y plane.
The tensile axis (TA) from the fatigue tests is included for reference.
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Figure 4.5 Grain size distribution for L-PBF as-built IN718, a) length of grains long axis measured parallel to
the build direction, b) grain size measured perpendicular to build direction.

68



0.06

[777] As-built Horizontal
o] As-built Vertical

7
004 N st% §

: N
HRGEIN

R,
)

SN

Relative Frequency

o

o

N

n 1
IIIINN

0.00 ‘ ‘ : . . o] ‘
10 20 30 40 50 60

Grain boundary misorientation (degrees)

Figure 4.6 Grain boundary misorientation plots for as-built horizontal and vertical specimens.

4.2.2 Heat treated L-PBF IN718 microstructure

The EBSD micrographs presented in Figure 4.7, and Figure 4.8 depict the microstructure
in two different planes (y-z, and x-y plane) for both L-PBF orientations after heat
treatment. Recrystallisation occurred during HIP processing, with grain coarsening
taking place, and grains losing their strictly columnar morphology. As can be seen, the
strong texture commonly found in as-built specimens with a high fraction of <001>
oriented grains has been removed, with a structure more similar to that commonly found
in C&W IN718 being observed. Twin grain boundaries can be discerned in the
microstructure (see Figure 4.7-c and Figure 4.8-c). These are believed to have occurred
during the HIP treatment and the average area fraction occupied by twin subdomains is
higher for the vertical samples, 56 % compared to 52 % for the horizontal samples. A
histogram representing grain boundary misorientation angle is also included in both
figures, showing a large frequency at a misorientation of 60° (twin grain boundary
misorientation angle for a fcc crystal). It is important to note the change in grain boundary
misorientation between as-built (see Figure 4.6 for reference) and heat treated
components, with the heat treatment successfully removing the low angle grain

boundaries (sub-grain structure present in as-built components).

The mean grain size for the horizontal and vertical samples was found to be 24.4 um +

27 yum, and 31.3 um * 31.1 um respectively. The grain size distribution in the L-PBF
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samples is shown in Figure 4.9. As shown in Figure 4.9-a, the grain size for both
orientations mostly ranges from 10-70 um (=87 %), with approximately 10 % of larger
grains at 70-250 um. If the grain size distribution is expressed by area fraction, grains
between 10-70 um account for 37 %, and 49 % of the total area for vertical and horizontal
samples respectively. It should also be noted that larger grains ranging between 70-250
um occupy 32 %, and 46 % of the measured area for horizontal and vertical samples
respectively, even though they only account for approximately 10 % of the grains
counted. Both sample orientations were manufactured on the same build plate, using the
same process parameters, and underwent the same heat treatment steps. The main
difference being the orientation of the bars with respect to build direction, leading to
different heating and cooling cycles during the manufacturing process. Horizontally
manufactured specimens have a shorter conductive path length from the scanned layer
to the build plate (heat sink) due to their smaller height (see Figure 3.1 for reference),

which could have resulted in higher cooling rates, and finer microstructures.

The aspect ratio of the grains, and orientation of the long axis, which are indicators of
shape characteristics of the microstructure, are plotted in Figure 4.10 (both micrographs
show the fatigue crack growth plane of each sample orientation). It was found that there
is some retained grain shape from the as-built material, with grains having large aspect
ratios. It can be seen that the orientation of the grains’ long axis is somewhat parallel to
the crack propagation direction for horizontal specimens and somewhat perpendicular

for vertical specimens.
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Figure 4.7 EBSD micrographs of heat treated vertical specimens: a) IPF maps (z-orientation) on x-y plane
(fatigue crack growth plane), b) IPF map (z-orientation) on y-z plane, c) twin grain boundaries (x-y plane),
and d) histogram representing grain boundary misorientation.
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Figure 4.8 EBSD micrographs of heat treated horizontal specimens: a) IPF map (z-orientation) on x-y plane,
b) IPF map (z-orientation) on y-z plane (fatigue crack growth plane), c) twin grain boundaries (y-z plane),
and d) histogram representing grain boundary misorientation.
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Figure 4.9 Grain size distribution for heat treated L-PBF IN718: a) Frequency, b) Area weighted fraction.
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Crack Propagation

Figure 4.10 Grain aspect ratios, with orientation of grains’ long axes superimposed in white for: a) Horizontal,
b) vertical heat treated samples. Both micrographs are taken on the fatigue crack growth plane.

SEM and TEM micrographs showing the microstructure of the vertical heat-treated L-
PBF specimens are presented in Figure 4.11. Observations from the vertical L-PBF
sample in Figure 4.11 are representative of horizontal samples as no major differences
in precipitation were found between sample orientations. Some of the characteristic
microstructural features found in the as-built specimens (Laves phase, melt pool
morphology, dendritic and sub-grain structure) have been effectively removed by the
heat treatment. Grain boundaries are decorated with the precipitation of fine needle-like
d-phase, although it is more discontinuous when compared to typical cast and wrought
material. Furthermore, 3-phase with globular morphology is present in the matrix (not
commonly found in cast and wrought IN718), as shown in Figure 4.11-c. Intergranular &-
phase is longer (0.81 + 0.4 um), and the intragranular precipitates are more uniform
(aspect ratio closer to 1) and smaller (0.19 £ 0.01 um). The precipitation of needle-like
d-phase occurs at lower aging temperatures, whereas intragranular precipitation occurs
at the higher temperatures associated with the HIPing process [27, 29]. Fine primary
carbides appear at grain boundaries and are also finely dispersed across the
microstructure for L-PBF specimens. The majority of the primary carbides were found to
be rich in niobium, with some richer in titanium, and their diameter ranges between 0.4-
1.5 um. Finally, precipitation of y’, and y” occurred, as shown in Figure 4.11-d, finely
distributed across the entire microstructure. The identification of the precipitates in the
image was based on morphological differences between them, since y” precipitates as
thin discs whereas y’ has a globular shape. Given the higher area fraction of y” in IN718
the majority of the precipitates are expected to be y” and some are labelled in Figure

4.11-d where the cross-section of the discs is apparent. Examples of possible y’
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precipitates are labelled in Figure 4.11-d. However, these could also be y” where the
circumference of the precipitate is visible, thus further TEM characterisation would be
required to fully characterise these precipitates. Furthermore, in some regions, clusters
of precipitates can be seen, consistent with some heat treatment studies performed by

Cozar and Pineau for cast and wrought IN718 [54].

& phase

Figure 4.11 (a) SEM micrograph of the etched heat treated L-PBF microstructure (vertical sample), (b and
¢) are magnified images showing the precipitated &6-phase and primary carbides, (d) TEM bright field
micrograph (vertical sample) showing the distribution of strengthening precipitates.

4.2.3 Density and defect distribution of L-PBF IN718

The results from density measurements using the Archimedes method for all material
conditions can be found in Figure 4.12. It can be seen that the heat treated specimens
have a higher relative density (99.7% and above) when compared to as-built samples.
The HIPing stage was successful in increasing density by 1%. Furthermore, differences
between orientations on overall density are minor in both as-built and heat treated

conditions (<0.2%).
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Figure 4.12 Relative density for all material conditions measured using the Archimedes method.

Representative micrographs used for analysing local defect distributions are shown in
Figure 4.13. To understand the size distribution of the pores, a histogram is presented in
Figure 4.14, representing all sample conditions. Pore diameter ranges primarily between
5-50 um for all samples. Overall, smaller pores (5-10 um) accounted for the majority of
the observed defects (approximately 80%), and larger pores (>20 um) accounted for less
than 5%. Generally, smaller pores (<20 um) are a result of entrapped gas in the powder
during the manufacturing process, whereas larger pores can be caused by either
entrapped gas during L-PBF or lack of fusion between layers [38]. Comparing the results
between as-built and heat treated samples no big differences can be discerned in pore
size distribution, showing that the print quality of the as-built samples was good and
porosity already low before heat treating. Furthermore, the majority of the porosity in the
heat treated specimens was attributed to small pores primarily located around the
perimeter of the samples since surface pores cannot be closed by the HIP process [18].
Figure 4.15, presents a histogram of the circularity of the observed pores. Spherical
pores will have circularity of 1 whereas more elongated pores have smaller values
approaching 0. This can be used as an indicator of the smoothness of the pore contour,
with powder production pores having values closer to one, when compared to process
induced pores (lack of fusion, cracks...). The results show a skewed distribution tending
towards higher values with a peak in the range 0.95-1. Furthermore, all observed
specimens show similar results with no significant differences between heat treated, and

as-built samples.
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Figure 4.13 Examples of optical micrographs used for local porosity analysis via optical microscopy: a) heat
treated horizontal sample, b) heat treated vertical sample, c) as-built horizontal sample, d) as-built vertical
sample
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Figure 4.14 Pore size distribution for all material conditions, obtained using optical microscopy.
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Figure 4.15 Pore circularity for all material conditions, obtained using optical microscopy.

4.2.4 Cast and wrought IN718

The EBSD micrographs presented in Figure 4.16 show the microstructure of cast and
wrought IN718. The material presents an equiaxed grain structure, different to heat
treated L-PBF specimens where some grain shape from the as-built microstructure is
retained. Twin grain boundaries can be discerned in the microstructure (see Figure 4.16-
b). However, the fraction occupied by twin grain boundaries in CW specimens is smaller,
24 %, when compared to both heat treated L-PBF orientations (56 %, and 52 % for
vertical and horizontal respectively). A histogram representing grain boundary
misorientation angle is included showing again a large frequency at a misorientation of
60°, as for heat treated L-PBF specimens. The mean grain size for CW specimens was
found to be 16.8 + 13.7 um, and the grain size distribution is presented in Figure 4.17.
As shown, the grain size mostly ranges from 5-40 um (=88 %), with some larger grains
between 40-90 ym. Overall, the cast and wrought specimens show a finer grain size
distribution when compared to heat treated L-PBF samples, where the high temperatures

in the HIP process led to grain growth.

SEM micrographs of the cast and wrought microstructure are presented in Figure 4.18.
Grain boundaries are highly decorated with & phase with different morphologies, ranging
from globular to nearly continuous films along the grain boundaries. Plus, there is very

limited precipitation of 8-phase in intragranular regions, as opposed to the heat treated
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L-PBF specimens. As explained previously, this is related to the high temperatures
employed in the HIP process causing precipitation of 6-phase in intergranular regions.
Furthermore, a small number of large primary carbides can be observed. The majority of
carbides are rich in niobium and are bigger than those found in L-PBF specimens ranging
between 5-12 um (compared to 0.4-1.5 um for heat treated L-PBF specimens).
Furthermore, they mostly precipitated at grain boundaries, however, some smaller
intergranular primary carbides can also be seen distributed through the material (not as

much as was observed for L-PBF material).
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Figure 4.16 EBSD micrographs of CW specimens: a) IPF map (z-orientation), b) twin grain boundaries, and
¢) histogram representing grain boundary misorientation.
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Figure 4.17 Grain size distribution for cast and wrought IN718.

Figure 4.18 SEM micrographs showing the microstructure of cast and wrought IN718 at different

magnifications

ions

4.3 Summary and conclus

Microstructural, and defect characterisations were carried out on CW and L-PBF IN718

in both heat treated and as-built conditions. The as-built microstructure exhibited a

columnar dendritic structure, parallel to the build direction due to higher heat transfer in

this direction. No major variations in melt pool dimensions were found between

specimens; Laves phase and MC type primary carbides were found to precipitate in inter-

dendritic regions. There were, however, differences in average grain size between as-

built orientations, with vertical specimens having overall a coarser grain structure. Post-
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processing heat treatments recrystallised the grain structure, eliminating the anisotropic
texture and the columnar grains, although some elongated grain shape was retained with
some grains having large aspect ratios. Furthermore, the high number of low angle grain
boundaries (sub-grains) found in the as-built material were removed and formation of
twin grain boundaries occurred after HIPing (4 % more twins for vertical specimens than
horizontal). In addition, post heat treatment, vertical specimens had again a larger
average grain size although the difference was reduced when compared to the as-built
materials. Both specimens were manufactured using the same L-PBF parameters and
underwent the same heat treatment steps, with the main difference between specimens
being the orientation of the part with respect to the build direction. This has influenced
the overall heating and cooling cycles rendering a finer microstructure for horizontal
specimens. After the heat treatment, Laves phases were dissolved, and precipitation of
IN718 common strengthening precipitates (8-phase, y’, and vy”) occurred. Grain
boundaries for heat treated L-PBF specimens were highly decorated with the 3-phase,

plus there was a large amount of intergranular precipitation of 5-phase.

The cast and wrought material used for comparison had a finer, apparently equiaxed
microstructure with a much lower area fraction of twin grain boundaries compared to heat
treated L-PBF specimens. Precipitation of 6-phase occurred mainly as continuous films
along the grain boundaries with very limited intergranular precipitation of 8-phase.
Furthermore, there were significant differences in the size and precipitation of carbides
between heat treated LPBF and CW specimens. Blocky carbides (5-12 um) precipitated
at grain boundaries for CW specimens, whereas smaller (0.4-1.5 um) carbides were
finely dispersed across the microstructure for L-PBF specimens as a result of their

precipitation in interdendritic areas during L-PBF processing.

The overall density, and local defect distributions were characterised for all L-PBF
specimens. Overall, all analysed specimens had a high relative density (higher than
98.5%) with the HIPing step successfully reducing porosity by 1% when compared to as-
built specimens. The pore size and shape distributions revealed a dominant void type for
all material conditions; globular with a small diameter (5-10 um) with no major differences
between as-built and heat treated specimens. The majority of the remaining pores post
heat treatment were primarily located around the perimeter of the sample as surface
pores cannot be closed by the HIP process. This shows that the production of near fully-
dense materials is possible where porosity is not the main driving factor influencing

mechanical performance, as will be shown in the next chapters.
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5 Temperature and dwell effects on fatigue

crack propagation

5.1 Introduction

In service, IN718 L-PBF components will be subjected to fatigue loading conditions at
varying temperatures and frequencies [1]. The detrimental effects of temperature and
frequency on fatigue are widely recognised and have been studied for CW specimens,
however, for L-PBF specimens their influence is still relatively unknown. As presented in
chapter 4, the typical L-PBF microstructure is very different from that of CW IN718 (in
terms of grain boundary character, precipitate distribution, grain shape anisotropy, etc.)
potentially leading to different FCG behaviour at high temperature. This has motivated
the current chapter where the effect of frequency (increased dwell time at maximum load)
and temperature on FCG will be assessed for CW, and L-PBF IN718 printed in two
different orientations (loading parallel and perpendicular to building orientation) after a
post processing heat treatment is applied to ensure the production of strengthening
precipitates y" and y'. Some aspects of the work detailed in this chapter have been

published/presented in the following paper:

D. Martinez de Luca, A. R. Hamilton, P. A. S. Reed, Influence of build orientation on high
temperature fatigue crack growth mechanisms in Inconel 718 fabricated by laser powder
bed fusion: effects of temperature and hold time, submitted to International Journal of
Fatigue (2022).

5.2 Results

5.2.1 Fatigue crack growth behaviour

Figure 5.1-a presents FCG rates for the tests at different temperatures (350 and 650 °C)
on CW, and both heat treated L-PBF orientations at a baseline frequency of 0.25 Hz (1-
1-1-1 trapezoidal loading waveform). For testing at 350 °C no difference in FCG rates
can be found between both L-PBF sample orientations and the cast and wrought

material. The response for the same loading frequency at 650 °C was, however, very
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different. It was found that the FCG rates varied by one or two orders of magnitude at a
given AK level for the vertical and horizontal samples, respectively. At lower testing
temperatures (350 °C, expected to be cyclic-dependent for IN718) the heat treatment
was successful in eliminating any effects from build orientation. However, at higher
temperature (time-dependent conditions) fatigue cracks propagate at a higher rate in
horizontal samples (crack growth parallel to build orientation). It is worth remembering
that there is a grain size difference between these samples. Vertical samples have a
coarser grain structure (25% larger grains), which will have a beneficial effect against
crack propagation in time-dependent conditions. Furthermore, for L-PBF 1-1-1-1 tests at
650 °C there is a marked change in FCG rates close to final failure where the slope of
the curve deviates from the expected Paris-law behaviour, resulting in fairly flat crack
growth rates. It is important to note that at these high AK values (30-50 MPavm), crack
growth rates are very fast, and this response is indicative of samples plastically
collapsing towards the end of the test and not fully representative of fatigue mechanisms.
Nevertheless, the entire dataset is plotted here for completeness. The cast and wrought
material showed significantly higher crack propagation rates compared to both L-PBF
orientations at 650 °C under time-dependent crack propagation conditions. In addition,
the cast and wrought material produced a fairly flat fatigue crack growth curve across
the entire AK range, again indicative of samples plastically collapsing and not fully
representative of fatigue mechanisms. The difference in grain size between material
conditions is large as presented in chapter 4, and this can have a large influence on the
measured FCG rates. As a consequence, FCG rates cannot be used accurately for
comparison between L-PBF and CW specimens. Instead, only the fracture surfaces will

be used to compare failure mechanisms between L-PBF and CW components.

The effect of introducing 90 s dwells at maximum load for both L-PBF sample orientations
can be seen in Figure 5.1-b. Crack arrest occurred for vertical built samples at AK values
ranging from 12-25 MPavm. This is evidenced by the vertical blocks of data points shown
in Figure 5.1-b, where the crack would start to grow at a given AK value, and after a short
period of time it would decelerate and arrest. Loads were increased by 10% after each
arrest to increase the applied AK and continue the test, but it arrested again a total of
three times. No crack arrest was observed for horizontal samples tested at the same AK
values. However, there was a shift in crack growth rates during the test, where FCG was
relatively slow at low AK values and between AK = 20-22 PaVm there was a marked
increase. In addition, when testing with 90 s dwells, there is no significant difference in
FCG rates at high AK values (30-50 MPaVm), with both orientations exhibiting very fast

FCG rates. By combining the data for both testing frequencies at 650 °C, in two separate
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plots, we can assess the effect of dwell time on FCG rates for each sample orientation.
As shown in Figure 5.2-b, FCG rates for the vertical sample are an order of magnitude
higher (once away from the crack arresting periods) with 90 s dwells. This is expected,
as with longer dwells there is more time for oxidation enhanced mechanisms to take
place ahead of the crack tip, accelerating crack growth. For horizontal samples (Figure
5.2-a) however this difference is not as apparent. At low AK values, FCG rates are
marginally higher with 90s dwells, this difference then slightly increases from AK = 25
Pavm until failure. This result might be linked to a saturation point for the horizontal
samples under these testing conditions, where the crack growth increment per cycle
outstrips any effect of longer diffusion time for oxidation to occur, usually associated with
longer dwells. No data for cast and wrought material was included in Figure 5.2 as the
1-90-1-1 test only lasted a total of 7 cycles, hence, the transient crack growth rates are
not very representative of true fatigue mechanisms, rather signalling progressive

accumulation of significant overall plastic damage with each cycle.
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Figure 5.1 FCG rates (da/dN vs AK) for both heat treated L-PBF orientations, and cast and wrought at 650°C
and different loading frequencies: a) comparison between 1 s dwell tests, b) comparison between 90 s dwell
tests.
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Figure 5.2 Comparison in FCG rates (da/dN vs AK) between 90 s dwells, and 1 s dwells at 650 °C for: a)
horizontal, and b) vertical heat treated specimens.
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5.2.2 Fractography

Macroscopic overviews of the fracture surfaces from all tested specimens are presented
in Figure 5.3. The EDM notch, pre-crack (at room temperature, and marked by beach
marks), fatigue crack growth at high temperature and final failure can be easily
distinguished and are indicated. All tests produced, in general, symmetric crack
propagation and flat fracture surfaces within the FCG region. Differences in fracture
surface roughness are apparent in the FCG area between L-PBF and cast and wrought
specimens. These differences will be discussed in more detail later but can be mostly

related to the large difference in grain size.

650 C, 1-1-1-1 650 C, 1-90-1-1

350 C, 1-1-1-1

L-PBF VERTICAL

L-PBF HORIZONTAL

CAST AND WROUGHT

Figure 5.3 Overview of fracture surfaces for all tested specimens indicating different regions (notch,
precrack, FCG, and final failure). Indicated scale applied to all images.
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To further understand the mechanisms of FCG, the fracture surfaces were examined via
SEM. A series of images were taken at different magnifications, and at various AK levels.
The results from the SEM fractography investigations are shown in Figure 5.4 — 5.8. At
350 °C and 1-1-1-1 testing frequency (see Figure 5.4), the fracture surfaces for all
specimens are characterised by transgranular crack growth, across all AK levels. This is
expected for IN718 at this temperature and frequency combination [134]. For all samples,
a degree of faceting is seen, linked to slip band crack growth (indicative of stage | crack
growth), these reduce as AK increases. This faceted fracture surface is similar for both
L-PBF specimens, with build direction not having an apparent effect. CW specimens
display flatter fracture surfaces, when compared to L-PBF mainly related to the
differences in grain size resulting in smaller facets. Furthermore, ruptured blocky
carbides could be seen in CW fracture surfaces, whereas no effect from carbides could
be discerned from L-PBF specimens (note carbides are smaller when compared to CW).
Secondary cracks are present for all specimens, and the quantity is consistent across all
AK levels. These were mostly short, (size ranging between 5-10 um), and were mostly
present in intragranular areas with no apparent interaction with grain boundaries, which

is expected for a material showing quasi-stage | /slip-band behaviour.
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Figure 5.4 SEM micrographs at two different AK levels (20, and 40 MPa+m) for specimens tested at 350 °C,
and 1-1-1-1 testing frequency: vertical (a, b), horizontal (c, d), and cast and wrought (e,f).

When the testing temperature was increased to 650 °C, while maintaining the same 1-
1-1-1 testing frequency, the fracture surface for all specimens exhibits intergranular
fracture modes with varying AK levels as shown in Figure 5.5, and Figure 5.6. This is
ascribed to a greater degree of grain boundary oxidation with increased temperature, as
expected in IN718, where the transition to intergranular failure at 650 °C is reported to
occur at frequencies around 0.5 Hz [135]. Even though intergranular failure is
predominant in all cases, marked differences in failure mode between CW and L-PBF
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specimens are apparent. CW specimens show brittle oxide cracking along grain
boundaries, with the equiaxed shape of grains being clearly visible in the fracture
surface. At higher magnifications (see Figure 5.6) clear intergranular fracture features
are visible with detached grains and secondary cracking along grain boundaries. L-PBF
vertical specimens exhibit a rougher and more tortuous fracture surface when compared
to horizontal samples, mainly related to the difference in grain size (30 % larger grain
size for vertical specimens). In addition, both L-PBF orientations have a considerably
rougher looking fracture surface than CW. L-PBF specimens have a larger grain size
with a less uniform shape, and a more discontinuous precipitation of 3-phase along grain
boundaries, which can effectively pin cracks in between precipitates leading to a more
tortuous crack path [136]. This rougher appearance is also linked to the presence of
dimples/globular-like particles (primarily é-phase) in the fracture surface, linked to the
higher content of precipitation in intragranular areas for L-PBF compared to CW

specimens.

89



L-PBF HORIZONTAL L-PBF VERTICA_!.
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Figure 5.5 Low magnification SEM micrographs at two different AK levels (20, and 40 MPa ) for specimens
tested at 650 °C, and 1-1-1-1 testing frequency: vertical (a, b), horizontal (c, d,) and cast and wrought (e, f).
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Figure 5.6 High magnification SEM micrographs at two different AK levels (20, and 40 MPa ) for specimens
tested at 650 °C, and 1-1-1-1 testing frequency: vertical (a, b), horizontal (c, d,) and cast and wrought (e, f).

The fracture surfaces for tests with 90 s dwell at 650 °C are shown in Figure 5.7, and
Figure 5.8. The fracture surfaces show again clear intergranular failure modes, and the
same difference in appearance between CW and L-PBF specimens is visible. Fracture
surfaces display a rougher appearance when compared to those with 1 s dwells, plus
vertical samples show again a more tortuous fracture surface, when compared to
horizontal specimens. Long and continuous secondary cracks, and detachment of
clusters of grains (see Figure 5.7) can be seen for all material conditions, especially at
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higher AK values. Dimples/precipitates are once again visible along grain boundaries on

the fracture surfaces of L-PBF specimens only (see Figure 5.8 a, b, ¢ and d).

~ AK 20 MPa\m ~ AK 40 MPaVm

L-PBF HORIZONTAL L-PBF VERTICAL

CAST AND WROUGHT

Figure 5.7 Low magnification SEM micrographs at two different AK levels (20, and 40 MPavm) for specimens
tested at 650 °C, and 1-90-1-1 testing frequency: vertical (a, b), horizontal (c, d,) and cast and wrought (e,

f.
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Figure 5.8 High magnification SEM micrographs at two different AK levels (20, and 40 MPa i) for specimens
tested at 650 °C, and 1-90-1-1 testing frequency: vertical (a, b), horizontal (c, d,) and cast and wrought (e,
f).

To further understand the difference in fracture mechanisms at different AK levels,
surface area roughness measurements were taken using an Alicona infinite focus
microscope, and the results are summarised in Figure 5.9-a. Generally, surface
roughness increases (except for 1-90-1-1 tests on vertical samples) with increasing AK
for all material conditions, and the results can be divided into two groups: transgranular
FCG (lower roughness), and intergranular FCG (higher roughness). There are clear

differences in fracture surface roughness between CW, and L-PBF specimens
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(consistent with fractography), which is again primarily linked to the differences in grain
size. Focussing on L-PBF specimens, at 350 °C, both orientations exhibit a similar
response with roughness varying between 15-30 ym approximately. By increasing the
temperature and maintaining the same frequency (1 s dwells) the roughness increases
significantly. Both L-PBF sample orientations show again a similar response with
roughness varying between 40-75 um, and roughness increasing as AK increases.
Comparing the change in fracture surface roughness between 350 and 650 °C, it is
apparent that the effect of temperature is more significant than frequency, except for
vertical specimens with 90s dwells. For horizontal samples however, at 650 °C the
surface roughness was comparable for tests with 1 s and 90 s dwells. Vertical samples
show a very different response at low AK levels with the introduction of a 90 s dwell.
Surface roughness values are significantly higher ranging between 70-85 um over the
AK range 15-25 MPaVm. This correlates with the data presented in Figure 5.1-b, where
crack arrests were taking place over that AK range. The surface roughness then

gradually decreases to similar values to horizontal specimens.

For intergranular fracture surfaces, the roughness will be related to the material grain
size. To separate differences in grain size between L-PBF specimens, surface
roughness values were normalised with grain size, shown in Figure 5.9-b. It can be seen
that horizontal samples have a higher Sa/grain size value, which can be attributed to a
higher degree of intergranular failure, explaining the higher FCG rates seen for this
sample orientation. Interestingly, the normalised roughness values for vertical
specimens with 90 s dwells is slightly higher than horizontal samples for low AK values
(15-20 MPaVm). This is the same region where crack arrests took place showing a very

tortuous crack path.
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lower, thus the cut-off filter was set to 2.5 mm following BS EN ISO 4288:1998.

Figure 5.10-a and b show Sa values against crack length with the monotonic and cyclic
plastic zone size (calculated using Irwin’s approach [128]) superimposed for horizontal
and vertical specimens respectively. Figure 5.10-a helps explain the results where

surface roughness increases with AK. Even though the failure mode is intergranular and
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grain size does not change across the sample width, the plastic zone size ahead of the
crack tip increases with increasing AK. As a result, surface roughness values follow the
trend set by the cyclic plastic zone size. This does not apply for vertical samples with 90
s dwells however, where the increased tortuosity at low AK levels (regions of crack
arrest) has a bigger effect on surface roughness. The jumps in plastic zone size seen in
Figure 5.10-b are the result of crack arresting and the subsequent increase in load

required to increase the applied AK and continue the test.
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Figure 5.10 Comparison of plastic zone size (monotonic and cyclic) and surface area roughness vs crack
length for testing at 650 °C and 1-90-1-1 testing frequency for: a) horizontal, b) vertical.
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5.2.3 Secondary cracks and crack deflection measurements

As shown in the fractography, secondary cracks are present in the fracture surfaces for
all tests performed at 650 °C (time-dependent regime). The amount of secondary
cracking can be used to semi-quantitatively analyse the degree of intergranularity for a
specific AK. A small amount of secondary cracking is usually understood to represent
regions of slower crack growth, and the opposite (high humber of secondary cracks)
would be representative of higher crack growth rates [137]. To support this hypothesis
and correlate the FCG rates from L-PBF specimens to fractography, the amount of
secondary cracking was measured for testing performed at 650 °C for both specimen
orientations. The analysis was performed by evaluating SEM images at three different
AK levels (20, 30, and 40 MPaVm). Four SEM (secondary electron imaging mode)
images were taken at the same magnification (x150) and were subsequently analysed
using the ImageJ software. To evaluate secondary cracks, images were segmented
using the thresholding technique, to discriminate between cracked and uncracked
regions. The critical threshold was determined as the point at which isolated bright pixels
increased abruptly. Some additional filtering of the images was performed to remove
non-cracked features, an example of such a reconstruction can be seen in Figure 5.11-
a and b. The percentage area of secondary cracking was determined by summing the
area of all cracked regions and dividing by the total examined fracture surface area. The
percentage area of secondary cracking against AK is plotted in Figure 5.11-c. The results
show an increase in the number of secondary cracks with increasing AK, except again
at low AK for vertical samples tested with 90 s dwells. Furthermore, at a given AK there
is an increase in secondary cracking comparing 1 s and 90 s dwells for both orientations,
showing that even though roughness was comparable, there is a higher degree of
intergranular failure for longer dwells (more oxidation damage). When comparing
between orientations, horizontal samples show generally a higher number of secondary
cracks, which correlates with the higher crack growth rates presented earlier. Finally, at
low AK = 20 MPavm, vertical samples show the highest percentage area of secondary
cracking for any of the analysed samples (consistent with surface roughness

measurements and fracture surface images) and will be discussed later in this chapter.
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Figure 5.11 a) Original SEM image used to calculate amount secondary cracking, b) reconstructed image
after thresholding was applied to isolate secondary cracks, c) percentage area of secondary cracking as a
function of applied AK.

To better understand crack growth behaviour at low AK values (crack arrest regions) for
tests with 90 s dwells at 650 °C, an assessment of the crack morphology was carried
out, as the influence of crack deflection on FCG driving force at low AK (close to
threshold) could be significant [138]. Specimens were nickel-plated prior to sectioning
to preserve fracture surface integrity, and profiles of the crack path at low AK were
obtained using an optical microscope. Figure 5.12-a presents the crack profiles for
horizontal and vertical specimens respectively, showing the region where crack arrest
was taking place for vertical samples. The crack deflection angle and ratio of deflected
crack path length to projected crack length were measured. Figure 5.12-b presents the
ratio of actual to projected crack length across the length of the crack. Scatter in the data
can be seen for both specimens, yet horizontal specimens appear to consistently show

ratios closer to 1 (straight crack). Vertical specimens exhibit several points with large
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ratios of actual to projected crack length, as shown in the sectioned images. The effect
of these deflections on the crack tip driving force (k) can be estimated using the equations
provided by Suresh et al. [139]. The values of the local stress intensities ki, and kz (see
Figure 5.12-c for reference diagram) can be related to the applied K1 and deflection angle
0 by equations (5-1), and (5-2). The effective AK resultant from crack deflection can then

be calculated by equation (5-3).

1 0 30

k, = 1(3 cosz + cos7> K, (5-1)
1 0 30

k, = Z(Sinf + sin7> K (5-2)

Kep = ki + k3 (5-3)

These simplified effects of crack deflection on AK, across the length of the crack, are
plotted in Figure 5.12-d and e for horizontal and vertical specimens respectively. The
graphs show the applied AK (calculated from the DCPD trace) for each micrograph and
effective AK. Furthermore, a box is included in the graph to represent a range of IN718
threshold values reported in the literature for testing at 650 °C and R=0.1 [123], [134].
Horizontal specimens show some scatter in the data, however, effective AK values
generally match with applied AK across the length of the investigated crack. For vertical
specimens, the response is very different exhibiting higher reductions in effective AK; in
some cases even reaching threshold. The marked shifts in applied AK data are a result
of the crack arrest periods and subsequent increments in load. It can be seen that at the
beginning of each block there is a large reduction for effective AK, lowering the FCG
crack driving force and resulting in crack arrest. Furthermore, this analysis only considers
deflections in the profile of the main crack, not considering any effect of secondary crack
branching. Figure 5.12-a correlates with the results presented in Figure 5.11-c
considering the amount of secondary cracking for vertical specimens at AK = 20 MPavm.
Where well developed, tortuous secondary cracks can be seen, which will potentially

reduce the effective AK even more than just the effects of deflection in the main crack.
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Figure 5.12 Crack deflection measurements: a) Sections of the fracture surface used to calculate AKerr from
deflected cracks for vertical and horizontal specimens (Nickel plated area is highlighted in yellow) b) ratio
of actual/projected crack length vs. distance c) schematic representing a kinked crack and the nomenclature
used to describe stress intensity factors d, e) ratio of AKefr / AK vs. distance for horizontal (d) and vertical
(e) specimens, with shaded range for IN718 threshold values reported in the literature [123], [134].
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5.3 Discussion

5.3.1 Build orientation, microstructural effects, and comparison with

cast and wrought specimens

The results presented in chapter 4, showed that the L-PBF microstructure post heat
treatment for both orientations was similar and relatively isotropic from a crystallographic
point of view, having eliminated the strong texture characteristic of as-built AM
components. There are however marked differences with regards to grain size,
distribution, shape, and number of twins. As shown, vertical samples have a larger
average grain size (~ 30 %), and for both orientations the majority of grains range in size
between 10-70 um. However, the area fraction occupied by larger grains (70-250 um) is
10 % greater for vertical samples. Differences in grain size have been found to have a
large influence on the fatigue performance of Ni-based superalloys at high temperature
[38—40]. It is well documented that grain boundaries act as preferential diffusion paths
for oxidising species due to their relatively high defect density. As such, finer grained
structures present a larger number of grain boundaries subject to oxidation, resulting in
accelerated fatigue crack growth under time-dependent conditions. In addition to
improved oxidation resistance, the larger grains promote more tortuous crack paths,
deflecting the crack as it propagates and reducing FCG rates. The orientation of
anisotropic grain shapes found in this study, combined with the differences in grain size,
would both have contributed to increased crack path deflection in vertical L-PBF

samples.

As presented in Figure 4.10, the microstructures for both orientations are not equiaxed
with grains having a defined aspect ratio. To correlate grain shape to crack deflection,
and roughness studies, an analysis of the orientation of the grains’ long axes around the
crack path was performed. The long axes’ orientations of grains surrounding the crack
were recorded at three different AK levels (15, 20, and 30 MPa\/m), and plotted in a
histogram with respect to the direction of crack propagation, as shown in Figure 5.13-a.
Horizontal samples don’t present a preferential long axis orientation, with well distributed
grains. However, for vertical samples the majority of grains are oriented perpendicular to
the direction of crack propagation. The resultant grain shape distribution is not as
extreme as for as-built, or sub-solvus heat treated components [8, 41, 42]. However, it
is still present and will have had an effect on FCG rates by reducing the stress intensity
at the crack tip by deflecting the crack, as shown in Figure 5.12. To further understand
microstructural effects on crack deflection, the grain size distribution for grains

surrounding the main fatigue crack was studied. Average grain size was 56 and 42 um
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for vertical and horizontal specimens respectively, and their distribution is shown in
Figure 5.13-b. As shown, horizontal specimens have a 25 % higher fraction of small
grains (smaller than 25 um) surrounding the crack. In addition, 15 % of the grains
counted in the vertical samples ranged in sizes between 130-220 um, with none being
this large in the horizontal samples. This difference further affected crack deflection
which can be linked to these quite subtle microstructural differences between samples.
Example EBSD diagrams used to extract the data to characterise the orientation of the
grains’ long axes and grain size around the crack path are presented for reference in

Figure 5.13 for horizontal (Figure 5.13-c) and vertical (Figure 5.13-d) specimens.

Grain boundary character can also have an effect on the crack path chosen affecting
FCG rates. There is some evidence in the literature that for IN718 oxygen diffusivity
along grain boundaries is slower for special CSL grain boundaries [43, 44]. With Z3-type
grain boundaries showing the highest resistance against oxygen diffusion, and cracking
[105]. Therefore, random high angle grain boundaries will be preferentially
attacked/embrittled at high temperatures where intergranular cracking is dominant.
Investigations of the fatigue crack path, and secondary cracks from tested specimens
showed that X3 (twin) boundaries were not susceptible to cracking. As explained in
chapter 4, the percentage area fraction of X3 twin boundaries for vertical samples is
larger (~ 4% higher) when compared to horizontal samples. Thus, this relatively higher
fraction of £3 twin boundaries can have a beneficial impact by increasing crack front
tortuosity, and by increasing the resistance of vertical specimens to dynamic
embrittlement. This idea is also supported by the results presented in Figure 5.11-c,
which shows that horizontal specimens have on average a higher degree of intergranular
failure. Their smaller grain size, and lower area fraction of twins resulting in a higher

number of grains being susceptible to embrittlement.
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Figure 5.13 Grain shape and size distribution for grains surrounding the main fatigue crack (testing at 650
°C, and 1-90-1-1 frequency): a) weighted area histogram of grains’ long axes distribution (relative frequency)
with respect to direction of crack propagation, b) grain size distribution and example EBSD diagrams used
to calculate graphs a, b for c) horizontal and d) vertical specimens showing the aspect ratio and orientation
of the grains’ long axes.

No appreciable differences in FCG rates were found at 350 °C (transgranular crack
propagation) between CW, and L-PBF specimens. However, at 650 °C (intergranular
crack propagation) large differences in both FCG rates and fracture surface appearance
(failure mechanisms) were observed between CW and L-PBF specimens. The main
differences between material conditions were linked to grain size, grain shape, and
percentage area fraction of twins. Although differences in primary carbide dimensions,
and precipitation of 8-phase in grain boundaries and intergranular regions also exist. The
CW material has a finer grain size distribution with average grain size 16.83 um, which
is 45% and 86% smaller when compared to horizontal and vertical samples. In addition,
the percentage area fraction of twin grain boundaries is smaller (~ 30% lower) compared
to L-PBF heat treated specimens. As previously explained, the smaller the grain size,
and the lower the percentage of twin grain boundaries, the larger the amount of grain
boundaries susceptible to embrittlement and cracking (faster FCG rates). Furthermore,
the CW material presents a fairly equiaxed grain structure, compared to the less uniform
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shape of the grains in both L-PBF orientations. As a consequence, the effect of crack
deflection slowing crack propagation will not be as significant in CW when compared to
even the L-PBF horizontal specimens. Slight differences in the precipitation of the &-
phase in grain boundaries between cast and wrought and L-PBF specimens were shown
in chapter 4. It is generally understood that the precipitation of &-phase at grain
boundaries is beneficial for high temperature properties of IN718. Its precipitation leads
to a vy and y” depleted region around the grain boundaries that has a higher ductility
which can relax stress concentration around the crack tip, improving resistance against
crack growth [62], [145]. However, it has been reported that, if aligned with the
propagating crack, it can also act as a preferential cracking site, accelerating FCG rates
[136], [146]. For CW specimens, 6-phase mostly precipitates as almost continuous films
aligned with grain boundaries (parallel to crack propagation under intergranular failure).
L-PBF specimens, however, have a more discontinuous precipitation of 5-phase along
grain boundaries, and no preferred alignment was observed for both orientations
(precipitates randomly either appeared parallel or perpendicular to grain boundaries)
resulting in a higher resistance to intergranular crack propagation compared to CW
specimens. Hence, the combination of differences in grain size, grain shape, number of
twins and precipitation of 5-phase can be used to explain the large differences seen on

the fracture surface, and higher FCG rates for cast and wrought specimens.

5.3.2 Temperature and dwell time effects on FCG rates for L-PBF

specimens

The effect of temperature, and dwell time on FCG rates for AM IN718 have been
assessed in this study. The crack growth rates significantly increased when temperatures
were increased to 650 °C, compared to 350 °C at the same testing frequency (more
notably for horizontal samples). The increase in da/dN was not as evident with the
introduction of 90 s dwells (compared to 1 s dwells), however, it led to crack arrest at low
AK values for vertical samples. This dramatic change in FCG rates caused by an
increase in temperature, and/or introduction of longer dwells can be primarily associated
with oxidation of grain boundaries ahead of the crack tip (manifested by intergranular
fracture modes), although creep processes can also have a negative impact on the high
temperature fatigue properties of nickel based superalloys [46, 47]. It has been reported
that for cast and wrought IN718 the main time-dependent cracking mechanism
controlling fatigue is environmentally assisted grain boundary attack, with IN718 showing
high resistance against creep for the testing temperatures used in this study. However,

recent high temperature studies performed on AM IN718 have shown that creep was
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active even at 550 °C [43, 48]. They found that the dislocation cell substructure present
in some AM components was susceptible to creep damage, since this dislocation
substructure was similar to that found in the tertiary creep regime, even though the
material did not creep during manufacture. However, the HIPing temperature used in this
study is higher than the homogenisation temperature used in other studies, and the
structure is more recrystallised with no cellular substructure discernible. Furthermore,
creep is a thermally activated process (oxygen not necessary) and as such, secondary
cracks don’t necessarily have to initiate from the main crack. However, all the secondary
cracks observed in this study (see Figure 5.12-a for reference) originated from the main
crack, suggesting oxygen assisted grain boundary attack as the main cracking

mechanism.

The underlying mechanism controlling the interaction between oxygen and the crack tip
is, however, not fully understood and there is still debate in the literature. There are two
dominating theories: dynamic embrittlement and stress assisted grain boundary
oxidation (SAGBO). Dynamic embrittlement proposes an embrittlement of grain
boundaries by oxygen diffusion over very short distances, leading to grain boundary
cracking when stress is applied. For SAGBO, the diffusing oxygen reacts with Niobium
(in the case of IN718) present at grain boundaries (primarily large NbC, or y”) forming a
brittle oxide (Nb2Os) ahead of the crack tip. This oxide then cracks under stress leading
to accelerated FCG rates and intergranular failure. However, primary carbides formed in
AM IN718 are smaller (so expected to have a reduced effect) and the oxidation rate of
IN718 at this temperature is relatively slow compared to the observed FCG rates [96],
[97], [150]. Therefore, considering the very fast crack propagation rates observed at 650

°C, it is more likely that the grain boundary attack is caused by dynamic embrittlement.

The effect of dynamic embrittlement on FCG will be highly dependent on the availability
of oxidising species at the crack tip, which in turn is related to available diffusion paths,
oxygen diffusivity, and diffusion time. The higher diffusivity of oxygen as temperature
increases, and longer diffusion time per loading cycle (introduction of 90 s dwell at peak
load) will lead to higher FCG rates. Hence the highest FCG rate occurred for 90 s dwells,
and 650 °C for horizontal samples. It is important to note however, that the introduction
of 90 s dwells only marginally increased FCG rates for horizontal specimens. Indicating
an effective saturation of the FCG rate, and oxidation damage with dynamic
embrittlement occurring easily at both frequencies for testing at 650 °C. For vertical
samples, however, the introduction of 90 s dwells led to crack arrest instead of
accelerating FCG. Their improved resistance against crack growth can be explained in

terms of a coarser grained structure, a higher area fraction of twin boundaries, and grain
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boundaries preferentially aligned against the direction of crack propagation. However,
the mechanistic reason for significant crack deflection (crack arresting) to be activated
with 90 s dwells at 650 °C cannot be fully explained with the testing presented in this
chapter. Chapter 6 will aim to answer this question, and help elucidate the interaction
between the crack tip, microstructure, and environment for additively manufactured
IN718.

5.3.3 Fracture mechanism assessment on L-PBF specimens:

fractography, surface roughness, and secondary cracks

Different types of fracture modes (transgranular or intergranular) have been observed in
the fractography presented in this study. At intermediate temperatures (350 °C), and 1 s
dwells (0.25 Hz) the fracture mode was transgranular (cycle-dependent crack growth),
whereas at higher temperatures (650 °C) intergranular fractures were dominant at both
tested frequencies and for both orientations. This transition to fully intergranular failure
at 650 °C with 1 s dwells (0.25 Hz) is expected, and consistent with data for cast and
wrought IN718 [30, 46, 47]. To better understand the relationship between deformation
behaviour and FCG rates, the roughness of the fracture surfaces and degree of
secondary cracking was systematically analysed. Normally, roughness will be expected
to be of the order of grain size for intergranular failure, and smaller for transgranular
crack growth [152], [153]. As shown in Figure 5.9, the roughness of the fracture surface
does correlate with fracture modes, with tests at 650 °C having higher roughness. It is
also found that for testing at 650 °C most roughness values (except vertical 1-90-1-1
tests) lie approximately within a £10 um range across all AK values. This range is close
to the average grain size, indicating a saturation of the surface roughness value. As AK
increases, the surface roughness increases accordingly for all intergranular fracture
surfaces (less significantly so for testing at 350 °C). This can be linked to two factors:
increase in plastic zone size, and a higher amount of secondary cracking. As shown, in
Figure 5.10, as surface roughness increases with AK, the size of the cyclic and
monotonic plastic zone increases accordingly. This will effectively influence the crack
wake as it propagates, increasing the measured surface roughness. In addition, a higher
amount of secondary cracking (Figure 5.11-b shows that the quantity of secondary
cracks increases with AK) can lead to the formation of clusters of grains separating from
the fracture surface, increasing the surface roughness to higher values than the average
grain size. There is, however, one outlier with the results from vertical specimens and
90 s dwells, where the measured surface roughness and number of secondary cracks

are significantly higher than for any other case. This, however, can be explained through
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crack deflection and microstructural considerations as discussed previously, showing
good correlation between crack path, surface roughness, secondary cracking, and FCG

rates.

The effect of grain size on fracture surface roughness was further studied by normalising
the data to the average grain size for each orientation. The grain size normalised
roughness is, on average, 50 % higher for horizontal compared to vertical specimens for
all tests at 650 °C (excepting low AK values for vertical 90 s dwell tests). This indicates
more severe intergranular failure for the horizontal specimens, and as a consequence
higher FCG rates. From these results, it appears that the degree of secondary cracking
has a correlation with surface area roughness (normalised with grain size), with both
parameters showing the same behaviour across all AK values. Therefore, it can be
inferred that the surface area roughness of the fracture surface is controlled to some
extent by the development of secondary cracks for intergranular failure modes. For
transgranular fracture mode, however, the roughness seems to be controlled by the
number of facets present in the fracture surface, with no significant difference seen

between build orientations.

5.4 Summary

The influence of build orientation on FCG mechanisms with varying temperature and
frequency for IN718 fabricated by laser-powder bed fusion were investigated in this

chapter and the main conclusions were:

1. At 350 °C, and 1-1-1-1 frequency there were no differences on FCG rates
between cast and wrought, horizontally, and vertically built specimens with the

failure mode being primarily transgranular crack growth.

2. The crack growth rate increased with increasing temperature and dwell time for
all material conditions, with a transition from transgranular to intergranular crack

growth.

3. Build orientation had a significant effect on FCG rates at high temperature under
time-dependent crack propagation conditions. This was primarily related to
microstructural differences in grain size distribution, grain shape and grain

boundary character.

4. Vertical specimens (crack propagating perpendicular to build direction)
displayed slower FCG rates at 650 °C when compared to horizontal specimens.

This is linked to more tortuous crack paths, and typically less secondary cracking
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6.

due to a coarser grained structure, a higher area fraction of twin boundaries, and
grain boundaries preferentially aligned against the direction of crack

propagation.

Crack arrest occurred only for vertical specimens with the introduction of 90 s
dwells at 650 °C. A combination of grain size distribution, and grain shape for
vertical specimens heavily deflected the crack, resulting in a lower effective AK

arresting the crack.

At 650 °C, large differences in both FCG rates and failure mechanisms were
observed between CW, and L-PBF specimens. The CW material has a smaller
grain size, and a lower area fraction of twin grain boundaries, which results in a
much larger number of grain boundaries susceptible to embrittlement. Plus, the
equiaxed grain structure is not as effective at deflecting cracks as the irregularly
shaped grain boundaries found in L-PBF materials. This, coupled with
preferentially aligned 3-phase at grain boundaries, explains the differences seen

in FCG rates, and grain boundary failure mechanisms.
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6 Oxidation effects on fatigue crack

propagation

6.1 Introduction

Chapter 5 focussed on the effect of temperature and dwell time on FCG rates, and crack
propagation mechanisms for L-PBF Inconel 718. It was seen that horizontal specimens
have on average a higher degree of intergranular failure, and faster FCG rates. Their
smaller grain size, and lower area fraction of twins resulted in a higher number of grains
susceptible to embrittlement. With longer dwell times, vertical samples again showed
greater crack growth resistance, with crack arrest occurring at low AK values due to
observable crack deflections reducing the effective stress intensity at the crack tip. In this
chapter oxidation-fatigue mechanisms will be further investigated to characterise
differences between cast and wrought, and L-PBF specimens as well as differences
between sample orientations. Fatigue tests were performed alternating between high
and low frequency regimes at 650 °C (referred to as “block testing”). These assessed
the extent of oxidation related damage ahead of the crack tip by analysing the transition
region between the two frequencies. Interrupted tests (1-90-1-1 testing frequency) were
also performed to further understand the differences in oxidation mechanisms ahead of

the crack tip between both sample orientations.

6.2 Results

6.2.1 Block tests
6.2.1.1 Fatigue crack growth behaviour

FCG rates over a range of AK values from the alternating frequency testing (block tests)
are presented in Figure 6.1 for all material conditions (cast and wrought, and L-PBF
vertical and horizontal). The transitions in frequency occurred for all specimens around
the same AK levels of 18, 22, and 35 MPavm as shown in Figure 6.1. During the first 5
Hz loading block, FCG rates were similar for all conditions, with cast and wrought

exhibiting worse resistance to crack propagation. No difference in FCG rates between L-
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PBF orientations can be seen at 5 Hz indicating that at 650 °C, differences in FCG rates
between orientations manifest only at lower testing frequencies. After the first transition,
FCG rates during the 90s dwell segment differed significantly. Cast and wrought
specimens displayed faster FCG rates when compared to L-PBF. Plus, crack arrest
occurred for vertical specimens after a brief period of crack growth post transition from 5
Hz to 90s dwells. This is consistent with the results presented previously in chapter 5 for
1-90-1-1 tests on vertical samples, where crack arrest occurred until AK 25 MPavm. In
the second transition (from 1-90-1-1 to 5 Hz) the FCG rates for cast and wrought and
horizontal specimens were higher than vertical immediately after switching the
frequency, and then decreased. This transient behaviour between time to cycle
dependent behaviour can be interpreted as the manifestation of an oxidation damaged
region. Once the crack had propagated through this region, FCG rates returned to the
expected cycle dependent conditions. This behaviour was different for vertical
specimens, where FCG rates immediately after the transition were lowest, and then
increased to stable crack propagation with similar FCG rates to horizontal specimens (as
also seen for the first 5 Hz loading block). After the last transition, very fast crack
propagation can be seen for both horizontal and cast and wrought specimens, with no
difference in FCG rates between them. This, however, represents very few loading
cycles (= 10 loading cycles) and isn’t very representative of true fatigue, with the samples
accumulating progressive gross plastic collapse damage. No second transition from 5

Hz to 90s dwells was obtained for vertical specimens.

110



1E+0 5
1E-1 4
|
. J
9 1E-2 4
g E u | | L
(8] ] o
£ 1 1' ©
ul
£ 1E-3 3 - i Ly
Rl E DDDDD
=
'U -
S 1E4
o
] o = CW 5 Hz Block
i o = CW 1-90-1-1 Block
T B L-PBF Horizontal 1-90-1-1 Block|
3 L-PBF Horizontal 5 Hz Block
0 L-PBF Vertical 5 Hz Block
1E-6 i m | -PBF Vertical 1-90-1-1 Block
10 20 30 40 50 60

AK (MPa.m'?)

Figure 6.1 FCG rates vs AK resultant from the block test for all material conditions (cast and wrought, and
L-PBF horizontal and vertical specimens).

A comparison between results obtained for block tests and fully 1-90-1-1 tests is
presented in Figure 6.2. Crack arrest occurred at the lower frequency for vertical
specimens between AK 12-25 MPavm, with results consistent for 1-90-1-1 and block
tests. For horizontal specimens, FCG rates for loading with 90s dwells with block tests
were higher when compared to purely 1-90-1-1 testing. This difference can be related to
the previous block of testing at 5 Hz leading to a sharpening of the crack tip before

starting the 90s dwell regime and increasing FCG rates.
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Figure 6.3 Raw PD trace vs time for block tests on all material conditions.

Figure 6.3 shows raw PD traces (a measure of the crack length) across time for all the
block tests, where the changes in slope correlate with different loading blocks, either 5
Hz (steeper parts), or 90s dwells (flatter parts). Crack arresting becomes evident when
analysing the PD trace for vertical samples. The duration of the 90s dwell block is
significantly longer (note that frequencies where only changed when at least 0.5 mm of
crack growth was recorded), yet no change in the PD trace can be seen. Figure 6.4,
shows the PD traces for each condition individually, along with a more detailed plot of
the transition between 90s dwells to 5 Hz. A marked shift in PD values can be seen at
the transition between frequency regimes for cast and wrought and horizontal
specimens, with no apparent change for vertical samples (as shown in Figure 6.4 e, and
f). The more detailed plots in Figure 6.4 b, d show a detailed view of this transient in FCG
rates when going from 90s dwells to 5 Hz. The length of this transient behaviour where
the crack is rapidly growing before reaching a steady state under cycle dependent crack
growth can be linked to the size of the damaged zone formed during time dependent
fatigue. The estimated lengths (based on the height of the PD jump) are presented in
Table 6-1, with horizontal specimens presenting the larger damaged zone. The size of
the monotonic and plastic zone size (calculated using Irwin’s approach [128]), and grain

size for each material condition is added for reference.
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Table 6-1 Length of damaged zone from block tests for all specimens. The differences in plastic zone sizes
between material conditions are related to different yield strength, and Kmax, AK values for the end of each
90 s dwell loading block.

Length of Monotonic Cyclic
damaged zone plastic zone plastic zone Grain size
Specimen (um) size (um) size (um) (uwm)
Cast and
364 90 18 16.8 + 13.7
wrought
L-PBF
617 114 23 24.4 + 27
horizontal
L-PBF vertical n/a 105 21 31.3+311

To further understand the degree of embrittlement caused by the 90s dwells, the amount
of crack propagation during the unloading-reloading, and dwell periods was studied.
Figure 6.5 shows the PD traces for each of the individual 1-90-1-1 loading segments for
the block tests. It can be seen that for cast and wrought specimens, at lower AK levels
Figure 6.5 a), crack growth stays constant throughout the dwell with the majority of crack
growth occurring during the unloading-reloading part (~ 62 um). This marked shift in
crack growth, can be related to fracturing through an embrittled zone caused by the dwell
period, similar to the transition between frequencies for the block tests. At higher AK
levels for cast and wrought specimens (see Figure 6.5 b) similar crack growth occurs
overall during the unloading-reloading and dwell periods (» 91 um) with no apparent
differences between them, which is consistent with data published in the literature for
high temperature testing of Inconel 718 [24], [25]. For L-PBF horizontal specimens,
however, the crack growth is continuous, and no crack growth can be attributed to a
specific part of the loading cycle. Only at the very last few cycles of the test, a higher
amount of crack growth can be seen during the unloading-reloading period (see Figure
6.5 d). Finally, no graph for vertical specimens is presented in Figure 6.5, as no crack

growth was observed during the 1-90-1-1 loading period as explained previously.
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Figure 6.5 PD trace against time for 1-90-1-1 segments of the block tests, a) first 90s dwell block for CW, b)
second 90 s dwell block for CW, c) first 90s dwell block for horizontal, d) second 90s dwell block for horizontal
specimens.

6.2.1.2 Fractography

The fracture surfaces for all specimens were analysed by optical and SEM microscopy,
and the results are presented in Figure 6.6, Figure 6.7 and Figure 6.8. The macroscopic
images are labelled showing the different frequency loading blocks, along with higher
magnification SEM images of the transitions between frequencies. Intergranular failure
modes developed for cast and wrought and horizontal specimens once the frequency is
switched to 1-90-1-1 and can be clearly identified by the formation of well-developed
secondary cracks (Figure 6.6-a, Figure 6.7-a). At the second transition, the presence of
the oxidation damaged zone is apparent for both horizontal and cast and wrought
specimens (Figure 6.6-b, Figure 6.7-b). The fracture surfaces exhibit a mixed
transgranular/intergranular mode (more evident for cast and wrought specimens) with
the presence of secondary cracks. This mixed mode remains active until the last
transition to 1-90-1-1 (Figure 6.6-c, Figure 6.7-c) where intergranular failure becomes

evident with very tortuous fracture surfaces like those presented in chapter 5 for 1-90-1-
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1 tests. Vertical samples show a very different response, mainly related to crack arresting
occurring during the 1-90-1-1 loading block. Transgranular fracture modes are evident
throughout the 5 Hz loading periods (Figure 6.8-a, ¢). When the frequency was changed
to 1-90-1-1, secondary cracks develop, and the tortuosity of the fracture surface
increases (Figure 6.8-b). However, the degree of intergranular failure is not as
substantial as that presented for the 1-90-1-1 tests. Furthermore, when the frequency is
changed back to 5 Hz (Figure 6.8-b, c), transgranular fracture modes quickly become

evident again, not showing the mixed mode seen for horizontal and cast and wrought

specimens.

Figure 6.6 Macroscopic overview of the fracture surface resultant from block tests for cast and wrought
specimens, and associated images of the transitions between a) 5 Hz to 1-90-1-1, b) 1-90-1-1 to 5 Hz, and
¢) 5 Hz to 1-90-1-1.
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1-90-1-1

Figure 6.7 Macroscopic overview of the fracture surface resultant from block tests for L-PBF horizontal, and
associated images of the transitions between a) 5 Hz to 1-90-1-1, b) 1-90-1-1 to 5 Hz, and c) 5 Hz to 1-90-
1-1.
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Figure 6.8 Macroscopic overview of the fracture surface resultant from block tests L-PBF vertical, and
associated images of a) 5 Hz, b) transition between 5 Hz to 1-90-1-1 to 5 Hz again, and c¢) 5 Hz.
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6.2.1.3 Crack path assessment and secondary cracks

To better understand the transient behaviour between frequencies, profiles of the crack
path were studied on sectioned specimens. Figure 6.9 a-c shows the crack path
morphology, indicating the different regions: pre-crack, fatigue crack propagation for
each frequency, and oxidation damaged zone. More tortuous crack paths can be seen
during the time dependent crack growth period (90s dwells) for both L-PBF specimens,
which is not as significant for cast and wrought specimens (note the difference in grain
size). When the frequency was changed to 5 Hz, flatter crack paths can be seen once
passed the oxidation damaged zone, similar to the fracture surface images presented
previously. Looking at the crack path during the 90s dwell block for vertical specimens
(see Figure 6.9 a) large crack deflections are evident with the crack propagating
perpendicular to the expected crack propagation direction, similar to the results
presented for the 1-90-1-1 tests where crack arresting occurred. To further understand
the effect of crack deflection during the 90s dwell loading block on crack growth
behaviour and links to the oxidation damage zone, an assessment of the crack
morphology was carried out on both horizontal and vertical L-PBF specimens. This
followed the procedure explained in section 5.2.3, and the results are presented in Figure
6.9-d, and e, where the applied AK (calculated from PD trace), and resultant effective AK
are plotted against crack length. The measured crack length varies between specimens,
as the crack was arrested for vertical specimens during the 90 s dwell block. Horizontal
specimens show more scatter in the data compared to the previously presented crack
deflection measurements for 1-90-1-1 tests, with large reductions on effective AK as the
applied AK increases. However, values are generally closer to the applied AK across the
crack length of the investigated crack. For vertical specimens the applied AK changes
little across crack length (crack is arrested), and the calculated reduction in effective AK
is larger. These large deflections on crack path, and subsequent crack arresting could
potentially be linked to the different behaviour seen for vertical specimens during the 1-

90-1-1 to 5 Hz transition, where no damaged zone was apparent on the PD traces.
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Figure 6.9 Optical micrographs of the crack path morphology on sectioned surfaces showing time
dependent, cycle dependent regimes and the oxidation damage zone for: a) L-PBF vertical, b) L-PBF
horizontal, and c) cast and wrought IN718 (crack path is outlined in black to aid visualisation, and the same
scale applies to all images). Crack deflection measurements extracted from the first 1-90-1-1 loading block
for d) vertical, and e) horizontal.

6.2.2 Interrupted tests, crack tip characterisation

6.2.2.1 Crack propagation rates

To further understand the crack growth process during dwell periods and oxidation ahead
of the crack tip, interrupted 1-90-1-1 tests were carried out. Cracks were allowed to grow

under a 1-90-1-1 loading frequency for approximately the same amount of time (1500
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cycles) from AK 12 MPavm at 650 °C. Samples were then held for 16 hours at 650 °C at
Kmax 14.21 MPaVm, and 16.67 MPaVym for vertical and horizontal specimens

respectively. These Kmax values were chosen as they capture early stages of crack
growth for horizontal specimens (before the marked shift in FCG rates seen for 1-90-1-
1 tests, see Figure 5.1 for reference), and they are within the region of crack arresting
for vertical specimens. The raw PD traces for both the cyclic and holding part of the tests
can be seen in Figure 6.10. The data is somewhat noisy, however, it can be seen that
no crack growth was captured by DCPD for vertical specimens during the 1-90-1-1 cyclic
part of the tests (Figure 6.10-a), showing again an arrested crack for this material
condition at values below AK 25 MPavm. Crack growth was recorded for the horizontal
specimen with AK increasing from 12.5 to 15 MPavm, equivalent to approximately 0.7
mm of crack propagation. During the 16 hours holding period PD values remained mostly
unchanged for both specimens (see Figure 6.10-b). For horizontal specimens, there is a
slight shift in the PD reading, equivalent to approximately 0.12 mm of crack growth after
holding for 3000 seconds. However, there is no appreciable difference in average PD
values from before and after this slight jump, and no changes in loads/overloads were
recorded throughout the 16 hours hold period. For vertical specimens, PD values remain
steady through the tests, only showing a slight decrease in the PD trace at the end of
the 16 hour hold. This could be related to some degree of crack closure caused by
oxidation over time, or stress relaxation occurring at the crack tip towards the end of the

test.
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Figure 6.10 PD traces vs time for interrupted tests on vertical and horizontal samples: a) cyclic part of test
at 1-90-1-1 frequency, and b) holding at Kmax 16 MPavm for horizontal samples, and 13 MPavm for vertical
samples.
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6.2.2.2 Interrupted tests, fractography

Oxidation processes at the crack tip on both the side surface, and inside the specimen
were characterised by optical microscopy and SEM. Figure 6.11, presents the crack
morphology on the side surface for horizontal specimens, where the grain boundaries
are clearly visible due to a thermal etching effect. It was found that for horizontal samples
only, asymmetric crack growth had occurred during the high temperature 1-90-1-1 part
of the test, with the crack not propagating uniformly across the breadth of the sample (»
0.4 mm difference in crack length between sides). Post-testing, no uneven loading could
be identified, and it is possible that during high temperature crack propagation one side
of the sample became more compliant, linked to crack coalescence events or differences

in crack front tortuosity at either side of the fracture surface.
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Figure 6.11 Optical micrographs from both side surfaces (a, b) after interrupted tests for L-PBF horizontal.

Low magnification SEM micrographs of the crack path at the side surface resulting from
interrupted tests for both specimens are presented in Figure 6.12. A large number of
secondary cracks starting from the main fatigue crack can be seen for horizontal
specimens (Figure 6.12-a), as well as the formation of oxidised slip bands along the
entire length of the fatigue crack. Furthermore, oxidised slip bands can be discerned
near the crack tip and in the surrounding grains, representing an oxidation damage
region. For vertical specimens, the FCG region is very small and more severe oxidation

around the crack tip can be seen. Furthermore, there is a higher concentration of slip
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bands around the crack tip, although, they don’t extend as far into surrounding grains
compared to horizontal specimens. The measured oxidation damaged zone at the crack
tips caused during the interrupted tests can be found in Table 6-2 (indicated for reference
in Figure 6.12-b), and the values are compared to the monotonic and plastic zone sizes
(calculated using Irwins [128] approach for plane stress conditions). The measured
oxidation damaged zone on the side surface is close to the calculated monotonic plastic
zone size, indicating some effect of plastic deformation on oxide formation (note that
differences in plastic zone size are related to a different Knax, and AK for each crack tip).
This is, however, relatively larger for horizontal specimens indicating more localised
damage for the vertical specimens. However, it should be noted that the exact position
of the crack tip cannot be accurately identified from 2D images given the complex 3D
morphology of the crack front, so the extent of the oxidation damaged zone may be

overestimated.
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Figure 6.12 Low magnification SEM micrographs showing the fatigue crack path for interrupted tests: a) L-
PBF horizontal, b) L-PBF vertical.

Table 6-2 Interrupted tests, measured oxidation damage zone, and monotonic and cyclic plastic zone size
for vertical and horizontal specimens.

Measured oxidation Monotonic plastic Cyclic plastic
Specimen damaged zone (um) zone size (um) zone size (um)
Horizontal 170 157 32
Vertical 79 114 23
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Higher magnification SEM images of the oxidation around the crack path and crack tip
on the side surface for horizontal specimens are presented in Figure 6.13, and Figure
6.14. Oxidation is evident around the crack path, and around the crack tip with a large
concentration of oxidised slip lines around the crack (see Figure 6.13-b, and d). EDX
analysis indicates that the oxides formed around the crack tip and slip lines are Cr and
Fe-rich oxides. However, higher resolution EDX would be necessary for a better
understanding of the oxidation process. Higher magnification SEM images of the oxides
formed around the slip lines are presented in Figure 6.13-g. A lamellar structure can be
discerned, with some small globular particles in between. Furthermore, by analysing
different positions along the crack wake it appears that the lamellar structure forms first,
followed by the formation of globular particles with longer exposure times. Oxidation of
slip lines is also visible in the grains ahead of the crack (oxidation damaged zone), as
shown in Figure 6.14. They also have a lamellar structure (similar to that seen around
the crack path/tip), and some of them appear to be cracked (see Figure 6.14 c¢ for
reference). However, the sequence of whether it is an oxidised crack, or an oxidised slip

band that has cracked is unknown.
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Figure 6.13 High magnification SEM micrographs from L-PBF horizontal specimens showing oxidation
processes on the side surface along different positions of the fatigue crack (a-d) crack path, (e-f) crack tip,
and g) oxidation of slip bands surrounding the crack path.
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Figure 6.14 High and low magnification SEM micrographs of oxidised slips bands ahead of the crack tip for
L-PBF horizontal specimens.

Figure 6.15, shows higher magnification SEM images of the side surface oxidation
around the fatigue crack for vertical specimens. As shown, there is a shorter FCG region,
and more severe oxidation around the crack path, and crack tip. The crack does not
appear to be bifurcated; however, two large, oxidised regions can be distinguished. One
at the start of the FCG region following a grain boundary (indicated by the red arrow in
Figure 6.15-a), and at the crack tip. Both have the same appearance with globular oxide
particles forming, and the lamellar structure seen for horizontal specimens is not present
around the crack tip. Preferential oxidation of slip bands in the grains adjacent and ahead
of the crack tip has also occurred (see Figure 6.15-e-f), however, none of them appear
to be cracked unlike horizontal specimens. Given the larger size of the oxidised region
ahead of the crack tip, representative EDX measurements could be obtained (see Figure
6.16) unlike for horizontal specimens. These show O-rich regions ahead of the crack tip
and grain boundaries, as well as Ni-depleted regions ahead of the crack tip. Furthermore,
internal Cr-rich and external Fe-rich oxide regions can be discerned, which correlates
with previous results published in the literature for CW IN718 [100]. Some Nb-rich
particles can also be seen at grain boundaries, probably linked to oxidised 3-phase

precipitates.
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Figure 6.15 High magnification SEM micrographs from L-PBF vertical specimens showing oxidation
processes on the side surface along different positions of the fatigue crack (a-d) crack tip, and (e-f) oxidation
of slip bands surrounding the fatigue crack.
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Figure 6.16 EDX mapping of the crack tip (side surface) resultant from interrupted tests on L-PBF vertical
specimens.

Figure 6.17 shows the crack path, and crack tip in the bulk material (centre of the sample)
after sectioning for horizontal L-PBF specimens. As shown, the geometry and oxidation
around the crack tip is simpler when compared to the side surface with no apparent
oxidation of slip bands. This is because oxygen availability is higher on the side surface,
whereas on the bulk material oxidation around the crack tip is more constrained (only
approaching down the crack faces, rather than any side ingress being possible). It should
also be noted that differences observed in crack tip geometry might depend on the
sectioning plane chosen, which might not fully capture the true 3D geometry of the crack.
From Figure 6.17-a, a branched crack path can be distinguished with two separate
cracks, which can be linked to the differences in crack length observed in the side surface
(see Figure 6.11 for reference). When focussing on the crack tip (Figure 6.17-b), a large,
oxidised region can be discerned ahead of the crack tip, as well as the formation of some
discontinuous cracks (indicated by the red arrows) along embrittled grain boundaries
ahead of the crack tip. EDX mapping has been carried out on the oxidised region ahead
of the crack tip, and the results are presented in Figure 6.17-c. These correlate with

oxidation observed on the side surface with the formation of a Cr-rich oxide internal layer,
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and Fe-rich oxide outer layer. Furthermore, a region with a Nb-rich oxide can also be
distinguished, which again can be related to oxidation of a 6-phase particle. To further
understand the formation of the discontinuous cracking presented in Figure 6.17-b,
EBSD maps were performed on the fatigue cracks. The EBSD results are presented in
Figure 6.17-d, e showing the SEM image and KAM map extracted from that region. KAM
maps are a measure of local grain misorientation between a point, and its neighbour and
can be qualitatively used to analyse the extent of plastic deformation around the crack
tip/path in this case. As shown in the KAM maps and as expected, there is generally a
higher degree of plastic damage around the crack path/tip when compared to the rest of
the material. Furthermore, there is a measurable degree of misorientation ahead of the
oxidised crack tip (as indicated by the red arrow) linked to the region where discontinuous
cracks were forming along the embrittled grain boundaries. The length of this oxidation
damaged zone ahead of the crack tip was measured as 41 um, which is close to the
monotonic plastic zone size for horizontal specimens (52 um under plane strain
conditions), again suggesting that there could be effects of plastic deformation on oxide

formation.
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Figure 6.17 Fatigue crack path in the bulk material resultant from interrupted tests on L-PBF horizontal
specimes: a) low and high SEM micrographs of the crack mophology, b) oxidation ahead of the crack tip
with red arrows representing areas of discontinuous cracking, c) EDX mapping of the oxidised reginon ahead
of the crack tip, and d) SEM image of the crack path from which the KAM map in (e) was extracted, red
arrow across images represents the location of the crack tip on the KAM map.
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Given the complex 3D geometry of the crack, and the analysis through 2D sections, it is
difficult to accurately identify the exact location of the crack tip. Furthermore, there is the
possibility that some of the discontinuous cracks seen ahead of the crack tip are in fact
part of the main crack path (the crack might be longer behind this specific plane), and
they don’t appear as a continuous crack in this specific section. Therefore, this same
specimen was again ground and polished ( 10 um of material was removed) to
systematically characterise crack tip oxidation at a different position, and the results are
presented in Figure 6.18. The fatigue crack path shows a similar morphology, although
it is now a fully continuous crack, and not two separate cracks as shown in Figure 6.17.
The crack is slightly longer in this region, and part of what was identified as damaged,
but uncracked by the KAM map is now fully cracked. Focussing on the crack tip (Figure
6.18-d), an elongated oxidised region can be again discerned ahead of it with the same
composition previously shown. Discontinuous cracks ahead of the crack tip/path appear
again and are indicated in Figure 6.18-c, d with red arrows. Additionally, 5-phase
particles are slightly visible in these images, and it can be seen how these cracks occur

in between precipitates.
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Figure 6.18 Low and high magnification SEM micrographs showing crack morphology and oxidation ahead
of the crack tip in the bulk material for L-PBF horizontal specimens. Red arrows (c,d) represent areas of
discontinuous craking along grain boundaries.
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Figure 6.19 a) Schematic illustration of the sectioning strategy for analysis of interrupted tests on L-PBF
vertical specimens, b) low magnification SEM images showing large differences in crack length across the
breadth of the sample.

The crack morphology in the bulk material was found to be very different for vertical
specimens compared to horizontal samples, with a highly tortuous crack path leading to
asymmetric crack growth within the bulk material (see Figure 6.19-b, c for reference). It
is worth noting that no differences in crack length were observed on the side surfaces,
and that no crack growth was recorded by the DCPD system. Figure 6.19-b shows the
crack morphology in one section, with approximately 0.3 mm of FCG occurring during
cycling at high temperature. Given the contradiction with the DCPD readings (see Figure
6.10 for reference), the specimen was also sectioned in a different position following the
procedure detailed in Figure 6.19-a. The resultant crack path is shown in Figure 6.19-c,
where approximately 25 um of crack growth occurred during high temperature loading,

which correlates more closely with the DCPD readings and the FCG data presented for
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vertical specimens where crack arrest was occurring for testing with 90s dwells. The
DCPD method provides an average of the crack growth across the breadth of the sample
and does not capture local differences in crack length. This shows that the vertical
specimens have a very tortuous, and complex crack front with local differences in crack
growth. However, on average across the breadth of the sample no considerable crack

growth occurred leading to an overall arrested crack.

EBSD scans were performed on the sectioned specimens to further understand the
differences in crack morphology. The results are presented in Figure 6.20, showing both
the SEM images and the KAM maps extracted from those regions. The KAM maps show
again a higher degree of misorientation around the crack tip/path indicating more plastic
damage around that region. Additionally, some vertical lines can be seen across the
KAM maps and are linked to marks caused by mechanical polishing. Figure 6.20-a
shows the KAM results for the shorter crack. In this case, the crack does not appear to
propagate through grain boundaries and, unlike for horizontal samples, plastic damage
does not extend much further away from the crack tip. For the other section (see Figure
6.20 c-f), the images show a branched crack with multiple secondary cracks linked to the
main crack, and a similar degree of misorientation when compared to horizontal
specimens. Focussing on the crack tip (Figure 6.20-f), the highest degree of
misorientation is linked to a secondary crack ahead of the apparent crack tip, which could
be related to differences in crack morphology behind the analysed plane. Interestingly,
there is again no measurable plastic damage on the grain boundaries ahead of the crack
tip, opposite to the KAM results from horizontal specimens. This also correlates with the
crack growth data presented for the block tests, and the apparent absence of a damaged

zone for vertical specimens.
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Figure 6.20 SEM micrographs of the crack tip at different locations in the bulk material and their
corresponding KAM map showing local misorentation around the fatigue crack.
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The section extracted from the vertical specimen with the longer crack (Figure 6.19-b)
was reground and polished ( 10 um of material was removed) to further characterise
the crack morphology, and oxidation around the crack tip. Figure 6.21 presents an
overview of before and after repolishing, where the FCG region has slightly increased in
length. The repolished sample (Figure 6.21-b) presents an even more tortuous crack
path with a branched crack tip, and a high number of secondary cracks. Furthermore,
the new crack morphology around the crack tip follows the misorientation results from
the KAM map in Figure 6.20-f. Higher magnification SEM images around the crack
path/tip, as well as EDX maps showing the oxide composition at the crack tip are
presented in Figure 6.22. As shown, there are oxide filled regions around both the crack
path (Figure 6.22-b), and crack tip (Figure 6.22-d, e). EDX measurements show again a
Cr and Fe-rich oxide with some points presenting Nb-rich oxides. However, no significant
differences could be identified between outer or inner oxide layers, which would require
higher resolution EDX to accurately characterise. There are, however, marked
differences in the location of the oxidised region between sample orientations. Horizontal
specimens exhibit an elongated oxidised region ahead of the crack tip, as well as the
formation of what appear as discontinuous cracks along embrittled grain boundaries
ahead of the crack tip. This was further corroborated by the KAM maps showing
increased plastic damage in the grain boundaries ahead of the crack tip. For vertical
specimens, however, oxide filled crack tips are evident with no apparent formation of an
oxide layer on the grain boundaries ahead of the crack tip. This difference is also present
in the KAM maps, where no difference in local misorientation is evident between the bulk

material and grain boundaries ahead of the crack tip.

Figure 6.21 low magnification SEM micrographs showing the crack morphology in the bulk material for
interrupted tests on vertical specimens before (a), and after (b) repolishing.
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Figure 6.22 Fatigue crack morphology in the bulk material resultant from interrupted tests on L-PBF vertical
specimes: a-b) low and high magnificantion SEM micrographs of the crack path, c-d) low and high
magnification SEM images of the crack tip, f) EDX mapping of the oxidised crack tip.
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6.3 Discussion

6.3.1 Investigation of the oxidation damaged zone

The extent of oxidation related damage formed ahead of the crack tip during dwell fatigue
testing was investigated in this chapter through the use of block tests. As explained
previously, during dwell fatigue loading conditions, oxygen assisted grain boundary
attack will occur leading to enhanced FCG rates and intergranular failure modes for
polycrystalline Ni-based superalloys. Where dynamic embrittlement is the favoured
theory used to explain the embrittlement of L-PBF IN718 under the studied loading
conditions. This, however, will only affect a limited amount of material around the crack
tip (damaged zone), and by switching between low and high frequency regimes the size
and mechanical effect of this oxidation damaged zone on the different material conditions

can be investigated.

The results show large differences in behaviour between L-PBF vertical and the rest of
the tested specimens. CW and L-PBF horizontal specimens behave in a similar fashion,
even though FCG rates, and the size of the damaged zone are different. In both cases,
a transient behaviour in FCG rates can be seen when switching frequency, with higher
FCG rates before crack growth stabilises to mixed transgranular/intergranular crack
propagation (as shown by the fracture surfaces) during the 5 Hz loading block. When
plotting this transition in crack growth against time (see Figure 6.4 for reference) a
parabolic time-dependent shape can be identified, characteristic of diffusion controlled
processes (dynamic embrittlement) for both horizontal and CW specimens [99]. This
behaviour correlates with data from the literature for similar testing on CW IN718 [25],
[99], showing that the mechanisms controlling oxidation damage ahead of the crack tip
are somewhat similar for both horizontal and CW specimens. There are, however,
differences in the overall length of the damaged zone even though AK levels, and plastic
zone sizes are comparable between specimens. As presented in chapter 5, horizontal
specimens exhibit higher resistance to crack propagation compared to CW under time
dependent conditions. As a result, the overall time spent under 1-90-1-1 loading for the
same increase in crack length is longer for horizontal specimens. Since dynamic
embrittlement is a diffusion controlled process, this would allow for a longer time for
oxygen to diffuse along the grain boundaries possibly resulting a larger damaged zone.
Alternatively, when comparing the size of the damaged zone with grain size we can find
that approximately the same number of grains are being damaged (embrittled) ahead of
the crack tip. This suggests that, relatively speaking, the same number of grain boundary

paths (albeit of different lengths) are being embrittled for both material conditions.
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Studies have shown that grain boundary embrittlement rates will widely vary depending
on the relative misorientation between two neighbouring grains[154]-[156]. This, linked
with the relative difference in damaged zone size, may imply a threshold process to
switch between grain boundaries in terms of embrittlement rates, whilst dynamic
embrittlement along a grain is relatively fast. The overall rate determining step would
then be accessing the grain boundary rather than embrittling it. Nonetheless, it may be
concluded that there is an oxidation damaged area ahead of the crack for CW, and
horizontal specimens; with the of extent of damage ahead of the crack tip being highly
dependent on the testing conditions (dwell time, environment, etc.) as well as the
microstructural variables (grain shape/size, grain character, precipitates, etc.) controlling
fatigue crack propagation. The more detailed characterisation of the interaction between
this embrittled zone, and the crack tip with longer dwells will be discussed in the next

sections.

Vertical specimens showed a very different response. No FCG was recorded during the
1-90-1-1 loading block with an arrested crack, and there was no apparent oxidation
damaged zone identified by the PD system. In contrast, FCG rates decreased after the
transition to 5 Hz, and then increased to stable crack propagation during the 5 Hz loading
block. This is manifested in the fracture surfaces of vertical specimens (see Figure 6.8)
where only a thin strip of material displays some intergranular failure with well-developed
secondary cracks, yet transgranular failure is predominant across the majority of the
fracture surface. The response can again be linked to the shape of the grains and
preferential orientation of the grain boundaries against the direction of crack propagation
for vertical specimens, as presented in Figure 5.13. As the frequency is lowered and
intergranular failure becomes dominant, significant crack deflection occurs due to the
shape of the grains, reducing the effective AK at the crack tip and crack propagation is
stopped. Although measurable, the extent of crack deflection seen on the sectioned
vertical specimens (see Figure 6.9) extracted from the block tests is not as severe as for
the 1-90-1-1 tests. However, these are shorter tests with no changes in the applied load,
and the sectioning plane might not be fully representative of the complex 3D geometry
of the crack front. Nonetheless, the end result is a local plastically damaged region
through the repeated fatigue cycling of an arrested crack, which could ultimately
influence the diffusion of oxygen ahead of the crack tip (as will be discussed in more
detail for the interrupted tests) [157]. Thus, there will be two competing mechanisms
active when changing the frequency back to 5 Hz. The crack will have to first get through

this tortuous and plastically damaged region, momentarily slowing FCG rates (as shown
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in Figure 6.1), and ultimately outweighing the effect of an embrittled oxidation damaged

zone ahead of the crack.

6.3.2 Fatigue crack growth during dwell time

Figure 6.5 showed PD traces (crack length) against time for the 90s dwell loading blocks
in the CW and horizontal specimens. This analysis aimed to extend the concept of the
damaged zone and its relationship with each loading cycle, as well as investigate during
which part of the fatigue cycle (dwell or unloading-reloading) the crack is growing. The
corresponding AK at the beginning of each 1-90-1-1 loading block was comparable for

both specimens, yet slight differences in behaviour could be identified.

The results presented for CW specimens, as expected, closely align with data published
in the literature for testing on similar conditions for IN718 [24], [158], [159], and other
polycrystalline Ni-superalloys [129], [160]. In this case it is understood that crack
propagation across time can be subdivided into three separate regimes. These are
represented in Figure 6.23 for tests on CW IN718 at 650 °C with longer dwells (296
seconds) performed by Christ et al. [158]. The specific AK values at which these
transitions occur will be highly dependent on the temperature and testing parameters.
Nevertheless, we can see a similar trend for the testing performed in this thesis for CW
specimens where at low AK (< 20 MPaVm) crack growth is continuous, with no
differences between specific parts of the loading cycle. At intermediate AK values (20-
30 MPavm), crack length is constant during the 90s dwell, with most of the crack growth
per cycle occurring during the unloading and reloading process with a stepwise crack
propagation. This indicates that a small, embrittled area forms ahead of the crack during
a dwell and breaks when unloading and reloading takes place accelerating FCG rates.
At higher AK values (>30 MPavm until failure), some crack growth can be identified
during dwell time in addition to crack growth occurring during the unloading/reloading
phase, however, crack growth at the beginning of the dwell is slower when compared to
the end of the previous cycle. Suggesting that there is a period of incubation time for
FCG to occur after the embrittled material ahead of the crack fails during

unloading/reloading, and this time period reduces as AK (crack length) increases.

Interestingly, for L-PBF specimens (tested under the same conditions, see Figure 6.5 for
reference) only two regimes can be identified (part |, and Il, from Figure 6.23), and the
transition occurs at a higher AK value (>45 MPavm), almost upon final failure. As a resuilt,
for the majority of the test, crack growth is continuous with no apparent differences in the

PD data between dwell and unloading/reloading phases. Which could be directly linked

141



to the improved resistance against crack propagation seen for L-PBF specimens
compared to CW. Furthermore, this same behaviour was also observed on the 1-90-1-1
tests presented in chapter 5 for both vertical and horizontal specimens, where difference
in crack growth during the unloading/reloading cycles could only be identified in the last
loading cycles (>45 MPavm). This difference in FCG during dwell time can again be
linked to microstructural differences between the L-PBF and CW specimens. The coarser
grain size, irregular grain shape, and higher percentage of £3-twin grain boundaries
found in L-PBF specimens compared to CW result in a more complex crack path, and
slower FCG rates. This also affects oxygen diffusion along grain boundaries ahead of
the crack tip during dwell time reducing the effect of dynamic embrittlement [161]. Thus,
the oxidation damage formed ahead of the crack tip with 90 s dwells is not sufficient (until
AK>45 MPavm) to be broken during the unloading/reloading phase. Therefore, it is
probable that for L-PBF specimens, longer dwells (increase degree of dynamic
embrittlement) would be required to promote the stepwise crack propagation seen for

CW specimens.
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Figure 6.23 Crack length as a function of time for dwell fatigue testing on CW IN718 in air at 650 °C, R=0.1,
and triangular loading waveform (2s-Xs-2s) with a 296 s dwell at peak load, performed by Christ et al. [158].

6.3.3 Deformation ahead of a fatigue crack tip during dwell fatigue for

L-PBF specimens

The effect of longer dwells and oxidation (at 650 °C) on deformation ahead of the fatigue
crack tip on horizontal and vertical L-PBF specimens was assessed by holding pre-

cracked specimens at a sustained load for 16 hours. On the side surfaces, extensive
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oxidation could be observed around the crack path/tip for both specimens. Furthermore,
preferential oxidation of slip bands ahead of the crack tip were observed indicating the
effects of plastic deformation on oxidation damage. This, however, was more localised
for vertical specimens (where the crack is arrested according to DCPD) with a thicker
oxide forming ahead of the crack tip. In the bulk material where oxygen transport to the
crack tip is more limited, the extent of oxidation damage was less evident with no
apparent oxidation of slip bands. The oxides that formed in the bulk material (for both
orientations) at the crack tip had a layered structure with an external Fe-rich oxide layer,
and an inner Cr-rich layer at the oxide/metal interface, which is consistent with oxidation
studies on CW, and L-PBF IN718 [103], [151], [162]. However, the location of this oxide
layer (in the bulk material) relative to the crack tip was different for vertical (oxide filling
the crack tip) and horizontal (oxide ahead of the crack tip) specimens (see Figure 6.18,

and 6.22), possibly resulting in two different cracking mechanisms.

As previously explained, the fatigue cracking process at high temperatures for IN718
under dwell-fatigue conditions is closely related to oxidation related damage along grain
boundaries caused by dynamic embrittlement. This mechanism is primarily linked to
stress-induced oxygen diffusion along grain boundaries ahead of the crack tip in the
nano-metre scale [163]. As such, the effect of dynamic embrittlement on FCG will be
closely related to the availability of oxygen and local stress/strain state at the crack tip.
Thus, if the applied stress/strain increases (i.e., crack propagates, AK increases), the
contribution of dynamic embrittlement to fatigue cracking will be expected to increase
[164]. The specific microstructure of vertical specimens will, however, promote very
complex crack paths under time-dependent fatigue propagation conditions, as shown by
the 2D metallographic sections presented in Figure 6.19 with a highly uneven crack front
across the breath of the specimen. The complexity of the crack front will hinder, to some
extent, the transport of oxygen to the crack tip, plus the reduction in effective AK
associated with the deflected crack will reduce the local stress/strain acting on the grain
boundaries, both reducing the effect of dynamic embrittlement [165]. Hence, it can be
deduced that for vertical specimens at low AK levels (<25 MPavm) the combination of
available oxygen and local stress/strain at the crack tip are not enough to promote grain
boundary failure by dynamic embrittlement. Instead, if dwell time is long enough (90 s
dwells) oxidation will form inside the crack, arresting the fatigue crack and preventing
further oxidation ahead of the crack tip. As AK increases (>25 MPavm) the relatively
higher stress/strain acting on the grain boundaries will be sufficient to overcome the
effects of crack deflection and intergranular crack propagation will occur by dynamic

embrittlement as presented in chapter 5 for constant load 1-90-1-1 tests.
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Furthermore, the limitations of the DCPD system for capturing high temperature FCG
were evident by comparing the sectioned vertical specimens with the PD traces, where
no crack growth was captured. DCPD systems provide a measurement of the overall
averaged crack length, not being able to capture local differences in crack growth and
thus underestimating crack length for complex crack fronts. To fully characterise the
extent of crack deflection on the local stress/strain state a more accurate assessment of
the crack morphology, and crack propagation rates is necessary. X-ray or diffraction
computed tomography (CT) techniques could be used to obtain three dimensional
information of the crack morphology and grain orientations around the crack tip [94]. This
information could then be integrated into crystal plasticity models to assess strain
accumulation at grain boundaries, and its effect on dynamic embrittlement for vertical

specimens.

For horizontal specimens, the extent of crack deflection promoted by their microstructure
is not as significant. Transport of oxygen and local stress/strain at the crack tip are,
therefore, not as affected and the fatigue cracking process by dynamic embrittlement is
comparable to that described in the literature for CW IN718. During dwell times stress-
induced diffusion of oxygen will occur along grain boundaries, forming an
embrittled/damaged zone ahead of the crack tip. The formation of this damaged zone
was discussed for cyclic loading with the block tests, and for longer dwells (interrupted
tests) it was characterised with KAM maps (see Figure 6.17). Here, increased local
misorientation was captured in the grain boundaries ahead of the crack tip over a
distance of the order of the monotonic plastic zone size. Furthermore, discontinuously
cracked regions were observed ahead of the crack tip within the oxidation damaged
zone. This phenomenon has been previously reported for CW IN718 and other alloys
subject to dynamic embrittlement [96], [97], [150], [165]-[167]. Because of differences in
grain boundary structure, and thus oxygen diffusivity, fatigue cracking rates will vary from
boundary to boundary [96], [168]. This can result in intergranular cracking along selective
patches of grain boundaries within the damaged region, and the discontinuously cracked
regions seen in Figure 6.17, and 6.18 [96]. This phenomenon can be exacerbated in L-
PBF specimens where the number of twin grain boundaries is higher compared to CW
specimens possibly increasing scatter in crack propagation rates. It should be noted that
the uncracked ligaments are still electrically conductive, therefore this cracking process
cannot be captured by DCPD systems. More complex CT techniques would be required
to fully understand the relationship between damage ahead of the crack tip and these

uncracked ligaments.
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6.4 Summary

The role of oxidation during dwell fatigue on FCG mechanisms for cast and wrought, and
L-PBF IN718 (manufactured in two different orientations) at 650 °C was studied in this

chapter. The main conclusions were:

1.

The extent of oxidation-related damage formed ahead of the crack tip during dwell
fatigue was assessed with the block tests for both L-PBF orientations, and CW
specimens. Similar mechanisms were found for CW and horizontal specimens, with
the formation of a large damaged zone during dwell fatigue promoted by dynamic
embrittlement. This was linked to a short surge on FCG rates when switching to
cycle-dependent loading conditions. Furthermore, build orientation had a significant
influence on FCG mechanisms during the block tests. Vertical specimens had again

an arrested crack, and no damaged zone could be identified by the DCPD system.

The extent of crack propagation occurring per loading cycle during dwell-fatigue was
assessed and found to be different for L-PBF and CW specimens:

2.1. For CW specimens, the majority of crack propagation occurs during the

unloading-reloading stage across the majority of the AK range. Suggesting that
significant embrittlement of the grain boundaries occurs during the 90 s dwell,
which then breaks when unloading-reloading the crack. At high AK, crack growth
can occur during dwell time, although its magnitude is heavily retarded when
compared to the end of the previous cycle, indicating a period of incubation time
for FCG to occur during dwell time. This time period decreases as crack length
increases.

2.2. For L-PBF specimens, crack propagation was found to be continuous, with no

differences between crack growth during dwell time or unloading-reloading
captured by the DCPD system until the very last loading cycles. This indicates
that, for L-PBF specimens, the degree of embrittiement of the grain boundaries

caused by 90 s dwells is not as significant as for CW.

Oxides formed after a sustained load at 650 °C for 16 hours had a layered structure,
which consisted of an outermost Fe-rich oxide layer, and an inner Cr-rich oxide layer
at the metal/oxide interface for both L-PBF orientations. The extent of oxidation was
severe at the side surface, with vertical specimens showing more localised damage
and a thicker oxide layer around the crack tip. In the bulk material, where oxygen

availability is more localised, the location of the oxide layer relative to the crack tip
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was different for horizontal (ahead of the crack), and vertical (filing the crack)

specimens.

Oxygen diffusion by dynamic embrittlement is highly related to the availability of

oxygen, stress state at the crack tip, and their interaction with the local

microstructure. The subtle microstructural differences between horizontal and

vertical specimens (differences in grain size distribution, grain boundary character,

and grain shape) have resulted in two distinct fatigue cracking mechanisms at low
AK and 650 °C:

4.1.

4.2.

The microstructure of vertical specimens will promote a very complex crack path.
The complexity of the crack front will compromise oxygen transport to the crack
tip, and the reduction in effective AK associated with crack deflection will lower
the local stress state at the crack tip. With long dwells (90 s), and at low AK levels
(<25 MPavm) the combination of available oxygen, and local stress will not be
sufficient to promote stress-induced oxygen diffusion ahead of the crack tip.
Instead, oxidation will form inside the crack, contributing to crack arrest.

Horizontal specimens display a more conventional (comparable to CW) failure
process by dynamic embrittlement. During dwell time oxygen will diffuse along
grain boundaries ahead of the crack tip forming a damaged zone. This area will
have a lower resistance against crack propagation, and FCG rates will increase.
It should be noted that a discontinuous crack path can be discerned ahead of
the crack tip within the damaged region, which can be linked to intergranular
failure along selective patches of grain boundaries with lower resistance to

oxygen diffusion and cracking.
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7 Summary and conclusions

The research developed in this thesis aimed to gain an understanding of the fatigue crack
propagation mechanisms controlling the high temperature performance of additively
manufactured IN718. Such understanding is expected to inform improved/optimised
manufacturing of L-PBF IN718 with a mechanistic understanding of grain boundary
failure processes at high temperature. To achieve this, the studied samples consisted of
two L-PBF sample orientations (where cracks propagated either parallel [horizontal
specimens] or perpendicular [vertical specimens] to build direction). Plus, comparable
cast and wrought IN718 was studied to benchmark L-PBF against established

manufacturing techniques.

The L-PBF as-built material presented a fine dendritic microstructure preferentially
aligned parallel to the build direction. No significant differences were found in
precipitation between specimens with Laves and MC-type primary carbides precipitated
in interdendritic areas, without precipitation of IN718 common strengthening precipitates
(6-phase, v, y’). EBSD scans revealed a strongly textured structure with elongated
grains parallel to the build direction and a finer grain size perpendicular to the build
direction. Vertical specimens had an overall a coarser grain structure. Post heat
treatment, the grain structure was recrystallised eliminating the anisotropic texture and
strictly columnar grains. However, some grain shape was retained with grains having
high aspect ratios, and their orientation relative to the direction of crack propagation has
proven to have a large influence on time dependent fatigue at high temperature. The
HIPing heat treatment was successful in promoting the formation of a large area fraction
of twin grain boundaries (> 50%), and vertical specimens had again a coarser grain
structure. The brittle Laves phase was dissolved during the heat treatment and
precipitation of d-phase, ¥y and y” occurred with again no apparent differences in
precipitation between specimens. Grain boundaries were highly decorated with the &-
phase, with a large amount of intergranular precipitation of 3-phase occurring as well.
The cast and wrought material used for benchmarking L-PBF specimens had a finer
grain size, an equiaxed grain structure and a lower area fraction of twin grain boundaries.

No intergranular precipitation of 3-phase was observed, with it precipitating mainly as
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continuous films along grain boundaries. Furthermore, large blocky carbides (5-12 pum)
precipitated at grain boundaries for CW specimens, compared to the smaller (0.4-1.5

um) finely dispersed carbides across the microstructure for L-PBF specimens.

The influence of temperature (350, and 650 °C) and dwell time (1, and 90 s dwells) on
fatigue crack propagation mechanisms for all material conditions were assessed. At
lower testing temperatures, and 1s dwells there were no differences on FCG rates
between cast and wrought, horizontally and vertically built L-PBF specimens. All
conditions displayed transgranular failure modes, indicating that under cyclic dependent
conditions the heat treatment was successful in eliminating any influence from build
orientation. Intergranular failure modes became evident when testing at higher
temperature (650 °C) with an associated increase in fatigue crack propagation rates.
Under time dependent conditions, build orientation did have a significant effect on both
FCG rates and mechanisms, with vertical specimens having greater resistance against
crack propagation. This was primarily linked to subtle microstructural differences
between L-PBF sample orientations in grain size distribution, grain shape and grain
boundary character. The microstructure of vertical specimens promoted a more tortuous
crack path, with a lower amount of secondary cracking due to a coarser grain structure,
a higher area fraction of twin grain boundaries, and grains preferentially aligned against
the direction of crack propagation. Under more time-dependent crack propagation with
the introduction of longer dwells, crack arresting occurred for vertical specimens at low
AK values (<25 MPavm). Roughness measurements and crack profile observations
revealed a very tortuous crack path, which resulted in a lower (near-threshold) effective
AK arresting the crack. Comparatively, for all tests performed at 650 °C, cast and wrought
specimens displayed higher FCG rates and differences in grain boundary failure
mechanisms could be observed in the fractographic images. The equiaxed and finer
grain structure was not as successful in deflecting the fatigue crack. Plus, a combination
of smaller grain size and lower area fraction of twin grain boundaries, yielded a higher
number of grain boundaries susceptible to embrittlement. The results indicate that,
through a careful control of the L-PBF process and heat treatment it is possible for L-
PBF specimens to outperform cast and wrought IN718 under time-dependent fatigue

crack propagation conditions.

The effects of oxidation on fatigue crack propagation at 650 °C were further studied by
switching between high and low frequency regimes (aforementioned as block tests).
Noticeable oxidation related damage was formed ahead of the crack tip during dwell

fatigue promoted by dynamic embrittlement for horizontal and CW specimens. This was
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linked to a temporary surge in FCG rates when switching to higher frequency (5 Hz) as
the fatigue crack propagated through the embrittled grain boundaries. Although the
mechanisms are similar, there were differences in the size of the damaged zone, with
horizontal specimens exhibiting a larger damage zone (higher diffusion of oxygen along
grain boundaries) compared to CW specimens. This was again linked to grain size
differences and explains the higher resistance of horizontal specimens to crack
propagation. Build orientation had again a significant influence, with an arrested crack
observed during the 90 s dwell loading block, without the formation of an apparent
damaged zone ahead of the crack tip. In addition, the extent of crack propagation per
loading cycle during dwell fatigue was studied and found to be different between CW and
L-PBF specimens. In the case of CW specimens (as reported for other polycrystalline
superalloys), the majority of crack propagation occurred during the unloading-reloading
part of the cycle across the majority of the AK range. Significant embrittlement occurred
during the 90s dwell, which then failed rapidly when reloading-unloading the specimen.
Interestingly, for L-PBF specimens, crack propagation was continuous throughout the
test without differences between dwell time or unloading-reloading. Thus, showing a
greater resistance against dynamic embrittlement, which is ultimately reflected in slower
FCG rates.

The effect of longer dwells on oxidation related damage ahead of the crack tip was further
studied by holding pre-cracked samples under a sustained load for 16 hours at 650 °C.
No differences were found in the composition of the formed oxides, with these having a
layered structure which consisted of an outermost Fe-rich layer, and an inner Cr-rich
oxide layer. This was as expected and correlated with previous oxidation studies
performed on both CW and L-PBF IN718. However, the location of the oxide with respect
to the crack tip was different for horizontal and vertical specimens, resulting in two
different fatigue cracking mechanisms at low AK values (<25 MPavm). Horizontal
specimens displayed a more traditional grain boundary failure by dynamic embrittlement.
In this case, during dwell time, oxygen will diffuse along the grain boundaries ahead of
the crack tip forming a damaged zone (as in the block tests), which then breaks when
stress is applied. The degree of dynamic embrittlement is, however, highly dependent
on the availability of oxygen, local stress state at the crack tip, and their interaction with
the local microstructure. The microstructure of vertical specimens will promote a highly
tortuous crack path across the breadth of the specimen. This will both hinder oxygen
transfer to the crack tip and reduce the effective AK at the crack tip, lowering the local
stress state. As a result, if AK is low enough, the combination of oxygen availability and

local stresses will not be sufficient to promote stress-induced oxygen diffusion along
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grain boundaries. Instead, if dwell time is long enough, oxidation will fill the crack tip

halting fatigue crack propagation.

Based on these conclusions, it can be said that build direction does have a significant
influence on fatigue crack propagation under time-dependent conditions. L-PBF
components have generally been heavily heat treated to remove anisotropy in their
microstructures, and mechanical performance. However, this was only effective at lower
testing temperatures under transgranular crack propagation conditions. It is therefore
recommended to carefully consider the orientation of the applied tensile axis with respect
to the build orientation of the printed parts if used at high temperatures where time-
dependent mechanisms are dominant. This study indicates that components where
cracks propagate perpendicular to the build direction will exhibit better high temperature
fatigue crack propagation performance. Furthermore, the results have shown that it is
possible to use L-PBF to engineer microstructures capable of affecting deformation
mechanisms ahead of the crack tip during dwell-fatigue crack propagation. This was
achieved by manufacturing specimens in two different orientations; however, it may be
possible to achieve similar microstructural effects through careful control of the

processing parameters and scanning strategy.
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8 Further work

8.1 Additional mechanical testing

Chapters 5 and 6 focussed on characterising the crack propagation behaviour of L-PBF
and CW IN718 under different testing temperatures (350, and 650 °C) and frequencies
(1-1-1-1, 1-90-1-1 and block tests). For cycle-dependent conditions no appreciable
differences were seen between L-PBF orientations. However, there were significant
differences between orientations under time-dependent conditions with horizontal
samples showing worse resistance against crack propagation. Furthermore, crack arrest
occurred for vertical samples with longer dwells (90 s). To further understand this
transition in behaviour, it is recommended to perform additional fatigue crack propagation
tests with intermediate dwell times (i.e., trapezoidal waveform 1s — 20s — 1s — 1s), and
frequency scans (varying between high and low frequency regimes) at constant AK levels
(20 MPavm, and 30 MPavVm). This would allow to further understand the effect of
frequency on crack propagation for additively manufactured IN718. It should be noted,
that during this work frequency scans at constant AK 20 MPaym were attempted. The
crack was allowed to grow ~0.5 mm at each frequency and the loading sequence was:
5 Hz, 1-1-1-1, 2 Hz, 1-20-1-1, 0.5 Hz, and 1-90-1-1. However, due to noise in the PD
reading associated with high temperature testing, it was not possible to accurately
maintain stable constant AK across the entire test, and comparison between specimens

would have not been possible/accurate.

Oxidation ahead of crack tips was characterised by interrupting tests at ~AK 15 MPaVm,
as this was the region where the biggest difference between orientations was recorded.
It would be interesting to repeat these tests using the same conditions but interrupting
them at a higher AK value (30-40 MPaVm) where the crack is not arrested for vertical
specimens. This would allow to get a better understanding of oxidation ahead of the
crack tip with increasing AK. In addition to more interrupted tests, it would be
recommended to perform some crack propagation testing under vacuum or inert
environment conditions, where effects of oxidation are absent/reduced. This would allow

to get a better understanding of the effects of an oxidising environment and allow to
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disentangle the roles of oxidation and mechanical damage in fatigue mechanisms and

crack propagation rates.

The effects of cyclic loading on oxidation have been presented in chapter 5 and 6.
Additional testing to further investigate oxidation and the relationship between loads and
exposure are currently ongoing, however, additional experimental and characterisation
work is required to provide meaningful results. These involved unloaded (between 1-256
hours) and sustained load (105 % yield strength) oxidation tests at 650 °C, which will
help improve the understanding on the effects of externally applied loads on oxidation

for each L-PBF build orientation.

The work presented in this thesis has primarily focused on high temperature crack
propagation, as that was identified as the biggest gap in the literature. However, there is
still a lack of research regarding high temperature crack initiation and short crack growth
behaviour (i.e., temperature and frequency effects) for L-PBF materials. Although not
included in this thesis, some room temperature short crack tests on pre-test thermally
exposed specimens were performed to compare results with previous work done at
Southampton on crack initiation for IN718 [11]. The aim was to complete the test matrix
with high temperature short crack tests using the same loading frequencies as for long
crack testing and obtain a full picture of crack initiation and propagation mechanism for
additively manufactured IN718. However, problems with high temperature testing
equipment availability, and COVID meant that this work could not be completed and

might now be carried out by future PhD students at university.

8.2 Further characterisation

Build orientation had a significant effect on crack propagation rates under time
dependent conditions, where intergranular failure modes are dominant. It was found to
be primarily associated with subtle differences in grain size, shape, and grain boundary
character leading to a more tortuous crack path and a lower degree of intergranular
failure for vertical specimens. These differences were discussed by calculating the
reductions in effective AK resultant from crack deflections observed on 2D micrographs
from sectioned specimens. However, a fatigue crack front is a complex 3D shape, and it
is difficult to accurately characterise the crack tip from 2D images. It is recommended to
in future perform X-ray computed tomography scans of testing similar to the interrupted
tests, or 1-1-1-1, and 1-90-1-1 crack propagation tests, as it would allow to obtain a more
complete picture of the differences on crack front tortuosity between orientations.
Furthermore, higher resolution TEM-EDX analysis could be performed on TEM foils

extracted from the interrupted crack tips using Focussed lon Beam (FIB). These would
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allow to characterise more accurately the influence of build orientation on the

deformation structure, and oxidation processes ahead of the crack tip.

Finally, only the microstructures of as-built, and fully heat treated specimens were
characterised, and only fully heat treated specimens were fatigue tested. To better
understand differences between orientations, and characteristic features of the heat
treated microstructure it would be recommended to perform an analysis of the effects of
each of the heat treatment steps on the microstructure, as well as trying different
temperatures (HIP-no HIP, sub-solvus heat treatment, etc.). This could be followed by
long crack testing on some of this new material conditions and would be useful for

proposing heat treatments for L-PBF IN718.
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