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Abstract 

    This report presents an experimental study on two types of heat treatable aluminium 

alloys to determine the best process for achieving ultra-high-strength materials by 

means of severe plastic deformation (SPD) and heat treatment. It is well-known that 

age hardening and grain refinement are two mechanisms that contribute to 

strengthening. Accordingly, high pressure torsion (HPT), which induces an ultra-fine 

grain (UFG) structure, combined with artificial ageing were performed on an Al-Cu-Li 

and an Al-Zn-Mg-Cu alloy.  

    A series of hardness measurements against various ageing times and temperatures 

were investigated to provide an insight into strengthening. A strong increase in hardness 

of Al-Cu-Li alloys was achieved through the combination of age hardening and HPT. 

Specifically, following solution treatment, materials were processed through five turns 

of HPT at room temperature (RT), followed by low temperature ageing (i.e. T4-HPT-

AA). For the Al-Cu-Li alloy, a micro-hardness up to ~240 Hv for ageing 110 oC/60h 

with the maximum percentage increase of 8.5% after as-HPT condition was achieved. 

However, the low temperature ageing after HPT does not improve the hardness of Al-

Zn-Mg-Cu alloy. Besides, a further improvement in the hardness to ~260 Hv for Al-

Cu-Li was accomplished by a pre-ageing 110 oC/24h before HPT in combination with 

a post-HPT ageing process at 110 oC for approximately 180h (i.e. T6-HPT-AA). These 

novel multi-stage processes give rise to an increase in hardness by a factor of 2 as 



compared to the T4 condition (~120 Hv). Under the same process sequence using 

similar ageing temperatures, the Al-Zn-Mg-Cu alloy shows post-HPT age-softening. 

However, a reduced age-softening rate was obtained compared with the sample that had 

undergone solution treatment followed by HPT and ageing process, which connotes the 

stability of the material increased due to pre-HPT ageing.  

    As both T4-HPT-AA and T6-HPT-AA processes do not enhance the hardness of the 

Al-Zn-Mg-Cu alloy, further investigations in microstructural analysis were performed 

only on Al-Cu-Li alloy. Accordingly, X-ray diffraction (XRD), Transmission electron 

microscopy (TEM), Differential scanning calorimetry (DSC) and Atom probe 

tomography (APT) characterisation techniques were conducted on the optimum 

condition processed Al-Cu-Li alloy in all stages of two processing procedures (T4-

HPT-AA and T6-HPT-AA) from solution treatment to final ageing hardening. Aimed 

at improving the understanding of the combined strengthening effects of HPT and age 

hardening on the strength of the 3rd generation Al-Cu-Li alloy. 

    Grain size of T4 and T6-processed samples was dramatically refined during HPT 

from microscale level ~3 µm down to ~ 90 nm and ~ 115 nm, respectively. Such small 

grain size (UFG structure) was retained after subsequent peak ageing 110 oC /60h in 

T4-HPT-AA and 110 oC /180h in T6-HPT-AA conditions. In addition, HPT introduces 

large amount of dislocations with the highest dislocation density of 3.50×1014 m-2 in 

T4-HPT condition. No long-range ordered precipitates were observed by both XRD 

and TEM techniques after HPT and subsequent ageing treatments. Instead, atom probe 

tomography (APT) provided clear evidence that Cu-Mg co-clusters are homogeneously 

distributed in the matrix of T4 and T6 processed samples, and they segregate strongly 

to the grain boundaries (GBs) during HPT. Further ageing treatment after HPT leads to 

the segregation of clusters at the dislocations.  

    Finally, a strengthening model that incorporates dislocation hardening, grain 

boundary hardening, solid solution strengthening and a new short-range order cluster 

strengthening mechanisms was used to predict the yield strength of the Al-Cu-Li alloy. 

In this work, for the first time, a new cluster strengthening model is addressed to provide 

detailed explanations for each individual type of cluster strengthening mechanism, i.e. 

clusters in matrix, at grain boundaries and dislocations. The predicted strength from the 

model demonstrates that the combined effect of all three types of Cu-Mg clusters is the 

dominant mechanism for the high strength of the Al-Cu-Li alloy. 
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Chapter 1    Introduction 
 

1.1 Background and motivation 
 

The third generation of Al-Li alloys has been developed since the last decade. In recent 

years, under the increasing demand for fuel efficiency and cost efficiency, Al-Cu-Li 

alloys have gained great attention for their uses in the aircraft industry and aerospace 

programmes owing to their lightweight combined with a balance of damage tolerance 

and good formability [1–3]. In particular, they have recently been employed in many 

advanced aerospace applications such as Boeing 777, Airbus 380, NASA space shuttle 

in view of their low density, high specific strength and stiffness combined with a 

balance of fracture toughness and fatigue cracking growth resistance [4,5]. An 

experimental Al-2.88Cu-1.34Li-1.03Mg-0.09Zr (wt. %) alloy with a composition 

similar to the 3rd generation of Al-Li alloys was designed based on retaining or 

optimising the critical properties of the 2024-T351 alloy. This alloy possesses a yield 

strength of ~325-350 MPa, good age formability, fatigue crack growth resistance and 

toughness [6].  

 

7xxx (Al-Zn-Mg-Cu) series aluminium alloys have been extensively used in modern 

airframe manufacture due to their numerous benefits, including high specific strength, 

good strength (approximately > 600 MPa), weight saving, good toughness and 

generally enhanced performance. Among these alloys, 7449 (Al-8.1Zn-2.25Mg-

1.75Cu) was designed to replace 7150 alloys, particularly for applying the upper wing 

skin of aircraft [7]. 

 

Both Al-Zn-Mg-Cu and Al-Cu-Li are heat treatable Al alloys. The strengthening 

mechanisms mainly rely on age hardening, which consists of solution treatment, 

quench, and ageing. This treatment causes the formation of small uniformly dispersed 

particles of second phase, termed ‘precipitates’, that inhibit the dislocation motion, 

thus increasing the strength [8,9]. 
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Besides, grain refinement can also lead to a significant increase in the strength of 

metallic materials. In principle, grain boundaries act as obstacles to dislocation, and 

materials resist deformation by dislocation pile-up at grain boundaries. The pile-up of 

dislocations creates a driving force, which pushes these dislocations to adjacent grains. 

The reduction in grain size results in fewer dislocations pile-up at GBs, requiring 

considerable stress to move dislocations to the next grains, increasing the strength of 

materials [10]. Given this, the fabrication of ultra-fine grain (UFG) structure through 

severe plastic deformation (SPD) is an effective method. UFG materials contain almost 

entirely homogeneous and equiaxed microstructures with an average grain size less than 

1 μm (100-1000 nm) and with high angle grain boundaries (misorientation angle greater 

than 15o) [11]. As one of the most popular severe plastic deformation (SPD) techniques, 

high pressure torsion (HPT) involves processing through a combination of compressive 

force and torsional straining. HPT-processed materials possess a high density of 

dislocations and, in many cases, achieve exceptional levels of grain refinement to UFG 

microstructure [12]. 

 

In addition, the formation of clusters and co-clusters were observed in many Al-based 

metallic alloys during solution treatment or low temperature ageing in the past three 

decades [13–16]. These clusters have been accepted to be the dominant strengthening 

factor due to a short-range order strengthening mechanism. More recently, the UFG Al-

Cu-Mg (AA2024) [17] and Mg-Gd-Y-Zn alloys [18]  processed by HPT showed the 

segregation and clustering of solutes at GBs. Such clusters serve as obstacles to grain 

growth and stabilise the nanosized grains via pinning the grain boundaries, providing 

an extra strengthening effect in UFG alloys.   

 

To exploit the strengthening mechanisms that contribute to the high strength of metallic 

alloys, several detailed models which incorporate the grain refinement and dislocation 

strengthening contributions were proposed  [19–22]. In subsequent works,  the solute 

atoms were also considered as part of strengthening effects, and segregation of solute 

atoms at grain boundaries was detected in the 7075 and 7136 Al alloys after SPD 

processing [23–25]. On this basis, a physically-based model incorporating solute 

clusters and segregation cluster-defect complexes strengthening was then established 

by Chen et al. [26], which successfully predicted the strength of the UFG Al-Cu-Mg 
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alloy. However, this model does not provide detailed explanations for each individual 

type of cluster strengthening mechanism, i.e. clusters in matrix, clustering at GBs and 

dislocations. In addition, although there are some works on the dislocation-solute 

interaction [16], very little is known about the enthalpy change of clustering at 

dislocations and amount of strengthening provided by these dislocation-solute complex 

structures. Hence, the understanding of the strengthening due to clusters on defects is 

discussed, and enthalpy values of different types of clusters are estimated in this work. 

 

Several existing studies show that the hardness and strength of materials can be 

substantially improved by HPT processing [27–30]. However, the combinational 

strengthening effects of HPT and age hardening are difficult to achieve because it is 

still a challenge to generate fine precipitates within ultra-fine grains through subsequent 

ageing while retaining the small grain size and high dislocation density [31]. To date, 

many combinations of ECAP and ageing have been successfully used to enhance the 

strength of Al alloys, especially pre-ECAP solution treatment combined with post-

ECAP low temperature ageing [32–36]. In contrast, only a few works have been 

published regarding the strengthening effects provided by the combination of HPT and 

age hardening [31,37,38]. Among them, only one publication is on the Al-Cu-Li alloy 

[31]. So far, no study has been conducted on the combined effects of HPT and age 

hardening on the strength of the Al-Zn-Mg-Cu alloy. 
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1.2 Aims and objectives 
 

This research aims to obtain ultra-high strength via the combined effects of HPT and 

artificial ageing (AA) in age-hardenable alloys. The work focuses on Al-Cu-Li and Al-

Zn-Mg-Cu alloys as they are age hardenable alloys with two or more alloying elements 

involved in hardening.  According to an empirical relationship between yield strength 

and hardness 𝜎𝑦 ≈3HV, micro-hardness measurements can provide an indication of the 

yield strength. Accordingly, two different processing conditions were performed on two 

types of Al alloys. (1) Solution treatment + HPT + artificial ageing (i.e. T4-HPT-AA).  

(2) Solution treatment + artificial ageing + HPT + artificial ageing (i.e. T6-HPT-AA).  

 

In this work, a series of micro-hardness tests as a function of the ageing time at various 

temperatures was measured for both alloys prepared in two processing conditions. The 

processing temperature and ageing time used to obtain the highest strength of materials 

were selected as the optimum processing condition. The combination of HPT and age 

hardening, which usually enhance the strength of the metals and alloys, has been found 

to be ineffective in improving the strength of 7449 Al alloys. Therefore, only Al-Cu-Li 

alloys processed by the optimum condition were investigated for further microstructural 

analysis. 

 

Several techniques, including X-ray diffraction (XRD) and transmission electron 

microscopy (TEM) were conducted to assess the grain features, microstructural 

characteristics of Al-Cu-Li alloy in each stage of processing condition. Dislocation 

densities were evaluated by analysing XRD line broadening profiles based on the 

Rietveld method. Atom probe tomography (APT) was used to examine the behaviour 

of solute clusters, and differential scanning calorimetry (DSC) was employed to explore 

the thermal effects that occur in different processing conditions. Finally, a strengthening 

model that includes grain boundary hardening, dislocation strengthening, solid solution 

strengthening and a new short-range order strengthening mechanisms is applied to 

evaluate the contributions of strengthening mechanisms and predict the yield strength 

of Al-Cu-Li alloy. 
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1.3 Thesis structure 
 

The PhD thesis is structured as follows: Chapter 1 presents the background,  motivation, 

aims and objective of the current research. A comprehensive literature review is given 

in Chapter 2, containing fundamental knowledge regarding the studied materials (Al-

Cu-Li and Al-7449), the introduction of strengthening mechanisms, HPT technique, 

characterization techniques, as well as strength models. Chapter 3 describes the detailed 

experimental processing procedures used in this research. Also, it explains the rationale 

for the chosen experimental methods.  

Chapter 4 investigates the optimum processing conditions for obtaining the highest 

hardness of materials by performing a series of micro-hardness tests on the materials. 

In addition, a discussion on the micro-hardness of materials subjected to the combined 

effects of HPT and age hardening is presented in this chapter. In chapter 5, the 

microstructural evolution of Al-Cu-Li alloy is investigated by XRD and TEM, and a 

discussion on the microstructure is given. Segregation of solute elements and clustering 

at GBs and dislocations in an ultrafine-grained Al-Cu-Li alloy are studied by APT and 

DSC in Chapter 6. In Chapter 7, the strength of Al-Cu-Li is predicted by existing 

models, and a new modified cluster strengthening model is established. This chapter 

also analyses and estimates the amount of solute atoms clustered at the defects and the 

enthalpy value involved in the modified cluster strengthening model. Finally, Chapter 

8 summarises the main conclusions from the current research and suggestions for future 

works. 

  



Chapter 2    Literature review 

 

6 

 

 

Chapter 2    Literature review 
 

2.1 Introduction of aluminium 
 

2.1.1 History of aluminium and its production 

 

Aluminium is the third most abundant metallic element in the earth’s crust, and its 

alloys are the second most widely used alloy system today [39]. In 1808, Al was first 

identified as a chemical element by Sir Humphry Davy, and then Danish chemist Hans 

Christian Orsted in 1825 claimed to have isolated Al, but it was controversial. Two 

years later, Friedrich Wohler modified Orsted’s experiment to produce Al, and he is 

generally credited as the first person to have done so. In 1886 Hall and Heroult 

independently invented a process for the electrolytic reduction of pure metallic 

aluminium [39]. This invention enabled large-scale production of Al as a commercially 

viable undertaking. 

 

Raw aluminium exists in all types of clay. Bauxite containing 25% aluminium oxide 

was chosen to produce aluminium oxide (alumina) by digestion with a sodium 

hydroxide solution under pressure, known as the Bayer process. Therefore, the modern 

manufacture of aluminium is achieved by two processes: the Bayer process and the 

Hall-Heroult process. The Bayer process refers to refining aluminium ore to obtain 

alumina, and Hall-Heroult process is developed to smelt the aluminium oxide to form 

pure aluminium [39]. 

 

Pure or near pure metallic aluminium has numerous valuable properties such as low 

density, low melting point, great corrosion resistance, good workability, good thermal 

and electrical conductivity. These properties allow it useful in an extensive range of 

applications. In addition, high strength Al or further valuable features can be 

accomplished by adding suitable alloying elements and heat treatments. For this reason, 

aluminium alloys can be categorised into different groups based on the main alloying 

element added and mechanical or thermal treatment [40]. 
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2.1.2 Aluminium alloy categories 

 

Generally, aluminium alloys fall into two main categories, cast and wrought, and each 

of these two categories has its own system of identification. The wrought system has a 

4-digit system, and the cast system has a 3-digit and 1-decimal place system. Each 

category can be subdivided into heat treatable and non-heat treatable alloys [41,42]. 

 

The wrought alloy nomenclature system is listed in Table 2-1 below [41]. The first digit 

represents the alloy group in terms of the major alloying elements. The second digit 

defines alloy modification, and the last two digits identify alloys or other aluminium 

purities. The cast alloys nomenclature is also given in Table 2-1 [41]; the first digit 

represents major alloying addition, the following two digits show individual alloys in 

the group. Finally, the last digit serves the product form: casting is 0, and ingot is 1 [40]. 

 

The 1xxx, 3xxx, and 5xxx series in wrought aluminium alloys are defined as non-heat 

treatable group. These alloys do not respond to strengthening via heat treatment, and 

they acquire strengthening by work hardening or strain hardening. The heat treatable 

aluminium alloys include 2xxx, 6xxx, and 7xxx series. Their optimum mechanical 

properties can be achieved through heat treatment process. 4xxx series contains both 

heat treatable and non-heat treatable materials. Moreover, cast alloys 2xx.x, 3xx.x, 

4xx.x and 7xx.x groups are heat treatable. Alloy indications often contain basic temper 

designation, shown in Table 2-2 [43]. Where, H - Strain hardened, T - Thermally 

treated. O - Annealed, F - As-fabricated and W – Solution treated [40,43]. 
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Table 2- 1. The wrought Al alloys designation system [41]. 

4-digit designation Major alloying elements 

1xxx 99.00% Al minimum 

2xxx Cu 

3xxx Mn 

4xxx Si 

5xxx Mg 

6xxx Mg, Si 

7xxx Zn 

8xxx Others 

 

 

 

 

 

 

 

 

 

 

3-digit designation Major alloying elements 

1xx.x >99.00% Al 

2xx.x Cu 

3xx.x Si plus Cu or Mg 

4xx.x Si 

5xx.x Mg 

7xx.x Zn 

8xx.x Sn 

9xx.x other 
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Table 2- 2. The Cast Al alloys designation system [42]. 

Suffix letter  

F As-fabricated 

O Annealed wrought products 

H 

Cold worked 

(strain hardened) 

1− Cold worked only 

2− Cold work& partially annealed 

3− Cold worked& stabilised 

W Solution treated 

 

 

T 

Heat treatment 

1− Partial solution + natural ageing 

2− Annealed cast only 

3− Solution + cold work 

4− Solution + natural ageing 

5− Artificial ageing only 

6− Solution + artificial ageing 

7− Solution + stabilising 

8− Solution + cold work + artificial ageing 

9− Solution + artificial ageing + cold work 
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2.1.3 Strengthening mechanism of Al alloys 

 

Most heat treatable Al alloys are strengthened by precipitation hardening, also termed 

as age hardening. The process consists of three steps: (1) Solution treatment: the alloy 

is heated above solvus temperature in single phase region to allow solute atoms to be 

dissolved and a homogenous solid solution is attained; (2) Quenching: Rapid quenching 

(cooling) to obtain a non-equilibrium supersaturated solid solution (SSSS); (3) 

Artificial ageing: Controlled heating of the supersaturated solid solution at intermediate 

temperature (above room temperature but well below the solvus temperature) in multi-

phase region to form finely dispersed precipitates within the grains [8]. These 

precipitates act as obstacles to impede dislocation motion, leading to larger forces for 

dislocation to pass the precipitates. Consequently, the strength and hardness of 

materials can be enhanced.  

 

Non-heat treatable Al alloys may respond to hardening by solid solution, often coupled 

with work hardening [44]. The strength of these alloys is improved by alloying 

aluminium with additional elements in solid solution, and these alloys include Al-Mn, 

Al-Si and Al-Mg. The strain field introduced by these solute atoms interacts with the 

strain fields of dislocations, leading to an enhancement in the strength of alloy [45]. In 

addition, the strength can be further increased through strain hardening or work 

hardening, which is accomplished via processes such as cold rolling, stretching, 

drawing through dies, or HPT and ECAP processing.  

 

Here in the present report, two heat-treatable Al-Cu-Li and Al-Zn-Mg-Cu alloys were 

studied. For that reason, attention is paid mainly to the precipitation hardening 

mechanism.  
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2.2 Al-Cu-Li and its strengthening mechanism 
 

2.2.1 Al-Cu-Li 

 

Due to the high demand for high specific strength materials in space programmes and 

the aircraft industry for fuel efficiency and better performance, many aluminium alloys 

with different contents of Li and Cu have been developed over the last four decades. It 

has been reported that adding 1% of lithium to aluminium will lead to a reduction of 

density up to ~3% and an improvement in Young’s elastic modulus by ~6% [46]. 

Moreover, the strength of Al-Li alloys strongly depends on the content of Li. Hagiwara 

et al. [47] reported that the addition of Li to AA2219 alloy introduced a continual 

increase in strength, with the content of Li increasing up to 1.25%. Moreover, Kumar 

and Heubaum [48,49] found that the desirable combination of strength and toughness 

for Al-Li alloy was achieved when alloy containing ~1.3% lithium, beyond this level 

results in a significant decrease in strength. 

 

The 1st generation Al-Li alloy Al-4.45Cu-1.21Li-0.51Mn (AA2020) was reported in the 

late 1950s for the wing component in aircraft application [50]. It lasted for more than 

20 years without fracture or corrosion issues until the 1960s. It was withdrawn from 

commercial application due to poor ductility and high brittleness [1]. After that, the 2nd 

generation Al-Li materials contained over 2 wt. % of Li content was developed. 

Although weight reduction was attractive, these 2nd Al-Li alloys exhibited a significant 

in-plane and through-thickness anisotropy in their tensile properties. Additionally, they 

performed low short-transverse fracture toughness, poor thermal stability and corrosion 

resistance. For that reason, the 3rd generation Al-Li alloys such as 2094, 2095, 2096, 

2097, etc. were developed with reduced Li concentration, which gives desirable 

combinations of properties for a variety of commercial uses [1].  

 

The alloy studied in this report is Al-Cu-Li (Al–2.88Cu–1.34Li–1.03Mg) alloy, whose 

composition is similar to the 3rd generation Al-Li alloys.  
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2.2.2 Age hardening 

 

The desirable mechanical properties of 3rd generation Al-Li alloys are attributed mainly 

to age hardening. The ternary Al-Cu-Li alloys have a complex precipitation sequence, 

revealing aspects of both Al-Cu and Al-Li binary systems. The Al-Cu sequence gives 

GPI, GPII (θ′′) and θ′(Al2Cu) precipitates [51]. The Al-Li sequence can generate δ′ 

(Al3Li) phase, and the formation of this strongly depends on the content of Li [52]. 

Furthermore, the addition of other minor alloy elements, such as Mg, Zr and Ag, will 

significantly alter their phase equilibria and make the precipitation sequence even more 

diverse. Adding Mg to Al-Cu-Li alloys may result in the formation of Cu-Mg co-cluster 

(GPB zones) or S/S′(Al2CuMg) phases. The presence of S′ phase was found near the 

grain boundaries, which will generate a precipitation-free zone (PFZs) [53,54]. 

Furthermore, a small amount of Zr will cause the formation of β′ (Al3Zr) phase. Omega 

(Ω) precipitates will be formed when adding Ag and Mg in Al-Cu-Li alloys [55]. 

Although the formation of several co-precipitation metastable phases is involved in 

strengthening of Al-Cu-Li alloys, produced T1 (Al2CuLi) phase was reported to be the 

primary precipitates attributed to the strengthening by Gayle et al. [56]. 

 

Additionally, according to the processing condition and composition of the alloy, other 

minor phases such as T2 (Al6CuLi3) and TB may also be formed, especially at grain 

boundaries [57]. Each of these precipitates is in competition for Cu or Li solute and 

nucleation sites, and the size and distribution of them are controlled by heat treatment 

processes [58]. Most Al alloys decompose via complex decomposition paths involving 

the formation of metastable phases/precipitates. Understanding the decomposition 

paths is essential for designing novel materials. Hence, the various possible precipitates 

including δ′ phase, θ′ phase, T1 phase, S′ and S phases, β′ phase, Ω phase and clusters 

are discussed in detail respectively in the following section. 
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δ′ phase 

 

The precipitation sequence of the binary Al-Li system was first discovered by Silcock 

et al. [59] as:                         

SSSS → δ′ (Al3Li)  → δ (AlLi) 

SSSS stands for supersaturated solid solution that is derived from quenching after 

solution treatment of alloy. The metastable δ′ phase (Al3Li) has a L12 face-centered 

cubic (FCC) structure and a similar lattice constant with the Al matrix; this gives δ′ 

phase a coherent precipitate [56]. Two morphological types of δ′ phase have been 

observed; it takes a dot-shaped when it precipitates homogeneously throughout the 

matrix and exhibits lenticular shape when it is flanking GPI zones or around θ′ phase, 

as shown in Fig. 2-1 [56,60]. It has been observed that δ ′ particles can be cut by 

dislocations in under-aged materials and bypassed in over-aged materials upon 

deformation [60]. Four possible strengthening mechanisms provided by δ′ phase in Al-

Li system has been summarised by Noble et al. [61–63]: (1). Anti-phase boundary (APB) 

formed by dislocation pairs; (2). Misfit strain between Al matrix and precipitates; (3). 

Precipitates shearing by moving dislocation; (4). Different shear modules between 

precipitates and matrix. In fact, the degree of strengthening contributed by δ′ depends 

on the volume fraction and the size distribution of particles. For those alloys that contain 

a relatively low content of Li (e.g., 2xxx alloys), the volume fraction of δ′ will be lower 

than alloys (e.g., 809x), which results in the strengthening contribution from δ′ becomes 

much less than other precipitates in those alloys [64]. It is noticeable that even if δ′ 

contributes hardening in Al-Li-X alloys, the δ′ near the grain boundaries will reduce 

the ductility and toughness owing to the highly shearable behaviour of δ′ particles. This 

induces planar slip and causes high stress concentration at grain boundaries [61]. 
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Figure 2- 1. Dark-field TEM images of (a) dot-shaped δ′ phase homogeneously 

throughout the matrix [63], and (b) lenticular shaped δ′ phase precipitated around θ' 

phase indicated by white arrows. And smaller lenticular δ′ phase flanking the GP zones 

indicated by black arrows [56]. 

 

θ ′ phase 

 

θ ′  phase is a semi-coherent metastable phase, precipitates with a body-centred 

tetragonal structure. It appears as thin platelets or disks morphology lying on {0 0 2}Al 

plane, shown as Fig. 2-2. The precipitation sequence is given by:  

SSSS→ GPI zones → GPII (θ′′) → θ′ → θ (Al2Cu) 

The addition of Cu in the Al-Li system does not affect the basic character of the δ′ 

precipitation reaction, but it does initiate additional precipitation reactions that benefit 

for strengthening in Al-Li alloys, such as precipitation reaction of θ′ phase (Al2Cu) 

[65,66]. It has been shown that the nature of metastable and equilibrium phases that 

precipitates in the alloy is dependent on the ratio of Cu: Li and temperature of ageing 

[67]. For instance, Al-Li alloys contain higher Li content  (>2 wt. %) and lower Cu 

content (<2 wt.%), the strengthening precipitate θ′ will be suppressed, and T1 phase 

will form [68]. Besides, the θ′ phase has not been formed when the Cu: Li ratio <1: 3 

[66]. Moreover, θ ′  is treated as the dominant addition giving rise to the peak 

strengthening effect in Al-Cu alloys with or without Li [59]. 
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Figure 2- 2. Bright-field TEM image of 2196 Al-Li alloy under over-aged (170 °C/72 

h), θ′ and T1 precipitates are indicated by yellow arrows [69]. 

 

T1 phase 

 

Apart from the metastable θ′ phase, the addition of Cu also introduce a hexagonal 

structure T1 (Al2CuLi) equilibrium phase that forms as thin platelets on {1 1 1} matrix 

planes, as shown in Fig. 2-2 and Fig. 2-3 [69,70]. Among the S′, θ′, and δ′ phase, T1 

precipitates are generally considered to be the dominant hardening phase in the aged 

Al-Cu-Li alloys such as 2090 and 2195 alloys, since it behaves as a non-shearable 

barrier that impedes the dislocation motions [56,67,71]. The formation of T1 follows 

the sequence of  

SSSS→ δ′ + T1 → T1 

It has been found that it preferentially nucleates heterogeneously at dislocations in Al-

Li-Cu alloys due to diffusional transformation. Consequently, applying plastic 

deformation before artificial ageing significantly influences their precipitation kinetics 

and the size of T1 precipitates. The plastic deformation prior to ageing can increase the 

number of heterogeneous nucleation sites, resulting in a uniform distribution of 

heterogeneously T1 precipitates [72–74]. Moreover, it was reported that the nucleation 

of T1 phase could be strongly promoted through the addition of a minor amount (<1 wt. 

%) of Mg and Ag. The combined addition of Mg and Ag results in the uniform 

formation of T1 particles with finer grain size, hence enhancing the strength of Al-Li 
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alloys [75]. Nevertheless, adding a single element of Ag only makes a minor 

contribution to their precipitation [75]. 

 

 

Figure 2- 3. Dark field TEM image showing the distribution of the T1 precipitates in 

the Al-Li-Cu alloy in T8 treatment [70]. 

 

S′ and S phases 

 

With the addition of Mg to higher-Cu containing Al-Cu-Li alloy such as AA2090, the 

formation of θ′ is suppressed and instead of the S′ phase precipitates [66]. For the alloys 

that contain higher Li and lower Cu, i.e. 8090, S′ phase acts as the predominant Cu-

bearing phase [2]. Whereas, as the ratio of Cu: Mg gradually decreases, the formation 

of T1 is totally suppressed, and the Cu-bearing phase is now instead of by S′ phase, as 

in the case of alloy AA2091 (Al-2Li-2.2Cu-1.5Mg-0.08Zr) [66]. The precipitation 

sequence was suggested by Wang and Starink [76], given as: 

SSSS → GPB zone (Cu-Mg co-cluster + GP zones) → S′′/ GPB2 → S′ → S 

Where GPB (Guinier-Preston-Bagaryatsky) are ordered Cu-and Mg-rich zones in the 

form of thin rods along <100>α directions. GPB2/S′′ was thought to be fully coherent 

with the Al-rich phase. The lath-shaped semi-coherent S′ phase has an orthorhombic 

structure. It lies on {2 1 0}   matrix plane along< 100 > directions. S phase has a 

similar structure and orientation as S′ phase except for a marginal difference in lattice 

parameters. Both S′ and S phases have the composition of Al2CuMg. Moreover, two 

distinct S phases with different lattice parameters were identified in Al-2.5Cu-1.5Mg 
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alloy [77]. The two different morphologies of S phase, i.e. lath-shaped and rod-shaped 

are shown in Fig. 2-4. 

 

 

Figure 2- 4. Bright-field TEM image of  S phase precipitates after ageing for (a) low-

magnification and (b) high-magnification at 200 °C/9 h [77]. 

 

𝛽′ phase 

 

The addition of Zr in Al is associated with the formation of β′ (Al3Zr) phase, which can 

effectively inhibit recrystallisation. The spherical and coherent β′ precipitates have the 

L12 structure shown in Fig. 2-5 [78]. Moreover, they are so stable that they can pin the 

grain and sub-grain boundaries in the thermomechanical processing of commercial Al 

alloys because of low solid solubility and sluggish diffusion of Zr in Al, and the small 

misfit between β′  and matrix reduces coarsening [79]. On the one hand, the 

effectiveness of inhibiting recrystallisation and the β′precipitation behaviour will not 

be affected with the addition of Li alloying elements. On the other hand, β′ phase serves 

as preferential heterogeneous nucleation sites for strengthening precipitates δ′ [80,81]. 

Later on, β′ phase was also found as preferential nucleation sites for θ′ and T1 phases 

to a lesser extent [82], leading to an apparent acceleration during ageing process. 
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Figure 2- 5. STEM microstructures of spherical β′precipitates (indicated by yellow 

arrows) formed in 2198 Al-Li alloy aged after 2.5 h [78]. 

 

Ω phase  

 

For the formation of omega Ω (Al2Cu) phase on {1 1 1}α  matrix, many explorations 

related to its structure was developed. Observed crystal structures containing tetragonal, 

monoclinic, hexagonal and orthorhombic until Starink and Wang reviewed that the Ω 

phase was likely to be orthorhombic [83–86]. It has been shown that the nucleation of 

Ω phase can be promoted by adding a small amount of silver to Al-Li-Cu-Mg alloys. 

Mg plays an essential role in Ω phase, while Ag is merely acting as a catalyst for Ω 

phase formation [55]. The precipitation of Ω phase is shown in Fig. 2-6 [84]. 

 

 

Figure 2- 6. TEM dark field image of quenched and stretched (T351) Al-2.81Cu-1.05Mg-

0.41Mn (wt. %) alloy after ageing at 150°C/48h, Ω and S phases are indicated by arrows [84]. 

β′ 
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Cluster and co-clusters 

 

Co-clusters are metastable structures including two or more different alloying atoms 

that retain the host lattice structure. In the early stages of decomposition of solution 

treated alloys, clusters are generated in the form of small precipitates (as small as 10 

atoms) from a metastable solution through a solute clustering process [13]. Such solute 

clusters are believed to form through rapid solute diffusion mediated by vacancies 

inherited from quenching from solution heat treatment. The simplest co-cluster is a 

dimer (shown in Fig. 2-7). 

 

Unfortunately, most microstructural analysing techniques, e.g. TEM and High-

resolution electron microscopy (HREM) cannot resolve such small size clusters, while 

Atom probe (APT) do allow the detection of analysing these clusters. These clusters 

and co-clusters have been detected in many Al-based metallic alloys such as Al–Zn–

Mg–Cu [15,87], Al-Mg-Ag [88], Al-Cu-Mg [13,16,89] and Al-Mg-Si [14,90] alloys, 

with a size as small as ~0.3 nm. As the cluster and co-clusters are shearable, the 

Orowan strengthening mechanism will not be applicable. Therefore, many 

strengthening mechanisms (i.e. short-range order strengthening, modulus hardening 

and chemical hardening) related to obstacle shearing are used to explain the 

strengthening effects [13]. 
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Figure 2- 7. The schematic diagram of co-cluster [13]. 
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2.3 Al-Zn-Mg-Cu and its strengthening mechanism 
 

2.3.1 Al-Zn-Mg-Cu 

 

The 7xxx series precipitation hardening Al alloys are based on either the ternary Al-

Zn-Mg or the quaternary Al-Zn-Mg-Cu system, which are utilised widely in the 

aerospace industry due to their high specific strength, high ductility and excellent stress 

corrosion cracking (SCC) resistance [91,92]. This type of alloy contains Zn, Mg and 

Cu as the main alloy elements and some other minor amount of additives such as Zr, 

Mn, Fe, Si, etc.  

 

2.3.2 Age hardening 

 

These main mechanical properties of 7xxx series alloys strongly rely on the main 

precipitates formed during heat treatment and the heat treatment routes, and the 

precipitation greatly depends on the alloy composition. Accordingly, many alloys have 

been developed with increasing solute content and varying the ratio between three main 

alloying additions to obtain high strength [3]. The addition of these elements produces 

a classical accepted precipitation sequence through the age hardening process, which is 

given by [93]: 

SSSS → GP zones (GPZs) → Metastable ƞ′ → Stable ƞ  

GPs are Guinier-Preston zones; it was confirmed that two distinct GP zones in tertiary 

Al alloys: GPI and GPII exist within artificially aged 7xxx Al alloys [91,94]. 

Furthermore, ƞ′  (MgZn2) and  ƞ  (MgZn2) are intermediate and equilibrium phase, 

respectively. Therefore, both GP zones and metastable ƞ′  are either indirectly or 

directly contributing to the peak hardening effect.  
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GPs Zones 

 

Under an early stage of precipitation, GP zones are formed since the energy of 

nucleation barrier for direct formation of stable precipitation is high. These fine-scale 

zones are solute-enriched regions, which obstructs dislocation motions thus contributes 

to strengthening. With the aid of high-resolution transmission electron microscopy 

(HRTEM) and selected area electron diffraction (SAED), two types of GP zones with 

different structures were observed in Al-Zn-Mg alloy [94]. These observations were 

proposed in detail by L. K. Berg [94]. GPI zones are spherical Mg-rich clusters, and the 

structure of GPI zones was suggested to be coherent with Al matrix, located on 

{0 0 1}Al plan with the internal ordering of Zn and Al/Mg on the matrix lattice [95]. 

They are formed when quenched Al-Zn-Mg alloy undergoes RT ageing and later found 

to generate over a wide ageing temperature range up to ~150 oC [96]. However, GPII 

zones are thin plates vacancy-rich clusters, created at a high ageing temperature after 

quenching from temperature above 450 oC and followed by ageing temperature above 

70oC [96,97]. According to diffraction evidence, the GPII zones are also coherent with 

the Al matrix and were found as a zinc-rich layer situated on {1 1 1} plan with the 

internal ordering of elongated 〈1 1 0〉 domains. TEM images of GPI and GPII zones are 

shown in Figs. 2-8 (a) and (d) [97]. 

 

The TEM images of GPs zones distributions were reported in many research [98,99]. 

Generally, either GPI or GPII can serve as precursors to ƞ′ phase. In practice, the role 

of GP zones on the precipitation of ƞ′ and the strength of Al-Zn-Mg alloys is disputable. 

The precise precipitation sequence still remains to be investigated. For example, Gang 

and Cerezo [93] and Chen et al. [100] proposed that only GPI zones and ƞ′ phase are 

formed during ageing process, and GPI zones act as the precursor to ƞ′  phase. 

Nevertheless, Berg et al. [94] and Fan et al. [101] observed that both GPI and GPII 

zones were formed in the alloy after ageing process. 

 

With Cu present, the precipitation sequence of Al-Zn-Mg-Cu becomes more 

complicated. It is known that Cu plays a significant role in the decomposition of 

supersaturated solid solution [102]. It is also suggested that the addition of Cu can alter 
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the morphology of GPs zones and increase the GPs zones solvus temperature [103,104]. 

For instance, GP zones in Al-Zn-Mg alloys shown a spherical shape. Nevertheless, Al-

Zn-Mg-Cu alloy GPI was observed to be spherical and GPII to be ellipsoidal [104]. It 

has also been found that the ageing kinetics and quench sensitivity of Al-Zn-Mg alloys 

are raised with the adding of Cu [103,105]. 

 

ƞ′and ƞ phases 

 

The ƞ′ phase has been considered as predominantly hardening phase in Al-Zn-Mg 

alloys as the maximum strength are typically associated with the dispersion of fine ƞ′ 

particles. The formation of ƞ′ phase occurs and coexists with GP zones when the Al-

Zn-Mg-Cu alloy is aged at temperature in a range of ~60−180 oC [96]. Moreover, it 

nucleates preferentially at the four types of nucleation sites: (1). GP zones of 

overcritical size; (2). Quenched-in clusters-rich vacancies; (3). Concentration 

fluctuation left behind by dissolving GP zones in low concentration alloys (CZn ≤ 

2.5%); (4). Impurity atoms [96]. Based on many crystal structure models either from 

X-ray diffraction or HRTEM analysis, ƞ ′  has been commonly recognised as a 

hexagonal cell structure with a=0.496 nm and c=1.402 nm, and it is semi-coherent with 

Al matrix. Furthermore, it has plate-shaped with a thickness of ~3 nm and a diameter 

of 5 nm [106]. Moreover, ƞ phase is transformed from its precursor ƞ′ phase, and this 

equilibrium MgZn2 phase is incoherent with Al matrix. The structure of equilibrium 

phase ƞ has a hexagonal lattice (a = 0.521 nm, c = 0.860 nm) with a stoichiometric 

composition of MgZn2 [94]. TEM images of ƞ and ƞ′ phases are shown in Figs. 2-8 (b-

c) [97]. 

 

Other precipitates may be formed depending on the ageing temperature and the 

composition of those minor additive elements such as S (Al2CuMg) and T (Mg3Zn3Al2), 

but they are thought not to contribute to the hardening of Al-Zn-Mg-Cu alloy [107]. 
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Figure 2- 8. TEM images of (a). GP(I) zones; (b). ƞ′ precipitates (100 h, 115°C, solution 

temperature 550°C); (c) ƞ  and ƞ′ particles (100 h, 145°C, solution temperature 450°C); 

(d) high-resolution image of GP(II) [97]. 

 

There are some factors that affect precipitation sequences. As reported, depending on 

ageing temperature and alloy composition, ƞ′ phase can be nucleated through GP zones 

or can nucleate on the agglomerates of alloying atoms and vacancies, which is regarded 

as vacancy-rich cluster (VRC) [96,106]. As remarked by Dupasquier et al. [108], two 

families of VRC are generated during or immediately after quenching. They are differed 

by the content of Zn and thermal stability, the more stable giving the richest in Zn 

content [108]. The VRCs form during or after immediate quenching, and they disappear 

from alloys simultaneously with the formation of GP zones, hence may having a 

significant effect on the precipitation process and GPs zone formation. Chinh et al. [104] 

suggested that the formation regimes of GPZs and ƞ′ are different in Al-Zn-Mg alloys, 

but they are strongly overlapping in Al-Zn-Mg-Cu alloys. They found that in Al-Zn-

Mg alloys precipitation of ƞ′ phase occurs on ageing at 130 oC, but GP zones cannot 

form. However, in Al-Zn-Mg-Cu alloys, the formations of VRCs and GP zones are 

from quenching and ageing, respectively. Both VRCs and GPZs assist the nucleation 



Chapter 2    Literature review 

 

25 

 

of ƞ′ phase. Therefore the precipitation sequence after quenching and ageing at 130 oC 

is given as [104]: 

In Al-Zn-Mg:    SSSS → VRCs → ƞ′ → ƞ  

In Al-Zn-Mg-Cu:   SSSS → VRCs + GP zones (formed at 130oC) → ƞ′ → ƞ 

In addition, in industrial praxis hardening of Al-Zn-Mg alloy, plastic deformation will 

be applied after quenching to release the residual stress and quench distortion (strain 

less than 5%). The plastic deformation induces large dislocation density, which can 

alter the precipitation sequence. In principle, precipitates are more likely to nucleate on 

dislocations as lower free energy change required for nucleation [109,110]. In addition, 

dislocation causes short-circuit diffusion path for solutes, leading to faster growth and 

coarsening of precipitates on dislocation than in bulk [111,112]. Moreover, the presence 

of precipitation on the dislocations naturally stimulates the stable phases ƞ rather than 

metastable phases ƞ′. Additionally, Deschamps et al. [110] pointed out the influences 

of pre-straining or pre-deformation and ageing process parameters on precipitating 

sequence. The pre-deformation increases kinetics of ageing process and directly forms 

equilibrium ƞ on dislocations without precipitating intermediate ƞ′ phase.  
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2.4 Severe plastic deformation  
 

Forging, rolling, compression and extrusion are conventional metal processing methods 

of achieving smaller grain size materials. In such methods, materials undergo multi-

pass plastic strain processing with von Mises strain less than 2.0 in each pass. The 

increase in strain accompanied by the subsequent passes results in a significant 

reduction of the thickness and diameter of materials. Whereas for structural use, bulky 

dimension is required. Therefore, it is crucial to have a process that imposes a large 

strain on the bulk material with nearly unchanged dimensions, in which case the 

materials can be used as structural parts [113,114]. 

 

Severe plastic deformation is a grain refinement method that imposes a massive plastic 

strain over 4.0 on materials without significant overall shape-changing. Prior to the SPD 

process, grain refinement has been accomplished mainly by above conventional 

processing methods and subsequent annealing. The minimum grain size obtained 

through these workings has been approximately 10 µm. While processing by SPD is 

able to convert the coarse grain materials into UFG materials whose mean grain size is 

less than 1 µm [113]. In addition, the dimensions during SPD process has remained via 

geometries of special tools, which avoids the free flow of material and leads to 

hydrostatic pressure. Hydrostatic pressure gives high strain and induces high 

dislocation density in the process, thereby improving the strength of materials [115]. 

 

Various SPD techniques have already been established, such as high pressure torsion 

(HPT), equal channel angular pressing (ECAP) [115], accumulative roll-bonding (ARB) 

[116], repetitive corrugation, cyclic extrusion compression (CEC) [117] and repetitive 

corrugation straightening (RCS) [118]. Among them, the most popular processes are 

HPT and ECAP techniques which have been well-proposed to fabricate UFG materials. 

In this review, attention is paid to HPT processing, although it has limitations for 

structural applications because only small samples are workable. 
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2.4.1 The principle of high pressure torsion 

 

High pressure torsion is a technique in which the sample, generally in the form of small 

disk, is torsionally deformed under hydrostatic pressure; the principle of HPT is 

depicted schematically in Fig. 2-9 [30]. The device consists of an upper and a lower 

anvil, the disk sample is located in a spherical depression which is in between the inner 

surfaces of two anvils. When starting to operate, the sample is subjected to a large 

pressure, typically 2 to 6 GPa, and simultaneously a rotational strain is provided through 

surface friction force between sample and anvils. 

 

 

Figure 2- 9. Schematic principle of quasi-constrained HPT device [30]. 

 

HPT devices are mainly divided into two different types according to their geometry of 

anvils and the extent of outward flow of materials.  One is non-outward flow during the 

processing, also called constrained HPT (see Fig. 2-10 (a) [12]); the disk sample suffers 

a lateral restriction. In this design of the device, the sample is placed within a cavity in 

the lower anvil, and the high compressive pressure is applied when a plunger from the 
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upper anvil moves into the cavity. In this case, the thickness of disk remains unchanged, 

and the shear strain is given by [115]: 

𝛾 =
𝑟

ℎ
𝜑 (2- 1) 

Where r is the radial distance from disk centre, h is the thickness of the disk, and 𝜑 is 

the rotation angle in radians. Another type is referred to as Quasi-constrained HPT, 

which is commonly used today and is shown in Fig. 2-10 (b). The combined depths of 

two depressions of two anvils are designed to be slightly less than the thickness of the 

sample so that some limited outward flow occurs during operating. Consequently, there 

is a reduction in the thickness of the material, h.  In order to estimate strain applied in 

HPT, the incremental shear strain 𝑑𝛾 is given by [119]: 

𝑑𝛾 =
𝑑𝑙

ℎ
 

(2- 2) 

Where, 𝑑𝑙 is the change of arc displacement and 𝑑𝑙 = 𝑟𝜑, shown in Fig. 2-11, the 

incremental shear strain 𝑑𝛾 is now given by: 

𝑑𝛾 =
𝑑𝑙

ℎ
=

𝑟𝜑

ℎ
 

(2- 3) 

 

Figure 2- 10. Schematic illustration for constrained HPT (a) and Quasi-constrained 

HPT [12]. 
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Figure 2- 11. Schematic of estimating true strain of disk samples [119]. 

 

 

Since 𝜑 = 2𝜋𝑁 , where N signifies the number of revolutions, if thickness, h, is 

assumed to be independent of rotation angle, 𝜑, it follows from formal integration that 

the shear strain is given by [119]: 

𝛾 =
2𝜋𝑁𝑟

ℎ
 

(2- 4) 

The equivalent strain has been calculated in many publications through von Mises 

criterion relationship, given as:  

𝜀𝑒𝑞 =
𝛾

√3
 (2- 5) 

In some papers, this is also termed as effective strain and defined as: 

𝜀𝑒𝑓 =
2𝜋𝑁𝑟

√3ℎ
 

(2- 6) 

The use of  Eq. 2-4 and 2-5 are obeyed only for a small imposed shear strain, when 

large shear strain 𝛾 ≥ 0.8, the equivalent strain now becomes [27]: 
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𝜀𝑒𝑞 =
2

√3
 𝑙𝑛 [(1 +

𝛾2

4
)

1
2 +

𝛾

2
] 

(2- 7) 

Another relationship was developed to incorporate the reduction of thickness as a 

consequence of the applied pressure, P. The true strain is now given by [27]: 

𝜀𝑡𝑟𝑢𝑒 = 𝑙𝑛 [1 + (
𝑟𝜑

ℎ
)2]

1
2

+ 𝑙𝑛
ℎ0

ℎ
 

(2- 8) 

Where ℎ0 represents initial thickness, and h signifies final thickness. Since  
𝑟𝜑

ℎ
 ≫ 1, the 

Eq. 2-8 is then simplified to: 

 

𝜀𝑡𝑟𝑢𝑒 = 𝑙𝑛( 
𝑟𝜑

ℎ
) + ln (

ℎ0

ℎ
) = ln

𝑟𝜑ℎ0

ℎ3
)= ln (

2𝜋𝑟𝑁ℎ0

ℎ3
 ) (2- 9) 

Also, the true logarithmic strain can be expressed as: 

𝜀𝑡𝑟𝑢𝑒 = 𝑙𝑛(1 + 𝜀𝑒𝑞) = 𝑙𝑛 (1 +
𝑟𝜑

√3ℎ
) = 𝑙𝑛 (1 +

2rπN

√3h
) 

 (2- 10) 

 

This latter equation is usually simplified to: 

𝜀𝑡𝑟𝑢𝑒 = 𝑙𝑛 (
2𝑟𝜋𝑁

√3ℎ
) 

(2- 11) 

Therefore, Eq. 2-4 to 2-11 provide the relationships that can estimate the total strains 

on the disks subjected to HPT. Additionally, based on Eq. 2-11, it is obvious that the 

amount of true strain changes depending on the radial position measured from the centre. 

The maximum strain is found along the periphery, the minimum value of zero strain at 

the centre when r = 0. Hence, a conclusion is drawn that the strain varies across the 

whole disk, leading to a significant inhomogeneity in the microstructure. Nevertheless, 

a reasonable homogeneous microstructure was observed in many HPT-processed 

materials when the processing is continued through a sufficient number of torsional 

revolutions [120], and the details will be discussed in the next Section 2.4.2. 
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2.4.2 Variation of inhomogeneity caused by HPT 

 

In principle, the imposed strain changes across the diameter of the disk sample with a 

minimum strain (= 0) at the central region, which can result in an inhomogeneous 

microstructure. However, many experimental results suggested that there is a potential 

to accomplish a homogeneous microstructure through gradual revolution. To 

investigate the homogeneity of microstructure after HPT, the correlation of local micro-

hardness measured by Vickers micro-hardness with the microstructural images taken 

by TEM is the most convenient method. Consequently, materials including high-purity 

Ni [28], austenitic steel [29], commercial purity (CP) Al [27], Al-Mg-Sc alloy [121] 

and Cu [122] were shown to have lower hardness in the central region at the beginning 

of deformation. In contrast, materials such as high purity Al was reported to have a 

higher hardness in the centre and lower value in the peripheral at the early stage [123]. 

However, the microstructures of both types of materials become reasonable 

homogeneous across the surface of the disk as the torsional and compression strain 

reach sufficiently high values. 

 

Al-3Mg-0.2Sc (wt. %) as a representative of inhomogeneity microstructures by 

processing through HPT deformation, i.e. highest Hv in the edge, lowest Hv in the 

centre. The variations of hardness across the horizontal mid-section of the samples 

under a pressure of 1 GPa at a rotation speed of 1 revolution per minute (rpm) were 

recorded in Fig. 2-12  [121]. The results have shown a non-uniform distribution of Hv 

across the disk diameter with a significant lower Hv in the centre under a low pressure 

of 1 GPa for 1 turn. These results showed that the hardness reaches a maximum of 

approximately ~140-150 Hv at both outer edges but reduces to ~95 Hv at the centre of 

the disk. 
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Figure 2- 12. Variation of Hv micro-hardness along the diameter of the Al-Mg-Sc disk 

deformed by 1 GPa of HPT [121]. 

 

By contrast, high purity aluminium was observed to have an inverse result from 

previous observations in that the peripheral regions of disk have a lower hardness value, 

see Fig. 2-13 (a). It is well known that pure Al has high stacking fault energy as well as 

recovery rate [123]. As strain in the central region is lower than that of the edge, the 

microstructure evolution occurs much quicker in the edge. In pure Al, this results in a 

fast recovery rate in the periphery and a delayed recovery rate in the centre. As a result, 

the hardness in the centre is initially higher than the edge. In addition, Fig. 2-13 (b) 

illustrates that the inhomogeneity at the centre region reduces as the rotation number 

increases. When the number of turns exceeds five, hardness distribution becomes more 

homogeneous (see Fig. 2-13(c)), and this is because the microstructure of the periphery 

reaches an equilibrium condition with continuously increasing strain [123]. It is noted 

that hardening due to HPT is relatively limited in pure Al. Nevertheless, with low 

stacking fault energy or low recovery process materials like commercial Al [27], the 

microstructural evolution is slow. The hardness will reach the highest in the periphery 

initially, and large imposed strains are needed to achieve a homogenous microstructure.  
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Figure 2- 13. The average hardness versus distance from the centre of high purity al 

disk after processed by HPT under different number of turns with (a) 1.25 GPa; (b) 6.0 

GPa; (c) under 5 turns [123].  

 

Besides, two factors influence the development of homogeneity: imposed pressure and 

rotation number [124]. A high purity Ni was processed by HPT under different applied 

pressure 1 GPa and 9 GPa. The variations of hardness across two samples showed an 

inhomogeneity microstructure, i.e. lowest Hv at the centre and highest Hv at the edge 

of the sample. The results showed that the uniformity in hardness improves with 

increasing applied pressure. Moreover, a relationship between the number of rotational 

turns (N) and hardness (Hv) was observed, indicating that higher rotational revolutions 

are capable of achieving a reasonably homogenous UFG microstructure [124]. 

 

In addition, an examination was reported to determine the influences of sample 

dimension on the hardness and homogeneity. The observations showed that the disks 

with different dimensions approach saturated hardness level at almost the same 

geometrical position, which indicates the homogeneity is independent of the sample 

dimension. Also, a conclusion was drawn that the extent of strain hardening depends 

on the region on the disk; this observation was determined by investigating the 

distribution of dislocation density [28]. Dislocation density was measured to have the 
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lowest value in the centre and the highest value in the edge of the disk, which has the 

same tendency as micro-hardness. Therefore, it can be concluded that more pronounced 

strain hardening happened in the outer region of the disk [28]. 

 

 

2.4.3 Limitation of HPT 
 

The HPT process has three major drawbacks: a). The sample size is so small that the 

applicability is rather limited to a laboratory scale. b). The sample shape is in the form 

of the disk that is not suitable for many industrial applications compared to wire or sheet 

forms; c). As the strain is generated in proportion to the distance from the disk centre, 

an inhomogeneous microstructure distribution is developed across the diameter. The 

mechanical properties and microstructure should be homogeneous throughout the 

whole sample for practical application [125].  

 

In order to overcome these drawbacks, the HPT using a ring-shaped sample instead of 

a disk. Harai et al. [126,127] demonstrated that the ring sample facility is a simple 

modification of the anvils used for disk samples in the conventional HPT machine, as 

illustrated in Fig. 2-14. Using a ring-shaped HPT sample not only eliminate a less-

strained centre part but also scale up the sample. For traditional HPT sample size is 

limited to disks with dimensions around 10 mm in diameter. However, the applications 

using ring samples are made of 20 mm in outer diameter, with the ring width of 3 mm 

for pure Al. The outer diameter is extended to 30 mm for pure Cu [128,129], 40 mm 

for Al-3Mg-0.2Sc alloy [130], and even diameter of 100 mm for pure Al was achieved 

[126]. A disk sample used in traditional HPT application compared with the ring sample 

as shown in Fig. 2-15 [126]. 
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Figure 2- 14. Schematic illustration of HPT for ring and disk samples [126]. 

 

 

Figure 2- 15 Appearance of 10 mm and 20 mm disk samples compared with a 100 mm 

ring sample [126]. 
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2.4.4 Strengthening of UFG materials processed by HPT 

 

As described earlier, the high strain generated by HPT process produces a high density 

of dislocations in microstructure, resulting in effective grain refinement. Many physical 

properties of materials with such small grain size are far better than those with coarse 

grains. Both yield strength and hardness increase with decreasing grain size, in 

agreement with conventional grain refinement and follow the Hall-Petch relationship. 

𝜎𝑦 = 𝜎0 + Kd-1/2 (2- 12) 

 

An empirical equation has been used in many works. The relationship between yield 

strength and hardness is given as 𝜎𝑦 ≈  3HV   [131], and therefore, the Hall-Petch 

equation is equivalent to: 

Hv = Hv0 + Kd-1/2 (2- 13) 

 

Where 𝜎0 is lattice friction stress, Hv0 is constant hardness for the particular material, 

and K is a constant representing grain boundary resistance to deformation; d is the grain 

diameter. In principle, smaller grain size resists dislocation pile-up at grain boundary 

leading to large stress needed for the material to deform, thus increasing strength. 

However, reverse HP slope is observed when grain size below ~ 20 nm, i.e. with 

continued reduction in grain size, the hardness begins to decrease [132]. Some 

explanations for reverse HP relationship given so far are the effect of triple junction, 

coble creep, transition from cutting to bypassing of dislocation and nanocrystals as a 2-

phase composite.  

 

Besides the grain refinement, solid solution hardening is also one of the major 

mechanisms for improving the strength of Al alloy as the alloy comprises a variety of 

elements.Such alloying elements differ from the matrix atoms in size and shear 

modulus, resulting in variation and distortion of strain field. The strain field interacts 

with the strain field of dislocations causes impediment in dislocation motion and thus 

enhance the strength of materials [133]. Additionally, solute atoms were proposed can 
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also provide an extra improvement in strength through the formation of precipitates 

[36,134,135]. It was pointed out later on that the precipitates were nucleated 

heterogeneously on the grain boundaries and dislocations, which only play a small 

contribution to hardening during ageing. It has been reported that the contribution of 

solid-solution hardening to the hardness becomes more significant as the concentration 

of solute atoms increases [136]. Nevertheless, it has been shown that solid solution has 

only <15% contribution for total hardening effects. However, the solute atoms can 

promote extra grain refinement through solute-matrix mismatch [136], as well as 

improve the thermal stability of UFG materials [137]. 

 

SPD techniques have been reported to either influence the distribution of solute atoms 

in precipitation hardening alloys via precipitation decomposition or by segregating 

solute atoms to dislocations and GBs. The modification of microstructure caused by 

SPD can be ascribed to four mechanisms: (1). High strain induced by SPD produces 

fragmentation of pre-existing precipitates [138,139]; (2). The dissolution of precipitates 

during SPD at ambient temperature [140]; (3). Acceleration of precipitation observed 

in Al alloy at high temperature (>100 oC) [141–144]; (4) The orientation change and 

isotopically growth of precipitates to spherical shape owing to loss of the low interfacial 

energy between precipitates and Al matrix [144]. 

 

Due to the unique solute nanostructure formed through the decomposition of 

supersaturated solid solution (SSSS) and solute segregation at grain boundaries (GBs), 

SPD-induced grain refinement achieves optimisation by dynamic balance between 

grain refinement and grain growth processes [145]. The equilibrium GB segregation on 

nano-sized grain materials shows that the solute segregation reduces the GB energy and 

stabilises crystalline defects [146,147]. Furthermore, it has been found that solute 

segregation level varies from one grain boundary to another, and it is highly dependent 

on processing temperature and nature of individual grain boundary. Moreover, 

increasing the rotational number and processing time of HPT results in a strong 

development of solute segregation at GBs [145]. Therefore, the existence of solute 

atoms segregation at grain boundaries hinder grain growth and pin the migration of GBs, 

which explains that the higher solute segregation at GBs results in a stronger grain 

refinement effect. 
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2.4.5 Al-Zn-Mg-Cu alloys processed by HPT 

 

The evolution of homogeneity of age hardenable Al-7136 alloys was evaluated after 

undergone the HPT processing by 1/8, ¼, 1, 2, 3 and 4 turns. The micro-hardness 

measurements were carried out along the diameter of the samples, with colour-coded 

contour maps displayed the hardness distribution, and corresponding positional 

microstructure was observed by TEM [148]. First, all the hardness distribution of the 

samples under different rotational numbers (N) shows the minimum Hv in the centre of 

disks (Fig. 2-16), which is similar to earlier results of Ni, Cu, commercial Al-based 

alloys. From the microstructure observation, equiaxed grains exist in both centre and 

edge regions of the disk after 1 turn, but smaller grain size was measured in the edge, 

resulting in higher hardness values.  

 

Additionally, the presence of arrays of aligned ƞ phase precipitate in the edge region is 

also evidence of a higher hardness value due to the fragmentation of larger particles 

during HPT. Second, the hardness was found to increase significantly after 1/8 turn and 

continues to grow up to maximum Hv values (~280) at 1 turn with the average grain 

size of ~200 nm at centre, and ~120 nm and precipitates ~10-20 nm at periphery. After 

this, there is a decrease in hardness between 1 turn and 2 turns. After 2 turns, even 

though the grain size reduced in both centre and periphery, the size of precipitates 

increased (~25-30 nm) and predominantly formed at grain boundaries. These increased 

sizes of precipitates imply that the number of obstacles used to impede dislocation 

motions is reduced, thereby decreasing hardness from N=1 to N=2. Thereafter, a 

gradual continuation in the reduction of hardness with increasing straining was noticed 

at 3 turns and 4 turns, suggesting a result of recovery or recrystallisation during higher 

strains HPT process.  In addition, higher hardness with an average grain size less than 

100 nm was obtained when samples subjected to ECAP prior to HPT because of the 

initial existence of a supersaturated condition [148]. 

 

Annealed-condition of Al-7075 was also processed by HPT under the different number 

of revolutions. Annealed Al-7075 contains a highly elongated grains, which is 

responsible for the lower hardness. After samples were processed by 5 turns of HPT at 
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RT, high hardness in the edge with the grain size of ~250 nm was obtained, and 

equiaxed microstructure was characterised by Orientation imaging microscopy (OIM) 

images. However, it is unusual that a reasonable hardness homogeneity is not fully 

attained after 5 turns of HPT process, and twice of differences were measured between 

grain size in centre and edge (~500 nm in the centre).  

 

Besides, a measurable increase Hv was noticed between 5 and 10 turns (Fig. 2-17), 

implying a further increase of strain is required to fully establish the saturation 

structural condition and homogenous structure. To explore this observation, mechanical 

tests were carried out after HPT process, showing a decrease in the flow stress. Besides, 

significantly high elongation to failure up to 700% at a strain rate of 10-4s-1 (Fig. 2-18) 

after undergone 5 or 10 revolutions at 623K, resulting in improvement of ductile and 

superplasticity behaviour. Moreover, like most alloys, the increase in hardness was 

higher in the edge and lower in the centre of the disks at the beginning (N=1 or 2) [149]. 

The same observation was found as Al-7136 that the hardness increases dramatically 

around the periphery after 1/8 turns [148]. 



Chapter 2    Literature review 

 

41 

 

.  

 

Figure 2- 16. Micro-hardness measured when Al-7136 alloys processed by HPT by 

(a) 1/8, 1/4, 1 turn and (b) 2, 3 and 4 turns [148]. 
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Figure 2- 17 Hardness against the distance from the centre of disks under the different 

number of HPT revolutions from1/8 to 10 turns for AA7075 [149]. 

 

 

Figure 2- 18. Elongation to failure curve for HTP-processed Al-7050 under different 

number of revolutions versus the strain rate [149]. 
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2.4.6 Al-Cu-Li alloys processed by SPD 

 

In a cold rolled Al-Li 2198-T8 alloy (i.e. solution treatment + quenching + pre-

deformation under tension + peak ageing at 175oC) was subjected to HPT under a 

pressure of 3 GPa for 2 revolutions with the rotation speed of 0.5 rpm. Optical 

microscopy (OM) and TEM were used to characterise the microstructural feathers of 

HPT processed Al-Li 2198-T8 material [150]. From the optical microscopy image 

shown in Fig. 2-19, no grain boundaries can be seen after etching the material, and this 

connotes that the grain size has been reduced down to sub-micron level during HPT. 

Furthermore, the fine grains with high misorientation angles can be detected from the 

SAED pattern, and a high dislocation density was observed from TEM images (Fig. 2-

20). In addition, micro-hardness was measured around 250 Hv. Such a high hardness is 

typically ascribed to the formation of high dislocation density and grain refinement. 

During HPT, high pressure and strain induce dynamic recrystallization that causes the 

formation of an equiaxed microstructure with strongly distorted grains. Hansen [151] 

and Miyajima [152] suggested that dislocations generally start to form during starting 

stage of plastic deformation and followed by low angle misorientation grain boundaries 

(LAGBs) (i.e. dislocation cells). As the amount of plastic deformation increases, more 

dislocations occur, finally producing the structure with high angle misorientation grain 

boundaries (HAGBs). It is well established that LAGBs structure is more likely to allow 

slip transferring and provide a relatively weak barrier to dislocation motions compared 

with HAGBs [153]. Hence, HAGBs usually are contributing to the strengthening of 

materials even though only minor contributions. Thus, HPT induced HAGBs is 

beneficial for the strength of Al 2198-T8 alloy.  

 

Additionally, the Al-Cu-Li 2099 alloy with a composition Al-2.8Cu-1.6Li (wt. %) was 

deformed through ECAP under various processing conditions followed by annealing 

treatment [154]. The microstructure was examined by TEM, EBSD, and Scanning 

electron microscopy (SEM) Back-scattered electrons (BSE) mode. In that work, the 

experimental results have shown ECAP processing provides a successful strength 

improvement for Al-Cu-Li 2099 alloy while maintaining ductility. This is achieved by 

forming fine and homogenous precipitation of T1 phase during annealing, which 

enhances the elongation to failure. 
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Figure 2- 19. Microstructure of HPT 2198-T8 disk observed by high magnification 

optical microscopy [150]. 

 

 

 

Figure 2- 20. TEM images of HPT 2198-T8 (a) SAED pattern; (b) bright field; (c) dark 

field; (d).dislocation in a single grain [150]. 
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2.4.7 Effect of ageing on microstructure of HPT processed materials 

 

For most aluminium based alloys that consist of substantial amounts of alloying 

elements, ageing treatment accompanied by pre-solution treatment is an effective 

process to strengthen the alloys, this process is termed as age hardening. Besides, due 

to the formation of UFG structure by HPT, this processing can create a large amount of 

grain boundaries (GBs) that act as preferential nucleation sites to promote 

heterogeneous precipitation [155]. This large amount of GBs generated by HPT will 

provide different ageing behaviours for those UFG aluminium alloys. In addition, many 

research publications have reported that the HPT-processed and then ageing treated 

alloys can improve the strength of materials [31,32,34,35,38,156]. 

 

In point of fact, the ageing effects of the HPT deformed UFG materials is significantly 

different from that of coarse-grained materials. The precipitation sequence during 

ageing may be affected because of the presence of UFG structure. An absence of 

metastable precursor phase was found in Al-1.7Cu (at%) alloy that is aged at 100 

oC/24h after ECAP processing [138]. In the research, the stable θ phase was formed at 

grain boundaries without the formation of precursor metastable phase θ′  and  θ′′ . 

Besides, Al-1Mg-4Cu (wt. %) alloy was subjected to HPT and followed by ageing at 

150 oC for 48 hours. The TEM images showed an absence of the formation of semi-

coherent S and S’ phases, and instead, the formation of Cu-Mg clusters was detected 

which is responsible for the strengthening effect [157]. As mentioned in Section 2.2.2, 

solute clustering is typically formed by rapid solute diffusion mediated by vacancies. 

At room temperature, HPT introduces not only dislocations but also a significant 

fraction of vacancies. A large concentration of deformation-induced vacancies 

disappears by diffusion to sinks at grain boundaries and the remaining vacancies 

agglomerate into vacancy clusters. The mean clusters size differs in various materials 

and is influenced by the activation energy for migration of vacancies in the given 

material [158]. 

 

Moreover, a recently published report has stated that HPT-processed Mg-Re alloy aged 

at 120 oC and 200 oC result in a changed precipitation sequence [18]. The formation of 
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metastable β′  and β′′  phases was not observed during ageing treatment, and the 

nucleation of equilibrium β phase was initiated without other metastable precursors 

phases. The change in precipitation sequences may be attributed to solute segregation, 

whilst no evidence for segregation at GBs was provided [18]. Whereas there is a report 

shows that the precipitation sequence is not changed during ageing. For example, 7075 

Al alloy was solution treated first, and then subjected to ECAP and followed by natural 

ageing for two months. With the aid of DSC, X-ray and TEM images, the results 

indicate that ECAP only changes the precipitation kinetic, but no change in 

precipitation sequence [134]. 
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2.5 Strengthening modelling in SPD-processed metals 
 

2.5.1 Review of model predictions 

 

The main purpose of SPD processes such as HPT and ECAP is to achieve an UFG or 

even nano-sized grain structure, thus improving the strength of metallic materials [27–

30]. For SPD-processed metals and alloys, ultra-fine grains are mainly achieved when 

the processes are performed under cold deformation conditions, where dynamic 

recrystallization is suppressed [159]. With a view to exploiting the benefits of UFG 

alloys produced by SPD and deformation behaviour in this process, it is crucial to 

understand the grain refinement mechanisms and possibly able to predict grain size. 

Accordingly, a number of physical models have been developed to interpret the grain 

refinement mechanism during SPD. Xu et al. [160] and Langdon [161] derived the 

models to predict a gradually increasing refinement of the microstructure when 

continuous dislocations were introduced during SPD process, but the results were 

inconsistent with some experimental observations. In addition, a grain refinement 

model was reported by Baik et al. [162]. This dislocation-based model successfully 

predicted the grain size of Al after different passes of ECAP, but a range of parameters 

needed to be fitted during the prediction procedure.  

 

Although grain refinement is often thought of as being the main factor in the 

strengthening of the SPD-processed metals, it was found to be strongly materials 

dependent and relatively low for Al alloys [163]. As known, plastic deformation mainly 

takes place by the dislocation movements for metals and metallic alloys. The 

dislocations are partitioned into dislocations forming a cell structure and those retained 

within the cell interiors. In principle, the moving dislocations may be stored in grains 

or impeded by obstacles such as other dislocations or grain boundaries. Also, new 

dislocations will be generated to continue the deformation process. Conventional 

dislocation theory indicates [164–166] that a very high dislocation density is generated 

at the early stage of deformation, which results in the formation of an intragranular 

structure consisting of a cell with thick cell walls and low misorientation angles. With 
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increasing strain, the thickness of the cell walls reduces and subsequently evolves into 

grain boundaries, ultimately forming an array of ultra-fine grains with high 

misorientation angle grain boundaries. Even though some deformation occurs by a 

mechanism involving twinning or stacking faults (SFs), there is no evidence that these 

contribute much to the total strengthening effects of SPD-processed materials [167].  

 

Accordingly, dislocation strengthening is considered to be the main factor determining 

the strengthening of many SPD-processed pure and commercially metals. Several 

detailed models which incorporate dislocation strengthening contributions were 

proposed by Ashby [168], Nes [169,170], Huang et al. [171] and Estrin et al. [21]. 

Ashby described a strengthening model for predicting dislocation formation due to the 

presence of non-shearable particles in a deforming metallic matrix [168]. Marthinsen 

and Nes [20] investigated the dislocation behaviours of a conventionally deformed 

metallic material by applying a model based on grain refinement and dislocation 

strengthening mechanisms. This model was modified by Nes et al. [170] to analyse the 

UFG Al alloys processed by SPD. 

 

Furthermore, Hansen et al. [153,171] applied a strengthening model on the deformed 

metals and found that the grain boundary strengthening follows the H-P relation and 

dislocations were considered to store within the cell wall only. Estrin et al. [21] 

constructed a dislocation-based model in which dislocations stored within the grains 

and subsumed in the cell walls were considered to have the same effect of strengthening. 

Later, this model was expanded and extensively used to predict the strength of SPD-

processed alloys [22].  

 

Starink et al. [172] developed a model based on non-shearable particles and solute-

solute interactions to predict the grain refinement through volume averaged number of 

dislocations formed. Unlike most available models on grain refinement during SPD 

considering the detail of cell wall and sub-grain boundaries formation, this model does 

not include any qualitative predictions on cell and sub-grain boundaries formation. The 

model was applied on several SPD-processed (ECAP or HPT) Al alloys, including Al-

7034, Al-1050 (A/B), Al-2024, Al–Zr, Al–Zr–Si–Fe and Al–3Mg–0.2Mn. SEM, TEM, 

EBSD were performed on these alloys to provide information for the uses of prediction 

model, such as characterisation of microstructure, grain, sub-grain and grain boundaries 
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misorientation. The predicted grain sizes were compared with the published database 

on the grain size of SPD Al alloys. Results (see Fig. 2-21) shown that the model 

predicted grain size with an accuracy of ~22% [172]. 

 

 

Figure 2- 21. Measured and predicted grain size of a range of Al alloys subjected to 

ECAP or HPT for total equivalent strains >3. Grain sizes were calculated from EBSD 

data, TEM or SEM [172]. 

 

 
 

Moreover, Qiao et al. [163] constructed a computational friendly strengthening model 

to predict the grain size and yield strength/hardness of the SPD-processed Al alloys 

with a good prediction accuracy.  A range of Al-based alloys, including Al-1050, Al-

Zr, Al-Zr-Si-Fe, Al-1200 and AA6061 alloys, were subjected to ECAP, ARB or cold 

rolling. EBSD, SEM, TEM, and OIM were conducted for microstructural analysis and 

experimental data use. This model, considering multiple strengthening in terms of grain 

boundary strengthening, solid solution strengthening, precipitation strengthening, and 

dislocation hardening, was examined by comparing experimental data and the data 

obtained from published literature. The measured grain sizes and micro-hardness were 

compared with the predicted grain sizes and micro-hardness were given in Fig. 2-22 for 
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these ECAP-processed Al-based alloys (Al-1050, Al-Zr, Al-Zr-Si-Fe). The predicted 

grain size fits the measured grain size to within an average deviation of 24%, and the 

predicted hardness agrees very well with the experimental data. Besides, the predicted 

grain size and yield strength of Al-1200 alloy fit the measured values well with root 

mean square error of 0.33 µm and  2.9 MPa, respectively (Figs. 2-23 (a-b)), which also 

presents the grain boundary hardening and dislocation strengthening predicted by the 

model. The predicted results indicate that dislocation strengthening is the main 

strengthening mechanism [163]. 

 

Additionally, this model was applied on the ECAP-processed, ARB-processed and 

multiple forging-processed AA6061 alloys, and the results are shown in Fig. 2-24 [163]. 

The predicted micro-hardness fits the measured data excellently for ECAP and multiple 

forging-processed AA6061 alloys, but the predicted values were lower than the 

measured data of the ARB-processed sample. The reason for this discrepancy was 

explained in [173,174], and this is irrelated to the present report here. 

 

Moreover, on this basis, Chen et al. [17] established a physically-based model 

incorporating cluster strengthening and solute segregation, which successfully 

predicted the strength of the UFG Al-Cu-Mg alloy. AA2024-T351 alloy was processed 

by HPT at RT for different number of rotations. Vickers micro-hardness was measured, 

XRD, TEM and APT were performed on the alloy. The model uses the microstructure 

data obtained from the above techniques to predict the yield strength of Al alloy. The 

comparison of the predicted yield strength and measured yield strength is shown in Fig. 

2-25. This strengthening model includes short-range order and modulus hardening due 

to clusters and strengthening due to dissolved atoms, grain boundaries, dislocations, 

and complex solute-defect clusters provided a excellent fit with the experimental data. 

In the present research, the model that involves multiple strengthening mechanisms will 

be used to predict the strength of the HPT-processed and age hardened materials. A 

detailed description is provided in the following Section 2.5.2. 

 

 

 



Chapter 2    Literature review 

 

51 

 

 

           

               

Figure 2- 22. Measured and predicted (a) grain size was calculated from EBSD data 

and (b) micro-hardness of Al-1050, Al-Zr and Al-Zr-Si-Fe alloys as a function of the 

pass number [163]. 

 

 

(a) 

(b) 
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Figure 2- 23. Measured and predicted (a) grain size (calculated from TEM data), and 

(b) micro-hardness of Al-1200 after the different strain of cold rolling [163]. 

 

 

(a) 

(b) 
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Figure 2- 24. Prediction of micro-hardness of AA6061 processed by ECAP, ARB, 

multi-axial compression/forgings (MAC/F) and MAC/F + cold rolling [163]. 

 

 

Figure 2- 25. Yield strength measured by Vickers micro-hardness (blue dots) and 

predicted by strengthening model: green-triangle symbol represents predicted strength 

without considering co-clusters, and red-cross symbol indicates the predicted strength 

that is containing co-cluster strengthening [17]. 
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2.5.2 Strengthening models  

 

It has been stated in many publications that the yield strength of polycrystalline material 

is related to the critically resolved shear stress (CRSS) of the grains and the grain 

boundary strengthening (∆𝜎𝑔𝑏). The relationship can be expressed as [107,175–177]: 

𝜎 = ∆𝜎𝑔𝑏 + ∆𝑀τ𝑡𝑜𝑡 (2- 14) 

Where ∆𝜎𝑔𝑏 is the yield strength increment caused by the grain boundary strengthening; 

M is a factor often referred to as the ‘Taylor factor’; it is an orientation factor related to 

texture and the orientation of the tensile axis relative to the main axes of the analysed 

specimen [107,175]; τ𝑡𝑜𝑡 is the total CRSS of the grains and it is normally influenced 

by a range of strengthening mechanisms and nanoscale features. A strengthening model 

that takes overall five contributions into CRSS of grains into account was described by 

Ying et al. [17]. This model includes the intrinsic CRSS, ∆τ0; the contribution due to 

dislocation, ∆τ𝑑 ; the contribution due to solid solution strengthening ∆τ𝑠𝑠 ; and the 

contribution due to co-clusters ∆τ𝑐𝑙, which consists of a short range order strengthening 

component, ∆τ𝑆𝑅𝑂 , and a modulus strengthening component, ∆τ𝑚 . Consequently, a 

linear approximation of the superposition of these contributions is given as Eq. 2-15 

[107,172,176,178], and the involved strengthening mechanisms are described below. 

∆τ𝑡𝑜𝑡 = ∆τ0 + ∆τ𝑑 + ∆τ𝑠𝑠 + (∆τ𝑆𝑅𝑂 + ∆τ𝑚) 
(2- 15) 

 

Strengthening due to grain refinement  

 

It has been shown that a power-law dependence of yield stress or flow stress on the 

grain size can be defined as follows [179,180]: 

𝜎 = 𝜎0 + 𝑘𝐻𝑃𝑑−𝑥 (2- 16) 

Where d is the grain size, 𝜎0 and 𝑘𝐻𝑃 are constant, the exponents are stated to be in the 

range from 0 to 1 depending on materials [179,180]. A number of materials have been 

analysed, and the typical value of 𝑥  ranges approximately from 0.6 to 1 for FCC 

structure metals, 0.5 or less for (body-centered cubic) BCC structure metals and 0.2 or 
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even 0 for ceramic materials [181]. So far, there is no theory available that can fully 

explain these exponents. Taylor forest hardening suggests that 𝑥 = 1/2, which has 

been widely applied to large number of coarse-grained metals for investigating the 

strengthening behaviours through the traditional Hall-Petch relation [182]. In addition, 

a theory based on the fundamental physics of yield and plastic deformation by 

dislocations implies that 𝑥 = 1 [183], hence: 

∆𝜎 =
𝑘

𝑑
 (2- 17) 

Where 𝑘 is correlated to the intrinsic materials factors [176] and usually is proportional 

to the shear modulus and Burgers vector. Therefore: 

∆𝜎𝑔𝑏 = 𝛼2𝐺𝑏(
1

𝑏
) 

(2- 18) 

Where 𝛼2 is a constant, d is the grain size. 

 

Strengthening due to dislocations 

 

The increment of CRSS due to dislocations generally includes contributions from both 

statistically stored dislocation (SSDs) and geometrically necessary dislocations (GNDs). 

A classical relation is described by [172]:  

∆τ𝑑 = 𝛼1𝐺𝑏√𝜌𝑡𝑜𝑡 = 𝛼1𝐺𝑏√𝜌𝑆𝑆𝐷 + 𝜌𝐺𝑁𝐷 (2- 19) 

Where 𝛼1 is an empirical constant ranging from 0.2-0.5 [184], G is the shear modulus, 

and b is the length of the Burgers vector, 𝜌𝑆𝑆𝐷 is the dislocation density of statistically 

stored dislocations, 𝜌𝐺𝑁𝐷  is the dislocation density of geometrically necessary 

dislocations. 

 

Strengthening due to solid solution 

 

The increment of CRSS due to solid solution strengthening ∆τ𝑠𝑠 is given by [175,185]: 

∆τ𝑠𝑠 = ∑ 𝑘𝑗𝑐𝑗
𝑛 (2- 20) 
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Where 𝑘𝑗 signifies the strengthening factor for individual elements and 𝑐𝑗 indicates the 

concentrations of the alloying elements in solid solution, and n is a constant [185]. 

 

Strengthening due to co-cluster 

 

The co-cluster strengthening is considered to be due to short-range order strengthening 

and modulus hardening, where the former is the dominant effect in typical Al alloys 

[13,14]. The work done by lattice deformation caused by co-clusters impedes the 

movement of the dislocations is equal to the change in energy-related to short-range 

order per unit area on slip plans in Al matrix. This gives equation [13]: 

∆τ𝑆𝑅𝑂 =
𝛾𝑆𝑅𝑂

𝑏
 (2- 21) 

Where 𝛾𝑆𝑅𝑂 is the change in energy per unit area on slip plans on the passing of one 

dislocation [13]. In addition to this type of strengthening, the clusters possess an elastic 

modulus that is different from the matrix that will lead to an extra strengthening 

mechanism. This modulus strengthening mechanism is hard to be explored theoretically, 

but the simplified treatment has been developed [13,14]. 

The CRSS due to the difference in shear modulus is approximated as: 

∆τ𝑚 =
∆𝜇

(4π√2)
 𝑓

1
2 (2- 22) 

𝜇𝑐𝑙 =
𝑚𝜇𝑀 + 𝛼𝜇𝐴 + 𝑏𝜇𝐵

𝑚 + 𝑎 + 𝑏
 (2- 23) 

Where 𝑓 is the volume fraction of the clusters, ∆𝜇 is the difference in shear modulus 

between clusters and their surrounding metallic phase, with the average clusters 

(MmAaBb) modulus, 𝜇𝑐𝑙, indicating a weighted average of the pure substance in Eq. 2-

20 [13]. 
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2.6 Characterisation techniques for SPD-processed materials 
 

To investigate the effects of deformations on the microstructure of metallic materials, 

transmission electron microscopy (TEM) and X-ray diffraction (XRD) are often 

employed, particularly for evaluating grain size. TEM observations provide direct 

micrographs of the sample regions with the possibility of identifying, such lattice 

defects as dislocations, grain boundaries, vacancies, stacking faults, etc. relying on 

suitable imaging conditions [186]. Whereas the attainment of reliable results is closely 

dependent on the conditions of the thin specimen, and the thin area may no longer 

represent the original microstructure due to the defects introduced or removed during 

the thinning procedure. Besides, the grain overlapping might causes uncertainty of 

measurements[186,187]. In contrast, sample preparation for XRD is relatively 

straightforward (unless mistakes are made) [187]. However, a significant 

computational effort is required to obtain all possible detailed information regarding 

the microstructure of analysed samples from the raw diffraction patterns. In the present 

report, both TEM and XRD techniques will be conducted for examining the 

microstructural characteristics of the Al-Cu-Li alloy. For this reason, a number of 

methods for the analysis of XRD data are described in the following sections.  

 

2.6.1 X-ray diffraction (XRD) 

 

The diffraction pattern consists of an extremely sharp, narrow and symmetrical peak at 

the exact Bragg positions for a defect-free material. In practice, the imperfection of 

crystal lattice leads to deviations from the ideal peak profile, and these deviations are 

mainly considered to be peak shifts and peak broadening [188]. There are two types of 

lattice strains associated with nanocrystalline materials. One extends over the entire 

lattice and results in a shifting of diffraction peak in XRD pattern, and it is often termed 

as macrostrain. The other extends over a few lattice spacings and originates due to the 

presence of lattice defects such as dislocations, grain boundaries, stacking faults, 

vacancies, microstress etc., and leads to peak broadening this is referred to as 

microstrain [189,190]. In addition, the peak broadening also arises from small 

crystallite size, which is sometimes referred to as coherently scattering domains size 

[188,191]. 
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In addition, the shapes of line profiles are also influenced by the instrument, which is 

termed as instrumental broadening. This arises from the imperfection of the 

diffractometer, factors such as any misalignment of diffractometer, the axial divergence 

of the incident or diffracted beam, non-monochromatic radiation, etc. This instrumental 

broadening needs to be eliminated in order to acquire the broadening exclusively caused 

by metallurgical effects [187,192]. 

 

The main issue with the line broadening analysis is the separation of two effects that 

contribute to the line broadening, including sample contributions (the small crystallite 

size and the lattice strain related to the lattice defects) and instrumental contributions 

[193]. In principle, the experimental profile is the convolution of the instrumental 

profile and the intrinsic profile (profile provided by sample contribution) [187]. The 

intrinsic profile can be obtained via unfolding the experimental profile. The simplified 

method to separate the intrinsic and instrumental profiles is based on assumptions that 

the shape of two broadening profiles can be approximated by some bell-shaped function 

in mathematics, such as Gaussian, Cauchy (Lorentz) or the convolution of these peak 

shape function [187]. A number of quantitative analysis methods have been developed 

to separate or estimate the crystallite size and lattice strain of the materials, viz., 

Scherrer’s equation [194], Warren-Averbach method [195], Williamson-Hall [196], 

Rietveld method [197]. In this work, only Rietveld method (conducted by MAUD) is 

used for line broadening analysis. Therefore, the details of peak shape functions are 

described in the next section. 

 

Rietveld refinement method is a full-pattern fit method. It resolves closely separated 

peaks in an XRD pattern and thereby maximises the available structural information to 

refine the crystalline structure [197]. In this method, the whole diffraction profile is 

fitted by the combined function Voigt approximation, the FWHM of the Gaussian and 

Cauchy profile of the Voigt function is calculated from the Pseudo-Voigt (PV) 

approximation parameters [198]. The calculation is based on the crystallographic 

structure models and also take into account the sample and instrumental broadening 

effects. The model will be refined when the experimental pattern closely matches the 

calculated pattern, and the model can be simplified from Eq. 2-24 [199]. 

The residual function χ2 to be minimized is defined as: 
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χ2 =∑ 𝑤𝑖𝑖  (𝐼𝑖
𝑒𝑥𝑝 − 𝐼𝑖

𝑐𝑎𝑙𝑐)
2

, 𝑤𝑖 =
1

𝐼
𝑖
𝑒𝑥𝑝 (2- 24) 

 

Where 𝐼𝑖
𝑐𝑎𝑙𝑐 is defined by the structure factor of the cells, i.e. atoms in the asymmetric 

unit, symmetry equivalent positions, and temperature factor [199,200]. 

𝐼𝑖
𝑐𝑎𝑙𝑐 = 𝑆𝐹  ∑ 𝐿𝑘 |𝐹𝑘|2𝑆 (2𝜃𝑖 − 2𝜃𝑘)𝑃𝑘𝐴 + 𝑏𝑔𝑖

𝑘

 (2- 25) 

𝑃𝑘 = (𝑟2𝑐𝑜𝑠2 𝑎 +
𝑠𝑖𝑛2𝑎

𝑟
)−

3
2 (2- 26) 

Where 𝑃𝑘 is denoted as the preferred orientation function,  𝐿𝑘 is Lorentz-Polarization 

factor depending on the instrument such as geometry, monochromator, detector, beam 

size and sample positioning, etc. Profile shape function S (2θi -2θk) obeys Pseudo-Voigt 

function. This profile shape function is applicable over the whole range of diffraction 

angles 2θ [200]. 

 

Cagliotti formula gives a function that shows the relationship between the FWHM and 

the diffraction angle ‘θ’ in terms of Gaussian, pseudo-Voigt and Pearson-VII functions. 

FWHM2 = U tan2 θ + V tan θ +W 

Where U, V, W are free variables, and U is a factor that strongly associated with strain 

broadening. The size of the crystallite can be estimated from V and W. 

 

In the present report, Rietveld method is used to refine the XRD pattern and calculate 

crystallite size and microstrain values, and it is programmed directly by using ‘MAUD’.  

Among the other line profile methods such as Williamson-Hall, Warren-Averbach, 

Rietveld method has three advantages [201]. Firstly, the crystal structure and 

microstructural properties of the materials can be refined simultaneously; secondly, 

both completely and partially overlapping reflections can be analysed with sufficient 
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accuracy; finally, this method takes the correction for preferred orientation into 

consideration if there is any. 

 

 

2.6.2 Differential scanning calorimetry (DSC) 

 

DSC is a thermal analytical technique in which the heat absorbed or released by a 

sample is measured as a function of temperature or time, and it is a method for direct 

determination of the enthalpy changes associated with the process of interest [202]. It 

has been extensively used to evaluate material properties for a wide range of materials 

such as metal, metallic alloys, polymers, composites, etc. [202]. It has become 

increasingly popular with ultrafine grained materials processed by severe plastic 

deformation in recent years. The most significant advantage of using DSC is the speed 

and ease with which it can be used to track the thermal behaviours of materials. The 

technique substantially measures the heat flow by establishing a nearly zero 

temperature difference between a substance and a reference material [203]. Based on 

the operation mechanism, two types of DSC instruments are common today: heat-flux 

DSC and power-compensation DSC [204]. 

 

In the heat-flux DSC, the DSC assembly consists of two crucibles or pans to heat the 

sample and the reference material in a single furnace. The sample and reference are 

connected by a low-resistance thermoelectric metal disk, resulting in a rapid 

compensation of the temperature difference. Any changes of enthalpy or heat capacity 

in a sample lead to a difference in its temperature with respect to the reference, and thus 

the difference in the heat flow between sample and reference is the measuring signal 

[204]. In power compensation DSC, the sample and reference are heated using separate, 

individual furnaces. The sample and the reference are kept at the same temperature by 

varying the power input to the two furnaces. Accordingly, the power input that 

maintains equal temperatures is the measuring signal of the enthalpy or heat capacity 

changes in the sample with respect to the reference [202].  

 

To provide accurate thermal measurements for the sample investigated, the system is 

often calibrated in many ways. Baseline calibration is generally performed without 
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placing pans in the furnace so that the baseline slope and offset over the temperature 

range of interest can be measured. These values are then stored in the DSC system, and 

the system subtracts the baseline slope and offset from subsequent sample runs to 

reduce their effects. Besides, the calibration of heat flow can be accomplished by 

melting a known quantity of a material with a well-known heat of fusion. For example, 

indium is positioned in the sample pan and scanned against an empty reference pan. 

The area under the melting peak of DSC curve is related to the known enthalpy of fusion. 

Moreover, calibration of temperature can be done by evaluating a reference material 

with a known melting temperature [205]. The reference materials need to be pure, stable 

to decomposition and oxidation, and preferably have reproducible transitions that have 

been measured accurately. Consequently, pure In and Zn are now in common use [206].  

 

As mentioned above, DSC technique finds applications in characterizing various 

materials, and applications comprise the determination of melting point, glass transition 

temperatures, heat of fusion, and as well as the extent of crystalization. DSC can also 

be used to study oxidation and other chemical reactions. The kinetic events involved 

and the temperatures of step transitions are usually indicated by onset temperature, 

which is the intersection point of the extrapolated baseline and the line tangent of the 

beginning of the melting. Using DSC to measure melting point, not only the onset of 

melting, i.e. the melting point (Tm) can be obtained, the peak temperature, which 

corresponds to the energy that the melting transition needs can also be determined.  

 

Determination of glass transition temperature (Tg) using DSC is one of the most popular 

applications as polymer undergoes a transition from a glassy to a rubber state at Tg. 

The step in the glass transition is associated with the change in heat capacity (Cp) due 

to the changing state of the material. The difference between the heat capacity at the 

onset and that at the end of the transition represents the change in heat capacity 

[207,208]. Furthermore, DSC can be used to determine the extent of crystallinity in the 

crystalline materials by comparing the enthalpy of fusion for the sample of interest (∆Ht) 

with the enthalpy of fusion for the pure material crystal (∆Hf). The Fractional of 

crystallinity is given by [209]: 
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Fractional of crystallinity = 
∆𝐻𝑡

∆𝐻𝑓
                          (2- 27) 

In Section 2.4.1, SPD techniques were introduced to generate UFG microstructures by 

imposing large amounts of plastic strains. The processes including ECAP, HPT and 

ARB are served to improve dislocation density, refine the grain size, and in many cases 

strengthen the materials. Besides, the materials may experience a high vacancy 

concentration and high internal stress when they are subjected to specific processing 

conditions, this gives UFG materials a thermally unstable behaviour [210]. Given this, 

investigating the thermal stability of SPD-processed UFG materials by DSC has 

attracted extensive research over the past several decades. Many research publications 

are related to the DSC analysis of metallic alloys (i.e. Mg, Al, Cu alloys, etc. ) were 

processed by ECAP, HPT and ARM [211–213]. In the present research, HPT-processed 

Al alloy was used as experimental material. For this reason, here attention is paid only 

to Al alloys processed by the HPT technique. There are relatively few publications 

focusing on HPT processed Al alloys. 

 

DSC was conducted on the 7150 Al-Zn-Mg-Cu (Al-6.30Zn-2.40Mg-2.30Cu-0.12Zr-

0.10Fe–0.05Si) wt. % alloy in as-quenched and HPT-processed conditions from 

ambient temperature to 540 ◦C at a heating rate of 20 ◦C/min. The region I observed for 

as-quenced sample in Fig. 2-26 is attributed to the formation of GP zones, and the small 

endothermic effect in region II is due to the dissolution of GP zones. In contrast, no 

peak due to the formation of GP zones is revealed for the HPT-processed samples. This 

is thought to reduce vacancy concentration due to high dislocation density induced by 

HPT, which causes large shearing of grains by dislocation. Hence, the thermograms 

show that GP zone formation is suppressed due to HPT. The exothermic effect (region 

III) for as-quenched sample in the range of 150-225◦C is ascribed to the precipitation 

of η′ (MgZn2). Also, the formation of η phase may occur in the later stages. However, 

the main precipitation peak of heat effect III in HPT-processed samples shifted to lower 

temperature as compared to the as-quenched sample, and this is because of the 

generation of line defects, high and low angle grain boundaries via HPT process have 

accelerated the precipitation process of equilibrium η (MgZn2) phase. In addition, it is 

energetically favourable that the equilibrium η phase is likely to be precipitated directly 
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from supersaturated solid solution, as less activation energy barrier needs to be 

overcome for direct precipitation, this may contribute to a more pronounced heat effect 

(region III) for HPT- processed samples. An endothermic reaction in region V is 

attributed to the dissolution of η or η′ phase [214]. 

 

Figure 2- 26. DSC thermograms of as-quenched and HPT-processed 7150 alloys at a 

heating rate of 20 ◦C/min [214]. 

 

The thermal analysis of the Al-4.63Cu-1.51Mg (wt. %) (AA2024) samples processed 

by HPT for five revolutions was examined by DSC from ambient temperature to 540 

◦C at a heating rate of 10◦C/min. An endothermic effect at 100 - 240◦C for the T351 

sample was observed in Fig. 2-27. Whilst the HPT-processed sample gives an 

exothermic effect with a peak temperature of 170 ◦C mainly due to the formation of Cu-

Mg co-cluster. Subsequently, the T351 sample has an exothermic reaction peak at ~260 

◦C, which is interpreted as the formation of S phase (Al2MgCu). However, there is a 

shift in the precipitation peaks towards lower temperatures when the material was 

processed by HPT, which combines two exothermic reactions overlapped at 

intermediate temperatures, peaking at 210 ◦C and 240 ◦C, respectively [26]. This can be 

explained as a large number of dislocations were induced by HPT process that hastens 

the precipitation process of S phase. The following high temperature endothermic 

reactions for both samples are identified as S phase dissolution (270 ◦C - 490 ◦C). 
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Figure 2- 27. DSC thermograms of Al-4.63Cu-1.51Mg T351 and 5r-HPT samples [26]. 

 

2.6.3 Atom probe tomography (APT) 

 

Over the past decade, APT has been fast rising in prominence as a nanoscale analytical 

technique for a range of materials, despite the fact that metals and alloys are its core 

applications. In particular, quantitatively characterise the solute distributions has 

recently gained lots of attention as solutes are commonly used to explain the changes 

in the mechanical behaviours of materials. For instance, segregation at GBs enhanced 

fracture toughness, increased crystallization temperature or resulted in a detrimental 

premature brittle fracture. Solutes segregation at dislocations increases yield strength 

or strengthened intragranular precipitation [215]. In addition, APT offers direct 

evidence to map and locate individual atoms in three dimensions, it also reveals the 

structural arrangement and composition of the atoms inside a material.  

 

The APT setup incorporates laser pulsing capabilities combined with the specimen 

preparation progress, which includes an intense electric field, a counter electrode and a 

position-sensitive detector, as depicted in Fig. 2-28 [216]. A needle-shaped specimen 

with a radius of curvature 50-100 nm is subjected to an electric field generated by a 

high-voltage direct current (DC), which is below the ionization threshold of the 
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specimen. To achieve time-control of the field evaporation process, laser pulse or high-

voltage pulse is superimposed to the high DC field, triggering the field evaporation of 

ions so that the specimen is evaporated atom by atom. As the specimen is progressively 

destroyed, the ions fly through a counter-electrode. The ions are then collected by the 

position-sensitive detector, giving information on each ion's timing and position of 

impact. This process allows the elemental identification of each evaporated ion by time-

of-flight mass spectrometry [216]. The accuracy of the compositional analysis depends 

on the mass resolving power of APT and noise floor. Thus the background subtraction 

and peak deconvolution are generally required to improve accuracy. 

 

 

Figure 2- 28.  Schematic diagram of the principle of the atom probe microscope [216]. 

 

The raw data in APT can be directly drawn from the microscope, and an atomic map is 

created, where every atomic ion is identified and allocated at a position in the three 

dimensions reconstruction. A general approach for data reconstruction is that the impact 

position on the detector is associated with the initial position of the atom on the needle 

tip, assuming a simple projection law. Accordingly, a sequence of evaporation gives 

depth information, an atomic map of the analysed volume of material can therefore be 

built in three dimensions using methods outlined in Ref [217,218]. Once the atomic 

map has been generated, many approaches can be used to extract and visualise material 

features. For example, by setting a threshold separation distance between atoms of one 
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or more specific elements and their nearest neighbours, it is possible to isolate 

individual clusters from the bulk material, and further generate a quantitative analysis 

of clusters. Comprehensive cluster finding methods were reviewed in [215]. Aside from 

analysing cluster behaviours, the local concentration within a specific region of interest 

can be derived from APT data in the form of concentration profile to investigate grain 

boundaries, second phases, and the ratio of solute atoms, etc. 

 

2.7 Summary 
 

Overall, this chapter presents a comprehensive review on the Al-Cu-Li and Al-Zn-Mg-

Cu (Al-7449) alloys, the emphasis is placed on their applications, strengthening 

mechanisms and precipitation sequences. In addition, the introduction of HPT 

technique is given. Microstructural evolution, variation of inhomogeneity and 

strengthening effects caused by HPT processing, and some recent studies on the HPT-

processed Al-Cu-Li and Al-Zn-Mg-Cu materials are studied. Moreover, a number of 

strengthening models and a recently established physically-based model incorporating 

cluster strengthening and solute segregation are described. Finally, the principle and 

applications of three characterisation techniques, XRD, DSC and APT are provided.  

However, only a few HPT processing has been carried out on Al-Cu-Li materials before. 

And no study has been conducted on the combined effects of HPT and age hardening 

on the strength of the Al-Zn-Mg-Cu alloy. Therefore, these motivate the investigation 

on the yield strength and microstructures of Al-Cu-Li and Al- Zn-Mg-Cu alloys by 

using the combined HPT method and age hardening in the present study. Besides, the 

existed strengthening models cannot provide detailed explanations for the 

strengthening mechanisms that contribute to the high strength of Al-Cu-Li alloy. 

Therefore, this also motivates the establishment of a new strengthening model to 

account for the contribution of clustering strengthening to the total strength of the 

material. 
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Chapter 3    Materials and experimental procedures 
 

3.1 Material selection 
 

Two age hardenable aluminium alloys were chosen for this work. One alloy is an 

experimental Al-Cu-Li alloy (Al-2.88Cu-1.34Li-1.03Mg-0.09Zr) originally intended 

for use in age forming [6]. The abbreviated reference to this alloy throughout this work 

is as the Al-2.88Cu-1.34Li-1.03Mg alloy, with all compositions provided in wt. % 

unless otherwise stated. This alloy is not commercially available, although its 

composition is close to several 3rd generation Al-Li based alloys. The composition of 

this aluminium Al-Cu-Li alloy is shown in Table 3-1. The second alloy is a 

commercially available 7xxx series Al-Zn-Mg-Cu alloy with the composition of Al-

8.1Zn-2.25Mg-1.75Cu. The composition of this AA-7449 aluminium alloy is shown in 

Table 3-2.  

 

Table 3- 1 Composition of  Al-Cu-Li alloy. 

 

Table 3- 2 Composition of  AA-7449 alloy. 

 

 

 

 

 

 

Elements Cu Li Mg Zr 

Composition (wt. %) 2.88 1.34 1.03 0.09 

Composition (at. %) 1.20 5.09 1.11 0.03 

Elements Zn Mg Cu Fe Si Other 

Composition (wt. %) 8.1 2.25 1.75 0.15 0.12 0.15 
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3.2 HPT and Ageing treatment 
 

Both Al-Cu-Li and Al-Zn-Mg-Cu 7449 alloys materials were obtained as rolled plates. 

All the raw materials were initially machined into rods and cut into disks of 0.92 mm 

in thickness and 9.8 mm in diameter. And then ground on SiC papers to the final 

thickness of 0.80 mm ± 0.03 mm.  

 

Both alloys were processed by two process conditions: 

Process 1: T4 treatment (solution treatment, quench and natural ageing) followed by 

HPT at RT and an artificial ageing treatment (T4-HPT-AA treatment). 

 

Process 2: T6 treatment (solution treatment, quench and artificial ageing) followed by 

HPT at RT and artificial ageing treatment (T6-HPT-AA treatment).  

 

Al-Cu-Li 

 

Five Al-Cu-Li disks (samples 1-5) were first solution treated at 515 oC for 30 min, 

followed by immediately quenching and then naturally aged for a fixed time period (i.e. 

T4 treatment). The samples then were processed by quasi-constrained HPT at room 

temperature for 5 turns under the pressure of 6 GPa. The rotation speed was 1 rotation 

per minute (rpm). The HPT machine used in this research is shown in Fig. 3-1. It has 

been demonstrated that rotation speed only has a minor influence on the strengthening 

of metal alloys as long as it is in the range of ½ to 2 rpm [219]. After HPT, these disk 

samples were aged at aged at 100 oC, 110 oC, 120 oC, 150 oC and 170 oC, respectively 

(i.e. a T4-HPT-AA treatment).  

 

After ageing treatments, the optimum condition (e.g. ageing temperature and peak 

ageing time) for Al-Cu-Li alloy to obtain the highest hardness was investigated in 

Chapter 4 and further examined for microstructural analysis in Chapters 5 and 6. Also, 

the optimum ageing temperature obtained from T4-HPT-AA condition was used as pre-

ageing temperature in the T6-HPT-AA treatment (See Table 3-3). 
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For T6-HPT-AA treatment, a quenched sample (sample 6) was pre-aged prior to HPT 

followed by a second artificial ageing treatment after HPT. The same conditions and 

parameters of HPT were used. This Al-Cu-Li alloy was pre-aged at 110oC for 24h. After 

5 turns of HPT process, it was heat treated at 110 oC for a time up to 400h. The process 

details for each sample have been shown in Table 3-3. 

 

 

Figure 3- 1. The image of HPT machine used in this research [220]. 

 

 

Table 3- 3. Processing procedures of  Al-Cu-Li samples.  

 Specimens  Processes details 

 

Process 1 

T4-HPT-AA 

Sample 1 

Sample 2 

Sample 3 

Sample 4 

Sample 5 

SSS at 515 oC/0.5h + quench + NA + HPT + ageing (100 oC) 

SSS at 515 oC/0.5h + quench + NA + HPT + ageing (110 oC) 

SSS at 515 oC/0.5h + quench + NA + HPT + ageing (120 oC) 

SSS at 515 oC/0.5h + quench + NA + HPT + ageing (150 oC) 

SSS at 515 oC/0.5h + quench + NA + HPT + ageing (170 oC) 

 

Process 2 

T6-HPT-AA 

 

Sample 6 

 

SSS at 515 oC (0.5h) + quench + pre-aged at 110oC/24h + HPT 

+110 oC/400h 

SSS: supersaturated solid solution; NA: natural ageing 

 

Table 3-4 provides detailed procedures of optimum conditions for examining the 

microstructural evolution of Al-Cu-Li alloy described in Chapters 5 and 6. 
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Table 3- 4. Processing details of Al-Cu-Li samples for microstructural evolution 

analysis. 

Processes Processing procedures 
 

T4-HPT-AA                SSS at 515 oC/0.5h + quench + natural ageing + HPT + aged at 110oC/60hs 

T6-HPT-AA           SSS at 515 oC/0.5h + quench+ aged at 110oC/24hs + HPT + aged at 110oC/180hs 

 

 

Al-Zn-Mg-Cu 7449 alloy 

 

Six Al-Zn-Mg-Cu disks were first solution treated at 475 oC for 30 min, followed by 

immediately quenching and natural ageing. Thereafter, the samples (samples 1- 6) were 

processed by HPT using the same conditions and parameters as Al-Cu-Li alloy. After 

HPT, 6 disks were aged at 80 oC, 90 oC, 100 oC, 110 oC, 130 oC and 150 oC for different 

periods up to a maximum of 130h, i.e. a T4-HPT-AA treatment.  

 

Another batch of quenched Al-Zn-Mg-Cu samples (samples 7 and 8) was pre-aged at 

130 oC and 150 oC for 24h prior to HPT followed by a second ageing treatment after 

HPT (i.e. a T6-HPT-AA treatment). After the HPT process, they were heat-treated at 

the same temperature for up to 170h. The full details of procedures, including ageing 

temperature and time, are given in Table 3-5.   

 

Table 3- 5. Details of procedures including ageing temperature and time for Al-Zn-Mg-

Cu alloys. 

 Specimens  Processes details  

 

 

Process 1 

T4-HPT-AA 

Sample 1 

Sample 2 

Sample 3 

Sample 4 

Sample 5 

Sample 6 

SSS at 475 oC/0.5h + quench + NA + HPT + ageing (80 oC) 

SSS at 475 oC/0.5h + quench + NA + HPT + ageing (90 oC) 

SSS at 475 oC/0.5h + quench + NA + HPT + ageing (100 oC) 

SSS at 475 oC/0.5h + quench + NA + HPT + ageing (110 oC) 

SSS at 475 oC/0.5h + quench + NA + HPT + ageing (130 oC) 

SSS at 475 oC/0.5h + quench + NA + HPT + ageing (150 oC) 

 

Process 2 

T6-HPT-AA 

 

Sample 7 

 

Sample 8 

 

SSS at 475 oC (0.5h) + quench+ ageing at 130oC (24hs) + 

HPT + 130oC 

SSS at 475 oC (0.5h) + quench+ ageing at 150oC (24hs) + 

HPT + 150o 
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3.3 Micro-hardness tests 
 

An empirical equation 𝜎𝑦 ≈ 3𝐻𝑉 with units Hv and MPa has been used to explain the 

relationship between strength and hardness. Hence, micro-hardness measurements can 

provide a good indication of the strength of materials. After the processing described 

above, micro-hardness tests were carried out on mirror-like polished surfaces by micro-

hardness tester with a Vickers diamond pyramid indenter. The hardness tests were 

conducted at room temperature, with dwell time 15s and a load of 300 gf. For each 

processed sample, five measurements were taken at points halfway between centre and 

edge of disks to provide a realistic average hardness, marked by red crosses in Fig. 3-

2. Five measured positions were separated by around 3 mm to avoid mutual interference 

between the different selected points. The average micro-hardness and error bar are 

reported. The error bar obtained by the standard deviation (STD)  of 5 indents 

performed on a single HPT sample, and the STD is taken for a set of indents as: 

 

𝑆𝑇𝐷 = √
1

𝑁𝐻𝑉 − 1
∑(𝑥𝑖

𝐻𝑉 − 𝑥̅)2

𝑁𝐻𝑉

𝑖=1

 
(3- 1) 

 

 

where 𝑁𝐻𝑉   is the number of indentations, and 𝑥𝑖
𝐻𝑉  is the value of individual 

indentation, and 𝑥̅ is the average value of indentations. 

 

Figure 3- 2. Micro-hardness measurement was taken at the red crosses on the disk 

sample. 
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3.4 X-ray diffraction 
 

The XRD experiment was performed on the Al-Cu-Li alloys in all stages of two 

processing procedures (T4-HPT-AA and T6-HPT-AA) from solution treatment to final 

ageing hardening aimed at revealing their evolution of microstructure and precipitates. 

The samples used for investigation need to be processed by the optimum processing 

condition for obtaining the highest strength. Accordingly, for T4-HPT-AA process, 

samples processed through post-ageing at 110 oC for 60h after HPT were chosen for 

XRD analysis. Furthermore, for T6-HPT-AA, analysed samples were pre-aged at 110 

oC for 24h, followed by HPT and post-ageing at 110 oC for 180h. Overall, six samples 

(three for each processing condition) were analysed by XRD. All the samples were 

processed by quasi-constrained HPT at room temperature for 5 turns under the pressure 

of 6 GPa. The rotation speed was 1 rotation per minute (rpm). 

 

The XRD samples with a diameter of 4 mm were punched from HPT-processed discs 

at the peripheral region (0.5 mm from the centre) as shown (dark blue region) in Fig. 

3-3 X-ray diffraction (XRD) was carried out using a Rigaku SmartLab X-ray 

diffractometer equipped with a graphite monochromator Cu Kα radiation at 50 steps 

per degree and a count time of 1.2s per step. The slit length was chosen as 5 mm. In 

order to improve the accuracy and reduce errors, the data for each sample were collected 

by repeating runs, which were collected and saved as a format of raw or text, analysed 

by DIFFRAC EVA software to identify the precipitates and peak shifts. 

 

Furthermore, to determine crystallite size and microstrains, XRD line broadening 

analysis was performed using the Materials Analysis using Diffraction (MAUD) 

software that is based on the full peak X-ray profile refinement using the Rietveld 

method [186,221]. The principle of this method was presented in Section 2.6.1. In 

MAUD, calculating models are adjusted step by step until the calculated curve is well 

matched with the experimental diffraction data. This procedure produces calculations 

of the microstrain and crystallite size, all as part of the MAUD software.  
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Figure 3- 3. XRD sample punched from HPT-deformed disks. 

 

 

3.5 Transmission electron microscopy 
 

TEM has been performed on Al-Cu-Li alloy using a FEI Talos 200 TEM/STEM 

operated at 200kV. The equipment is at Xiamen University of Technology, and TEM 

was operated by local staff. The disk-samples were mechanically ground down to ~150 

µm in thickness first, and smaller disk-shaped samples (blue shaded) with 3 mm in 

diameter were punched at a position 1 mm from the centre of the disk, shown in Fig. 3-

4. After this, the samples were ion polished using Gatan PIPS II polishing system 

through Ar ion beam milling process to obtain a thin TEM sample. For each condition 

of sample, bright field and dark field images were captured by both TEM and STEM 

modes from different locations. Selected area electron diffraction patterns (SAED) 

were also taken with an aperture of ~1 μm2. The ring diffraction pattern consisting of 

many dispersed spots represented the nanocrystalline materials. Additionally, Energy 

Dispersive Spectroscopy (EDS) detector attached to the TEM was used to determine 

the chemical composition of any phases or precipitates. 

 

0.5 mm 
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Figure 3- 4. TEM sample (blue shaded) punched from a disk sample. 

 

The following Al-Cu-Li samples will be studied: 

For T4-HPT-AA processing condition: 

1). After solution treatment (T4) 

2). After T4-HPT without subsequent ageing (T4-HPT) 

3). After T4-HPT with subsequent ageing (T4-HPT-AA) 

 

For T6-HPT-AA processing condition: 

4). After 24h pre-HPT ageing (T6) 

5). After T6-HPT without subsequent ageing (T6-HPT) 

6). After T6-HPT with subsequent artificial ageing (T6-HPT-AA) 

 

Throughout this report, the average grain size (𝐿̅) of each sample was measured using 

the modified line intercept method described as [172]: 

mean intercept length (𝐿̅) =
𝐿𝑡𝑜𝑡𝑎𝑙(total length of lines)

𝑃(total number of intersections)
 

In the measurement, only the grains with clear boundaries were taken into account.       

4-6 straight line segments were randomly drawn on the micrograph, adding up the total 
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grains intersected. In Fig. 3-5, a T6-HPT-AA-processed sample is taken as an example 

to show the average grain measurement. 

 

The accuracy of the determination of the average grain size for the sample in each 

processing condition will be calculated by the standard statistical equation: 

accuracy of the mean ≈ 
𝑆𝐷

√𝑁
 

Where SD is standard deviation, N represents the number of measurements, i.e. the 

number of intercept lengths determined. 

 

 

Figure 3- 5. Line intercept method is applied on the TEM micrograph of the T6-HPT-

AA-processed Al-Cu-Li alloy. 

 

3.6 Atom probe tomography 
 

Atom probe tomography was carried out on samples processed by T4-HPT-AA and T6-

HPT-AA conditions. Needle-shaped specimens for APT analysis were prepared from a 

thin metal bar with dimensions of 0.5 mm × 0.5 mm × 10 mm cut from  HPT disk 

samples using a standard two-step electro-polishing procedure. A 33% nitric acid and 

67% methanol solution were used in stage one (i.e. standard electropolishing), and a 
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2% perchloric acid and 98% butoxyethanol solution in stage two (i.e. micro-

electropolishing), a standard two-step electro-polishing procedure is shown in Fig. 3-6.  

 

APT analysis was conducted using a LEAP 4000 HR at a specimen temperature of 50 

K, a pulse repetition rate of 200 kHz, a pulse voltage fraction of 15% and a target 

evaporation rate of 0.5%. The background vacuum level of the analysis chamber was 

less than 10-8 Pa, and the detection efficiency of the instrument was 36%. The 

reconstruction and visualization of the APT data were performed using Imago’s 

Integrated Visualization and Analysis Software (IVAS) 3.6.12 software [35]. The IVAS 

integrated cluster finding and analysis tool was used to investigate cluster features. 

 

 

Figure 3- 6. APT sample preparation (a) standard electro-polishing; (b) micro-

electropolishing. 

 

 

Solute-rich features were identified using the maximum separation method, with Cu 

and Mg as targeting clustering solutes. The maximum separation method relies on the 

fact that atoms of one or more elements (the ‘clustered species’) are spaced more 

closely in the clusters than those within the matrix. This algorithm classifies atoms as 

belonging to a cluster if solute atoms are separated by a distance that is smaller than a 

certain threshold distance value, dmax, which is referred to as the characteristic distance, 

and as belonging to the matrix if the distance is larger than dmax [15]. In our Al-Cu-Li 

alloy, Mg, Cu atoms were identified as clustered/segregated if they had a separation 
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distance of < 0.7 nm, that is dmax = 0.7 for a meaningful detection of the nearest 

neighbour. 

 

To detect small solute clusters, the smallest solute clusters taken into account were 

nominated to contain at least 10 solute atoms. Solute clusters with fewer than 10 solute 

atoms were neglected in the analysis because such small clusters are ubiquitous in the 

alloy with solute atoms in a random distribution. These small solute clusters were 

treated as solute atoms belonging to the Al matrix. 

 

3.7 Differential scanning calorimetry 
 

In order to analyse the stability of phases and solute clusters formed during ageing, 

DSC was performed on Al-Cu-Li alloy samples. Clusters have the same crystal 

structure as the host Al matrix, thus showing no sharp interface and only a nuance of 

composition. Therefore, DSC has been extensively used to evaluate them indirectly. 

Accordingly, flat cylinders with 6.1 mm in diameter and 0.6 mm in thickness were 

punched from the periphery of the processed disk samples (see Fig. 3-7) and further 

prepared by grinding for DSC measurement. Mechanical preparation was done 

carefully to avoid any further heat input. DSC measurements were performed on disk-

shaped samples using a Perkin-Elmer Pyris Diamond calorimeter. Pure Al samples of 

similar mass and dimension were used as reference samples. Heating was conducted 

from -50 oC to 520 oC at a constant rate of 30K/min. The temperature of 520 oC was set 

because the solution treatment temperature used for Al-Cu-Li alloy was 515 oC, which 

would be about 10 oC below the solidus, i.e. the max temperature at which the material 

is fully in solid-state. Therefore, it is reasonable to heat to the highest possible 

temperature while staying in the solid state. A Huber TC 100 cooler was used, and the 

nitrogen gas was purged to provide a protective gas atmosphere. To prevent the 

measuring device from icing and to keep a constant ambient condition, the device was 

located under an acrylic glass box, which was flushed with dry air. 
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Figure 3- 7. DSC sample (blue shaded) punched from disk-sample. 
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Chapter 4    Investigating the highest hardness of 

materials 
 

4.1 Results 
 

4.1.1 Micro-hardness test of Al-Cu-Li alloy 

 

The Al-Cu-Li (Al-2.88Cu-1.34Li-1.03Mg) disks that were HPT processed for 5 turns 

were aged at 100 oC, 110 oC, 120 oC, 150 oC and 170 oC. Fig. 4-1 shows the variation 

of micro-hardness when ageing at different temperature for ageing times up to 500h. 

Fig. 4-1 exhibits that the hardness of HPT-processed Al-Cu-Li depends strongly on 

both the ageing time and temperature. On ageing at 110 oC, 120 oC and 150 oC the 

hardness initially increases to the peak age condition and subsequently declines with 

increasing ageing time, with the peak at 64h, 8h and 4h, respectively. It can be 

concluded that the higher the ageing temperature, the shorter the time it takes to reach 

the peak hardness, and this is ubiquitously seen in nearly all age hardening alloys (see 

also Discussion section). For ageing at 170 oC, a pronounced reduction in hardness from 

222 Hv to 154 Hv occurs. Furthermore, a tendency of continuous increment in hardness 

can be seen in Fig. 4-1 even after ageing for 500h at 100 oC up to~240 Hv, and it seems 

that there is a potential for a further increase with longer ageing time.  

 

It is noticed that immediately after HPT gives a range of variability in the initial 

hardness of these disks following the same sample preparation process.  Although the 

highest hardness level of Al-Cu-Li is 244 Hv for 8h ageing at 120 oC (Fig. 4-1), the 

percentage increase from the as-HPT condition is only ~5.6%. While the maximum 

percentage increase of~11.3% was achieved for ageing at 100 oC for over 500 hours, 

and a further increase may be expected. Moreover, a micro-hardness up to ~240 Hv for 

ageing 110 oC/64h with a percentage increase of 8.5% after as-HPT condition was 

achieved. In the present research, we mainly focus on the percentage increase of 

hardness after the complete T4-HPT-AA process. So the impacts of the slight difference 

in initial hardness of those disks on the subsequent heat treatment are negligible. 
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Fig. 4-2 illustrates the comparison of the hardness of T4-HPT processed Al-Cu-Li alloy 

aged at 100 oC and T6 (110 oC/24h) -HPT processed alloy aged at 110 oC for up to 400h. 

Both process methods depicted an increasing tendency in hardness. A significant 

increase in hardness was achieved through the T6-HPT-AA (i.e. pre-ageing followed 

by HPT and post-ageing) process, compared with the samples that have undergone a 

T4-HPT-AA treatment. It is worth noting that both T4 and T6 processed samples have 

similar hardness values right after the HPT process (~215 Hv), which means the large 

hardness increase mainly occurred within the first 24h artificial ageing treatment after 

HPT. Further long time ageing up to 400h causes the hardness of T6-HPT-AA-

processed sample to continue rising to a plateau of ~260 Hv. While the T4-HPT-AA 

treated sample only increases up to ~240 Hv. 

 

 

Figure 4- 1. Micro-hardness of the Al-Cu-Li alloy processed by T4-HPT-AA process 

as a function of ageing time at different temperatures. 
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Figure 4- 2. Micro-hardness of the Al-Cu-Li alloy processed by T4-HPT-AA and T6-

HPT-AA process as a function of ageing time at different temperatures.  

 

 

4.1.2 Micro hardness test of Al-Zn-Mg-Cu alloy 

 

As illustrated by Fig. 4-3, the Al-Zn-Mg-Cu alloy does not show an increase in hardness 

with increasing ageing time at any selected ageing temperature. Thus this alloy appears 

to have a post-HPT ageing behaviour that is very different from that of the Al-Cu-Li 

alloy. Ageing at the lower temperatures of 80 oC and 90 oC after HPT does not affect 

the micro-hardness of Al-Zn-Mg-Cu alloy, with hardness values remaining fairly flat. 

In addition, ageing at a higher temperature of 130 oC results in a continuous decrease 

from the beginning of ageing treatment. The hardness was reduced from 240 Hv to 215 

Hv within 2 hours and further down to nearly 200 Hv in the next two hours. Further 

increasing the temperature to 150 oC results in a sharper reduction in hardness, from 

250 Hv to 165 Hv after 4 hours of ageing.  
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For this Al-Zn-Mg-Cu alloy, the T6-HPT-AA process does not improve the hardness 

of materials at the ageing temperature of 130 oC and 150 oC. The data in Fig. 4-4 depicts 

that post-HPT ageing at temperature 130 oC for both T4-HPT-AA and T6-HPT-AA 

conditions results in softening. However, the softening rate is slightly reduced when 

samples were processed by T6-HPT-T6 condition, i.e. the T6-HPT-AA condition is 

more stable than the T4-HPT-AA condition. 

 

 

Figure 4- 3. Micro-hardness of the Al-Zn-Mg-Cu alloy processed by T4-HPT-ageing 

as a function of the ageing time at different temperature. 
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Figure 4- 4. The hardness of T4-HPT-AA and T6-HPT-AA-processed Al-Zn-Mg-Cu at 

130 oC and 150 oC. 

 

4.2 Discussion 
 

4.2.1 Al-Cu-Li alloy in T4-HPT-AA and T6-HPT-AA conditions 

 

On post-HPT ageing of the Al-Cu-Li alloy at temperatures of 110 oC, 120 oC and 150 

oC, the hardness of the samples first increases with ageing time and reaches a peak value. 

After peak ageing time, the hardness decreases gradually with ageing time. The shape 

of the curves is typical of an age hardening curve of heat treatable Al-based alloys 

processed by conventional age hardening treatment [9,34,135,222–225]. Nevertheless, 

the hardness is much higher than conventionally age hardening processed Al-Li based 

alloys. For instance, the micro-hardness of 160±7 Hv was obtained from AA2195 (Al-

4Cu-1Li-0.36Mg) alloy processed through 1h solution treatment at 510 oC, followed by 

stretched to 3% and ageing at 150 oC for 30h [225]. Here in this report, the highest 

hardness of 244 Hv is achieved by combining HPT and age hardening process.  
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Kim et al. [226], compared the hardness of a conventionally aged 2024 alloy with that 

of a severe plastically deformed 2024 alloy. It showed that the deformed (through cryo-

rolling) 2024 alloy takes a shorter time to reach its peak hardness as plastic deformation 

prior to artificial ageing had been shown to strongly influence the Al-Cu-Li alloy 

precipitation kinetics and T1 precipitates size. This results in a uniform distribution of 

T1 precipitates formed heterogeneously because the plastic deformation increases the 

number of heterogeneous nucleation sites. T1 precipitates are thought to be the 

dominant hardening precipitates. Hence, it is reasonable to speculate that the HPT-

processed Al-Cu-Li alloys may also take a shorter time to reach the peak hardness than 

conventional age hardened Al-Cu-Li alloys. 

 

For a conventional ageing process (i.e. solid solution treatment followed by artificial 

ageing), the increase of hardness is due to the cease of dislocation movement by the 

precipitates formed during ageing. When ageing beyond the peak hardness, the 

reduction in hardness is associated with the increase in inter-particle separation among 

precipitates, which reduces the degree of complication for the dislocations to bow the 

precipitates [227]. Besides, the coalescence of the precipitate into larger particles leads 

to fewer obstacles to dislocation motions, thereby reducing the hardness. Additionally, 

when the ageing process was performed at a higher temperature (150 oC), the hardness 

reaches its highest values in a very short period due to the increase of driving force. 

This may be explained by the faster precipitation rate of alloying atoms, which results 

in a faster formation of precipitates. Whereas, at the lower ageing temperature, the 

formation of precipitates is prolonged because slower diffusion process, the precipitates 

only appear in the Al matrix after an extended period of ageing time. These processes, 

known from the conventional ageing treatments, might thus explain the observations 

on post-HPT ageing of the Al-Cu-Li alloy. It has been reported by Y.H. Zhao et al. [134] 

that ECAP can increase the precipitation kinetics without changing precipitation 

sequences and provide a significant strengthening effect on age hardening in 7075 Al 

alloy. Therefore, it may be reasonable that the obtained hardness curve of solution 

treatment + HPT + ageing-processed samples in Fig. 4-1 has a similar tendency with 

that of conventional ageing processed samples.  
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A similar hardness curve was observed for AA2091 (Al-2.09Li-1.99Cu-1.55Mg-0.12Zr 

in wt. %) treated by solution treatment at 505oC for 30 mins and subjected to HPT for 

5 revolutions at RT followed by ageing at 100oC, 150oC and 190oC [31]. The results 

indicated that the hardness of AA2091 increased to the peak values when aged at 

100oC/223h and 150oC/56h, while a decrease in hardness occurred from the starting of 

the ageing process at 190oC. The formation of UFG structures with high angle grain 

boundaries was observed after HPT by TEM dark-field images and SAED [31]. 

Additionally, TEM micrographs also showed that these UFG structures with high angle 

grain boundaries were still retained after ageing treatment, even at a high temperature 

of 190 oC. Besides, at peak age condition of AA2091, fine dispersion δ ′  (Al3Li) 

precipitates were found to exist within the UFGs after ageing, and these fine δ′ (Al3Li) 

precipitates were thought to be responsible for the age hardening. 

 

Moreover, on ageing beyond the peak age condition, the material becomes over-aged, 

and the reduction of hardness is most likely due to the coarsening of δ′ particles. 

Therefore, it is reasonable to anticipate that in the HPT-processed Al-2.88Cu-1.34Li-

1.04Mg alloy studied in this work, a fine dispersion of precipitate particles is formed in 

the UFGs, which is responsible for the high hardness. However, the lower content of 

Li compared with AA2091 (2.09 wt. % Li) makes it unlikely to form δ′ phase, and other 

precipitates such as T phase or co-clusters (Cu-Mg) may exist within the UFGs after 

ageing, thus confirming the strengthening effect of the combination of grain refinement 

and precipitation hardening.  

 

It is also relevant to consider work reported on Al-10.8 wt. % Ag alloy processed by 

solution treatment and ECAP, followed by ageing at 373K (100 oC) and 473K (200 oC) 

[34]. This work also shows that the rate of increase in hardness, 𝜕Hv/𝜕t, is faster at 

ageing temperature of 473K (200 oC) and the highest Hv values occur after a very short 

ageing time: after 10h at 473K and 100h at 373K. An AA2024 (Al-Cu-Mg) alloy was 

also processed by the combination of pre-ECAP solution treatment combined with post-

ECAP ageing with a temperature of 373K (100 oC) and 448K (175 oC) [226]. On ageing 

at 448K, the peak hardness was reached only after 2h ageing, which is similar to the 

Al-Cu-Li alloy studied in this work aged at 150 oC with a rapid peak ageing time of 
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only 4h. A similar observation has been reported in many Al-based composite materials 

such as B4C-6061 and SiC-2124 [228]. Hong and Gray [229] suggested that this 

accelerated ageing phenomenon was promoted in Al-based composites with high 

densities of dislocation via the preferential solute-atom segregation at dislocations or 

preferential nucleation site of solute precipitation on dislocation. This mechanism may 

also be a factor for the solution treatment + HPT+ ageing processed Al-Cu-Li alloy 

because of high dislocation density caused by severe plastic deformation. Many works 

have also reported that the SPD process may induce strong solute atom segregation, as 

described in Section 2.4.4. 

 

When ageing the Al-Cu-Li alloy at a lower temperature (120 oC and 110 oC shown in 

Fig. 4-1), peak ageing is delayed, and slightly higher peak hardness is reached at 8h and 

64h, respectively. In addition, Fig. 4-1 shows a pronounced reduction in hardness of 

Al-Cu-Li from the onset of ageing time on ageing at 170 oC. This is similar to 

observation for AA6061 aged at 175 oC and 100 oC after processing by solid solution 

treatment at 530 oC/4h followed by ECAP [35]. This hardness drop was ascribed to the 

recovery effect and grain coarsening of the severely deformed substructure through 

annealing, which would mask the effect of precipitation hardening during ageing 

treatment. Furthermore, it has been shown that this softening effect is reduced when 

ageing Al-6061 alloy at a lower temperature of 100oC [35]. Hence, the increased 

hardness of Al-Cu-Li alloy at 100 oC, 110 oC, and 120 oC (Fig. 4-1) implies that the 

effect of age hardening is more dominant than the softening effect.  

 

According to recently published work on achieving high strength in Al-alloys, the 

maximum hardness attained was 275 Hv by ageing Al-Li-Cu-Mg (2091) at 150 oC for 

56h or 100 oC for 223h [31]. In this work, the highest hardness level of Al-Cu-Li alloy 

was found to be 244 Hv at 120 oC for 8h ageing, which is lower than AA2091, but the 

percentage of increase at 120 oC is only ~8.9%. However, a tendency of continuous 

increment in hardness can be seen in Fig. 4-1, hardness measured up to~240 Hv when 

ageing at 100 oC/500h. This is continuously increasing hardness with an increment of 

~11.3%, indicating a potential to surpass the highest hardness of AA2091. 
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The mechanical properties and precipitation evolution of Al-Li-Cu alloys that 

undergone solution treatment + HPT + ageing treatment have been studied in a few 

works [31]. In contrast, no research has been conducted on Al-Li-Cu alloys that are 

processed by the combination of ageing treatment and HPT processing in the sequence 

of solution treatment + pre-ageing + HPT + post-ageing (i.e. T6-HPT-AA). Therefore, 

so far, it is hard to explain the possible reason that causes a significant improvement in 

the hardness of Al-Li-Cu alloy. The microstructure evolution needs to be analysed for 

further investigation, e.g. XRD and TEM techniques. 

 

 

4.2.2 Al-Zn-Mg-Cu alloy in T4-HPT-AA and T6-HPT-AA conditions 

 

Unlike the Al-Cu-Li alloy, post-HPT ageing of the Al-Zn-Mg-Cu alloy at 80 oC and 90 

oC does not affect the micro-hardness, whilst ageing at higher ageing temperature 

ranges from 100 oC to 150 oC causes a drop in hardness. A report on Al-Cu-Mg-Cu-Zr 

(Al-1Cu-2.8Mg-6.1Zn-0.37-Zr) alloy processed by SPD followed by various artificial 

ageing in a range of 50 oC to 300 oC. It showed that artificially ageing of the strongly 

deformed alloy at low temperatures (T=50 oC and T=100 oC) does not influence the 

hardness of the alloy. In addition, increase the ageing temperature to 150 oC and 200 oC 

results in a reduction in hardness value. However, these observations were not 

explained in that report [230]. 

 

Although the T6-HPT-AA process does not enhance the hardness of the Al-Zn-Mg-Cu 

alloy, the reduction of softening rate implies that the T6-HPT-AA process may have a 

great potential to improve the stability. In order to investigate more details, further 

works might required. 
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4.3 Summary 
 

The present experimental work demonstrates the potential for the combination of grain 

refinement with appropriate ageing treatments to achieve an ultra-high strength for Al-

Li-Cu and Al-Zn-Mg-Cu alloys. Two processing conditions were applied on two types 

of materials: T4-HPT-AA and T6-HPT-AA. In addition, a series of micro-hardness 

measurements were performed after various ageing temperatures and ageing times. The 

conclusions are summarised as follows: 

 

1) A hardness of ~240Hv is achieved during T4-HPT-AA treatment (i.e. Al-Li-Cu 

alloy is aged at 100oC for 500h) with a percentage increase of 11.3% HV after 

as-HPT condition. 

 

2) A further increased hardness of Al-Li-Cu alloy was achieved through T6-HPT-

AA treatments, achieving an ultra-high hardness of ~260Hv via pre-HPT ageing 

at 110oC/24h and post-HPT ageing at 110oC/400h.  

 

3) By contrast, ageing after HPT of Al-Zn-Mg-Cu alloys does not provide the 

desired age-hardenings. On ageing at 100oC to 150oC, the hardness decrease 

continuously with increasing ageing time and reducing ageing temperature to 

below 100oC, resulting in a stationary hardness of the Al-Zn-Mg-Cu alloy.  

 

4) Although processing with T6-HPT-AA treatment does not enhance the hardness 

of the Al-Zn-Mg-Cu alloy, it can increase the ageing stability of the alloy. 

 

 

After two age hardenable Al alloys were processed by two different processing 

conditions, both T4-HPT-AA and T6-HPT-AA processes increased the hardness of the 

Al-Cu-Li alloys. However, neither of them was effective in improving the strength of 

7449 Al alloys. Hence, only Al-Cu-Li alloys processed by the optimum condition will 

be investigated for further microstructural analysis.  
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Even if a maximum percentage increase of ~ 11.3% HV was achieved when Al-Cu-Li 

was aged at 100 oC for over 500 hours (Fig. 4-1), the ageing process is time-consuming. 

Eventually, ageing at 110 oC for 60 hours is chosen as the optimum T4-HPT-AA 

processing condition to obtain the highest hardness of the Al-Cu-Li alloy. Meanwhile, 

pre-ageing (110 oC/24h) before HPT combined with a post-ageing (110 oC/180h) 

process is chosen as the optimum T6-HPT-AA processing condition. 
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Chapter 5    Microstructural evolution and strength 

of Al-Cu-Li alloy 
 

In Chapter 4, the optimum processing temperature and time for both T4-HPT-AA and 

T6-HPT-AA treatments to achieve maximum hardness/strength Al-Cu-Li alloy were 

obtained. The microstructure of the material is one of the most essential features that 

affect the hardness/strength of the metals or alloys. Therefore, to investigate the 

strengthening mechanisms behind this ultra-high strength Al-Cu-Li alloy, the 

microstructure evolution of the alloy will be evaluated by Micro-hardness, TEM and 

XRD in this chapter. 

 

5.1 Results 
 

5.1.1 Micro-hardness 
 

The micro-hardness of Al-Cu-Li alloys at the optimum processing condition of T4, T4-

HPT, T4-HPT-AA, T6, T6-HPT and T6-HPT-AA were measured, and the results are 

shown in Fig. 5-1 (a) and (b). This Fig. 5-1(a) depicts that the micro-hardness after T4 

treatment (i.e. solution treatment for 515 oC /0.5h followed by quenching and natural 

ageing) was ~120 Hv. After 5 turns HPT processing, the hardness has dramatically 

increased to ~220 Hv, and a continued low temperature ageing treatment (110 oC/60h) 

improved the peak-aged hardness further to ~235 Hv.  

 

On the other hand, processing by T6 treatment (i.e. solution treatment followed by 

quenching and artificial ageing 110 oC/24h) does not show any improvement in 

hardness, compared with the sample that had processed by T4 treatment (Fig. 5-1 (b)). 

Also, it is obvious that the hardness increases largely from ~120 Hv to ~210 Hv after 

material being processed by the HPT. As expected, a further improvement in the 

hardness to ~260 Hv was accomplished by a pre-ageing (110 oC/24h) before HPT in 

combination with a post-ageing (110 oC/180h) process. This gives over two times that 

of the initial T4-processed sample (~120 Hv). 
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Figure 5- 1. The micro-hardeness of Al-Cu-Li alloy under T4, T4-HPT and T4-HPT-

AA (a); T6, T6-HPT and T6-HPT-AA (b) processing conditions. 
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5.1.2 XRD 
 

XRD diffraction spectra in the 30-90o range were collected for all six samples with a 

step of 0.02o. Fig. 5-2 (a) depicts the XRD patterns of the T4, T4-HPT, T4-HPT-AA 

and T6, T6-HPT, T6-HPT-AA-processed Al-Cu-Li-Mg-Zr samples. For all the samples, 

diffraction peaks due to Al-phase are detected. The observed preferred peaks are due to 

(1 1 1), (2 0 0), (2 2 0), (3 1 1) and (2 2 2) at 2θ equal to 38o, 45o, 65o, 78o and 82o 

respectively. However, the spectra of the undeformed samples (i.e. T4 and T6) in 

addition reveal the presence of additional weak peaks, identified as S (Al2CuMg) and 

θ (Al2Cu) phases. Accordingly, in the absence of S and θ phases in the other four 

samples suggesting that all these precipitates are dissolved in Al matrix, and a 

supersaturated solid solution is formed after HPT processing.  

 

Additionally, in the enlarged sections of the spectra between 37o to 46o shown in Fig. 

5-2 (b), dash lines are used to compare the position of (1 1 1) and (2 0 0) peaks arising 

from Al matrix in each stage of two processing procedures (i.e. T4-HPT-AA and T6-

HPT-AA). It can be seen that compared with T4 and T6-processed samples, the highest 

(111) diffraction peaks of T4-HPT and T6-HPT-processed samples slightly shifted 

towards the lower angles as a result of HPT processing (Fig. 5-2 (b)). It is likely due to 

a change in the amount of dissolved elements into the Al matrix. 

 

Also, after HPT and post-ageing treatments (i.e. T4-HPT-AA and T6-HPT-AA), these 

Al-phase diffraction peaks remain present, and no additional peaks arise, which 

indicates that no new phases are formed due to post-ageing. Besides, the intensity of Al 

phase peaks reveals that the volume fraction of Al-phase in T6 and T4-processed 

samples are higher than that of the other HPT-processed samples. Additionally, the 

peaks intensity of Al phase at (1 1 1), (2 0 0) and (2 2 2) planes varies with different 

processing conditions, which represents they have the same crystalline structures but 

with different lattice parameters. This suggests that HPT processing has changed the 

crystallographic texture of the alloys. 
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Figure 5- 2. (a) Overview of XRD patterns of the HPT-processed and aged Al-Cu-Li 

alloys; (b) enlarged section of XRD pattern from 37o to 46o, and (c) enlarged section of 

XRD patterns from 60o to 90o. 

 

Careful examination of Fig. 5-2 (c) reveals that peak broadening is observed in the 

profiles of samples processed by HPT, compared with T4 and T6 conditions. In the 

XRD profile, the peak broadening of HPT-processed samples is caused by a reduction 

in crystallite size and increased density of lattice defects, mainly dislocations and grain 

boundaries [188–191]. Besides, the double peaks in T4 and T6-processed samples 

( shown in Fig. 5-2 (b-c)) are likely due to Kα1 and Kα2 doublet. Kα1 and Kα2 doublet 
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at high angles. The peak broadening after HPT and subsequent ageing causes the 

disappearance of these double peaks. 
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lines per unit volume (m/m3) can be obtained from the measured microstrains and 

crystallite size using Eq. 5-1 [134]. 

𝜌 =
2√3 < 𝜀2 >1/2

𝐷𝑐  𝑏
 

(5- 1) 

Where 𝑏 is the Burgers vector length and equal to √2a/2 for an FCC material (i.e. 

0.286 nm for Al), < 𝜀2 >1/2 is the internal lattice microstrain, 𝐷𝑐 is the crystallite size 

related to coherently scattering domains (i.e. the mean size of dislocation free domains). 

 

Table 5- 1. The microstrain, crystallite size and dislocation densities of Al-Cu-Li alloy 

processed by different processing conditions, as determined by Rietveld analysis of XRD 

patterns. 

Processing 

condition 

Microstrain/10-3 Crystallite 

size/nm 

 Dislocation density/1014 m-2 

T4 0.48 2047 0.03 

T4-HPT 1.63 56 3.50 

T4-HPT-AA 0.58 90 0.78 

T6 0.34 2212 0.02 

T6-HPT 1.06 84 1.50 

T6-HPT-AA 0.56 97 0.70 

 

According to the data from Table 5-1, the changes in crystallite size and the dislocation 

density of the Al-Cu-Li alloy with different processing conditions are plotted in Fig. 5-

3. Fig. 5-3 (a) depicts that the crystallite size of T4-processed sample reduces by a factor 

30 during 5 turns HPT processing at RT, and then slightly increases during the 

subsequent ageing for 60h. The dislocation densities have an opposite trend: increasing 

to the highest level of ~3.5×1014 m-2 right after HPT, indicating dislocation 

accumulation during HPT deformation and then dropping to ~0.8×1014 m-2 after 

subsequent peak ageing treatment. 

 

The changes in crystallite size and dislocation densities with the consecutive processing 

conditions T6, T6-HPT and T6-HPT-AA present almost the same trend as with T4, T4-

HPT and T4-HPT-AA processing conditions, shown in Fig. 5-3 (b). The crystallite size 

of T6-processed sample also becomes significantly smaller during HPT deformation 

from a few micrometres (~2 µm) down to nanoscale level (~80 nm). However, the 
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subsequent artificial peak-ageing treatment almost has no effect on the crystallite size 

of T6-HPT-processed sample. In addition, the T6-processed sample reveals a large 

generation of dislocations after being deformed by HPT, with the dislocation density 

increasing to ~1.5×1014 m-2. Subsequently, the dislocation density of the sample 

gradually drops with increasing ageing time and decreases to ~0.7×1014 m-2.  

 

 

 

Figure 5- 3. The crystallite size and dislocation density as a function of different 

processing condition; (a) T4, T4-HPT and T4-HPT-AA, and (b) T6, T6-HPT and T6-

HPT-AA processing conditions. 
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5.1.3 TEM 

 

Al-Li-Cu in T4 condition 

 

Bright-field TEM (BF-TEM) and high angle angular dark field mode of STEM 

(HAADF-STEM) micrographs of starting material (undeformed Al-Cu-Li alloy) in T4 

condition are shown in Fig. 5-4. Large grain size was shown in Fig. 5-4 (a), and the 

mean grain size calculated by the line intercept method is 3030.3 ± 7.8 nm. 

Characterization at higher magnification by TEM (Fig. 5-4 (b)) depicts the presence of 

dislocations in the microstructure of the specimen. The corresponding SAED pattern of 

the red-circled area was captured (in Fig. 5-4 (b)), which reveals a single Al phase grain. 

Also, the corresponding elemental mapping was provided by EDS detector equipped 

with STEM, shown in Fig. 5-4 (c). Careful inspection of the square region 

microstructure in Fig. 5-4 (a), the spherical-shaped particles with a size of ~50 nm was 

found within the grain of T4-processed sample (shown in Fig. 5-5 (a)). These particles 

were detected to be Zr-rich particles by EDS analysis (see Fig. 5-5 (c)). Comparison 

with literature data on the shape and composition of Zr-rich particles in Al alloys [79–

81] indicates that these particles are β′ (Al3Zr) phase. 

 

 
 

 

 

 

(a) (b) 
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Figure 5- 4. Microstructure of T4-processed Al-Cu-Li alloy: (A) BF-TEM image; (B) 

HAADF-STEM image; (c) corresponding EDS mapping. 

 

  

  

 

Figure 5- 5. Enlarged TEM image of yellow-square region in Fig. 5-4 (b), (a) BF-STEM 

image; (b) HAADF-STEM image; (c) corresponding EDS mapping. 
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Al-Li-Cu in T4-HPT condition 

 

Fig. 5-6 contains the results compiled using BF-TEM, DF-TEM, and EDS techniques. 

Fig. 5-6 (a) and (b) represent bright and dark field images of the specimen processed 

by 5 turns of HPT deformation at RT. Grains with a size of ~90 nm appear in the 

microstructure, suggesting that the grain size has been reduced significantly by HPT 

processing, forming an UFG structure. The mean grain size estimated by the line 

intercept method is 88.7 ± 5.6 nm. Besides, the elemental distribution within grains was 

analysed by EDS, see Fig. 5-6 (c). Uniform elemental distribution is seen throughout 

the grain interior and GBs of the HPT-processed sample, indicating that there is no 

formation of precipitates during HPT deformation, with the exception of β′  phase 

(Al3Zr). Those spherical shaped Zr-containing particles (β′ phase) with an average size 

of ~50 nm were found mainly at grain boundaries, indicated by arrows in Fig. 5-6 (b). 

There is no elemental segregation at GBs. (In the type of imaging used here, any 

dislocations are not visible.) Fig. 5-7 shows the microstructure of the HPT-deformed 

Al-Cu-Li alloy with a higher magnification compared with Fig 5-6. 

 

Under these higher magnification images Figs. 5-7 (a-b), only a few grains with dark 

contrast are observed, and grain boundaries are mostly poorly defined, but some of 

those are identifiable. Additionally, large grains consisting of several sub-grains was 

observed, but no precipitates are seen in the micrographs. 

 

 
 

(a) (b) 

Zr-contained particles 
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Figure 5- 6. STEM pictures of UFG sample processed by T4-HPT condition: (a) BF-

STEM (b) DF-STEM, and (c) elemental composition mapping analysis 

 

 
 

Figure 5- 7. The bright (a) and dark field (b) STEM images taken from T4-HPT-

processed sample under high magnification. 

 

Al-Li-Cu in T4-HPT-AA condition 

 

Fig. 5-8 reveals the microstructure of the T4-HPT-AA-processed Al-Cu-Li alloy at 

peak ageing condition (~60h), which reveals a slight grain growth compared with the 

T4-HPT condition. As the grain boundaries are clearly defined from Fig. 5-8 (a) and 

(b), the mean grain size was estimated to be 102.4 ± 9 nm by the line intercept method. 

Furthermore, the bright, dark field STEM images and the corresponding EDS analysis 

(see Fig. 5-8 (c)) show a uniform elemental distribution throughout the grains, 

indicating that no solute segregation and no formation of precipitates occurred during 

subsequent ageing treatment. The only type of precipitates observed was Zr-containing 

(c) Al Cu Mg Zr 

(a) (b) 
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particles (β′ phase), even it is difficult to identify from STEM images. Besides, no 

dislocations were observed.  
 

 

 

Figure 5- 8. STEM images of Al-Cu-Li alloys processed by T4-HPT-AA processing 

condition: (a) bright field, and (b) dark field, (c) corresponding elemental distribution 

mapping of the sample. 

 

Al-Li-Cu in T6 condition 

 

HAADF-STEM micrographs of the undeformed Al-Cu-Li alloy in T6 heat treatment 

are illustrated in Fig. 5-9. As shown in Fig. 5-9 (a), the grain size in T6 condition is 

very similar to in T4 condition, which is 3150 ± 11 nm. The same observations were 

obtained in comparison with the sample processed by T4 condition. In both conditions, 

well-defined grain boundaries and dislocations were visible in the micrographs, 

indicated by arrows in Fig. 5-9 (b). Moreover, characterization at higher magnification 

by STEM (Fig. 5-9 (b)) reveals the presence of particles with a size of about 250 nm, 

and they are mainly located at grain boundaries.  The corresponding elemental mapping 

was conducted by EDS detector and provided further evidence that these particles 

contain a high concentration of Cu and Mg atoms, and thus they were identified as S′ 

(c) Al Cu Mg Zr 

(a) (b) 
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phase (Al2CuMg), the only known precipitate phase that contains Cu and Mg. These 

particles are indicated by arrows. The SAED pattern corresponding to the TEM image 

of the square region is given in Fig. 5-9 (d), showing it is an Al phase grain. Furthermore, 

the spherical-shaped β′ phase (Al3Zr) with a size of ~50 nm was also found everywhere 

throughout the T6-processed sample, as shown in Fig. 5-9 (e). 

 

 
 

 

 

Figure 5- 9. The HAADF-STEM bright-field (BF) micrographs of Al-Cu-Li alloy processed by 

T6 ageing treatment: (a) lower magnification; (b) higher magnification; (c) EDS mapping; (d) 

TEM image of microstructure with SAED pattern; (e) Zr- contained particles. 

(a) (b) 

(d) (e) 
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Al-Li-Cu in T6-HPT condition 

 

The BF-TEM, DF-TEM and HAADF-STEM micrographs shown in Fig. 5-10 are 

representative of the microstructures of the T6 aged materials followed by 5 turns of 

HPT processing at room temperature. An UFG structure with a mean grain size of 

115 ± 13 nm was measured, i.e. it is significantly refined during HPT deformation. In 

Fig. 5-10 (a), only a few grains with dark contrast can be seen, and most grain 

boundaries are poorly defined. However, careful inspection of the image (Fig. 5-10 (c)) 

shows that the grains contained sub-grains. Also, no new precipitates were observed, 

and no S′ phase particles were found in the micrograph after HPT processing. 

 

Fig. 5-10 (d) illustrates the TEM image captured from the same T6-HPT-processed 

sample at a different position with higher magnification, and the corresponding SAED 

pattern is included as an insert. The SAED pattern contains two sets of six spots situated 

around circles, indicating the presence of two grains and the boundaries having small 

misorientation angles. Such a pattern further proves that the nanocrystalline structure 

was achieved through HPT deformation.  

 

 

(a) (b) 
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Figure 5- 10. High resolution TEM micrographs: (a) BF-TEM, and (b) DF-TEM. (c) 

Enlarged image (d) SAED patterns of HPT-processed T6-aged sample. 

 

Al-Li-Cu in T6-HPT-AA condition 

 

Examination of atomic-resolved HAADF-STEM images (Figs. 5-11 (a-b)) revealed 

that the ultra-fine grain structure with well-defined grain boundaries was obtained after 

the sample was processed to the T6-HPT-AA condition. The mean grain size was 

measured as 123.4 ± 10 nm, which has slightly increased compared with as-HPT 

condition, indicating grain coarsening happened during subsequent ageing treatment. 

Spherical particles were observed at grain boundaries, but no other precipitates were 

detected by STEM (dislocations cannot be observed in this imaging mode). The 

corresponding EDS analysis (see Fig. 5-11 (c)) depicts that the presence of β′ phase 

(Al3Zr) and the concentration of Cu is slightly higher in the grain boundaries than the 

interior of grains. 

 

(c) (d) 
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Figure 5- 11. HAADF-STEM images (a) and (b) of Al-Cu-Li alloy processed by T6-

HPT-AA condition; (c) the corresponding EDs mapping. 

 

 

 

Figure 5- 12. (a) HAADF-STEM bright-field micrograph and (b) TEM image of the 

T6-HPT-AA condition sample and its corresponding SAED pattern. 
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Moreover, Fig. 5-12 (a) depicts a bright-field STEM image of the same sample but a 

different position. Sub-grains were found inside the grains with smaller grain size. In 

addition, many wavy shaped patterns were observed in the microstructure of the T6-

HPT-AA-processed sample, as shown in Fig. 5-12 (b). The corresponding SAED ring 

pattern confirmed a polycrystalline structure, and it is likely to be the overlap of two 

grain boundaries with different orientations or one grain boundary under an angle. Sub-

grains are also possible but cannot be seen from SAED due to small misorientation. 
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5.2 Discussion 
 

5.2.1 Microstructural analysis 

 

The present results are significant because they demonstrate the potential for combining 

HPT and age hardening to achieve an ultra-high strength aluminium alloy. For the Al-

Cu-Li alloy studied in this research, an optimum processing procedure of T6-HPT-AA 

(pre-ageing 110 oC/24h + 5r-HPT+ post-ageing 110 oC/180h) improves the hardness by 

a factor of 2 by comparison with the T4 condition. 

 

For T4 and T6-processed specimens, the TEM micrographs signify very similar 

observations, including large grains, well-defined grain boundaries, and dislocations 

retained within the grains. The dislocation densities measured by XRD via the Rietveld 

method show that only a small number of dislocations existed in the specimens after 

being processed by T4 and T6 heat treatment. This is an essential factor in explaining 

the relatively low micro-hardness presented in Section 5.1.1. By examining TEM 

images of T6-processed sample, S′ phase (Al2CuMg) was observed mainly at grain 

boundaries with an average size of ~250 nm, and this S′  phase was also identified in 

XRD pattern of T6-processed sample. However, no precipitates were found in the TEM 

images of T4-processed sample even though the XRD pattern shows a weak S′ phase 

peak. The formation of S′ phase has observed in many research [231–233], the addition 

of minor Mg (0.5-1.0 wt. %) to higher Cu-containing alloys will suppress the formation 

of GP zones and θ′ phases, instead of S′ phase will be formed during heat treatment. 

Due to the large size of S′ precipitates and very limited amounts of them, it is not 

contributing significantly to the hardening of the Al-Cu-Li alloy. 

 

Microstructural observations of T4-HPT-processed specimens reveals a significant 

grain size reduction from 3030.3 ± 7.8 nm to 88.7 ± 5.6 nm during HPT processing, the 

crystallite size measured by XRD line profile gives the same descending trend, 

compared with T4 condition. Such UFG structure achieved by HPT causes a significant 

increase in hardness value due to grain boundary hardening. Also, some larger grains 
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were found containing many sub-grains, which can also contribute to the hardness. By 

contrast, a much higher dislocation density was measured in T4-HPT condition by XRD 

analysis even though the TEM technique was not able to detect those dislocations due 

to imaging modes. In fact, it has been shown in several studies that HPT can introduce 

a large number of dislocations [31,38,119]. Therefore, the high dislocation density also 

improves the strength of HPT-processed materials. In addition, the peak of S′ phase and 

θ′ phase in XRD spectra of T4-processed sample disappeared after HPT deformation, 

suggesting that all the initial precipitates are dissolved into Al matrix and a 

supersaturated solid solution forms.  

 

Similarity observations have been observed in another study [150]: An artificial peak 

aged Al-Li 2198-T8 (peak ageing at 175 oC) alloy processed by HPT under 3 GPa for 

2 revolutions with the rotation speed of 0.5 rpm. The HPT processing introduced much 

finer grains (130 ± 36 nm) with high angles of misorientation and TEM results indicates 

that the β′ (Al3Zr), θ′ (Al2Cu) and T1 (Al2CuLi) phases existing in the as-received Al-

Li 2198-T8 fully dissolved after HPT. Also, numerous dislocations are found within 

the grains after HPT processing, and no precipitates are visible within the 

microstructure. The dislocation density of 2198-T8 estimated by Williamson-Hall 

method has increased from 11.2×1014 m−2 to 27.8×1014 m−2 after HPT processing, which 

is larger than the dislocation densities of T4 and T4-HPT processed Al-Cu-Li alloy 

measured by the Rietveld method. For HPT-processed 2198-T8, the dislocations and 

grain boundaries play the dominant role in the strength. Same as 2198-T8, neither XRD 

nor TEM signifies the presence of any precipitates after HPT processed Al-Cu-Li alloy, 

it is reasonable to conclude that there are no real precipitates in the material, but the 

atoms may be clustering at GBs or dislocations.  

 

According to the micro-hardness results, a further improvement in hardness can be 

achieved by post-peak ageing after HPT processing. The average grain size of the 

sample in T4-HPT-AA condition measured from TEM images is larger than in T4-HPT 

condition, whilst it signifies some grain growth occurs during the artificial ageing for 

60h. However, the small change of grain size from ~90 nm to ~102 nm after peak 

ageing treatment indicates that it is possible to retain a reasonably fine-grained structure 

in this alloy when ageing at 110 oC/60h. Similar to the HPT-processed sample, no 
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precipitates formed during subsequent ageing neither in TEM nor XRD analysis. 

However, HPT-processed AA2091 alloy [31] under a pressure of 6 GPa followed by 

ageing 150 oC/56h. HRTEM signifies that the formation of δ′ precipitates with a size 

of ~20 nm was retained within the small grains produced by HPT processing. Such fine 

dispersion of particles after ageing was responsible for the increase in strength of 

AA2091 alloy [31]. Here the studied Al-Cu-Li alloy uses a lower ageing temperature 

of 110 oC, which might explain the absence of precipitation during ageing treatment. 

 

Furthermore, the dislocation density after 60h ageing treatment drops dramatically in 

comparison with the sample after HPT. Hence, all the above results, (i.e. grain 

coarsening, reduction of dislocation density, and the absence of precipitates) leads to 

the suggestion that an additional hardening mechanism occurs that is not directly 

detectable by the present methods. In view of studies reported in the literature showing 

cluster formation, it is thus likely that the formation of clusters or co-cluster in the grain 

boundaries or on dislocations occurs during the final ageing stage of the T4-HPT-AA 

samples.  

 

On the other hand, the processing condition T6-HPT-AA has given the highest hardness 

~265 Hv. As discussed above, according to XRD and TEM results, the T6 ageing 

before HPT does not make any apparent differences compared with the sample that had 

pre-aged by T4 treatment. Even after the T6-sample was deformed by HPT (i.e. in the 

T6-HPT condition), both dislocation density and hardness value of Al-Cu-Li alloy have 

significantly increased, but the Hv and dislocation density are still lower than that of in 

the T4-HPT-AA condition. It is clear that the nanosized-grains were achieved by HPT, 

indicating that the hardening achieved in this stage of Al-Cu-Li alloy after HPT is 

because of the formation of UFG structure and increase in dislocation density through 

HPT processing. 

 

However, the subsequent artificial ageing after T6-HPT processing leads to a large 

hardness, which surpasses the hardness of the T4-HPT-AA condition. Examination of 

TEM images revealed that the UFG structures with high angle GBs are still retained 

after ageing treatment for 180h, which indicates a limited grain growth occurred during 

post-ageing treatment. An Mg-8.2Gd-3.2Y-1Zn alloy processed by a similar processing 
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condition (i.e. T6-HPT-T5 peak-aged) obtained a nano-grained structure with a grain 

size of 35 ± 2 nm in T6-HPT condition, and such small grain size was retained after 

subsequent T5 peak ageing 200 oC /48h [18]. Moreover, HPT-processed AA2091 alloy 

was aged at 100 oC for 233h. Examination of TEM images revealed that the UFG 

structures with high angle grain boundaries were still retained after the age treatments. 

Grain growth occurred when post-aged at 150 oC and 190 oC but only minor amount 

from ~140 nm (as-HPT condition) to ~160 nm (aged at 150 oC) and ~180 nm aged at 

190 oC) [31]. In principle, with increasing temperature, ageing treatment initially causes 

recovery due to dislocations, but this would only happen when ageing temperature is 

sufficiently high. For conventionally processed materials, this occurs at ~250-300 oC. 

The low ageing temperature used in this study (110 oC) should cause only very limited 

grain coarsening. 

 

It is also expected to have the formation of precipitates during ageing, but there is no 

precipitation in any TEM pictures and XRD spectra. This is probably due to the very 

low ageing temperature of 110 oC. Accordingly, it seems much more likely that there 

clustering of atoms on dislocations or GBs is occurring. For the post-HPT aged sample 

(i.e. T6-HPT-AA), the grain size is not the smallest among all six samples, the 

dislocation density is not the highest, and there is no evidence of formation of real 

precipitates, but nevertheless, the hardness is the highest. In addition, even if there are 

no dislocations observed from TEM images may be owing to image conditions, as the 

hardness of T6-HPT-AA-processed sample is still very high and it has not decreased 

during ageing. Therefore, it is expected that a high density of dislocations should exist. 

Indeed, the analysis of XRD data (using the Rietveld method) has shown that the 

hardness of T6-HPT-AA-processed sample does contain a dislocation density of 

0.70×1014 m-2, which is substantial. Hence, it is likely that the high dislocation density 

introduced by HPT and co-clusters are dominant factors that contribute to the ultra-high 

hardness. Some grains contain sub-grains, which also contribute to the high hardness. 

 

It is worth mentioning that the crystallite size determined by Rietveld analysis of XRD 

data is not the same as the grain size (or particle size). Crystallite size is a measure of 

the size of a coherently diffracting domain due to the presence of polycrystalline 

aggregates. On the other hand, the grain size shown by TEM images is defined by the 



Chapter 5    Microstructural evolution and strength of Al-Cu-Li alloy 

 

111 

 

grain boundaries. For all six samples, the crystallite sizes estimated from the obtained 

peak broadening of the XRD patterns are smaller than the grain size measured by TEM 

observation, but the trend is consistent. 

 

Furthermore, in all six samples, the TEM analysis (from Fig. 5-4 to Fig. 5-12) indicates 

that Zr-rich β' (Al3Zr) phase has been exsisted right from the start of the processing and 

is retained even during solution treatment, ageing treatment, and HPT processing. The 

β' phase particles are observed in many Zr-containing Al alloys after homogenization 

or solution treatment [74,76,77]. These metastable β' phase particles can nucleate 

heterogeneously on dislocations and GBs, stabilising the grain growth, inhibiting 

recrystallization, and effectively pin the grain and sub-grain boundaries. These 

stabilisation effects are due to the low solid solubility and sluggish diffusion of Zr in 

Al, and the small misfit between β' and matrix reduces coarsening. Therefore, β' phase 

particles help the improvement of hardness through influencing grain size and reducing 

recrystallization. However, as only a limited amount of β' phase particles form, they 

will not contribute much to the strengthening of the Al-Cu-Li alloy by themselves. It is 

also noted that β' phase particles have been widely suggested to serve as a nucleation 

site for θ′ and T1 phases [80,81], but no such two phases were found in any of the 

samples, neither from XRD nor TEM results. Apparently, the temperature is too low to 

cause nucleation of these phases. Therefore, the presence of Cu and Li-containing 

clusters possibly suppress the formation of these precipitates. 

 

5.2.2 Precipitates determination 
 

In order to further confirm that there are no real precipitates formed during HPT 

processing, one of the TEM micrographs (for an area 50 nm × 50 nm) of T6-HPT-

processed sample was magnified so that alignment of atoms can be seen. The spacing 

between lattice planes in a TEM image corresponds to atomic spacing, and the distance 

between those plane layers was measured by software Image J (see Fig. 5-13). The 

software based on grey value to generate a profile plot, the distance between 10 planes 

peaks were used to calculate average lattice spacing (d-spacing). By counting the circles 

and divide the distance by the number of circles (i.e. 2 nm/9 peaks), a value of ~0.22 

nm was given. 
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Figure 5- 13. The measurement of lattice spacing in the T6-HPT-processed sample 

processing by Image J. 

 

 

This result is consistent with the lattice spacing calculated by the general inter-planar 

spacing of cubic materials equation: 

1

𝑑2
=

ℎ2 + 𝑘2 + 𝑙2

𝑎2
 

(5- 2) 

Where α is the lattice parameter and h, k and l represent the Miller indices of the 

adjacent planes being considered. d is lattice spacing, i.e. the distance between two 

adjacent parallel planes of atoms with the same Miller Indices (dhkl). α is ~0.404 nm 

for Al, and plane indices are here (1 1 1). The calculation gives a lattice spacing value 

of 0.23 nm. This is consistent with the lattice spacing value of the Al lattice. This lattice 

image (Fig. 5-13) does not reveal any precipitates or any kind of ordered structure, 

further showing no precipitates formed during HPT processing. 
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EDS scan experiments were conducted to explore the elemental distribution within 

grains and at grain boundaries of sample processed at different stages. The Cu and Mg 

elemental mappings were in turn overlapped with the HAADF-STEM image of T6-

HPT-AA sample. The overlapped images (see Fig. 5-14) signify that the concentration 

of Cu and Mg atoms along grain boundaries are higher than those in the Al-matrix in 

T6-HPT-AA condition. It seems there is a little bit of Cu segregation at the GBs after 

post-HPT ageing. The solute behaviours in UFG or nanosized-grains Al alloys after 

SPD processing have been widely studied [23–25,37]. The observations have revealed 

that the solute atoms can be redistributed and segregated to grain boundaries or 

dislocations (e.g. AA6060 [37], AA6061 [24] and AA7075 [23]). Such solute 

segregation will act as obstacles to grain growth and stabilise the nano-sized grains by 

pinning the GBs, thus contribute to strengthening. 

 

 

Figure 5- 14. Overlapped pictures of (a) Cu elemental mapping with STEM image and 

(b) Mg elemental mapping with STEM image of T6-HPT-AA sample. 

 

 

 

 

 

Cu (a) (b) Mg 
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5.3 Summary 
 

 

1) The grain size of T4 and T6-processed samples were significantly refined (by a 

factor of ~30) during HPT deformation, resulting in an UFG structure with grain 

size of ~88 nm and ~115 nm, respectively.  

 

2) For both T4-HPT and T6-HPT-processed samples, the UFG structure was 

retained during subsequent artificial ageing at 110 oC/60h in T4-HPT-AA and 

110 oC/180h in T6-HPT-AA conditions. 

 

3) The dislocation densities of both T4-processed and T6-processed samples 

reveals a large generation of dislocations after being deformed by HPT. T4-

processed sample increases to the highest level of ~3.5×1014 m-2 right after HPT 

and then dropping to ~0.8×1014 m-2 after subsequent peak ageing treatment. The 

T6-processed sample, with the dislocation density increasing to ~1.5×1014 m-2, 

gradually drops with increasing ageing time and decreases to ~0.7×1014 m-2.  

 

4) β′ phase (Al3Zr) with a size of ~50 nm were found throughout all stages of 

processed samples right from the start of the processing and is retained even 

during solution treatment, ageing treatment, and HPT processing. Nevertheless, 

it does not contribute to the strengthening of the Al-Cu-Li alloy. 

 

5) Both XRD and TEM do not show any visible precipitates after HPT processing 

and subsequent ageing treatments, and it likely has the formation of cluster or 

co-cluster in the grain boundaries or dislocations during HPT processing and 

post-ageing treatment. 

 

 

 

 

 

 



Chapter 6    Segregation of solute elements and clustering at GBs and dislocations 

 

115 

 

 

Chapter 6    Segregation of solute elements and 

clustering at GBs and dislocations  
 

In the previous Chapter 5, the microstructure characteristics of Al-Cu-Li alloys were 

analysed by XRD and TEM techniques from aspects of grain size, dislocation density, 

microstrain. Both T4-HPT-AA and T6-HPT-AA processed samples show grain 

coarsening, reduction of dislocation density and the absence of precipitates, compared 

with the samples that had processed by HPT, but the hardness is still very high and has 

not decreased during ageing. As a consequence, all the above results suggest that 

clustering at GBs or dislocations is an additional hardening mechanism that contributes 

to the ultra-high hardness of Al-Cu-Li alloy. In this chapter, the distribution of solute 

atoms and the formation of clusters or co-cluster in the ultrafine-grained Al-Cu-Li alloy 

will be assessed by APT in all stages of two processing conditions (i.e.T4-HPT-AA and 

T6-HPT-AA).  

 

6.1 APT results 
 

Al-Li-Cu in T4 and T6 conditions 

 

Fig. 6-1 and Fig. 6-2 show 3D reconstructions of atom position for Cu, Mg, Li and Si 

elements in the Al-Cu-Li sample processed by T4 and T6 treatment, respectively. All 

the elements are homogenous uniformly distributed in T4-processed and T6-processed 

samples. Grain boundaries or larger precipitates are not contained in the volumes. From 

Fig. 6-1 (e) and Fig. 6-2 (e), a homogenous distribution of fine-scale Cu-Mg clusters 

can be observed throughout the whole T4 and T6 samples after removing the solute 

atoms in the matrix. These fine solute clusters were distributed in T4 sample with a 

number density of 3.01 ×1023 m-3 (which was estimated according to the total number 

of solute clusters identified in the analysed volume) and an average Mg/Cu ratio of 1.12. 

The solute clusters with a slightly lower number density of 1.33 ×1023 m-3 were 

distributed in T6-processed sample, with a Mg/Cu ratio of 1.04.  
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It is worth noting that the T6-processed sample shows a denser distribution of clusters 

in Fig. 6-2(e) but a lower number density compared with T4 condition. This is because 

the analysed volume of the T6-processed sample (132×132×374nm) is much larger than 

the T4-processed sample (68×68×190nm), which means it contains overall more solute 

atoms, thus resulting in a lower number density value in T6 condition. 

 

 

  

68×68×190nm 

Figure 6- 1. Single-element atom maps of T4-processed Al-Cu-Mg sample (a) Cu map, 

(b) Mg map, (c) Li map, (d) Si map and (e) Cu-Mg cluster map after removing the 

matrix solute atoms. 

 

 
132×132×374nm 

Figure 6- 2. Single-element atom maps of T6-processed Al-Cu-Mg sample (a) Cu map, 

(b) Mg map, (c) Li map, (d) Si map and (e) Cu-Mg cluster map after removing the 

matrix solute atoms. 

 

(a) 
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Al-Li-Cu in T4-HPT condition 

 

Fig. 6-3 shows atom maps of a T4-processed sample after 5 turns HPT processing. The 

analyzed volume contains 7 GBs (s1-s7) segments, and the segregation of elements Cu 

and Mg are evident at the GBs (Figs. 6-3 (a-b)). As well as the composition profile 

across each GB shown in Figs. 6-4 (b-h) indicates that all the GBs are enriched with Cu 

and Mg. The solute composition profiles across the GBs were measured using an 

elongated analysis box with its long axis normal to the GB plane, as shown in Fig. 6-4 

(a). The average peak concentrations of Cu and Mg at the GBs were measured to be 4.2 

% and 3.5 at%, respectively. Accordingly, the segregation of Cu at the GBs is relatively 

stronger than that of Mg. And a Mg: Cu atom ratio of 0.83 at GBs was estimated based 

on the corresponding peak solute concentrations. Besides, a minor concentration of Si 

segregated to GBs is also evident in the atom map (Fig. 6-3(d)). These figures show 

that the concentration of Li at the GBs and within the grains are similar, which implies 

there is no segregation of Li after HPT. Moreover, there are no clear precipitates and 

segregation of dislocation were found in the T4-HPT condition. The Cu-Mg clusters in 

Fig. 6-3 (e) are readily visible in the atom maps after removing the solute atoms in the 

matrix. The detected Cu-Mg clusters are mainly distributed at the GBs, having a number 

density of 1.17 ×1024 m-3 in the analyzed volume and an average Mg/Cu ratio of 0.66. 

 

 

 
50×50×412nm 

Figure 6- 3. Atom maps of T4-HPT-processed Al-Cu-Mg sample (a) Cu map, (b) Mg 

map, (c) Li map, (d) Si map and (e) Cu-Mg cluster map after removing the matrix solute 

atoms. 
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Figure 6- 4. Concentration profiles (b-h) of solutes across seven GBs in the analysed 

volume of T4-HPT-processed Al-Cu-Li alloy sample. 

 

 

Al-Li-Cu in T6-HPT condition 

 

Fig. 6-5 shows atom maps for the Cu, Mg, Li and Si distributions from a selected 

analysed volume of a T6-processed Al-Cu-Li alloy sample after 5 turns HPT processing. 

These volume atom maps contain only one grain boundary segment that is enriched 

with Cu and Mg, as seen in Figs. 6-5 (a-b). Fig. 6-6 (b) shows the composition profile 

across GB, and it is further confirmed that the Cu and Mg solute atoms segregated to 

GB after T6-processed Al-Cu-Li sample was processed by HPT. The peak 

concentration of Cu at the GB was measured to have the same value as that of Mg (3.1 

at%), which indicates a Cu: Mg atom ratio of 1:1 at GB. Same as T4-HPT condition, a 

small amount of segregation of Si at GB was also detected in the atom map (Fig. 6-

5(d)). Besides, no segregation of Li at the GB, and no clear precipitates and segregation 

of dislocation were identified after T6-HPT processing.  

 

Cu-Mg clusters were identified mainly at the GBs (see Fig. 6-5(e)), with some of them 

within the matrix. Quantitative cluster analysis confirmed that a number density of 7.33 

×1023 m-3 in the analyzed volume. A mean Mg/Cu solute clusters ratio of 0.47 was also 

measured, which indicates that more Cu solute atoms formed into clusters than Mg 

solute atoms. 
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82×82×112nm 

Figure 6- 5. Atom maps of T6-HPT-processed Al-Cu-Mg sample (a) Cu map, (b) Mg 

map, (c) Li map, (d) Si map and (e) Cu-Mg cluster map after removing the matrix 

solute atoms. 

 

 

 

             

Figure 6- 6. Concentration profiles of solutes across GB in the analysed volume of 

T6-HPT-processed Al-Cu-Li alloy sample. 

 

 

 

Al-Li-Cu in T4-HPT-AA condition 

 

Fig. 6-7 shows alloying elements Cu, Mg, Li and Si atom maps of the Al-Cu-Li sample 

aged at 110o C for 60h after HPT processing. An analysed volume of sample comprises 

three forms of solute enriched feature, i.e. at segments of the grain boundaries, at a 

dislocation line, and in the grain away from these defects. A total of 6 GBs have been 
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analysed in T4-HPT-AA condition, as marked by black arrows in Figs. 6-7 (a-b). The 

typical concentration profiles of solutes across six GBs (s1-s6) in T4-HPT-AA 

condition are shown in Fig. 6-8 (b-g), revealing the segregation of Cu and Mg solutes 

at the GBs. The average peak concentrations of Cu and Mg were measured to be 3.4 

at% and 2.9 at%, respectively. Hence a mean atomic concentration ratio of segregation 

of Cu: Mg at the grain boundaries is given as 1.16. Additionally, a dislocation (marked 

with yellow boxes) was detected within the analysed volume, which is also enriched 

with Cu and Mg solute atoms. Segregation of Cu and Mg solutes at a dislocation is 

evident in Fig. 6-9. The concentration profiles of solutes along and across the 

dislocation (s7 and s8) are shown in Fig. 6-9 (b-c), with a Mg: Cu atomic ratio of  1.43 

at the dislocation. This implies that Mg segregates more than Cu at the dislocation. A 

limited amount of Si was also observed with localised enrichment at grain boundaries 

(Fig. 6-7(d)). Besides, no precipitates and segregation of Li were viewed in the 

observed volume after HPT and subsequent ageing. 

 

During the final artificial ageing treatment, strong Cu-Mg cluster segregation occurs at 

both GBs and dislocations. Solute clusters at GBs are evident in Fig. 6-7 (e), which 

reduces the overall Gibbs free energy and enhances the thermal stability of grain 

boundaries. Quantitative cluster analysis confirms that the detected clusters are 

distributed mainly at the GBs rather than in the matrix, having a number density of 2.49 

× 1024 m-3 in the analyzed volume. An average Mg/Cu ratio of solute clusters 

approximately equal to 1 was measured based on the APT data. 

 
82×82×230nm 

Figure 6- 7. Atom maps of T4-HPT-AA-processed Al-Cu-Mg sample (a) Cu map, (b) 

Mg map, (c) Li map, (d) Si map and (e) Cu-Mg cluster map after removing the matrix 

solute atoms. 
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Figure 6- 8. Concentration profiles of solutes across GBs in the analysed volume of T4-

HPT-AA-processed Al-Cu-Li alloy sample. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 
Figure 6- 9. A reconstructed 3-dimension atom map viewed in three directions with 

dislocation (a) and concentration profiles of solutes (b) along and (c) across the 

dislocation in the analysed volume of T4-HPT-AA-processed sample. 
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Al-Li-Cu in T6-HPT-AA condition 

 

Fig. 6-10 shows the APT atom maps of alloying elements Cu, Mg, Li and impurity 

element Si for the Al-Cu-Li sample pre-aged at 110 oC/24h before HPT and post-HPT 

aged at 110 oC for approximately 180h. Five GBs (s1-s5) were observed in the T6-

HPT-AA-processed sample, marked with black arrows in Figs. 6-10 (a-b). In addition 

to GBs, one dislocation was also identified in the analysed volume of the sample. 

Quantitative measurements of the composition profiles of the five pieces of grain 

boundaries are shown in Fig. 6-11 (b-f), revealing strong segregation of Cu and Mg 

solutes at GBs. The mean peak concentrations of Cu and Mg were measured to be 3.6 

at% and  2.9 at% at GBs, respectively, giving a mean Cu: Mg solute atoms ratio of  1.25 

at GBs. Furthermore,  the solute peak concentrations with an average of  2.2 at% Cu 

and 2.5 at% Mg at dislocation were estimated from Fig. 6-12 (b), implying that Mg 

solute atoms are segregated stronger than Cu solute atoms at dislocation with a Mg/Cu 

ratio of 1.14. Like T4-HPT-AA-processed sample, no evidence of precipitates and no 

segregation of Li were detected in the microstructure in this T6-HPT-AA condition. 

 

Strong segregation of Cu-Mg clusters at both GBs and dislocation was observed after 

the material was processed by T6-HPT-AA condition (see Fig. 6-10(e)). These solute 

clusters are densely distributed with a number density of 1.33 ×1024 m-3. On average, 

solute clusters had a slightly fewer concentration of Mg than Cu with a ratio of 0.88 

(based on the APT data).  

 

 

85×85×384nm 

Figure 6- 10. Atom maps of T6-HPT-AA-processed Al-Cu-Mg sample (a) Cu map, (b) Mg map, 

(c) Li map, (d) Si map and (e) Cu-Mg cluster map after removing the matrix solute atoms. 
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Figure 6- 11. Concentration profiles of solutes across GBs in the analysed volume of 

T6-HPT-AA-processed Al-Cu-Li alloy sample. 
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Figure 6- 12. A reconstructed 3-dimension atom map viewed in three directions with 

dislocation (a) and concentration profiles of solutes (b) across the dislocation in the 

analysed volume of T6-HPT-AA-processed Al-Cu-Li alloy sample. 

 

6.2 DSC results 
 

DSC curves presented in Fig. 6-13 (a) reveal that several thermal reactions occur during 

heating up to 330 oC. APT maps in Section 6.1 show that the formation of Cu-Mg 

cluster after natural ageing and artificial ageing occurred, and no other phase was 

observed. The low temperature sections up to 100 oC in both T4 and T6 samples were 

found to have no exothermic reactions, which indicates these clusters do not form to 

100 oC. On further heating, multiple endothermic effects occur in the T4 material from 

100 oC to 270 oC. This implies that the natural ageing more likely has caused clusters 

to form, and clusters are dissolved during DSC heating. The occurrence of 2 

endothermic peaks indicates that some of the clusters transform into a more 

thermodynamically stable metastable phase or cluster during DSC above 190 oC before 

finally dissolving. The T6 sample in the thermogram exhibits thermal effects that are 

broadly similar (Fig. 6-13(b)), but the first endothermic reaction shifts to a higher 

temperature compared to T4 sample. Hence, the artificial ageing treatment has 
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increased the thermal stability of clusters or transformed clusters into more stable 

structures. 

 

The T4-HPT and T4-HPT-AA samples show no distinct endothermic effect up to 230 

oC, indicating that HPT has caused the clusters to transform into a more stable structure. 

The APT data indicates that these structures are clusters at grain boundaries and 

dislocations. The exothermic effect occurring in these HPT processed samples starting 

at 210 oC, which reaches its peak at about 240 oC, is likely attributable to recovery (i.e. 

the rearrangement of the dislocations induced by HPT) and the formation of precipitates 

[26,234]. T6-HPT and T6-HPT-AA samples have similar thermal effects in the 

thermogram, but T6-HPT-AA sample shows two exothermic reactions, with peaks 

respectively at 230 oC and 255 oC (Fig. 6-13(b)). At that stage, the hardness of the 

material will drastically decrease [26] and is hence of no direct interest in this study.  

 

 

 

 

(a) 
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Figure 6- 13. DSC thermogram of Al-Cu-Li alloy in (a) T4, T4-HPT, T4-HPT-AA and 

(b) T6, T6-HPT, T6-HPT-AA treatments. 

 

  

(b) 
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6.3 Discussion 
 

6.3.1 Solute segregation in Al-Cu-Li alloy 
 

The precipitation sequence in the 3rd generation Al-Li alloys during conventional 

ageing treatment is described as: supersaturated solid solution — δ′ (Al3Li)  — δ (AlLi) 

[235], which is very different with the dynamic precipitation for the Al-Li alloys 

subjected to HPT processing. Dynamic precipitation of the HPT-processed alloys is 

believed to be highly reliant on HPT processing temperature, pressure and processing 

duration [37]. In addition, it is reported that the distribution of solute atoms and solute 

nanostructures in age hardening alloys could be influenced by SPD in two ways: 

precipitation (i.e. decomposition of supersaturated solid solution) and segregation of 

solutes at GBs and dislocations [37]. In this Al-Cu-Li alloy studied here, no δ or δ′ 

precipitates were identified by TEM, XRD, and APT in all processing conditions as 

temperature (110 oC) is too low to cause nucleation of precipitates, leaving sufficient 

solutes in the matrix available for segregation to GBs or dislocations. In fact, the 

redistribution of solute atoms [23–25] or the fragment of pre-existing precipitates 

[138,236] has been demonstrated in many heat-treatable Al alloys processed by SPD 

technique due to the formation of a large number of lattice defects. 

 

Inspection of those APT data presented in Section 6.1, HPT-processed samples (i.e. T4-

HPT and T6-HPT) provide clear details of discrete GB solute enrichment, and this is 

consistent with similar Cu and Mg solute segregation observed by EDS analysis in Fig. 

5-14. These are expected to cause stabilization of segregation-based nanocrystal growth, 

resisting embrittlement and defect generation [23,237]. Strong segregation of solutes at 

GBs in an HPT-processed Al-Mg-Si alloy was investigated by EDS, demonstrating that 

these solutes at GBs can pin GBs from significant grain growth and thereby improved 

grain refinement as strain increases [145].  Besides, it is proved that the existence of 

grain boundary segregation during HPT can lead to additional hardening in UFG alloys 

by retarding lattice dislocations nucleated at GBs [238]. For any GB sliding and rotation, 

breaking or plastic deformation of the intergranular nanostructures is always needed. 

Solute segregation at GBs makes these energetically unfavourable and also hinders the 

process [23].  
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Quantitative analysis of the solute concentration at GBs illustrates that the relative 

intensities of Cu and Mg segregation level vary from boundaries to boundaries. This 

has been found in some research works and ascribes to the fact that GBs may have 

different segregation characteristics determined by the nature of each GB, such as the 

disorientation angle of GBs, tilt and rotation components of GBs [25,37]. Furthermore, 

some of these solute atoms further aggregate to dislocations during the subsequent long 

time artificial ageing treatments (i.e. T4-HPT-AA and T6-HPT-AA conditions), which 

reduces the pinning effects of grain growth. Consequently, the grain size slightly grew 

after T4-HPT-AA and T6-HPT-AA treatments compared with HPT processed samples, 

which are consistent with the results of TEM observations. 

 

6.3.2 Solute clustering in Al-Cu-Li alloy 
 

A more detailed examination of the APT atom maps reveals information on solute 

clustering. Solute clustering has long been established in traditional Al alloys and linked 

to strengthening [23,239,240]. In general, these clusters are deemed ultra-fine 

dispersion of shearable vacancy-containing clusters, strengthening materials by 

effectively hindering dislocations under applied shear stress. Interestingly, only Cu-Mg 

clusters were detected in all processing conditions of an Al-Cu-Li alloy. The formation 

of such type of cluster often occurs in the precipitation-hardened 2xxx Al-Cu-Mg alloys. 

Ringer et al. [241] first proposed that the formation of Cu-Mg clusters is responsible 

for the early stages of precipitation and the initial rapid hardening of an Al-1.1Cu-

1.7Mg (at.%) alloy was heat-treated at 150 oC. These clusters were found to precede 

the formation of ultra-fine rod-like GPB zones and continuously transform to S 

(Al2CuMg) phase. However, in the Al-2.88Cu-1.34Li-1.03Mg alloy, extensive Cu-Mg 

clusters were observed during natural ageing, segregated to GBs after HPT, and 

segregated to dislocations after the secondary ageing process. Therefore, a more 

significant cluster strengthening can be expected. 

 

To date,  there are only a few studies working on the 3rd generation of Al-Li alloys 

processed by HPT, combined with age hardening and none of them has found such co-

clusters. This is probably because those ageing temperatures are higher than we used in 

the present study so that precipitates are preferentially formed instead. Such clustering 



Chapter 6    Segregation of solute elements and clustering at GBs and dislocations 

 

131 

 

of various atoms is believed to form through rapid solute diffusion mediated by 

vacancies inherited from quenching through solution heat treatment. Besides, many 

studies have stated that not only a large number of dislocations but also a high 

concentration of vacancies can be introduced by HPT process at RT. The HPT-induced 

vacancies play an essential role in generating short circuit diffusive pathways, resulting 

in the formation of co-clusters [242]. Given this, the interactions between different 

solutes and between the solutes and excess vacancies should be crucial for a particular 

cluster to form preferably in each alloy [243]. Therefore, it is hard to explain whether 

Cu-Mg clusters are the only cluster type in the studied Al-Cu-Li alloy by the existing 

APT technology. Positron annihilation spectroscopy (PAS) might be needed for further 

investigation of vacancies in solids. 

 

On the other hand, combined with the dislocation densities measured by XRD, a 

significant reduction in the dislocation density was found after HPT-processed 

materials were further artificially aged. The observed results are similar to an Al-4.5Cu-

1.5Mg alloy aged at 100 oC /12h after 10% asymmetric rolling (ASR) deformation [242]. 

A significant decrease in dislocation density was observed after ASR-deformed 

material was aged at 100 oC /12h [242]. It was also found that the artificial ageing after 

10% ASR generated fewer solute clusters, which is ascribed to the decrease in defects 

(i.e. dislocations and vacancies) caused by recovery. Thus, it is reasonable to speculate 

that a recovery is likely to happen during the 100 oC or 110 oC subsequent ageing 

treatment (AA) in our studied Al-Cu-Li alloys, which reduces the number of density of 

defects, thereby curtailing the short circuit diffusion rate. Therefore, we might expect 

that the HPT-processed samples (i.e. T4-HPT and T6-HPT) would give rise to a higher 

diffusion rate and more extensive clustering than those processed by post-ageing (AA). 

However, we obtained that the T4-HPT-AA and T6-HPT-AA processed materials 

generated more solute clusters, suggesting that solute mobility is a complex balance of 

vacancy availability and the availability of fast diffusion pathways such as dislocations 

and vacancies [244]. 

 

APT results reveal that the solute-enrichment at dislocations has a relatively high 

Mg/Cu ratio of 1.43 (T4-HPT-AA) and 1.14 (T6-HPT-AA), compared with the GBs 

segregation that has a low Mg: Cu ratio of  0.66 (T4-HPT) and 0.47 (T6-HPT) based 

on total solute segregation. The observations are consistent with earlier research that 
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Mg/Cu solute clusters ratio is higher at dislocations than GBs in the 2024 Al-Cu-Mg 

alloy [240]. The prominent local composition differences at GBs and dislocations 

suggest that the interactions between solute atoms and GBs differ strongly from those 

between solute atoms and dislocations. Moreover, solute clustering at GBs and 

dislocations provides extra strengthening as these solute-defects interactions reduce the 

Gibbs free energy of the defects via reducing the enthalpy associated with it, resulting 

in a more stable state [245]. This is consistent with the observation of DSC in Section 

6.2, showing that HPT and artificial ageing treatment have increased the thermal 

stability of clusters by transforming clusters into more stable structures. 
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6.4 Summary 
 

1) APT maps show that the formation of Cu-Mg cluster after natural ageing, HPT and 

artificial ageing, and no other phase was observed. Homogeneously distributed Cu-

Mg clusters were observed throughout the T4 and T6 samples. During HPT process, 

the Cu-Mg clusters segregate strongly at the UFG grain boundaries of T4 and T6 

materials, and segregation of solute co-cluster at dislocations was revealed during 

final artificial ageing at 110 oC. 

 

2) An average Mg/Cu ratio of solute clusters approximately equal to 1 was observed 

in the T4-HPT-AA condition, but a less Mg/Cu ratio of 0.88 was measured in the 

T6-HPT-AA condition. 

 

3) T4-HPT and T6-HPT samples signify less distinct solute segregation of grain 

boundary, and there are no solute enriched features related to dislocations, 

compared to the post-ageing HPT conditions. 

 

4) Undeformed materials (i.e. T4 and T6) have Mg/Cu solute ratio of approximately 

1. Moreover, there is strong preferential segregation of Cu at grain boundaries 

during HPT process and subsequent ageing. In contrast, the segregation of Mg at 

the dislocations is comparatively stronger than that of Cu in T4-HPT-AA and T6-

HPT-AA conditions. 

 

5) DSC results indicating that HPT and post-ageing have caused the clusters to 

transform into a more stable structure. The APT data indicates that these structures 

are clusters at grain boundaries and dislocations. 
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Chapter 7    Modelling of strength prediction 
 

7.1 Introduction of strengthening models  
 

For the purpose of investigating the mechanisms responsible for the increase in micro-

hardness, the prediction of strength by a strengthening model is crucial. In this section, 

the model described in Section 2.5.2 is applied to Al-Cu-Li alloys processed by T4-

HPT-AA and T6-HPT-AA conditions, combined with the microstructure data obtained 

in Section 5.1 and the model parameters provided in the literature. The grain size used 

in the model were measured from TEM. Dislocation densities were calculated from the 

XRD line broadening analysis in Section 5.1.2. The parameters used in the present 

report are shown in Table 7-1. Moreover, it has been mentioned earlier in this report 

that the relation between Vickers hardness and yield strength is given approximately as 

𝐻𝑉 =
𝜎𝑦

𝐶
, where C is a constant that is often taken as ~3, see Refs. [26,176,246]. In our 

strengthening model, the equation of 𝜎𝑦 ≈ 3𝐻𝑉 is taken for assessment, where the unit 

of HV has converted into MPa for easy comparison.  

 

As mentioned earlier in Section 2.5.2, the yield strength of polycrystalline material is 

related to the critically resolved shear stress (CRSS) of the grains and the grain 

boundary strengthening (∆𝜎gb) . In the present model, we will consider five 

strengthening mechanisms that affect the CRSS of grains using a linear superposition 

(see, e.g. [163,177]), which provides: 

 

σy = ∆Mτtot + ∆σgb  (7- 1) 

∆𝜏𝑡𝑜𝑡 = ∆𝜏0 + ∆𝜏𝑑 + ∆𝜏𝑠𝑠 + (∆𝜏𝑆𝑅𝑂 + ∆𝜏𝑚)  (7- 2) 

Hence:                

𝜎y = ∆𝜎gb + 𝑀(∆𝜏0 + ∆𝜏d + ∆𝜏ss + (∆𝜏SRO + ∆𝜏m)) (7- 3) 
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Where 𝜎y  is the yield strength; ∆𝜎gb  is strength increase due to grain boundary 

strengthening; ∆𝜏𝑡𝑜𝑡 is total shear stress, and M is the crystallographic orientation factor 

related to texture and the orientation of the tensile axis relative to the main axes of the 

analysed specimen (often referred to as the Taylor factor). In the present study, 2.6 is 

used throughout the strength prediction calculations) [107,175]; the contribution due to 

dislocation strengthening, ∆𝜏d; the contribution due to solid solution strengthening, 

∆𝜏ss ; and cluster strengthening consists of short-range order strengthening, ∆𝜏SRO 

[13,14]; and modulus hardening,  ∆τm [247,248]; the intrinsic strength of annealed Al 

involving small contribution of Mn, Fe, and Si impurities, ∆𝜏0. The intrinsic strength 

of pure Al is very low, and 10 MPa is taken for ∆τ0 (see for instance [107,175]). As 

XRD, TEM, and APT all reveal no precipitates were formed during HPT and post-

ageing, the strengthening due to long-range ordered precipitation will be negligible. 

The detailed descriptions of each strengthening mechanism are given below. 

 

Strengthening due to grain refinement 

 

The strengthening due to grain boundaries can be defined as follows : 

𝜎gb = 𝑘HP𝑑−x (7- 4)                                                     

Where 𝑘HP is a material-dependent parameter ( often termed the Hall-Petch constant 

[249]; 𝑑 is the grain size. 𝑥 =
1

2
 has been widely applied in large number of coarse-

grained metals for investigating the purpose of strengthening behaviours in the 

traditional Hall-Petch relation [182]; 𝑘HP = 0.062 MPa/m-2 was taken here, see Ref [26]. 

Grain size 𝑑 was measured from TEM images. 

 

Strengthening due to dislocation strengthening 

 

The strengthening contribution of dislocation is considered to follow the below relation: 

𝜎dis = 𝑀𝛼1𝐺𝑏√𝜌dis (7- 5) 
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Where 𝛼1 is a constant equalling 0.3 [17,26], 𝐺 is shear modulus (26 Gpa for Al), b is 

burgers vector (0.286 nm for Al) [17,250], and 𝜌𝑑𝑖𝑠 is the dislocation density calculated 

by microstrain and crystallite size obtained from MAUD software line broadening 

analysis, see Eq. 5-1 in Section 5.1.2. 

 

Strengthening due to solid solution 

 

The increment of strength due to solid solution strengthening ∆𝜏ss is given by: 

𝜎ss = 𝑀 ∑ 𝑘𝑗𝑐𝑗
𝑛 

(7- 6) 

Where 𝑘𝑗 signifies the strengthening caused by individual elements and 𝑐𝑗 indicates the 

concentrations of the alloying elements in solid solution [185,251], and n is a constant 

n = 1 [175,185]. 

 

It has been reported in many works of literature that the dissolved (non-clustered) 

solutes contribute very limited conventional solid solution strengthening as only a small 

amount of solutes will remain dissolved in the sample after natural aged or SPD 

processed condition [13,14,23,252]. 

 

Strengthening due to co-cluster 

 

The co-cluster strengthening is considered to be due to short-range order strengthening, 

∆𝜏𝑆𝑅𝑂; and modulus hardening, ∆𝜏𝑚. The former has been widely studied and proved 

to be the dominant cluster strengthening effect in typical Al alloys [8,9,26]. The work 

done by lattice deformation that is caused by co-clusters impedes the movement of 

dislocations, and it is equal to the change in energy-related to short-range order per unit 

area on slip plans in Al matrix. This gives equation [8]: 

∆τSRO =
𝛾SRO

𝑏
 (7- 7) 

Where 𝛾SRO is the energy change per unit area on slip plans on the passing of one 

dislocation, and b is the Burgers vector [13]. A detailed calculation regarding the 
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change in area density of A-B nearest neighbour bonds crossing the slip plane on the 

passing of one dislocation is simplified as the Eq.7-8 below [13]: 

∆τSRO =
𝛾𝑆𝑅𝑂

𝑏
=

∆𝐻𝐴−𝐵

𝑏
[𝜌𝐴−𝐵(𝑛𝑑 = 0) − 𝜌𝐴−𝐵(𝑛𝑑 = 1)] = 𝐶

∆𝐻𝐴−𝐵

𝑏3
(𝑦𝐴 + 𝑦𝐵) 

(7- 8) 

where 𝜌𝐴−𝐵(𝑛𝑑 = 0) and 𝜌𝐴−𝐵(𝑛𝑑 = 1) are the area density of A–B nearest neighbour 

bonds crossing the slip plane {111} before and after the passage of one 

dislocation; ∆𝐻A−B stands for the enthalpy of the nearest neighbour bond ( i.e. A-B 

clusters in the matrix); 𝑦𝐴 and 𝑦𝐵 are the amount of A and B atoms in the co-clusters, 

respectively. More derivation of the above equation can be found in [13]. 

 

The formation of the clusters is accompanied by an elastic modulus that is different 

from the matrix, leading to an extra strengthening for materials, ∆𝜏𝑚 . This 

strengthening mechanism has been adopted in many works [13]. The strengthening 

produced by the difference in shear modulus is given as: 

∆𝜏𝑚 =  
∆𝜇

4𝜋√2
 √𝑓𝑐𝑙 

(7- 9) 

Where 𝑓𝑐𝑙 is the volume fraction of the clusters, ∆𝜇 is the difference in shear modulus 

between clusters ( 𝜇𝑐𝑙) and their surrounding metallic phase. For a MmAaBb cluster can 

be measured by approximating a weighted average of the pure substances as: 

𝜇𝑐𝑙 =
𝑚𝜇𝑀 + 𝛼𝜇𝐴 + 𝑏𝜇𝐵

𝑚 + 𝑎 + 𝑏
 

(7- 10) 

The above equation gives an approximate 30 Gpa for 𝜇𝑐𝑙 , using 𝜇𝐴𝑙= 26.2 GPa, 𝜇𝐶𝑢= 

48.3 GPa and 𝜇𝑀𝑔= 17.3 GPa, see Ref [253] thus providing ∆𝜇 = 3.4 GPa [17], which 

will be used in this study. The detailed estimation of modulus strengthening can be 

found in [13]. 
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Table 7- 1. Parameters used in the strengthening prediction model. 

Parameters Value Refs 

M 2.6 [107,175] 

𝒌𝐇𝐏 0.062 MPa/m-2 [254] 

∆𝝉𝟎 10 MPa [107,175] 

𝜶𝟏 0.3 [176] 

G 26 Gpa [176] 

𝑲𝑪𝒖  10 Mpa/at% Cu [175,185,255] 

𝑲𝑴𝒈 6 Mpa/at% Mg [185,255] 

𝑲𝑳𝒊 6 Mpa/at% Li [256] 

n 1 [185,255] 

𝜶𝟐 2 [172] 

𝒄𝑪𝒖 1.20 at% See Section 7.2 

𝒄𝑴𝒈 1.11 at% See Section 7.2 

𝒄𝑳𝒊 5.09 at% See Section 7.2 

b 0.286  [107,175] 

∆𝑯𝐀−𝐁 34.5 ± 0.5 kJ/mol [13] 

C 

∆μ 

1.54 

3.4 GPa 

[176,177] 

[26] 

 

 

7.2 Strength prediction by models 
 

In the present alloys, no experimental results provide the concentration of solute 

elements dissolved in solid solution. However, the publication [13] contains 

thermodynamic information on the solvus of Cu-Mg clusters and presents the amount 

of energy that is released in DSC due to the cluster formation, which is proportional to 

the amount of cluster formed. After a quantitative evaluation of APT data, the amounts 

of  Cu and Mg in the co-clusters in the model can be estimated using the analysis of 

thermodynamic data on Al-Cu-Mg alloys [13], i.e. the stoichiometry of the clusters is 

considered to be 𝑦𝐶𝑢: 𝑦𝑀𝑔 =1. We adopt the assumption that 80% of Cu and Mg atoms 

are clustering in samples and only 20% of them stay in the solid solution for all the 

samples, signifying only Li entirely contributes to solid solution strengthening. The 

contribution of Mn, Fe and Si to solution strengthening are much smaller than those of 

Cu, Li and Mg, and their small contribution will be treated as part of intrinsic strength 

∆τ0 [175]. For the present Al-2.88Cu-1.34Li-1.03Mg-0.09Zr (wt. %) alloy, which is 

equivalent to Al-1.20Cu-5.09Li-1.11Mg-0.03Zr (at. %). If we assume all the solute 

have dissolved, the values of 𝑐𝐶𝑢, 𝑐𝑀𝑔 and 𝑐𝐿𝑖 can be considered the same as the atomic 

percentage of those in Al matrix, which are 1.20 at%, 1.11 at% and 5.09 at%. 
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The results of the model predictions are illustrated in Fig. 7-1 and the corresponding 

values of each strengthening mechanism are listed in Table 7-2. The yield strength of 

six processing condition groups was given, and each group represents the comparison 

of the yield strength predicted by the strengthening model and the strength measured 

from hardness results. It seems that the grain boundary hardening and cluster 

strengthening are very substantial and can be thought of as the main strengthening 

mechanisms in this work. Whilst the dislocation hardening is small for HPT-processed 

samples, and it is possible because the dislocation density of this studied Al-Cu-Li alloy 

measured by XRD line profile is small than other Al alloys that have measured in the 

literature [134,150,257–259]. The contribution of solute solution strengthening is also 

minimal in both HPT-processed and post-ageing-treated samples, and many research 

publications have stated that the solid solution strengthening has a relatively small 

contribution to the overall strength, typically 0.5-1% [13,14]. 

 

Figure 7- 1. Comparison between yield strength measured from strengthening model 

and micro-hardness tests. 
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Table 7- 2. Strength contributed by different strengthening mechanisms. 

 𝜎0 𝜎gb 𝜎dis 𝜎𝑠𝑠 𝜎𝑠𝑟𝑜 𝜎𝑚𝑜𝑑𝑢𝑙𝑢𝑠 

 T4 26.0 MPa 35.6 10.0 

 
88.8 181.2 46.9 

T4-HPT 26.0 MPa 197 108.5 

 

88.8 181.2 46.9 

T4-HPT-

AA 

26.0 MPa 193.8 

 

51.2 

 

88.8 181.2 46.9 

T6 26.0 MPa 34.9 

 

8.2 

 

88.8 181.2 46.9 

T6- HPT 26.0 MPa 182.8 

 

71.0 

 

88.8 181.2 46.9 

T6-HPT-

AA 

26.0 MPa 181.7 

 

48.5 

 

88.8 181.2 46.9 

 

 

Overall, the predicted yield strengths of HPT-processed samples are lower than the 

strengths measured from Vickers hardness, and the post-ageing-treated samples show 

a relatively large part of strength is missing (see Fig. 7-1). Such differences are likely 

due to the lack of consideration of the interaction between HPT-induced defects and 

clusters by referring to the strength prediction model established by Ying et al. [17]. 

Above results were calculated based on the model that considers solute atoms and 

dislocations as two utterly different strengthening effects. Nevertheless, the segregation 

of solute clusters at GBs and dislocations was clearly revealed by APT analysis (See 

Section 6.1), contributing extra strengthening [245]. These defects-solute interactions 

reduce Gibbs free energy of the defects, producing a more stable state. A stronger 

strengthening effect provided by the dislocation-solute complexes has been discussed, 

and a model regarding to short-range order cluster strengthening in terms of solute-

dislocation is proposed by Ying et al [17], given as: 

∆𝜏𝑆𝑅𝑂 = 𝐶
∆𝐻𝐴−𝐵−𝑑𝑖𝑠

𝑏3
(𝑦𝐴 + 𝑦𝐵) 

 

(7- 11) 

Where ∆𝐻𝐴−𝐵−𝑑𝑖𝑠  is the average enthalpy of the various types of A-B dislocation 

clusters and can be estimated by [17]: 

∆𝐻𝐴−𝐵−𝑑𝑖𝑠 = 𝑓1 ∆𝐻𝐴−𝐵 + 𝑓2 ∆𝐻𝐴−𝑑𝑖𝑠 + 𝑓3 ∆𝐻𝐵−𝑑𝑖𝑠 + 𝑓4 ∆𝐻(𝐴−𝐵)𝑛−𝑑𝑖𝑠 (7- 12) 

where 𝑓1  to 𝑓4  are the fraction of A-B cluster, the fraction of A segregated to 

dislocations, the fraction of B segregated to dislocations, and the fraction of A-B co-

clusters segregated to dislocations, respectively; ∆𝐻𝐴−𝐵  is the enthalpy of A-B co-
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clusters in a matrix, ∆𝐻𝐴−𝑑𝑖𝑠 and  ∆𝐻𝐵−𝑑𝑖𝑠 are the enthalpy of single atom A or B at 

dislocations; ∆𝐻(𝐴−𝐵)𝑛−𝑑𝑖𝑠 is the enthalpy of co-clusters at dislocations.  

 

The present model has taken various types of A-B dislocation clusters into account but 

not consider the strengthening effect caused by the segregation of clusters at GBs. Also, 

the model lacks detailed explanations for each type of cluster strengthening mechanism, 

i.e. clusters in the matrix, clustering at GBs and dislocations. Therefore, a new concept 

of cluster strengthening will be introduced and explained in the next section. 

 

7.3 A modified cluster strengthening model 
 

The APT atom maps in Section 6.1 show that three types of short-range order clusters 

are present: (i) intragranular solute clusters, i.e. clusters in matrix, (ii) clustering at GBs, 

(iii) clustering at dislocations. In the present model, we will consider that all three types 

have a distinct enthalpy of formation associated with them, and hence they will each 

have a distinct strengthening effect. Our new short-range order clusters strengthening 

model is then represented as: 

∆𝜏𝑆𝑅𝑂−𝑀𝑎𝑡𝑟𝑖𝑥 ≅
∆𝐻𝐴−𝐵

𝑏

4

√3𝑏2

2

3
(𝑦𝐴,1 + 𝑦𝐵,1) 

(7- 13) 

 

 

∆𝜏𝑆𝑅𝑂−𝑔𝑏 ≅
∆𝐻𝐴−𝐵−𝑔𝑏

𝑏

4

√3𝑏2

2

3
(𝑦𝐴,2 + 𝑦𝐵,2) 

(7- 14) 

 

 

∆𝜏𝑆𝑅𝑂−𝑑𝑖𝑠 ≅
∆𝐻𝐴−𝐵−𝑑𝑖𝑠

𝑏

4

√3𝑏2

2

3
(𝑦𝐴,3 + 𝑦𝐵,3) 

(7- 15) 

 

 

Where ∆𝐻A−B here stands for the enthalpy of Cu-Mg clusters in matrix, ∆𝐻A−B−gb is 

the enthalpy of Cu-Mg clusters at the GBs and ∆𝐻A−B−dis signifies the enthalpy of Cu-

Mg clusters at dislocations. 𝑦A,1 and 𝑦B,1 defined as the number of Cu atoms and Mg 

atoms per volume in the clusters of matrix, respectively; 𝑦A,2 and 𝑦B,2 are the number 

of Cu atoms and Mg atoms per volume in the clusters-GBs complexes, 

respectively; 𝑦A,3 and 𝑦B,3 are the number of Cu atoms and Mg atoms per volume in 

the clusters-dislocations complexes, respectively. 
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As the ratio of Cu and Mg atoms composition in the cluster (𝑦A: 𝑦B) is considered to be 

1. We assume that all the clusters have an equal amount of Cu and Mg. Hence  𝑦𝐴 =

𝑦𝐵, then: 

𝑦𝐴,1 + 𝑦𝐴,2 + 𝑦𝐴,3 = 𝑦𝐵,1 + 𝑦𝐵,2 + 𝑦𝐵,3 

𝑦𝐴,1 = 𝑦𝐵,1 

𝑦𝐴,2 = 𝑦𝐵,1 

𝑦𝐴,3 = 𝑦𝐵,3 

In Section 7.2, We estimated that 80% of Cu and Mg atoms formed as clusters in 

samples, and 20% of them in the solid solution for all the samples. Thus, the overall 

amount of Cu and Mg atoms (𝑦𝐴  and 𝑦𝐵) in the clusters of material must less than the 

atomic percentages of the Cu and Mg atoms in Al-Cu-Li alloy, which gives: 

𝑦𝐴,1 + 𝑦𝐴,2 + 𝑦𝐴,3 < 𝑥𝐶𝑢 

𝑦𝐵,1 + 𝑦𝐵,2 + 𝑦𝐵,3 < 𝑥𝑀𝑔 

For instance, 𝑥𝐶𝑢 = 𝑥𝑀𝑔 = 1.11% = 0.0111 if all the Cu atoms go into clusters. 

 

7.4 Estimate the amount of Cu and Mg atoms clustered on the 

GBs and dislocations 
 

In Section 6.1, the APT atom maps show Cu-Mg clusters strongly segregate to GBs 

during HPT. Further artificial ageing after HPT gives rise to the segregation of them at 

dislocations. To investigate the amount of A and B atoms (in our alloys Cu and Mg) 

clustered on the GBs(𝑦A,2 and 𝑦B,2), we consider A and B located around the grain 

boundary as a plane. Grain boundary density can then be calculated and with the aid of 

concentration profiles of APT, so that 𝑦A,2 and 𝑦B,2 can be obtained.  

 

On the other hand, in order to work out the amount of A and B atoms clustered at 

dislocations (𝑦A,3  and 𝑦B,3 ), we consider A and B located around dislocation as a 

cylinder. 𝑦A,3  and 𝑦B,3  can be calculated utilising dislocation density measured from 
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XRD and solute concentration profiles of APT. The detailed calculations will be 

discussed below. 

 

As mentioned above 𝑦𝐴,1 + 𝑦𝐴,2 + 𝑦𝐴,3 < 𝑥𝐶𝑢 , once 𝑦𝐴,2, 𝑦𝐴,3  obtained, we assumed 

80% of Cu and Mg atoms formed as clusters, the amount of A and B atoms clustered at 

matrix 𝑦𝐴,1 = 𝑦𝐵,1 can be calculated by 80% × 𝑥𝐶𝑢 − (𝑦𝐴,2 + 𝑦𝐴,3). 

 𝑥𝐶𝑢 = 𝑥𝑀𝑔 = 1.11% = 0.0111 as mentioned above if all the Cu atoms go into clusters. 

 

7.4.1 The amount of A and B atoms clustered at the GBs  

 

Considering cluster around GBs as a plane, the total volume of grain boundaries per 

volume is given as: 

Total volume of grain boundaries per volume = ρgb × thickness 
(7- 16) 

Where ρgb is the grain boundary density; thickness is the average thickness of the layer 

(plane) measured from the APT solutes concentration profiles of materials. 

 

To calculate grain boundary density (ρgb), T4-HPT-AA processed sample is taken as an 

example. If a grain is assumed as a cube, 6 grains are shown in the T4-HPT-AA sample 

from APT atom map. The total volume of the sample is divided by 6, giving each cube 

a volume of 2.6×10-22 m3; a side length of a cube is then equal to 63 nm. Now the 

surface area of one grain boundary (a plane) can be calculated and multiplied by 6 to 

give the total surface area of all the GBs inside the sample.  

 

The grain boundary density is given by: 

𝜌𝑔𝑏 =
Total GBs surface area within the sample 

The  volume of sample
 (7- 17) 

Then the 𝜌𝑔𝑏  according to Eq. 7-17 can be measured as 1.6 ×107
 m-1. An average 

thickness of 5.6 nm is measured from the full width of the peak value of the solutes 

concentration profile across the GBs. Therefore, the total volume of grain boundaries 
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per volume can be calculated by Eq. 7-16, giving a value of 9.0%. Hence, there is 9.0 

at% cluster zone around grain boundary, and they contain an average of 4% Cu and 4% 

Mg (estimated from solutes concentration profile in Figs. 6-8(b-g)). Finally, the amount 

of Cu and Mg atoms at the GBs is 𝑦A,2 = 𝑦B,2 = 9.0% × 0.04 = 0.0036. 

Follow the same steps, 𝑦A,2 and 𝑦B,2  for the samples processed by T4-HPT, T6-HPT 

and T6-HPT-AA can be obtained. The corresponding parameters used in each process 

condition are listed in Table 7-3. 

 

Table 7- 3. The parameters used for obtaining 𝑦A,2  and 𝑦B,2  in different process 

conditions. 

Conditions VSample (m3) 
Vgrain 

(m3) 

Areagb 

(m2) 

Total 

Areagb (m2) 

ρgb 

(m-1) 

Thickness 

(m) 

T4-HPT 1.03x10-21 2.1x10-22 3.5x10-15 2.4x10-14 2.3 x107 5.2 x10-9 

T4-HPT-AA 1.55x10-21 2.6x10-22 4.1x10-15 2.4x10-14 1.6 x107 5.6 x10-9 

T6-HPT 7.53 x10-22 3.8x10-22 5.2x10-15 1.0x10-14 1.3x107 7.5 x10-9 

T6-HPT-AA 2.77x10-21 5.5x10-22 6.7x10-15 4.0x10-14 1.45 x107 7.0 x10-9 

 

T4-HPT 

ρgb × thickness = 0.121 = 12.1% 

This means 12.1 at% cluster zone around GB, containing 3.1% Cu and 3.1% Mg. So  

𝑦A,2 = 𝑦B,2 for cluster at GBs = 12.3% × 0.031 = 0.0038. 

 

T6-HPT 

ρgb × thickness = 0.099 = 10.0 % 

This means 10.0 at% cluster zone around GB, and they contain 3.6% Cu and 3.6% Mg 

So 𝑦A,2 = 𝑦B,2 for cluster at GBs = 10.0% × 0.036 = 0.0036. 

 

T6-HPT-AA 

ρgb × thickness = 0.102 = 10.2% 

This means10.2 at% cluster zone around GB, and they contain 3.2% Cu and 3.2% Mg 

So yA for cluster on dislocation 10.2% × 0.032 = 0.0033. 
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7.4.2 The amount of A and B atoms clustered on the dislocations  
 

Considering cluster around dislocation as a cylinder, the total volume of dislocations 

per volume is given as: 

Total volume of dislocations per volume = ρd πr2 (7- 18) 

Where ρd is dislocation density, which is defined as the total length of dislocations per 

volume; r is the radius of the cylinder, obtained from the full width of the peak value 

of the solutes concentration profile across the dislocation. The parameters used to 

calculate 𝑦A,3 and 𝑦B,3 for T4-HPT-AA and T6-HPT-AA process condtions are given 

in Table 7-4. 

 

Table 7- 4. Parameters used to calculate 𝑦A,3 and 𝑦B,3. 

 

T4-HPT-AA  

There are 0.1 at% cluster zone around dislocations, and they contain 7% Cu and 7% 

Mg (obtained from concentration profile in Fig. 6-9 (c)); then 𝑦A,3 for clusters at the 

dislocation is equal to 0.1% × 0.07 = 0.00007 =  𝑦A,3 = 𝑦B,3. 

 

T6-HPT-AA  

There are 0.35 at% cluster zone around dislocations, and they contain 2.3% Cu and 

2.3% Mg (obtained from concentration profile in Fig. 6-12 (b)), then 𝑦A,3 for cluster on 

dislocation is equal to 0.55% × 0.023 = 0.00013 = 𝑦A,3 = 𝑦B,3. 

 

For T4 and T6 samples, APT results have shown that the Cu and Mg atoms are 

homogeneously distributed throughout the matrix, and no segregation of clusters was 

identified. Hence, no 𝑦A,2 and  𝑦A,3 values are given. For T4-HPT and T6-HPT samples, 

clusters were found in the matrix and segregated to GBs; thus, no value for 𝑦A,3. For 

Conditions 
ρd 

(1014m/m-3) 
Radius 

(nm) 

Total Vol of dislocations 

per volume 

(m3) 

Average 

concentration of 

Cu and Mg (at%) 

T4-HPT-AA 0.78 2  9.8×10-4 (≈0.1%) 7  

T6-HPT-AA 0.70 5  5.5×10-5 (0.55%) 2.3  
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T4-HPT-AA and T6-HPT-AA samples, clusters were found dispersed at matrix, GBs 

and dislocations, thus  𝑦A,1 , 𝑦A,2  and 𝑦A,3  values are given in Table 7-5. This table 

summarises the 𝑦A,1, 𝑦A,2  and 𝑦A,3  in different processing conditions. As 𝑦𝐴,1 = 𝑦𝐵,1 , 

𝑦𝐴,2 = 𝑦𝐵,2, 𝑦𝐴,3 = 𝑦𝐵,3. Therefore, 𝑦B,1, 𝑦B,2 and 𝑦B,3 will not be shown in the table. 

 

Table 7- 5. A summary of the 𝑦A,1, 𝑦A,2 and 𝑦A,3 in different processing conditions. 

Conditions 𝒚𝐀,𝟏 (matrix) 𝒚𝐀,𝟐 (GBs) 𝒚𝐀,𝟑 (dislocations) 

T4 0.0088 No clusters at GBs No clusters at dislocations 

T6 0.0088 No clusters at GBs No clusters at dislocations 

T4-HPT 0.0053 0.0036 No clusters at dislocations 

T6-HPT 0.0053 0.0036 No clusters at dislocations 

T4-HPT-AA 0.0051 0.0038 0.00007    

T6-HPT-AA 0.0056 0.0033 0.00013    

 

 

7.5 The limitations of the Rietveld method/ misfit of solute 

atoms 
 

The Rietveld method uses line broadening to determine crystallite size and dislocation 

density. For analysis, the method assumes that polycrystals contain crystals (grains) 

separated by grain boundaries with dislocations in the grains. It does not consider solute 

clustering at dislocations or grain boundaries. 

 

Mg dissolved in a binary Al-Mg alloy increases the lattice parameter, and Cu dissolved 

in a binary Al-Cu alloy decreases the lattice parameter. In other words, the atomic 

radius of Mg is larger than an Al atom, and Cu is smaller than an Al atom. Therefore, 

Cu and Mg atoms dissolved in the Al-rich FCC phase cause local strains on the 

nanoscale. A schematic diagram in Figs. 7-2 (b-c) is used to illustrate that adding a 

larger or smaller atom into a lattice will cause misfit stresses and strain in the lattice. In 

addition to this, dislocations also generate nanostrains. As shown in Fig. 7-2 (a), the 

compressive and tensile lattice strains are introduced by dislocation. The changes in 

atom positions near the dislocation cause slight variations in the local lattice parameter, 

which cause line broadening in an XRD diffraction analysis. 
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If Mg and Cu atoms cluster near a dislocation, there will be interactions that cause small 

changes in the local positions of the atoms due to these size effects. Cu and Mg atoms 

segregate around dislocation will find atomic sites more suited to their radii. Therefore, 

smaller Cu atom can be located close to the dislocation in the compressive field of the 

dislocation, and larger Mg can be located in the tension field of the dislocation. The Cu 

and Mg atoms will preferentially move to these positions because it reduces the free 

energy of the sample (e.g. this positioning reduces local strain fields). This positioning 

of Cu and Mg atoms near the dislocation effectively reduces nanostrains around the 

dislocation because the net effect of this positioning is that the total energy-related to 

the nanostrains is reduced. Smaller and larger substitutional atoms located into strained 

regions around dislocations will partially cancel solute-dislocation lattice strains. 

Therefore, the Rietveld analysis of such a sample will then detect that as a narrowing 

of the diffraction peak, the Rietveld analysis (conducted with MAUD) finds a lower 

microstrain, and ascribes that to a lower density of defects. 

 

 

 

Figure 7- 2. Illustration of (a) compressed and tensioned fields in the edge dislocated 

crystal lattice, and adding a larger or smaller atom into a lattice will cause misfit stresses 

and strain the lattice: (b) Cu atom in Al-rich phase, (c) Mg atom in Al-rich phase [260].  

 

 

Mg 

Cu 

(b) 

(c) 

(a) 
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Rietveld analysis of dislocation density/strength model  

 

The data on the Al-Cu-Mg-Li shows changes in dislocation density. The Rietveld 

method analysis of XRD data indicates that artificial ageing (AA) treatment after the 

T4-HPT and the T6-HPT materials decreases the dislocation density in the materials 

(see Table 5-1). However, this result is most likely inaccurate because i) APT data 

shows that the further artificial ageing treatment causes Cu and Mg atoms to cluster at 

dislocations, which is not considered in the Rietveld analysis method; ii) the hardness 

of the materials increases after AA treatment whilst APT shows no indication of a 

known hardening reaction that could compensate for the reduction in dislocation 

hardening.  

 

It is thought that rather than a reduction in dislocation density, in fact, Cu and Mg 

clustering at dislocations reduces the local nanostrains (small deviations of atomic 

positions) during the final ageing stage. Such a reduction in nanostrains is possible 

because in the Al-rich phase the effective atomic radius of Mg is larger than Al whilst 

Cu is smaller than Al. Hence, they can effectively reduce nanostrains, causing a 

narrowing of the diffraction peaks. The Rietveld analyses such a narrowing diffraction 

peak, finds a lower microstrain, and ascribes it to a lower density of defects (e.g. 

dislocations). Hence, the dislocation density then should be unaltered. We can now 

assume that the dislocation density after HPT remains unaltered during subsequent low 

temperature ageing in the strength model.  

 

In support of the above interpretation, it is noted that in published works on post SPD 

ageing of Al and its alloys, generally no reduction in dislocation density was reported 

for the low artificial ageing temperature applied in this work [17,37]. Instead, a 

reduction in dislocation density was reported in AA6069 during ECAP processing at 

170 ⁰C [142] and in AA7036 during ECAP processing at 200 ⁰C due to annihilation of 

dislocations [141]. 
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7.6 Enthalpy estimation 
 

In Section 7.3, three short-range order cluster effects are separated out in the modified 

model on the basis of clusters in the matrix, GBs and dislocations. ∆𝐻𝐴−𝐵  is the 

enthalpy of Cu-Mg clusters in the matrix, which has been determined as 34.5 ± 0.5 

kJ/mol [13]. ∆𝐻𝐴−𝐵−𝑔𝑏 is the enthalpy of Cu-Mg clusters at the GBs, which has been 

determined as 50 ± 5 kJ/mol using data on UFG Al-Cu-Mg alloys [17]. ∆𝐻A−B−dis 

signifies the enthalpy of Cu-Mg clusters at dislocations. To date, very little is known 

about the enthalpy change of clustering at GBs and dislocations. Hence, in this section, 

∆𝐻𝐴−𝐵−𝑔𝑏 and ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 will be discussed and estimated to achieve the best possisble 

fit between the measured and model predicted strength. 

 

In the T4 treated alloy Cu-Mg clusters readily form, whilst HPT at RT causes the 

formation of Cu-Mg clusters at GBs. This indicates that the formation of clusters at the 

GB has a stronger effect in reducing the free energy of the sample as compared to the 

formation of clusters in the grain away from defects. As the enthalpy of formation is 

the primary influence, this suggests ∆𝐻𝐴−𝐵−𝑔𝑏 > ∆𝐻𝐴−𝐵. Ageing of the HPT processed 

materials does not alter the clustering at the GBs to any detectable extend, and instead, 

the formation of clusters at dislocations is the main change that is observed. This 

indicates that the formation of dislocation-cluster complexes causes the largest decrease 

in free energy, which is energetically favourable. It suggests that  ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 >

∆𝐻𝐴−𝐵−𝑔𝑏 > ∆𝐻𝐴−𝐵.  

 

Estimating ∆𝐻𝐴−𝐵−𝑑𝑖𝑠  

 

The DSC curves show that whilst the T4-treated Al-Li-Cu-Mg alloy heating in the range 

100-200⁰C causes a strong endothermic effect due to the dissolution of clusters, heating 

of the T4-HPT sample causes an exothermic effect. The APT data indicates that this 

exothermic effect must be primarily due to the formation of cluster-dislocation 

complexes. Whilst no change in cluster-GB complexes are observed, which indicates 

the Cu-Mg cluster-dislocation complexes are significantly more stable than the Cu-Mg 
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clusters in the grain, i.e. ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 must be substantially larger than ∆𝐻𝐴−𝐵−𝑔𝑏.  

  

The DSC data shows that for the T4 treated material, the rate of dissolution of Cu-Mg 

clusters peaks at about 175⁰C, i.e. this temperature is approximately the solvus for these 

Cu-Mg clusters. For the T4-HPT and T4-HPT-AA material, no dissolution effect is 

observed at least up to 220⁰C. At that stage, exothermic formation effect of a further 

precipitation reaction starts to dominate the DSC curve. We may thus conclude: 

∆𝐻𝐴−𝐵−𝑑𝑖𝑠/∆𝐻𝐴−𝐵 > (220+273)/(175+273) = 1.1. 

 

The above analysis provides some limited insight, but it can not provide an accurate 

determination of the ratio ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 / ∆𝐻𝐴−𝐵 . Hence, another way of estimating 

∆𝐻𝐴−𝐵−𝑑𝑖𝑠/∆𝐻𝐴−𝐵 will be considered. In the analysis of ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 , we could attempt 

to consider from dislocation elastic energy aspect.  

 

As mentioned in the previous section, dislocations in a crystal increase the free energy 

of the material. Away from the very centre of the dislocation the energy is 

predominantly due to elastic lattice distortion. When atoms cluster at and around a 

dislocation, the free energy of the material decrease due to the clustering process 

reducing the elastic energy. Clustering of Cu and Mg atoms around a dislocation can 

be very effective in reducing the elastic energy because the atomic radius of Mg (160 

pm) is larger than an Al atom (143 pm), and Cu (128 pm) is smaller than an Al atom 

with difference typically in the order of 10%. 

Dislocations in a crystal increase the elastic energy of the material predominantly due 

to elastic lattice distortion. The expression for elastic energy caused by lattice distortion 

is [261]. 

𝑈el =
𝐺𝑏2

4𝜋(1 − 𝜈)
 𝑙𝑛

𝑅

𝑟𝑜
(1 − 𝜈 𝑐𝑜𝑠2𝛼) (7- 19) 

 

Where 𝑈el is the elastic energy associated with a dislocation, G is shear modulus, taken 

as 26 GPa here, b is burgers vector, 𝜈 is Poisson's ratio, 0.3 was used for Al alloy, 𝑟𝑜 is 

the core radius of the dislocation (𝑟𝑜= 2b), 𝛼 is a geometrical factor that represents the 

angle between the burgers vector and the dislocation line. For screw dislocation, 𝛼 = 0; 
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for edge dislocation, 𝛼 = π/2,  R is the outer radius of dislocation or dislocation spacing 

can be determined by: 

𝑅 = 𝜌𝑑𝑖𝑠
−

1
2 

(7- 20) 

Where 𝜌𝑑𝑖𝑠 is dislocation density, R = 100 nm (valid for a dislocation density 1× 1014 

m-2, which is typical for HPT processed Al-Cu-Mg type alloys). 

If we assume these are all edge dislocations within the sample, and then Eq. 7-19 can 

be simplified as : 

𝑈el =
𝐺𝑏2

4𝜋(1 − 𝜈)
 𝑙𝑛

𝑅

𝑟𝑜
 (7- 21) 

Therefore, we may calculate the free energy change of the dislocations-containing 

lattice due to clustering of Cu and Mg atoms around dislocations, under the assumption 

that the change in elastic energy is the dominant factor, and the clustering can 

effectively dissipate all of the elastic energy due to the dislocation. To do this, we first 

calculate the elastic energy per dislocation line length for R = 100 nm by using Eq. 7-

21,  
𝑈el

𝑙𝑑𝑖𝑠
= 3.4 𝑛𝐽/𝑚 is obtained, where ldis is the dislocation length. 

 

Next, we estimate the amount of Cu and Mg that are clustered at and around the 

dislocation from APT data shown in Fig. 6-9. This figure shows that the zone of 

clustered Cu and Mg atoms around the dislocation has a radius of about 2 nm and a Mg 

and Cu composition of about 0.07. From that we can determine the cluster density to 

be 21 Cu atoms per nm of dislocation length. (And 21 Mg atoms per nm of dislocation 

length.) 

 

Combining the above data, and assuming that effectively all elastic energy is eliminated 

by the clustering at and around the dislocation, we obtain the change in elastic energy 

for 𝑟 > 𝑟𝑜 due to clustering as: 1.6 ×10-19 J per Cu-Mg pair at the dislocation = 95 kJ 

per mol Cu-Mg pairs at the dislocation (1.6 ×10-19× 6.02×1023 = 95kJ). We will term 

this ∆𝑈𝑒𝑙(𝐴−𝐵−𝑑𝑖𝑠). 
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The total enthalpy changes due to clustering near the dislocation will be the sum of the 

change due to the elastic strain field plus the change due to near neighbour Cu-Mg 

interactions. From the above, we may thus conclude that a good approximation for 

∆𝐻𝐴−𝐵−𝑑𝑖𝑠 ≈ ∆𝑈𝑒𝑙(𝐴−𝐵−𝑑𝑖𝑠) + ∆𝐻𝐴−𝐵 = 95 + 34.5 = 130 kJ/mol. This is, however, an 

approximation. A factor that makes this a possible underestimate is that very close to 

the core of the dislocation, and the stress will substantially increase. Clustering may 

also reduce this energy and hence ∆𝑈𝑒𝑙(𝐴−𝐵−𝑑𝑖𝑠) maybe larger than the above estimated 

95 kJ/mol. We might consider estimating this extra contribution by taking 𝑟𝑜 as the near 

neighbour distance, i.e. 𝑟𝑜  = b. That produces ∆𝑈𝑒𝑙(𝐴−𝐵−𝑑𝑖𝑠)  ≈108 kJ/mol. It is 

important to note that the calculations are based on the assumption that only 20% of 

Cu/Mg are in solid solution, and 80% are formed as clusters, so Mg and Cu composition 

that contributes to clusters is 1.25 lower. Therefore, a better estimation may be 

∆𝑈𝑒𝑙(𝐴−𝐵−𝑑𝑖𝑠) ×1.25 ≈ 135 kJ/mol. In conclusion of this assessment and discussion, 

we take  ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 ≈ ∆𝑈𝑒𝑙(𝐴−𝐵−𝑑𝑖𝑠) + ∆𝐻𝐴−𝐵 = 135 + 34.5 ≈ 170 kJ/mol. 

 

There may also be a source of overestimation, and particularly it may be considered 

that clustering will not be able to completely eliminate the strain energy of the 

dislocation in the region that is considered (𝑟 > 𝑟𝑜). However, this is thought to be a 

very small possible deviation. In conclusion of this assessment and discussion, we take 

∆𝐻𝐴−𝐵−𝑑𝑖𝑠≈165 kJ/mol. The accuracy of this determination is difficult to assess, so 

we will not discuss it in the present work.  

 

In summary, the enthalpy values of three types of short-range order cluster effects 

(clusters in the matrix, GBs and dislocations) in the modified cluster strengthening 

model are now estimated as below: 

 

∆𝐻𝐴−𝐵 = 34.5 kJ/mol 

∆𝐻𝐴−𝐵−𝑔𝑏 = 50 kJ/mol 

∆𝐻𝐴−𝐵−𝑑𝑖𝑠 = 165 kJ/mol 
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7.7 Strength prediction based on the modified model 
 

After adjusting dislocation density and substituting enthalpy values into the modified 

short-range order cluster strengthening model, the amended strength prediction results 

are illustrated in Fig. 7-3. The corresponding values of each strengthening mechanism 

are listed in Table 7-6. The Fig. 7-3 shows a good correspondence between the strength 

predicted by the model and the measured strength from Vickers hardness for T4, T4-

HPT, T4-HPT-AA, T6, T6-HPT processed samples. Among the model predictions for 

total strength, only the prediction of the strength of T6-HPT-AA sample is substantially 

outside the typical accuracy (percentage error) of 4%, and it is most likely due to the 

estimation of ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 value or some other strengthening mechanisms have not yet 

been quantified. This analysis shows that grain boundary strengthening is still the 

crucial mechanism for HPT-processed materials, but it accounts for only ¼ of the total 

strength. The Cu-Mg clusters contribute substantially to the strength in all conditions. 

The combined effect of all three types of clusters due to short-range order mechanism 

is dominant for all conditions studied, with a small modulus strengthening effect. 

Therefore, the whole clusters in total have the strengthening larger than grain 

boundaries. 

 

For these types of alloys, co-cluster strengthening has been found to be the largest in 

all contributions and examined as the main strengthening mechanism. Furthermore, it 

has been shown that in several heat-treatable ternary Al alloys such as Al-Cu-Mg [17] 

and Al-Mg-Si alloys [14], the presence of co-clusters is a dominant strengthening 

mechanism.  
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Figure 7- 3. An updated yield strength comparison between the measured values from 

micro-hardness tests and the predicted values from strengthening model based on a new 

cluster strengthening model. 

 

 

Table 7- 6. Measured strength (MPa) by Vickers hardness and strength (MPa) caused 

by different strengthening mechanisms in six processing conditions. 

Conditions Hv 𝜎0     𝜎gb 𝜎d 𝜎𝑠𝑠 𝜎𝑠𝑟𝑜−𝑚𝑎𝑡𝑟𝑖𝑥  𝜎𝑚𝑜𝑑𝑢𝑙𝑢𝑠 𝜎𝑠𝑟𝑜−𝐺𝑏𝑠 𝜎𝑠𝑟𝑜−𝑑𝑖𝑠 

T4 379 26 36 10.5 89 181 47 0 0 

T4-HPT 653 26 197 112 89 106 47 99 0 

T4-HPT-

AA 

705 26 193 112 89 98 47 102 23 

T6 381 26 35 9 89 181 47 0 0 

T6- HPT 634 26 182 74 89 103 47 102 0 

T6-HPT-

AA 

770 26 183 74 89 104 47 94 35 
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7.8 Summary 
 

1. A new cluster strengthening model has been established, which separates out three 

types of short-range order clusters: (i) intragranular solute clusters, i.e. clusters in 

matrix, (ii) clustering at GBs, (iii) clustering at dislocations. 

 

2. The amount of Cu and Mg atoms clustered on the GBs (𝑦A,2, 𝑦B,2) and dislocations 

(𝑦A,3  , 𝑦B,3) were estimated by grain boundary density and dislocation density, 

respectively. 

 

3. The Rietveld method analysis does not consider solute clustering at dislocations 

or grain boundaries. The method detects the narrow diffraction peak and ascribes 

that to a reduction dislocation density. The fact is that narrowing peak is caused 

by reduction of nanostrains by positioning of Cu and Mg atoms near the 

dislocation, so the dislocation density should remain unchanged after HPT 

process. 

 

4. The enthalpy value of ∆𝐻𝐴−𝐵 , ∆𝐻𝐴−𝐵−𝑔𝑏  are discussed, and the value of 

∆𝐻𝐴−𝐵−𝑑𝑖𝑠 in the new cluster strengthening model is determined as ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 =

 165 kJ/mol by dislocation elastic energy. 

 

5. The assessment of strengthening mechanisms has shown that all three types of 

short-range order strengthening due to clustering contribute to the high strength 

of HPT-processed Al-Cu-Li alloy. 

 

6. Five out of six predictions show a good correspondence between measured and 

predicted values. Only T6-HPT-AA sample shows an underpredicted strength, and 

it is most likely due to the estimation of ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 value. 

 

7. The combined effect of all three types of short-range order clusters is the dominant 

mechanism for all conditions studied. 
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Chapter 8    Conclusions and Future works 
 

8.1 General conclusion 
 

In summary, this present work has reported novel multi-stage processes through the 

combination of age hardening and HPT to obtain superior strength of Al-Li-Cu alloy. 

After performing a series of micro-hardness measurements at various ageing 

temperatures and ageing times on the material, a hardness of ~240Hv was achieved in 

the T4-HPT-AA treatment aged at 110 oC/60h. Besides, an ultra-high hardness of 

~260Hv was achieved through pre-HPT ageing at 110oC/24h followed by post-HPT 

ageing at 110oC/180h (T6-HPT-AA). By contrast, neither of them (i.e. T4-HPT-AA 

and T6-HPT-AA) was effective in improving the strength of 7449 Al alloys, but it 

increases the ageing stability of the alloy. Therefore, Al-Cu-Li alloys processed by two 

processing conditions were investigated for microstructural analysis.  

 

TEM observations show that an UFG structure is formed when T4 and T6-treated 

samples deformed by HPT, the grain size was significantly refined (by a factor of ~30), 

resulting in grain size of ~90 nm and ~115 nm, respectively. The UFG structure was 

still retained during subsequent artificial ageing at 110 oC/60h in T4-HPT-AA and 110 

oC/180h in T6-HPT-AA conditions. β′ phase (Al3Zr) with a size of ~50 nm were found 

everywhere in all stages of processed samples and is retained even during solution 

treatment, ageing treatment, and HPT processing. However, it does not contribute much 

to the strengthening of the Al-Cu-Li alloy. Besides, HPT process induces a large 

number of dislocations, which were measured by MAUD based on the full peak X-ray 

profile refinement. Results show that T4-processed sample has the highest dislocation 

density level of ~3.5×1014 m-2, and the dislocation density of T6-processed sample 

increases to ~1.5×1014 m-2 right after HPT. XRD also reveals that both processes cause 

the dislocation density of the materials to drop gradually with increasing ageing time.  

 

Neither XRD nor TEM shows any visible precipitates after HPT process and 

subsequent ageing treatments. Instead, APT maps show the formation of Cu-Mg cluster 

after natural ageing, HPT and artificial ageing. Cu-Mg clusters were found 

homogeneously distributed throughout the T4 and T6 samples, strongly segregated to 
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GBs during HPT and further segregated to dislocations during post-ageing treatment at 

110 oC. An average Mg/Cu ratio of solute clusters approximately equal to 1 was 

observed in the T4-HPT-AA condition, but a less Mg/Cu ratio of 0.88 was measured in 

the T6-HPT-AA condition. Mg/Cu solute ratio of approximately 1 was measured in T4 

and T6 processed materials. Strong segregation of Cu at GBs was noticed during HPT 

process and subsequent ageing. However, the segregation of Mg at the dislocations is 

comparatively stronger than that of Cu in T4-HPT-AA and T6-HPT-AA conditions. In 

addition, DSC results show that HPT and post-ageing have caused the clusters to 

transform into a more stable structure. The APT data indicates that these structures are 

clusters at grain boundaries and dislocations. 

 

Finally, a new cluster strengthening model was developed in this work, which 

incorporates three different types of short-range order clusters: clusters in matrix, 

clustering at GBs, and clustering at dislocations. The amount of Cu and Mg atoms 

clustered at the GBs, dislocations were estimated. The enthalpy value of ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 

was discussed, and an appropriate value of 165kJ/mol was proposed by dislocation 

elastic energy. A model consists of grain boundary hardening, dislocation strengthening, 

solid solution strengthening and the new short-range order cluster strengthening 

mechanisms was applied to evaluate the contributions of each strengthening mechanism 

and to predict the yield strength of Al-Cu-Li alloy. The results show the combined effect 

of all three types of clusters due to short-range order mechanism is dominant for all 

conditions studied. Additionally, the predicted strengths from the model are compared 

with the strength measured from Hv hardness, which demonstrated that 5 out of 6 

predictions show good correspondence. Only T6-HPT-AA sample shows an 

underpredicted strength, it is most likely due to the estimation of ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 value. 
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8.2 Future works  
 

Work on this research has identified some experiments and analyses arising from 

current findings that should be pursued and addressed in the future on the following 

research areas: 

 

1. The estimation of ∆𝐻𝐴−𝐵−𝑑𝑖𝑠  

The predicted strength and measured strength of T6-HPT-AA sample are not 

corresponding well using our modified strengthening model. One of the possible 

reasons is that the estimation of ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 value (165 kJ/mol) obtained by the aid of 

dislocation elastic energy in the present study may still underestimate. The accuracy of 

this determination is difficult to assess, future works or more favourable evidence 

thereby should be pursued in the future. In addition, despite the value of ∆𝐻𝐴−𝐵−𝑑𝑖𝑠 was 

estimated by dislocation elastic energy, other possible approaches, such as through heat 

content of DSC effects and stability limit, can be contemplated further. 

 

2. The effects of Li on the strength of Al-Cu-Li alloy 

It may seem strange that the strength of an Al-Cu-Li alloy mainly results from Cu-Mg 

clusters. However, no Al3Li particles (δ′ phase), Al2CuLi (T1 phase) or any other Li-

related clusters were identified in all stages of two processing procedures (T4-HPT-AA 

and T6-HPT-AA) via TEM, XRD and APT techniques. Except for the minor solid 

solution strengthening effect due to Li atoms, no more evidence shows that Li 

contributes much to the superior strength of Al-Cu-Li alloy by means of HPT and age 

hardening. Therefore, further works are needed to investigate the effects of Li on the 

strength of Al-Cu-Li alloy. 

 

3. More characterisation analysis  

More TEM experiments need to be carried out to analyse more TEM images, 

particularly SEAD patterns for phase determination. Furthermore, Electron backscatter 

diffraction (EBSD) will be needed for obtaining statistical information of the UFG 

microstructure, including distribution of grain size and grain boundary misorientation 

angles, grain orientation map. In addition, vacancies play a crucial role in forming 

clusters, and the interactions between the solutes and excess vacancies are vital for a 
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particular cluster to form preferably in each alloy. Hence, Positron annihilation 

spectroscopy (PAS) will be needed to investigate vacancies in solids, and it might 

explain why the Cu-Mg clusters as the only cluster type occurred in the Al-Cu-Li alloy. 

 

4. Measurement of dislocation density  

Study more about the dislocation density, using a higher resolution XRD to explore the 

dislocation density within small area of HPT-processed samples. Also, learning XRD 

line broadening analysis in more detail, using different methods such as Williamson-

Hall and Warren-Averbach methods to measure dislocation densities of different 

samples, so that the comparisons of the results can be made. Additionally, the accuracy 

of the dislocation density measurements needs to be improved. Besides, improve the 

accuracy of all the measurements, e.g. grain size, crystallite size, microstrain, hardness, 

dislocation density, etc. 
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