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PHYSICS

Origin of micrometer-scale dislocation motion during

hydrogen desorption

Motomichi Koyama'*!

Hydrogen, while being a potential energy solution, creates arguably the most important embrittlement prob-
lem in high-strength metals. However, the underlying hydrogen-defect interactions leading to embrittlement
are challenging to unravel. Here, we investigate an intriguing hydrogen effect to shed more light on these
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interactions. By designing an in situ electron channeling contrast imaging experiment of samples under no
external stresses, we show that dislocations (atomic-scale line defects) can move distances reaching 1.5 pm
during hydrogen desorption. Combining molecular dynamics and grand canonical Monte Carlo simulations, we
reveal that grain boundary hydrogen segregation can cause the required long-range resolved shear stresses, as
well as short-range atomic stress fluctuations. Thus, such segregation effects should be considered widely in

hydrogen research.

INTRODUCTION

Hydrogen (H) has been reasoned to cause embrittlement problem
in high-strength metallic materials for more than a century (1, 2). H
embrittlement is troubling some of the largest industries in existence,
which operate in H-abundant environments (e.g., oil and gas, aero-
space, defense, automotive), and it has motivated immense scientific
research efforts (e.g., ~2000 papers only since 2010).

There are two main factors that cause H to trigger embrittlement.
First, H absorption and diffusion can be extremely fast in metals even at
room temperature, since it is the lightest element in the universe (i.e.,
H atomic radius is only ~1/3 of Fe, Ti, or Ni atoms) (3). Second, H
embrittlement can be triggered even when the total H uptake is in parts
per million (ppm) levels (4). These two factors and the defect-
governed nature of metal plasticity and fracture have led to a wide
spectrum of investigations on H segregation effects in vacancies
(5-7), dislocations (5, 8), and interfaces (6, 9, 10). Among the re-
sulting theories that address HE, the H-enhanced localized plas-
ticity (HELP) theory has generated the most intense discussions
(8, 11-21). According to the HELP theory, H causes more localized
plastic deformation by enhancing dislocation mobility. The original
explanation for the HELP phenomenon is through a proposed H
influence on dislocation stress fields (17). The strongest evidence
for such a mechanism was provided through in situ environmental
transmission electron microscopy (TEM) experiments demonstrating
dislocation motion at the crack tip of H-charged samples (22, 23).
Notably, these samples were externally stressed. Other researchers
reported slip traces induced by H-charging (19, 21). The dislocation
activity therein was proposed to be due to microstructural residual
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stresses. The authors proposed that the residual stresses could reach
levels sufficient for triggering dislocation activity since H-charging
may induce reduction in dislocation activation stress (20, 24, 25).
Such an interplay between local residual stresses and H effect on
the dislocation activation stress (threshold) would explain why
such dislocation mobility effects are not more regularly observed
and reported: After all, the level of residual stress or H segregation
(which are both challenging to measure experimentally) not only
varies depending on metal processing and H-charging conditions
but also changes as a function of spatial variation of microstructure
even in the same material. Yet, such H effects to facilitate disloca-
tion mobility were not confirmed by atomistic simulations (that
are not influenced by such experimental challenges) (5, 8), which
instead revealed H-induced dislocation pinning (5). The origin of
the dislocation activity induced by H-charging thus remains un-
clear. To move forward, and to explain such discrepancies, ex-
periments with better-controlled boundary conditions are needed,
which isolate H-induced microstructural stresses from stresses
arising from other factors, e.g., processing residual stresses and
external stresses.

Here, to this end, we designed a dedicated experimental meth-
odology to investigate the H effect on dislocation motion, to help
shed more light on the nature of such interactions. This exper-
imental procedure is shown in Fig. 1. For these experiments, a face-
centered cubic (fcc) iron-manganese (Fe-Mn)-based high-entropy
alloy (details in Materials and Methods) was selected. Fcc struc-
ture ensures slow desorption rates during the scanning electron
microscopy (SEM) experiment. The specimen was mechanically
polished to a colloidal silica finish and then cathodically charged
with H for 3 hours at 294 K. Considering the diffusion coefficient
for austenitic steel [2.7 x 107'° m%/s (26)] and the charging time,
the depth of the H-affected zone is calculated to be ~2 um.
Right after H-charging, the specimen was briefly repolished with
colloidal silica before it was placed in the SEM chamber. Expectedly,
exposing the specimen to vacuum in the SEM chamber causes
H desorption from the sample (3). During H desorption, we ob-
served dislocation relaxation and motion using the electron chan-
neling contrast imaging (ECCI) technique, which is discussed in
detail next.
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Fig. 1. The experimental procedure that revealed dislocation motion during
hydrogen desorption. (A to E) Stages in the experiment.

RESULTS

Experimental observation of dislocation motion during

H desorption

Typical results of our experiments are shown in Fig. 2. These tests
on the fcc Fe-Mn-based alloy revealed motion of dislocations over
large distances (>1.5 pm), triggered solely by removing diffusible H
from the sample. An example of this phenomenon is shown in Fig. 2A.
Here, in the series of ECCI micrographs, as H desorbs out of the
sample surface, the increase of the spacing in a planar dislocation
array is seen. For clarity, each dislocation is labeled with a letter, and
a movie of the dislocation motion is provided online (see movie S1).
The largest spacing change takes place after 2 hours (Fig. 2A, third
and fourth images), as shown schematically in Fig. 2B. We also pro-
vide the full quantitative evolution of the dislocation spacing in this
array in Fig. 2C. Several similar observations are made investigating
this material further—see Fig. 2 (D to F) for three other zones where
rearrangement or disappearance of dislocations in pileups or en-
tanglements are observed (see movies S2 to S4). More examples
from this Fe-Mn alloy can be seen in fig. S1 and movie S5. To ex-
plore the generality of the observation of dislocation motion, similar
experiments were performed on a duplex stainless steel (details in
Materials and Methods). Dislocation activities (rearrangements and
slip-step formations) can be seen in the austenite phase as shown in
fig. S2 and movie S6.

Two characteristics of these results need to be emphasized, in
comparison to earlier studies on dislocation motion due to H-charging
(15, 23, 27). First, the experiments presented here were specifically
designed to minimize the influence of other effects that could cause
dislocation motion. There were no externally applied heat or stresses.
Similarly, there were no beam heating effects, since the experiments
are carried out at room temperature using the SEM-based ECCI
method (28, 29). To further ensure that the observed dislocation
motions are not driven by surface stresses due to preparation or
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stresses from the electron beam, control experiments were conducted
on samples without H-charging. The dislocations remain immobile
(see fig. S3), indicating that the ECCI technique and the presented
sample preparation method are not the causes of the observed
dislocation activity. Furthermore, there were no TEM sample prepa-
ration artifacts (that arise, e.g., due to focused ion beam milling),
since ECCI enables imaging of surface dislocations in bulk samples.
The experiment did not trigger any phase transformations, since this
alloy has a stable microstructure (30). Second, the observed glide
distances are larger [from ~3 times (15, 22) to ~2 orders of magnitude
(15, 23)] than those reported in previous studies in the literature
where a similar H-induced phenomenon was observed.

Numerical simulations investigating the origin

of the dislocation mobility

To study the origin of the driving force for the observed dislocation
motion, we first investigated the possibility of surface high concen-
tration of H inducing dislocation motion by creating sufficiently
high shear stresses. To this end, we calculated the maximum level of
stresses that can be generated, by assuming the extreme condition
that only the surface expands due to large H content segregation. In
this case, the compressive stress along the surface of the sample is
equivalent in all directions and equal to 6 = % (31). The stress
perpendicular to the surface is zero as it can freely expand in this
direction. By considering E = 200 GPa for the Young’s modulus,
w =2 x 10~ m*/mol for the molar expansion (32), ¢ ~ 3 mol/m” for
H concentration calculated for our experiment at the sample surface,
and v = 0.3 for the Poisson ratio of the material, the maximum shear
stress occurring at 45° with respect to the sample surface is obtained
as ~1 MPa. This value is at least one order of magnitude below the
required activation stress for dislocation glide, which indicates that
the surface expansion due to the uniform increase in H concentration
cannot be the main factor causing the observed dislocation motion
in the experiments. The H distribution needs to be nonuniform to
achieve higher stress magnitudes.

Next, we conducted hybrid molecular dynamics (MD)/grand
canonical Monte Carlo (GCMC) simulations to investigate the
fundamentals of the competition among different microstructural
constituents [e.g., grain boundaries (GBs) and dislocations] to act
as potential sites for H segregation. Using the GCMC algorithm
enables bridging the time scale limitations of MD simulations, which
is necessary to capture microstructural H diffusion tendencies. As
in the case of the experiments, when designing these simulations, the
factors that can influence these tendencies need to be strategically
minimized. As the resolved stress required for dislocation motion
can be influenced by stochastic interactions of the present dislocations
with randomly distributed substitutional alloying elements (33), a
pure metal was chosen for simulations, which exhibits fcc crystal
structure (as in the experiments). Note, however, that pure Fe at room
temperature exhibits body-centered cubic structure, and stabiliza-
tion of fcc Fe requires alloying of nickel (Ni), manganese, carbon, or
other austenite stabilizers. Also, for such multicomponent Fe-based
fcc alloys containing H, currently reliable interatomic potentials do
not exist. Therefore, to elucidate the fundamentals of the underlying
mechanisms, we conducted simulations on pure Ni, for which the
interatomic potential is available for atomistic-scale simulations (18, 34).
Note that Ni is the nearest fcc metal to Fe in the periodic table; thus,
it has minimal difference in the atomic size and in the stress due to
the presence of H in the interstitial sites or at GB (free volume sites).
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Fig. 2. Dislocation motion during H desorption in Fe-Mn-based alloy captured by ECCI. (A) A planar dislocation pileup at a grain boundary (GB) at different stages
of H desorption. (B) Dislocation configurations at t =2 and 2.5 hours are shown schematically. Note the ~1.5-um distance that dislocations b and c glide. (C) Relative
positions of dislocations with respect to the GB are plotted against exposure time. (D to F) Three other examples of H desorption-induced dislocation motion are presented.
The blue color indicates dislocations that are most strongly affected. Movies are available online.

A three-dimensional (3D) polycrystalline sample with a grain size
of 7.5 nm was modeled (see fig. S4). A total deformation strain of
10% was applied to produce a dislocation network. Then, two
simulations were performed on this prestrained sample. In the first
one, H atoms were inserted in the sample using hybrid MD/GCMC
simulations for 6 ns. The H atomic ratio was increased to 0.45 atomic %
(at %) in the sample excluding free surfaces. This percentage is
identical to the H percentage in the experimental samples (see fig.
S5). For the second simulation and as a reference, the prestrained
simulation box was relaxed for 6 ns, and the dislocation network
was traced for comparison to the H-charged sample. Application of
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the hybrid MD/GCMC technique results in a hydrogenated sample
in chemical equilibrium for a given H, chemical potential/partial
pressure, in which, for example, the same H percentage migrates
from GBs to the free surface and vice versa. Moreover, due to the
application of the GCMC technique, no preassumption about the
location of H is required, and the energetically favorable sites are
chosen by the algorithm automatically. The simulation details are
provided in Materials and Methods.

As seen in the 3D view in Fig. 3A, and more clearly in Fig. 3B,
which is a 2D slice from the H-charged sample, H atoms exhibit a
nonuniform distribution: They are mainly located on free surfaces
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Fig. 3. Atomistic simulation of dislocation motion during H-charging in Ni polycrystalline sample. Hybrid MD/GCMC simulations reveal that H mainly segregates at GBs
and free surfaces, as shown in (A) 3D and (B) 2D views. Here, gray zones represent GBs, red spheres are H atoms, light blue atoms are hexagonal close-packed (hcp) atoms, and
dark blue lines are the dislocation network. Snapshots of the dislocation structures in H-charged samples shown in (C) reveal clear dislocation rearrangements (see the
black arrows). The red arrows point out a new dislocation generated during H-charging of the sample (see movie S7). H-free sample in (D) shows little dislocation activity.

and GBs. Observations of H segregation in GBs were reported in
various investigations, for example, by using cryo-transfer atom probe
tomography (35) or by silver-decoration experiments (36, 37),
carried out with various metals including Fe and Ni. An important
consequence of these results in Fig. 3 (and the mentioned supporting
experimental evidence) is regarding direct effects of H on disloca-
tions: As H atoms prefer to stay in GBs rather than dislocations, they
impose little pinning effect on dislocation motion (5). Thus, present
dislocations in our simulations move without constraint in the sample.
The snapshots of a dislocation network in a grain of a H-charged
and a H-free sample are shown in Fig. 3 (C and D, respectively) (see
movies S7 and S8). A comparison of these two figures reveals that
after 700 ps, the spacing between dislocations 1 to 3 increases as a
newly generated dislocation 5 moves in the H-charged sample,
similar to the experimental observations shown in Fig. 2. As dislo-
cation 5 moves forward in the grain, the stress distribution changes
and the dislocations in the pileup rearrange once more. The H-free
sample, on the other hand, exhibits relatively less dislocation activ-
ity both in the shown region and elsewhere in the sample.

We next computationally investigate the underlying mechanisms
for the rearrangement of dislocations seen experimentally in Fig. 2
and computationally in Fig. 3C. In these simulations, an undeformed
polycrystalline Ni sample is charged with H to the same H percentage
as in the experiment. The atomic-level von Mises stress distribution
of the H-charged sample is shown in Fig. 4A. The contour is the
temporal average of the stress for each atom over 6 ns. The calcula-
tion method of the von Mises stress is presented in Materials and
Methods. Higher stress levels are observed on GBs, compared to the
bulk of the grains. The atomic-level von Mises stress distributions
of the atoms in the bulk (grain interiors) and in the GBs before and
after H-charging are plotted in Fig. 4B. To verify the stability of the
presented curves, the temporal average was calculated over different
time periods. Figure 4C shows that the temporal average saturates
by increasing the averaging time period. For example, it is seen that
the curve of 6 ns has a shift of less than 5 MPa with respect to the
curve of 5.5 ns averaging time. The saturation indicates that the stress
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fluctuation due to atomic vibrations is not significant, and the average
value is the decisive parameter.

The von Mises stress in Fig. 4B spans from zero to tens of
gigapascals in both the GBs and the bulk of the sample. These high
values compared to the experimentally measured yield strength
values (on the order of megapascals) may raise questions on physical
validity of these atomic-level stresses. It should be noted, however, that
at nanoscale, the crystal can tolerate stress magnitude up to the ideal
shear strength (on the order of 1/10 of shear modulus G/10) (38, 39),
which can be three orders of magnitude higher than the macroscopic
stress values measured by testing highly defected polycrystals.

In Fig. 4B, the bottom inset shows that H segregation at GBs
imposes a change of ~200 MPa in von Mises stress of atoms located
in GBs. This level of change can influence dislocation emissions from
GBs, the structure of the already absorbed dislocations in GBs (40),
and, more importantly, the dislocation interactions near GBs. For
example, Fig. 4B demonstrates that the induced long-range stress
effect can reach ~200 MPa on bulk atoms, near the boundaries. We
have also plotted the von Mises stress of individual atoms before
and after H-charging in the sample. This plot also presents a change
of 150 to 200 MPa in the stress due to the H-charging of the sample
(see fig. S6). Stresses at this level should not only induce dislocation
activity but also cause local variation of crystallographic orientation
near boundaries. This was validated by our in situ electron back-
scattered diffraction analysis during H-charging of duplex stainless
steel (see fig. S7). The observed increase in point-to-point misorientation
angle along the phase boundary during H-charging may reflect the
localized stress induced by H segregation at the boundary.

In Fig. 4 (B and C), the change in von Mises stress is presented;
however, what actually relocates dislocations in the crystal is the re-
solved shear stress along the slip direction. Therefore, the change of
shear stress due to H, directly on two arbitrary slip directions of the
Ni crystal, was also investigated for three representative GBs (X9,
Y41c, and X99b) (see fig. S8). As seen in fig. S9, the shear stress varies
depending on the slip direction and GB type (i.e., between 50 and
200 MPa). This clarifies why dislocation activity due to H-charging
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Fig. 4. Atomic-level von Mises stress distribution due to hydrogen diffusion in polycrystalline Ni sample. (A) Atomic-level von Mises stress distribution from
atomistic simulation. The stress has a higher magnitude on GBs. (B) The cumulative density function (CDF) of von Mises stress distribution of atoms in grain interiors (bulk)
and GBs before and after H-charging into the sample. The two insets are the zoomed windows showing 200 MPa change in von Mises stress of atoms in bulk and GBs, due
to H-charging into the sample. (C) The temporal average of the von Mises stress for different averaging time periods ranging from 500 ps to 6 ns. The temporal average

converges by increasing the averaging time period.

or desorption should not be expected to be at the same level near
every GB. The resolved shear stress is highly dependent on the
GB type and also the slip direction. This point once more underlines
the importance of experimenting with and simulating polycrystalline
samples, to be able to embrace the stochasticity of this problem. Under
a given H, partial pressure, only a certain percentage of dislocations
will be relocating, which is highly dependent on several influential
parameters such as the GB orientation, slip systems, dislocation
type, dislocation density, and residual stress due to dislocation
interactions with other dislocations and microstructural features.

DISCUSSION
These results altogether reveal that it is the shear stress arising from
H segregation at boundaries that drives the experimentally observed
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dislocation activity (Fig. 2 and figs. S1 and S2). They also shed light
on the intrinsic challenges in observing and understanding this
effect computationally and experimentally. Earlier computational
investigations on H influence on dislocation mobility, for example,
did not capture the effect shown here, as those models did not
explicitly include GBs where H could segregate (5, 8). The main
challenge experimentally, on the other hand, is systematic control
of all factors that can alter the apparent H effect on dislocations. The
H segregation-induced stress can itself cause dislocation motion as
shown here; however, in some cases, it would have to act against
residual stresses already existing in the microstructure due to the
processing. The resulting observable H effect will thus depend not
only on whether the H-charging or desorption can adequately supply
the change in local shear stress required for dislocation activity but
also on the sign and the level of local stress landscape before the
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introduction of H. Since both microstructural residual stresses and
H diffusion kinetics are influenced by local variations in grain crystal-
lographic orientation, shape, anisotropy, composition, GB characteris-
tics, and other microstructural characteristics, the resulting dislocation
activity may vary significantly, e.g., from atomic-scale rearrangements
to micrometer-scale motions. We argue that, due to the same rea-
soning, different levels of dislocation activity can be seen in a single
sample or even in a single grain at different distances to a given bound-
ary (e.g., fig. S1). Dislocations in the pileup shown in Fig. 2A demon-
strates an example of this variation: The motion of dislocations at
the pileup core (g, f, e) are more restricted under higher pileup stress
[e.g., requiring higher resolved shear stress (41), and relocation
of pressing dislocations (a, b, ¢) to open up the space for their
movements, etc.], and thus their motion remains relatively limited
(detection of which is at the limits of ECCI) compared to the dislo-
cations further away from the boundary. This is despite the expec-
tation that the stress due to H segregation must be highest near the GB.

To further understand the dependency of H segregation-induced
stresses to these effects, new experimental methods that are capable
of mapping large fields of view with high spatial resolution are
required to correlate crystallographic defects, H, and residual stress
distributions in a statistically relevant manner. Similarly, new in-
vestigations are called for to investigate these phenomena away from
the surface. The observations presented in this work are from surface
grains, yet the same effect is expected to be present in the subsurface
grains, near GBs, and especially at triple junctions. Unfortunately,
direct imaging of the dislocation activity at these subsurface areas,
during H-charging or desorption, is experimentally challenging (if
at all possible). Nevertheless, as a first attempt, by using an in-house
designed and built H-charging setup, we carried out an in situ synchro-
tron diffraction experiment during H-charging, which revealed crystal-
lographic reorientations of the investigated bulk fcc grains (fig. S10).
While this does serve as an indirect supporting evidence for the in-
duced stress effects due to H-charging in the bulk of the sample, more
investigations are required to further improve our understanding of
these processes away from the sample surfaces.

In summary, we carefully designed an experimental procedure
to study the H-influence on dislocation mobility in polycrystalline
samples. Our in situ ECCI imaging analysis revealed that the desorp-
tion of H atoms from the investigated fcc alloys caused micrometer-
scale dislocation motion on the sample surface. Our hybrid MD/
GCMC simulations revealed that the driving force for dislocation
movement is provided by the high stress concentration arising from
H segregation at GBs. This insight regarding the dislocation move-
ments in the H-charged polycrystalline samples without external
loading will shed more light on the apparent enhanced plasticity in
hydrogen presence reported by multiple researchers. These results
also call for a broad range of follow-up investigations since GB-H
interactions can lead to a wide range of local stress distributions and,
in turn, critical macromechanical effects.

MATERIALS AND METHODS

H-charging of Fe-Mn-based alloy

The H-charging for the Fe-Mn-based alloy was performed at 10 A/m*
for 3 hours in a solution of 5% H,SO, with NH,SCN (3 g/liter).
In this study, two alloys Fe-20Mn-30Ni-6Co-2Cr (Fig. 2A) and
Fe-30Mn-30Ni-6Co-2Cr (Fig. 2D and fig. S1) (at %) were used for
the experiments, respectively.
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The ECCI technique was carried out at an acceleration voltage of
30 kV and a beam size of 4 nm. To determine the diffusible H content,
thermal desorption mass spectrometry (TDS) was conducted. The
H-charged specimen was first exposed to ambient temperature for
24 hours in the TDS chamber under vacuum to estimate the desorbed
H amount from the H-affected zone during the in situ ECCI exper-
iments. The H-affected zone volume was estimated by specimen
surface area (0.86 cm?) and the depth of the H-affected zone (~2 pm).
Note here that the H-affected depth is estimated through H diffu-
sion distance from the surface VDt , where D is the H diffusion co-
efficient of an austenitic steel at 294 K (2.74 x 107'® m%/s) and ¢ is
the H-charging time. The diffusible H estimated for the H-affected
zone volume was 0.45 at %. After ambient temperature aging, the spec-
imen was then heated up to 600 K at a heating rate of 400 K/hour.
The total diffusible H content for the total specimen includes the
diffusible H desorbed during the ambient temperature aging and
during TDS heating up to 473 K [where the first TDS peak ended
(see fig. S5)]. The diffusible H content for the total specimen was
estimated to be 14 at. ppm.

H-charging of duplex stainless steel

The H-charging for duplex stainless steel alloy was carried out at
10 A/m? for 2 hours in a solution of 3% NaCl with NH,SCN (3 g/liter)
for the desorption ECCI observation experiment. The specimen was
mechanically polished to a colloidal silica finish. Right after H-charging,
the specimen was briefly repolished with colloidal silica again before
being placed in the SEM chamber, where H desorption is continuous
due to vacuum. The ECCI was carried out at an acceleration voltage
of 20 kV and a working distance of 3.1 mm.

Synchrotron diffraction during H-charging of duplex
stainless steel

Duplex stainless steel sample was tested under transmission mode
of synchrotron diffraction at the 11-ID-C beamline of the Advanced
Photon Source of Argonne National Laboratory. The polycrystalline
sample was 0.575 mm thick, the beam size was 0.8 x 0.8 mm?,
and the beam energy was 105.7 keV (A =0.1174 A). In situ cathodic
H-charging was carried out using an electrolyte of 1 M H,SO, with
NH,4SCN (5 g/liter) recombination poisoner at a current density
of 5 A/m*.

Hybrid MD/GCMC simulations

A 3D polycrystalline Ni sample with dimensions of 15 nm by 15 nm
by 15 nm was prepared. The sample contained eight randomly ori-
ented grains with a mean grain size of d = 7.5 nm and approximately
300,000 atoms. While considering 2.5-nm vacuum at the Z direction,
periodic boundary conditions were imposed at the X and Y bound-
aries of the sample. The vacuum surface was chosen owing to the
similar boundary condition in the experimental sample (see Fig. 1A).
MD and GCMC simulations were performed using an in-house
library (42) and the Large-scale Atomic/Molecular Massively Parallel
Simulator (LAMMPS) code (43). The embedded atom method
potential was adapted for Ni (and, when needed, Ni-H) interatomic
interactions (44), and the Nose-Hoover thermostat was used to main-
tain the NPT ensemble at the ambient temperature T = 300 K. The
integration time steps for the system with and without H were con-
sidered as 0.5 and 1 fs, respectively. The sample was initially relaxed
at 300 K for 500 ps in an NPT ensemble. Dislocation network was
generated in the sample by applying a 10% tensile deformation along
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the X direction. The strain rate was 10’ s~'. Hybrid MD/GCMC
simulations on NVT and VT ensembles were conducted and H atoms
were therefore inserted in and extracted from the sample. H chemical
potential was —2.462 eV. Every 0.5 ps, 10,000 GCMC trials were carried
out, and the H concentration was raised to 0.45 at % after 6 ns. To
certify a similar result under different H introduction, several inser-
tion procedures were tested, and an identical H concentration was
obtained. Dislocation configuration in the H-charged sample was
compared to that in a prestrained sample, which was relaxed for
6 ns in an NVT ensemble.

To analyze the von Mises stress before and after H-charging, an
undeformed polycrystalline sample was relaxed at 300 K for 6 ns
and the temporal average of von Mises stress for the atoms in GBs
and grain interiors (bulk) was calculated over increasing time periods
from 500 ps to 6 ns to monitor the stability of the average stress
distribution. H atoms were then inserted in the relaxed sample
every 0.5 ps, as 10,000 GCMC trials were conducted. The chemical
potential was —2.447 eV to increase the H percentage to 0.45 at %
after 2 ns. The sample was then relaxed for 6 ns in an NVT ensemble,
and the temporal average of the von Mises stress in GBs and the
bulk over increasing time periods was compared to the H-free sample
(see Fig. 4C).

The evolution and distribution of dislocations were monitored
using the dislocation analysis modifier (DXA) of the OVITO pro-
gram (45). In the adopted atom coloring scheme, gray stands for
fcc atoms, light blue stands for hexagonal close-packed, and purple
stands for atoms in GBs. H atoms are colored red.

SUPPLEMENTARY MATERIALS

Supplementary material for this article is available at http://advances.sciencemag.org/cgi/
content/full/6/23/eaaz1187/DC1
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