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A B S T R A C T

A modelling approach is presented to identify the deformation mechanisms of 316L stainless steel produced
by laser powder bed fusion (LPBF). The approach incorporates the evolution of dislocations, forming a forest,
and of twins, which develop a back-stress. The overall plasticity behaviour is described in terms of dislocation
multiplication and annihilation progress with strain. The modelling is matched up with detailed electron
microscopy observations; the combination of both demonstrates the deformation behaviour of LPBF builds
is intrinsically different to that of wrought alloys. LPBFed samples undergo three stages of deformation, with
the first developing twins, which formation quickly saturates; the second sees a dramatic increase in dislocation
forest hardening, combined with dislocation recovery; and the third undergoes dynamic recrystallisation taking
place around heavily twinned sections. Opposite to wrought alloys, LPBFed specimens decrease their density
of statistically stored dislocations throughout deformation, and it is shown that this behaviour is replicated by
other LPBFed metals, including high-entropy alloys. The intrinsic behavioural differences in LPBF plasticity is
thought to be due to the presence of a residual stress; this promotes dislocation recovery from the onset of
deformation.
1. Introduction

Determining the strain hardening mechanisms of engineering alloys
produced by additive manufacturing (AM) is a topic of fundamental
importance in metallurgy. By producing effective barriers against dis-
location glide, twinning-induced plasticity (TWIP) and transformation-
induced plasticity (TRIP) are amongst the most important deformation
mechanisms to improve strain hardening in low stacking fault energy
(SFE) face-centred cubic (FCC) metals and alloys [1,2]. Recently, it
has been discovered that laser powder bed fusion (LPBF) AM can be
used to produce low SFE FCC builds with outstanding mechanical
properties such as yield strength, while maintaining a similar ductility
to their wrought counterparts [3]. Of the low SFE austenitic steels
(SSs), LPBFed 316L SS has frequently been studied due to its abil-
ity to be printed without severe defects such as cracks and porosity
(printability), and a significant increase in yield strength values in
the as-built state [4,5]. There have been several models to predict
yield strength of LPBFed 316L SS [4,6–8]. Chen et al. [9] used crys-
tal plasticity finite element method to simulate tension–compression
asymmetry of yield strength and strain hardening of an LPBFed 316L
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SS. They have found that residual stresses and associated back-stress
arised from the dislocation distributions influence the strain hardening
behaviour. However, a unified strain hardening model that can describe
the distinctive deformation mechanisms of LPBFed 316L SS is lacking.

New experimental investigations have revealed that room temper-
ature deformation mechanisms of LPBFed 316L SS include disloca-
tion slip, TWIP, and dynamic recrystallisation (DRX) [10–12], whereas
wrought 316L SS is strengthened by dislocation slip, TWIP and TRIP
effects, without any report of DRX [13,14]. This difference in strain
hardening mechanisms stems from the austenite stability, which is
controlled by dislocation density, and is thought to be related to the SFE
of the material [14]. It is generally accepted that FCC metals and alloys
with a SFE lower than 18 mJ/m2, and higher than 22 mJ/m2 exhibit
TRIP and TWIP effects, respectively [15,16]. In a previous study, it
has been shown that the SFE of LPBFed 316L SS with various process
parameters is about 14 ± 5 mJ/m2 [11], which makes this alloy prone
to strain-induced martensitic transformation during room temperature
deformation. However, reports show that, in contrast with its wrought
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counterparts, LPBF processing can suppress TRIP effect in 316L SS due
to increased austenite stability as a result of thermal cycling [17].

The origin of high ductility in LPBFed 316L SS has been discussed in
previous reports. There is enough evidence that deformation twinning
and dislocation slip are activated during deformation [18–22]. It has
also been reported that TWIP is the main reason for the high ductility
of such material. Some studies revealed that the interactions between
twins and the cellular structures formed during LPBF due to rapid so-
lidification control strain hardening [23]. Wang et al. [8] indicated that
solute segregation along the cell walls and low-angle grain boundaries
(LAGBs) can enhance dislocation pinning and promote the formation
of twins during straining. The presence of deformation-induced DRX
grains is also reported in a handful of previous studies [10,11]. Lattice
rotation and a gradual increase in the misorientation of LAGBs and
their transformation into HAGBs, as well as a deformation twinning-
induced DRX mechanism are suggested for the formation of DRX grains
during tensile testing at room temperature in LPBFed 316L SS [10,11].
However, the role of DRX in the improvement or deterioration of
strain hardening has not been explored yet. To the best of the authors’
knowledge, no strain hardening model incorporating DRX has been
reported for LPBFed 316L SS.

Depending on the dislocation types, various strain hardening mech-
anisms can be activated during straining. Dislocation arrays can be
categorised into statistically stored dislocations (SSDs), and geomet-
rically necessary dislocations (GNDs) [24]. SSDs are the result of the
random trapping of dislocations in the bulk; their accumulation usually
leads to forest hardening [25]. GNDs are formed due to geometrical
constraints of the crystal lattice such as grain/subgrain boundaries,
dislocation cell walls, and twin boundaries; their pile up leads to the
development of a back-stress [25]. Although their investigation results
in a deeper understanding of their deformation mechanisms, such stud-
ies have not been done yet for LPBFed alloys. The characterisation of
SSDs is difficult, because they have a net zero Burgers vector, but GNDs
can be characterised and quantified by electron backscatter diffraction
(EBSD) with a resolution in the range of 0.1◦–0.2◦ and step sizes of 0.5–
1 μm [26]. Since reaching a resolution of 0.1◦–0.2◦ is hardly attainable,
the cross-correlation EBSD method is suggested by Jiang et al. [27] for
a more precise estimation of the GND density.

The objective of this work is to introduce a unified modelling ap-
proach to describe quantitatively the strain hardening mechanisms and
microstructural evolution in LPBFed 316L SS. This model incorporates
dislocation hardening, the dynamic Hall–Petch effect (introducing twin
obstacles), and DRX. The storage of GNDs and SSDs, their evolution,
and their role in strain hardening is investigated.

2. Experimental procedure

316L SS flat tensile testing samples were built in an argon envi-
ronment (to avoid oxidation) by LPBF using a Renishaw plc AM125
machine, with the tensile axis at a 5◦ angle from the build direction
to ensure the optimised application of the support structures, in order
to minimise distortion after removing the parts from the supports; the
detailed processing parameters and sample geometry were described in
a previous study [28]. Gas atomised 316L SS powder with a particle size
distribution of 15–45 μm and a mean value of around 30 μm was used
s feedstock (Fig. 1a). The particles were spherical, with only a few
atellites. Table 1 shows the chemical composition of the as-received
owder. As shown in Fig. 1b, the samples for EBSD and transmission
lectron microscopy (TEM) characterisation prior to deformation were
btained from the grip of the as-printed tensile testing specimen (the
rea that had not been strained during tensile testing, blue rectangle).
BSD and TEM samples after failure were extracted from an area quite
lose to the fracture surface, as schematically shown in Fig. 1b (red
ectangle).

Tensile testing was performed at room temperature at an initial
train rate of 10−4 s−1 using an Instron 3382 universal testing machine.
2

Table 1
Chemical composition of the powder in wt.%.

Fe Cr Ni Mo Mn Si P S N C Cu

Bal. 17.75 12.75 2.38 2 0.75 0.025 0.01 0.1 0.03 0.5

The reported strength and ductility values were the average of 3 tests.
Scanning electron microscopy (SEM) observations were conducted in
a Tescan Mira 3 LMHP field emission SEM to characterise the powder
morphology. EBSD was employed to examine grain orientation, average
local misorientation, grain boundary structure, and recrystallisation
occurrence in a Tescan Mira 3 LMHP field emission SEM equipped
with OXFORD instruments symmetry EBSD detector at a scanning step
size of 0.8 μm and 0.5 μm prior to and after deformation, respectively.
HKL Channel 5 data post-processing software was used to produce the
related EBSD maps. A binning size of 8 × 8 was used to capture the
maps, and 156 × 128 pixel patterns were collected. Noise reduction
was conducted in the Channel 5 software at level 4. The grains were
identified as high-angle grain boundaries (HAGBs) and the subgrains
as LAGBs; their sizes were measured by the line intercept method
using EBSD grain boundary maps. The grain boundaries were classified
according to their misorientation angle into LAGBs (2◦ ≤ 𝜃 < 15◦) and
HAGBs (𝜃 ≥ 15◦). Kernel average misorientation (KAM) is defined as the
average value of eight neighbouring misorientations between a kernel
scanned point and its eight closest neighbouring scanned points. When
calculating KAM, any nearby misorientation angles greater than 5◦ are
disregarded.

TEM was used for further characterisation of nanometre scale fea-
tures such as dislocations, dislocation cells, and deformation twins.
Three-mm diameter disks were machined out of the samples, ground
to 50 μm thickness, and thinned using Gatan 691 Ion Beam Thinner for
TEM using TECNAI G20 at 200 kV.

3. Results

3.1. Mechanical properties

Fig. 2a shows the true stress–strain curve and the corresponding
strain hardening rate of the LPBFed 316L SS. Table 2 lists the average
values of the mechanical properties of LPBFed 316L SS. The strain
hardening rate showed a constant reduction. To better understand the
deformation mechanisms, the instant strain hardening exponent (𝑛) was
plotted as a function of true strain to analyse the strain hardening
capability of the alloy (Fig. 2b). 𝑛 is given by [29]:

𝑛 = 𝑑(ln 𝜎)∕𝑑(ln 𝜖), (1)

where 𝜎 is the true stress and 𝜖 is the true strain. Most metals and alloys
have 𝑛 values ranging between 0.1 to 0.5. In this study, the LPBFed
316L SS exhibits 𝑛 values between 0.05 and 0.3. This 𝑛 range is broader
than that reported by Voisin et al. [30], 0.05–0.2 for the as-built LPBFed
316L SS. The 𝑛 values of the present steel are similar to those reported
for the LPBFed 316L SS after annealing at 1000 ◦C for 1 h in the same
publication [30]. This shows that the strain hardening capability of the
present steel is higher than the steel produced in [30], and it is closer to
a LPBFed and recrystallised alloy. The alloy behaviour can be divided
into three stages (Fig. 2b):

• Stage A: 𝑛 decreases from infinity to ∼0.05 at 𝜖 = 0.04, then it
rapidly increases to 0.15 with a sharp transition around 𝜖 = 0.1.

• Stage B: 𝑛 increases moderately to 0.2 up to 𝜖 = 0.22.
• Stage C: A maximum rate of 𝑛 growth peaking at 𝜖 = 0.27,

followed by 𝑛 decline.

After 𝜖 = 0.27, the deformation is non-uniform, and as a result of
this, strain hardening mechanisms are not described for strains higher

than 0.27 in this work. Abrupt changes in 𝑛 values such as those
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Fig. 1. (a) SEM images of the particle size distribution of as-received 316L powder. (b) Dimensions of the tensile testing specimen. Build direction (BD) is indicated. Characterisation
samples are shown schematically in blue and red rectangles representing the as-built state and fractured state, respectively. (For interpretation of the references to colour in this
figure legend, the reader is referred to the web version of this article.)
Fig. 2. (a) Tensile true stress–strain curve of the LPBFed 316L SS and the corresponding strain hardening curve. (b) Instant strain hardening exponent as a function of true strain,
indicating the strain hardening capability of the LPBFed 316L SS.
Table 2
Mechanical properties values of LPBFed 316L SS.

True yield strength (MPa) True ultimate tensile strength (MPa) Fracture strain

600 ± 5 952 ± 7 0.32 ± 0.01

observed at 𝜖 = 0.1, 0.22, and 0.27 can be related to transitions of
deformation mechanisms [30], and marked as 1, 2, and 3, respectively.
Such transitions are highlighted in Fig. 2b by dashed lines.

3.2. Microstructure

Previous investigations of LPBFed 316L SS implementing several
characterisation techniques including EBSD and TEM have revealed
the most important aspects of the microstructure of this steel under
deformation: grains/subgrains, mechanical twins, dislocation cells, and
DRX [3,11,31]. Fig. 3 presents various microstructural features that
can be identified by EBSD after fracture of the present LPBFed 316L
SS. Fig. 3a shows a representative image quality (IQ) map of the
fractured sample area (Fig. 1b, red) featured with deformation bands
that can be seen in most grains. Fig. 3b shows the corresponding post-
fracture inverse pole figure (IPF) map. HAGBs are indicated in black.
The majority of the grains have orientations close to ⟨101⟩ and ⟨111⟩
parallel to the build direction, as indicated by the green- and blue-
coloured grains in Fig. 3b. The variation of the texture in the present
study was consistent with earlier reports on LPBFed 316L SS [32–
34]. Deformation bands with two variants close to ⟨101⟩ and ⟨100⟩
3

directions can be recognised. Fig. 3c shows the twin boundary map
of the fractured sample depicting that the characterised deformation
bands in Fig. 3a and b are mechanical twins. As expected, the fractured
material was characterised by large deformation twins. Deformation
twins are mostly formed in grains with ⟨101⟩ and ⟨111⟩ directions,
which is consistent with previous reports [3,34]. The volume fraction of
twins based on several EBSD maps is estimated to be 0.28. Deformation
twinning plays an important role in the ductility of materials with low
SFE, as twin boundaries act as effective dislocation barriers during
deformation. The twin-mediated reduction of dislocation mean free-
path has been referred to as dynamic Hall–Petch effect, which promotes
the strain hardenability and delays the onset of necking [35]. The
distribution of LAGBs and HAGBs in the fractured state is shown in
Fig. 3d, where statistical results show that 60% of the boundaries are
high-angle. The distribution of LAGBs and HAGBs of the present steel
in the as-built state was reported in a previous publication [6], and
represented in the supplementary file (Fig. S1). An increased fraction
of HAGBs after fracture from 30% in the LPBF as-built condition to
60% occurred, despite the fact that subgrains (grains with boundaries
coloured in yellow) are refined significantly after fracture compared to
the as-built state. In addition to a substantial refinement in subgrain
size (comparing Fig. 3d and Fig. S1), the transformation of LAGBs to
HAGBs can be recognised. Subgrain size refinement can be related to an
increase in both dislocation density and dislocation slip due to plastic
deformation. It can be claimed that an increase in the misorientation
of LAGBs towards becoming HAGBs is related to the formation of
deformation twins.
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Fig. 3. (a) EBSD IQ map indicating the fractured microstructure containing several deformation bands. (b) EBSD IPF map showing grains orientation according to the plane parallel
to the build direction. (c) EBSD twin boundary map showing the distribution of twins in red. (d) EBSD grain boundary map showing HAGBs and LAGBs in black and yellow,
respectively. TA denotes tensile axis, which is parallel to the build direction. (For interpretation of the references to colour in this figure legend, the reader is referred to the web
version of this article.)
The kernel average misorientation (KAM) maps (Fig. 4a and b)
depict local changes in lattice orientations caused by lattice rotation or
distortion. Such rotations/distortions stem from dislocations produced
during tensile testing interacting with LPBF thermal and residual strains
(Fig. 4a and b). As a result, the local variations in the KAM map can
serve as a qualitative representation of both residual stress/strain and
GND density. It should be noted that total dislocation density involves
GNDs as well as SSDs. The as-built state showed little local misorienta-
tion, as evidenced by the dominance of the blue colour (Fig. 4a). Prior
to deformation, a heterogeneous GND accumulation, with KAM values
of about 2◦ in the LAGBs is observed (comparing Fig. 4a with Fig.
S1), with limited misorientation within the grains/subgrains. Riabov
et al. [31] demonstrated that strain accumulation occurs around cell
boundaries in as-built and deformed LPBFed 316L SS samples. They
used a finer EBSD scanning step size than the one used in this study
to demonstrate the ability of dislocation cells to pin dislocations. Con-
sidering dislocation cell formation as a subprocess for the evolution of
LAGBs [6], and that LAGBs can pin the dislocations [6], the current
results confirm the importance of cell boundaries and LAGBs in LPBFed
316L SS plasticity.

In contrast with the as-built state, the fracture-surrounding areas
had a very high local misorientation, due to straining, as well as areas
that are strain-free, as denoted by blue colour (Fig. 4b). However, KAM
maps cannot account for the elastic stresses in the material, and very
high KAM values could also be related to very high elastic stress/strain
accommodated in such regions [36]. Similar to what had been done
in a previous study of the authors [11], to confirm the presence of
partially/fully recrystallised areas, a recrystallisation map of the same
area has been generated and shown in Fig. 4c. It can be seen that the ar-
eas characterised as strain-free (blue in Fig. 4b) correspond with those
recrystallised (blue in Fig. 4c) or partially recrystallised/recovered
(yellow in Fig. 4c). It should be noted that recrystallised, partially
recrystallised/recovered, and deformed (red in Fig. 4c) regions are
determined by EBSD post processing HKL Channel 5 software based
on the internal average misorientation angle inside each grain. If the
average misorientation angle within a grain exceeds a 2◦ threshold, the
grain is defined as deformed. Grains with an average misorientation
under 2◦, but misorientation across subgrains above 2◦, are partially
4

recrystallised/recovered. The remaining grains i.e. those with average
and local misorientations under 2◦ are categorised as recrystallised,
in agreement with well-established literature [34,37–41]. DRX regions
can be observed at the intersections of deformation twins by comparing
Figs. 4c and 3c. For a better comparison, the highly populated twinned
and recrystallised areas are highlighted with dashed rectangles in the
supplementary file, Fig. S2. The occurrence of DRX during room tem-
perature deformation of LPBFed 316L SS is consistent with the results
of previous studies [10,12]. A thermostatistical model to estimate the
critical strain for the activation of twinning-induced DRX is presented
in [11]. Strain-free regions can also be observed in the TEM micrograph
shown in Fig. 5. It must be noted that as the grain size (size of the
grain with HAGBs) is measured as 35 ± 9 μm [6]; and the detecting of
a whole recrystallised grain with TEM is quite challenging. Therefore,
only EBSD has been used to characterise recrystallised/recovered grains
in this study.

Fig. 6 presents TEM images showing grains exhibiting dislocation
cells prior to and after deformation. In the as-built structure, dislocation
cellular structures that are commonly observed in LPBFed alloys are
present in Fig. 6a with an average size of 400 nm. Cell walls are
observed to be decorated with a higher density of dislocations com-
pared to their interiors. After deformation, three scenarios are observed
for cellular structure evolution: (i) some cells are refined through the
pile up of dislocations into their walls (Fig. 6b). (ii) some cells are
cut by LAGBs (Fig. 6c) and (iii) deformation twins (Fig. 6d). It can
be concluded that most of the existing cellular structures from the
LPBF as-built state do not constitute strong barriers to dislocation
motion, compared to LAGBs and deformation twins. However, their
interactions with grains/subgrains and twin boundaries may influence
the dislocation mean free path, and subsequently the strain hardening
capability of the build.

Therefore, our approach to model strain hardening considers a com-
bination of dislocation slip, deformation twinning, and DRX. Moreover,
an analysis regarding the type of dislocations that evolve during defor-
mation sheds light into the mechanisms governing strain hardening in
LPBFed 316L SS.



Materials Science & Engineering A 855 (2022) 143882H. Eskandari Sabzi et al.
Fig. 4. (a) Representative EBSD KAM map of the as-built steel. (b) Representative EBSD KAM map of the fractured steel. (c) Representative EBSD recrystallised map, showing
recrystallised, partially recrystallised/recovered, and deformed regions in blue, yellow, and red, respectively [11]. (For interpretation of the references to colour in this figure
legend, the reader is referred to the web version of this article.)
Fig. 5. (a) Representative bright field TEM micrograph showing strain-free regions
(white regions) in the fractured LPBFed 316L SS.

4. Modelling

4.1. Flow stress modelling

The evolution of dislocation density where deformation twinning is
present can be described using a rule of mixtures incorporating both
contributions [42]:

𝑑𝜖 = (1 − 𝑓𝑡𝑤)𝑑𝜖𝑑𝑖𝑠 + 𝜖𝑡𝑤𝑑𝑓𝑡𝑤, (2)

where 𝑓𝑡𝑤 is the volume fraction of twins, 𝑑𝜖𝑑𝑖𝑠 is the increase in strain
as a result of dislocation slip (on the untwinned area), 𝜖𝑡𝑤 is the strain
induced by the formation of twins, and 𝑑𝑓𝑡𝑤 is the increase in twin
volume fraction. From Eq. (2), the variation of dislocation slip with
strain 𝑑𝜖𝑑𝑖𝑠

𝑑𝜖 can be described as:

𝑑𝜖𝑑𝑖𝑠
𝑑𝜖

= 1
1 − 𝑓𝑡𝑤

(

1 − 𝜖𝑡𝑤
𝑑𝑓𝑡𝑤
𝑑𝜖

)

. (3)

It is well-established that the most active twinning system in FCC
metals is {111}⟨112⟩ [43]. The shear strain for twinning on this system
5

is 𝛾𝑡𝑤 =
√

2
2 . Shear strain is related to the normal strain through the

Taylor factor (𝑀): 𝜖 = 𝛾∕𝑀 . Therefore, Eq. (3) can be rewritten as:

𝑑𝜖𝑑𝑖𝑠
𝑑𝜖

= 1
1 − 𝑓𝑡𝑤

(

1 −

√

2
2𝑀

𝑑𝑓𝑡𝑤
𝑑𝜖

)

. (4)

Dislocation density 𝜌 evolution as a function of true strain can be
expressed as:

𝑑𝜌
𝑑𝜖

=
𝑑𝜌
𝑑𝜖𝑑𝑖𝑠

𝑑𝜖𝑑𝑖𝑠
𝑑𝜖

=
𝑑𝜌
𝑑𝜖𝑑𝑖𝑠

1
1 − 𝑓𝑡𝑤

(

1 −

√

2
2𝑀

𝑑𝑓𝑡𝑤
𝑑𝜖

)

. (5)

According to Kocks–Mecking theory for strain hardening, 𝑑𝜌∕𝑑𝜖𝑑𝑖𝑠 is
a result of the competition between dislocation storage and annihilation
due to dynamic recovery and/or recrystallisation [44]. Dislocation
storage strongly depends on the dislocation mean free path 𝛬, which is
limited by the dislocation forest, grain boundaries, and twin bound-
aries. Previous studies on the strengthening mechanisms in LPBFed
alloys show that subgrain boundaries prevail as barriers to dislocation
motion compared to conventional grain boundaries [6,30]. Thus, in
this approach, subgrain size 𝐷𝑠 is chosen as the dislocation impedance
feature. 𝛬 can be expressed as:
1
𝛬

= 𝑘1
√

𝜌 + 1
𝐷𝑠

+ 1
𝐿
, (6)

where 𝑘1 =
1
30 (

𝜇
𝜇0
)2 is the dislocation storage coefficient, 𝜇 is the shear

modulus, 𝜇0 is the shear modulus at 0 K, and 1
𝐿 represents the inverse

intertwin spacing, the average reduction in dislocation mean free path
caused by twin formation and growth [42]:

1
𝐿

= 1
2𝑒

𝑓𝑡𝑤
1 − 𝑓𝑡𝑤

, (7)

where 𝑒 is the average twin thickness. The dislocation storage rate
𝑑𝜌+∕𝑑𝜖𝑑𝑖𝑠 = 𝑀∕𝑏𝛬, where 𝑏 is the magnitude of the Burgers vector.
Therefore the evolution of dislocation density as a result of dislocation
slip is expressed as:
𝑑𝜌
𝑑𝜖𝑑𝑖𝑠

=
𝑑𝜌+

𝑑𝜖𝑑𝑖𝑠
−

𝑑𝜌−

𝑑𝜖𝑑𝑖𝑠
= 𝑀

(

𝑘1
𝑏
√

𝜌 + 1
𝑏𝐷𝑠

+ 1
2𝑒𝑏

𝑓𝑡𝑤
1 − 𝑓𝑡𝑤

− (𝑓𝐷𝑅𝑉 + 𝑓𝐷𝑅𝑋 )𝜌
)

, (8)

where 𝑓𝐷𝑅𝑉 and 𝑓𝐷𝑅𝑋 are the dynamic recovery (DRV) and dynamic
recrystallisation coefficients, respectively. The term (𝑓𝐷𝑅𝑉 + 𝑓𝐷𝑅𝑋 )𝜌
accounts for the overall dislocation annihilation 𝑑𝜌−∕𝑑𝜖𝑑𝑖𝑠. DRX is the
subsequent annihilation process that decreases the dislocation density
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Fig. 6. Representative bright field TEM images showing (a) the presence of dislocation cells prior to deformation, (b) a dislocation cell after fracture, (c) the dislocation cells that
can be cut by LAGBs during deformation, and (d) the growth of deformation twins through the dislocation cells during deformation.
since dislocation-free grains nucleate and grow from highly dislocated
subgrains and/or deformation twins [45]. In order to solve Eq. (8), the
volume fraction of twins and their evolution as a function of strain
should be estimated. According to Bouaziz et al. [46] the twin fraction
is related to the strain via:

𝑓𝑡𝑤 = 𝐹0

(

1 − exp[−𝛽0(𝜖 − 𝜖𝑡𝑤)]
)𝑚

, (9)

where 𝐹0 is the maximum twin fraction, 𝛽0 is the twinning kinetic
parameter, 𝜖𝑡𝑤 is the critical strain for the onset of twinning, and 𝑚 is a
constant. By differentiating Eq. (9) with respect to strain, the evolution
of twin fraction with strain is expressed as:

𝑑𝑓𝑡𝑤
𝑑𝜖

= 𝐹0𝛽0𝑚 exp
(

−𝛽0(𝜖 − 𝜖𝑡𝑤)
)[

1 − exp
(

−𝛽0(𝜖 − 𝜖𝑡𝑤)
)](𝑚−1)

. (10)

In addition to the contribution of dislocations to strain hardening,
twins, cells, and grain boundaries also affect strain hardening, as their
interactions with the matrix causes an overall back-stress, which value
can be estimated via [47]:

𝜎𝑇 = 𝑀𝜇𝑏𝛽
(

1
𝐿

+ 1
𝐷𝑠

+ 1
𝑑𝑐

)

, (11)

where 𝑑𝑐 is the dislocation cell size and 𝛽 is a geometric constant. The
term (1∕𝐿 + 1∕𝐷𝑠 + 1∕𝑑𝑐 ) accounts for dislocation pile-ups at twins,
subgrain boundaries, and cell walls, respectively.

Therefore, the flow stress 𝜎𝑓𝑙𝑜𝑤 of the LPBFed 316L SS can be
described as:

𝜎𝑓𝑙𝑜𝑤 = 𝜎𝑌 + 𝜎𝐷 + 𝜎𝑇 = 𝜎𝑌 + 𝛼𝑀𝜇𝑏
√

𝜌 +𝑀𝜇𝑏𝛽
(

1
𝐿

+ 1
𝐷𝑠

+ 1
𝑑𝑐

)

, (12)

where 𝜎𝑌 is the yield strength, 𝜎𝐷 is the dislocation forest harden-
ing (Taylor’s relationship [44]), and 𝜎𝑇 is the back-stress hardening
caused by deformation twin interactions with interfaces. It should be
noted that the dislocation forest hardening contributes to the yield
strength. After the beginning of the plastic deformation, the newly
generated dislocations multiply and will be added to the dislocations
stored in the material prior to plastic deformation, increasing the
6

flow stress. The modelling approach presented here is the first to si-
multaneously combine dislocation generation, recovery, twinning, and
recrystallisation.

4.2. Dislocation type

Two methods are used to estimate the GND density of the present
steel. Prior to deformation, EBSD KAM map is used to measure GND
density [36]:

𝜌𝐺𝑁𝐷 = 𝛼𝜃
𝑏𝑥

, (13)

where 𝛼 = 2 is a constant, 𝜃 is the KAM angle in radians, and 𝑥 is the
EBSD step size. In order to model the evolution of 𝜌𝐺𝑁𝐷 with strain,
the Ashby’s model has been used [25]:

𝜌𝐺𝑁𝐷 = 𝜖
4𝑏

(

1
𝐷𝑠

+ 1
2𝑒

𝑓𝑡𝑤
1 − 𝑓𝑡𝑤

+ 1
𝑑𝑐

)

. (14)

The term in brackets considers the same dislocation mean free
path that has been used to describe the contribution of twinning in
strain hardening, as the importance of the subgrain boundaries and
dislocation cell walls in trapping dislocations are well-established in
previous studies. Since the total dislocation density (𝜌) can be estimated
from the Taylor’s relationship [44] (𝜎𝐷 term, which is the second
strengthening term in Eq. (12)), the SSD density can be approximated
by:

𝜌𝑆𝑆𝐷 = 𝜌 − 𝜌𝐺𝑁𝐷. (15)

5. Analysis

5.1. Twinning and development of back-stress

The critical resolved normal stress (𝜎𝑐𝑟𝑖𝑡𝑇 ) for twin nucleation during
deformation can be calculated as [48]:

𝜎𝑐𝑟𝑖𝑡𝑇 = 6 × 𝑆𝐹𝐸 , (16)

𝑏𝑝
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Table 3
Numerical values of the physical parameters and constants used in various formulations
in this work.

Parameter Value Source

𝐹0 0.28 EBSD analysis
𝑚 2 [49]
𝑒 (nm) 150 TEM and EBSD analysis
𝜇 (Pa) (88 884.6-37.3𝑇 ) × 106 [52]
𝑀 3.06 [44]
𝑏 (nm) 0.25 [44]
𝛽 0.24 [47]
𝛽0 20 Fitted to experiment
𝑉 (m3/mol) 39 × 10−23 Present work
𝐸 (Pa) 210 × 109 [53]
𝜖𝑝 0.14 [28]
𝜈 0.3 [54]
𝑐 (m/s) 5280 [55]
𝐷𝑠 (μm) 10 [6]
𝑑𝑐 (nm) 400 TEM analysis
𝑁𝐴 (atoms) 6.02 × 1023 –
𝜌𝑎 (kg/m3) 8000 [56]
𝑤𝑎 (g/mol) 55.84 Present work
𝑓𝐷𝑅𝑉 +𝑓𝐷𝑅𝑋 Various Fitted to experiment

where 𝑆𝐹𝐸 = 14 mJ/m2 is the SFE of the present steel [11] (measured
from TEM observations), and 𝑏𝑝 = 0.14 nm [48] is the magnitude of
the Burgers vector of the twin source. Therefore, 𝜎𝑐𝑟𝑖𝑡𝑇 = 600 MPa. This
shows that TWIP effect begins at the onset of plastic deformation in
the LPBFed 316L SS (Table 2). Using Eq. (9), Fig. 7a shows the evolu-
tion of twin volume fraction during tensile deformation. Quantitative
measurements from EBSD showed that the twin volume fraction after
fracture is 0.28 (Fig. 3c); this value has been considered as 𝐹0. The
physical parameters used for solving the mathematical formulations in
this work are listed in Table 3. All the parameters that are presented in
Table 3 are calculated from EBSD and TEM analysis implemented in this
work, or have been taken from similar previous works in the literature,
except from 𝛽0, which is fitted to experimental results in this work.
Knowing the final value of the 𝑓𝑡𝑤 from EBSD analysis, 𝛽0 = 20 is fitted
to experimental results. This value is significantly larger than that of
reported for wrought 304L SS [49] and Fe-22Mn-0.6C TWIP steel [50]
(1.35 and 3, respectively); however, it is similar to wrought Fe-18Mn-
0.6C TWIP steel with and without the addition of Al (𝛽0 = 14–26) and

very fine average grain size (4 μm) [51]. The average twin thickness
is taken as 150 nm. Both micro-twins in Fig. 3c and nano-twins, for
hich representative TEM images are shown in Fig. 8, are considered

o estimate 𝑒. The twin volume fraction increased from the onset of
lastic deformation from 0 to ∼28%, whereas the intertwin spacing
𝐿) decreased gradually during deformation (Fig. 7b) from 2.1 μm to
70 nm. Thus, the contribution of deformation twins during defor-
ation is plotted in Fig. 7c. It follows that the direct contribution of
eformation twins into flow stress is not very significant. 𝜎𝑇 approaches
plateau at a strain of 0.1, which is detected as the end of Stage A
ith a sharp increase of the instant strain hardening exponent (strain
ardening capability) (Fig. 2b).

.2. Overall dislocation density progress

The evolution of total dislocation density during tensile deformation
s modelled and plotted in Fig. 9a, where it raised from an initial value
f 7.8 × 1014 m−2 to 1.1 × 1015 m−2 at the ultimate tensile stress.
he evolution of restoration mechanisms (DRV and DRX) coefficient,
hich is the representative of the softening ability of the alloy during
eformation, is fitted to experimental results and shown in Fig. 9b.
n addition to 𝛽0, the only parameter fitted in this work is 𝑓𝐷𝑅𝑉 +
𝐷𝑅𝑋 , which is significantly increased from an initial value of 0 at
he beginning of deformation to 9 at a strain of 0.15, then it gradually
ecreased to a value of 7.7 at a strain of 0.31, and finally it increased
7

bruptly to 14 until a strain of 0.33. Based on a previous study by the
Table 4
Evolution of the number of impingement dislocations with 𝑓𝐷𝑅𝑉 .
𝑁𝑑 𝑓𝐷𝑅𝑉 Point in Fig. 9b

1 1 A1
4 2.9 A2
7 4.8 A3
10 7.3 A4
13 9.2 A5

authors, the critical strain to activate DRX at room temperature for the
present steel is 0.23 [11]. This indicates that the annihilation processes
are mainly controlled by dynamic recovery at the two first stages of
strain hardening, and by DRX thereon.

To validate the fitted values for 𝑓𝐷𝑅𝑉 +𝑓𝐷𝑅𝑋 , the 𝑓𝐷𝑅𝑉 evolution
is computed using the thermostatistical theory of plastic deforma-
tion [57]. In order to apply this approach to AM some modifications
are made. According to Galindo-Nava et al. [58], the annihilation
energy barrier 𝐺 for a system consists of a term for the formation
of dislocations 𝑈𝑓𝑜𝑟𝑚, a term for dislocation migration 𝑈𝑚𝑖𝑔 , which
initiates dislocation glide towards annihilation, and a term for entropy,
which is related to the degree of dislocation disorder as a function of
temperature. Due to the very high residual stress that is already stored
in LPBFed alloys, a stored strain energy term 𝑈𝑑 must also be added
o reduce the energy barrier for annihilation during deformation. This
erm can be estimated as [59]:

𝑑 = 1
2
𝑉 𝐸𝜖2𝑝 , (17)

here 𝑉 is the volume of a mole of the system (FCC structure), 𝐸 is
he elastic modulus, and 𝜖2𝑝 is the residual strain (plastic strain) stored
n the alloy after LPBF.

The annihilation energy barrier 𝐺 in LPBFed alloys can be expressed
s:

= 𝑈𝑓𝑜𝑟𝑚 + 𝑈𝑚𝑖𝑔 − 𝑇𝑆 − 𝑈𝑑 = 1
2
𝜇𝑏2𝑙 + 𝜎𝑌𝐴𝑎𝑐𝑡𝑏

2𝑙 − 𝑇𝑆 − 1
2
𝑉 𝐸𝜖2𝑝 , (18)

where 𝑙 is the length of a dislocation segment that undergoes annihila-
tion in a given volume under an applied stress, 𝐴𝑎𝑐𝑡 =

𝜇0𝑙∗(2+𝜈)
12𝜋(1−𝜈)𝑆𝐹𝐸 [45]

is the activation area for annihilation, 𝑙∗ = 12.5𝑏 is the dislocation’s
distortion field length, 𝜈 is the Poisson’s ratio, and 𝑆 = 𝑘𝐵 ln( ̇𝜖0

𝜖̇ )
𝑁 is

the dislocation entropy. ̇𝜖0 = 𝑏𝜌𝑐 is a maximum strain rate, where 𝑐
is the speed of sound in the alloy, 𝜖̇ is the deformation strain rate,
and 𝑁 is the dislocation’s impingement effect, which accounts for the
increase in microstates when the dislocations’ strain fields overlap.
𝑁 = 1 + 1

3 (𝑁𝑑 − 1), where 𝑁𝑑 is the number of dislocations impinging
ith the reference dislocation. When 𝑁𝑑 < 1, 𝑁 is considered to be 1.
ollowing the mathematical expressions that were published in [58],
𝐷𝑅𝑉 for an LPBFed FCC alloy takes the following form:

𝐷𝑅𝑉 =
𝑁𝐴𝜌𝑎𝑏2𝑙∗

𝑤𝑎

𝑘𝐵𝑇 ln( ̇𝜖0
𝜖̇ )

𝑁

1
2𝜇𝑏

3 + 𝜎𝑌𝐴𝑎𝑐𝑡𝑏3 − 𝑘𝐵𝑇 ln( ̇𝜖0
𝜖̇ )

𝑁 − 1
2𝑉 𝐸𝜖2𝑝

, (19)

here 𝑁𝐴 is the Avogadro’s number, 𝜌𝑎 is the density of the bulk alloy,
nd 𝑤𝑎 is the material’s atomic weight. In the absence of impingement
𝑁 = 1), 𝑓𝐷𝑅𝑉 = 1, which describes the experimental values at the be-

ginning of plastic deformation (Fig. 9b). 𝑓𝐷𝑅𝑉 raises with an increase in
strain due to dislocation impingement. When the number of impinging
dislocations (𝑁𝑑) increases from 1 to 4, 7, 10, and 13, 𝑓𝐷𝑅𝑉 values
of 1, 2.9, 4.8, 7.3, and 9.2 are obtained, respectively (Table 4). This
shows that, in contrast with their wrought counterparts, FCC LPBFed
alloys have a pronounced tendency for dislocation annihilation due
to higher impingement probability; this stems from a lower distance
between dislocations in their as-built structures due to the presence of
a residual stress.

The rate of dislocation multiplication/annihilation as a function of
strain (using Eq. (8)) is also plotted in Fig. 9c. It shows an increasing

rate from the onset of plastic deformation until a strain of about 0.2,
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Fig. 7. (a) Evolution of twin volume fraction 𝑓𝑡𝑤 with strain. (b) Reduction in intertwin spacing 𝐿 during straining due to formation of more twin obstacles. (c) Contribution of
deformation twins in flow stress 𝜎𝑇 during deformation. Strain hardening capability stages are distinguished with red dashed lines.
Fig. 8. Representative bright field TEM images showing twin thickness.
where it begins to become stabilised towards the end of deformation.
Finally, the contribution of dislocations (𝜎𝐷) to the flow stress is shown
in Fig. 9d, which increases almost linearly towards the ultimate tensile
stress.

5.3. Forest vs. twin hardening

To better compare the contribution of dislocation and twin harden-
ing to the flow stress, the difference between the instantaneous flow
stress and the yield stress at different strains is plotted in Fig. 10a. At
the onset of deformation, twinning dominates the strain hardening until
a strain of 0.06. Afterwards, dislocation hardening dominates the total
strain hardening mechanisms until fracture. The true stress–true strain
curve of the LPBFed 316L SS is plotted again in Fig. 10b to show the
contribution of various mechanisms into flow stress. The initial yield
stress is 600 MPa, which is considered as a summation of the friction
stress and the pre-existing dislocation forest.
8

5.4. Statistically stored vs. geometrically necessary dislocations

Fig. 11 shows the evolution of total dislocation density, as well as
the density of GNDs and SSDs. The average GND and SSD densities are
estimated from equations 14 and 15, respectively. Fig. 11 indicates that
SSD density varies from 7 × 1014 m−2, which is the major contributor
to the total dislocation density at the beginning of deformation, to
6.5 × 1013 m−2, at the failure strain. The average value of the GND
density increases from 8 × 1013 m−2, in the LPBF as-built state, to
8.8 × 1014 m−2, after fracture. The majority of the total dislocations
are SSDs before a true strain of ∼0.17, and thereafter the GND density
exceeds that of SSDs. For comparison, the measured total dislocation
density, GND and SSD densities in a wrought high Mn TWIP steel
during tensile deformation taken from [47] is also plotted in Fig. 11.
At the beginning of deformation (at around a strain of 0.06), the LPBF
total and SSD density are higher than that in wrought TWIP steel, but
the GND density is similar for both steels. In contrast to TWIP steel,
the SSD density in LPBFed steel decreases constantly until the end of
deformation. The trend of GND variations for both steels is ascending,
with the LPBFed steel growing with slightly higher values compared
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Fig. 9. Evolution of (a) total dislocation density 𝜌, (b) DRV and DRX coefficient, (c) rate of dislocation accumulation/annihilation, and (d) contribution of dislocation hardening
during deformation. Strain hardening capability stages are distinguished with red dashed lines.
Fig. 10. Contribution of dislocation (𝜎𝐷) and twinning hardening (𝜎𝑇 ) to the stress increment during straining. 𝜎𝑌 stands for yields stress.
to the TWIP steel. The most significant difference of the two steels
derives from total dislocation density, which growth is very slow for
the LPBFed steel, while the total dislocation density of the TWIP steel
is at least three times higher than the LPBFed steel after a strain of
0.33. It can be concluded that strain hardening mechanisms in LPBFed
and wrought TWIP steels are fundamentally different, and annihilation
processes are more active in the LPBFed alloys.

In addition to a wrought TWIP steel, the dislocation types in LPBFed
as-built structure of the present steel are compared to another 316L
SS produced with another set of LPBF processing parameters [5], and
to a LPBFed FeCoCrNi high-entropy alloy (HEA) [60] in Table 5. It
can be seen that the densities of GNDs and SSDs are very similar in
the two 316L SSs processed with different processing parameters. The
HEA exhibits the same trend in the dislocation types with SSD density
dominating the GND density in the as-built state. It is worth noting that
the total dislocation density is measured using the Taylor’s relationship.
This shows the consistency of the results of the present work with
previous reports on similar low SFE FCC alloys (see Table 5).
9

Table 5
Comparison of the density of different dislocation types in as-built LPBF state in other
publications with the present study.

Alloy 𝜌𝐺𝑁𝐷 (m−2) 𝜌𝑆𝑆𝐷 (m−2) 𝜌 (m−2) Source

316L SS 9.84 × 1013 6.81 × 1014 7.84 × 1014 [5]
FeCoCrNi HEA 1.53 × 1014 5.02 × 1014 6.55 × 1014 [60]
316L SS 8 × 1013 7 × 1014 7.84 × 1014 Present work

The uncertainty (error) of the GND density (𝜌𝑛𝑜𝑖𝑠𝑒) measurement via
EBSD can be calculated from [47]:

𝜌𝑛𝑜𝑖𝑠𝑒 =
𝛿
𝑏𝑥

, (20)

where 𝛿 is the angular resolution of the EBSD. Since for the present
study an angular resolution lower than 0.05◦ (8.8 × 10−4 rad) could
be obtained, an upper bound of 0.05◦ has been used to estimate the
uncertainty. Therefore, the error of the GND density measurement by
EBSD was 6.9 × 1012 m−2 and 4.4 × 1012 m−2 for step sizes of 0.5 and
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Fig. 11. Estimated total dislocation density from Taylor’s hardening model, measured
GND density, and estimated SSD density. Density of total, GNDs and SSDs during
deformation of a wrought high Mn TWIP steel is also plotted for comparison [47].

0.8 μm, respectively. Since the initial GND density is estimated to be
8 × 1013 m−2 and it increased during straining, the error is significantly
lower than the measured dislocation densities, which further confirms
the reliability of our modelling approach.

6. Discussion

An integral modelling approach is presented to describe the mi-
crostructural evolution and strain hardening of LPBFed 316L SS. The
model incorporates two important contributions: dislocations and
twins. The initial dislocation density after LPBF, subgrain size, and
dislocation cell size are input to calculate dislocation forest hardening
and TWIP effect. The initial dislocation density, which is estimated
from Taylor’s relationship, is used for modelling dislocation multiplica-
tion/annihilation. The evolution of dislocation density is a competing
process between (i) dislocation generation, as a result of dislocation
interactions (𝑘1

√

𝜌), as well as strain hardening caused by barriers
to dislocation motion such as subgrain boundaries (1∕𝐷𝑠) and twin
boundaries ((1∕2𝑒)(𝑓𝑡𝑤∕1 − 𝑓𝑡𝑤)), and (ii) dislocation annihilation pro-
cesses, DRV and DRX. The annihilation processes are governed by
DRV at the beginning and intermediate stages of deformation, and by
DRX at the end of deformation; microstructural characterisation proves
the dominance of DRX over DRV in the as-fractured state (Fig. 4c).
Therefore, it can be considered that 𝑓𝐷𝑅𝑉 + 𝑓𝐷𝑅𝑋 ≃ 𝑓𝐷𝑅𝑉 for stages A
and B, but 𝑓𝐷𝑅𝑉 + 𝑓𝐷𝑅𝑋 ≃ 𝑓𝐷𝑅𝑋 at stage C for the present steel.

6.1. Twinning and GNDs

The twinning kinetics, captured by 𝑑𝑓𝑡𝑤∕𝑑𝜖, is a key parameter in
the present model as it influences both the dislocation contribution
through the evolution of GNDs and the TWIP effect. 𝑑𝑓𝑡𝑤∕𝑑𝜖 is sensitive
to the austenite stability, which depends on the SFE and the twinning
kinetics parameter, 𝛽0. An increase in SFE values of FCC alloys lead to a
decrease in 𝛽0, which can affect other parameters such as the maximum
twin fraction, 𝐹0, and even 𝑓𝐷𝑅𝑉 and 𝑓𝐷𝑅𝑋 . The 𝛽0 adopted for the
present steel is 20, which is close to the value of 26 for Fe-18Mn-
0.6C TWIP steel reported by Jung and De Cooman [51], with a SFE of
around 12 mJ/m2. The SFE of the present steel is measured by direct
TEM observations to be 14 mJ/m2 [11]. The higher SFE of the present
steel (compared to the high Mn TWIP steel) would demand a lower
𝛽0 value; this is related to a higher austenite stability of the present
steel compared to the mentioned high Mn TWIP steel. Another factor
that can influence twinning kinetics is the strain rate, which is low
10
enough in this study to provide enough time for twins to nucleate and
grow. As it can be seen in Fig. 11, the GND density grows significantly
during deformation due to a rapidly reduced dislocation mean free path
caused by twin formation. Simultaneously, the SSD density reduced
significantly during deformation due to the high DRV and DRX coef-
ficient of the present alloy, increasing the strain hardenability of the
material during straining. This is in contrast with wrought TWIP steels,
where the GND and SSD densities grow simultaneously during tensile
deformation [47]. This can be related to the very low annihilation rates
of the conventionally processed alloys compared to LPBFed alloys.

6.2. Dislocation annihilation and impingement

In order to interpret the higher tendency of the LPBFed alloy
for dislocation annihilation during room temperature deformation, an
expression for 𝑓𝐷𝑅𝑉 (Eq. (19)) is derived to account for the influence
of a unique feature of LPBFed alloys on DRV coefficient, the residual
stress. Interestingly, it has been shown that the number of impinging
dislocations for LPBFed alloy increased with an increase in strain,
which results in a higher ability for annihilation at room temperature.
As the main mechanism for dislocation annihilation at room temper-
ature is cross-slip, the distance between partial dislocations, which is
controlled by SFE, plays an important role. In wrought alloys, the
distance between dislocations is large, which means that dislocation
impingement has a negligible effect, leading to a very low value of
𝑓𝐷𝑅𝑉 during room temperature deformation. However, a high residual
stress in LPBF as-built state enables dislocation multiplication, which
subsequently increases the dislocation strain field impingement. This
shows the importance of dislocation impingement caused by residual
stress that is unique to LPBF on strain hardenability of such alloys. In
the presence of such high residual stress, the distance between disloca-
tions significantly reduces, making the alloy more prone to annihilation
processes, which maintains the ductility of the alloy and prevents the
microstructure to be saturated with both GND and SSD types, leading
to a similar ductility to wrought alloys. Therefore, in LPBFed alloys, the
decrease in SSD density during deformation is the key reason for high
ductility.

Because of the importance of dislocation cells in yield strengthening
of LPBFed 316L SS, their role in strain hardening should also be
examined. As shown in Fig. 6b, dislocations can pile up at existing
cell walls during deformation, further refining them to decrease strain
energy. The evolution of dislocation cell size with dislocation density
can be described via [57]:

𝑑𝑐 =
𝑘𝑐
√

𝜌
, (21)

where 𝑘𝑐 = 12𝜋(1−𝜈)
2+𝜈

(

1 + 𝑇𝛥𝑆
1
2 𝜇𝑏

3

)

. Based on Eq. (21), the 𝑑𝑐 at the

beginning and end of deformation is 491 nm and 413 nm, respectively,
which shows a slight cell refinement during tensile deformation. This is
consistent with the findings of Riabov et al. [31]. This moderate change
in cell size cannot produce significant back-stress changes, thus the
contribution of cell size refinement to strain hardening can be ignored
during deformation of LPBFed 316L SS. Therefore, cellular structures
only contribute in reducing the intertwin spacing via increasing the
GND density through reduction in the dislocation mean free path
during tensile deformation.

6.3. Strain hardening mechanisms

As is plotted in Fig. 2b, the strain hardening capability of the
LPBFed 316L SS can be divided into three stages, which are related to
the several microstructural evolution phenomena during straining. In
Stage A (𝜖 = 0.03–0.13), deformation twins form quickly, reducing the
dislocation mean free path significantly (dynamic Hall–Petch effect).
This leads to an increase in the contribution of both twinning and
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dislocation slip via deformation twins at this stage. Moreover, 𝑓𝐷𝑅𝑉
increases abruptly from 0 to 9.25 in Stage A of deformation (Fig. 9b).
This shows that the rate of dislocation annihilation is also very high,
which keeps the strain hardenability of the present steel at a low level
(0.07 < 𝑛 < 0.16) at Stage A. The formation of twins and heavy dislo-
cation annihilation rate is accompanied by a growth in GND density,
as well as a drop in SSD density, respectively. This also shows that
strain hardening primarily originates from the effective accumulation
of GNDs, which concentrate adjacent to high energy sites such as
LAGBs, HAGBs, and dislocation cell walls. However, the accumulation
of GNDs is slowed by a high rate of dislocation annihilation and a high
dislocation mean free path at Stage A.

Further increasing the strain (Stage B) leads to a saturation in twin
formation and dislocation mean free path (Fig. 6a and b). The direct
contribution of deformation twins to the strain hardening behaviour
is very limited and saturated until the end of deformation (around 50
MPa). Thus, at high strains, the strain hardening capability originates
from the evolution of total dislocation density. As the dislocation mean
free path is at its minimum value due to mechanical twinning during
Stage B, the GND density increases constantly, and after a strain of 0.17,
GNDs prevail over SSDs. As dislocation annihilation rate is still high in
Stage B (7.56 < 𝑓𝐷𝑅𝑉 < 9.25), the SSD density decreases constantly as

ell. However, due to a decrease in 𝑓𝐷𝑅𝑉 values at this stage, the strain
hardening capability (𝑛) is higher compared to Stage A.

Finally, at Stage C, microstructural evolution is affected by the
activation of DRX; the critical strain for the activation of DRX in the
present steel at room temperature is calculated to be 0.23 [11]. DRX
activation improved the strain hardening capability of the alloy at this
stage, by increasing more HAGBs, which can contribute to the evolution
of GND density, improving the ability of the alloy to be strain hardened.

7. Conclusions

A dislocation-based model for strain hardening in a LPBFed
austenitic TWIP SS is presented. The model is based on the contribution
of dislocation structures, and recrystallisation, as well as twins in strain
hardening. Dislocation storage is promoted due to the presence of
LAGBs and the formation of twins, which act as obstacles that reduce
the dislocation mean free path. Dislocation annihilation follows DRV
and DRX activation during room temperature deformation. The TWIP
effect is modelled considering the effects of LAGBs, dislocation cells,
and twin–twin interfaces. Moreover, the evolution of GNDs and SSDs
during deformation revealed more detailed information about strain
hardening mechanisms. The following conclusions are drawn from this
study:

1 Strain hardening in LPBFed TWIP steels can be divided into
three stages. The TWIP effect dominates the strain hardening in
moderate strains (𝜖 < 0.1). Using as input a combination of TEM
and EBSD, the evolution of twin volume fraction and dislocation
mean free path is modelled. They reach their saturation levels
in Stage A. Because of very high annihilation rate at this stage,
the strain hardening capability is the lowest compared to the
succeeding deformation stages.

2 Significant twin formation occurs during Stage A of deformation;
this stems from a very high twinning kinetics parameter, 𝛽0,
comparable to high Mn TWIP steels with similar SFEs. This leads
to increasing the GND density, which is in its minimum value
before the onset of plastic deformation. High values of DRV coef-
ficient are accompanied with a decrease in SSD density, which is
characterised as the main dislocation type of the LPBFed as-built
316L SS.

3 As twin volume fraction is constant at moderate and high strain
levels, the direct contribution of TWIP effect remains constant
in Stages B and C of deformation (𝜖 > 0.1). However, twins
11

contribute to strain hardening through increasing GND density,
as a result of interacting with LAGBs, dislocation cells, and
other twins. A drop in DRV coefficient leads to an increase in
strain hardening capability values in Stage B. In this stage, GNDs
dominate the microstructure of the present steel. The strain
hardening in this stage is mainly derived by the total dislocation
hardening.

4 DRX is activated at Stage C (𝜖 = 0.23), increasing the strain
hardening capability via generating more HAGBs that can lead
to more increase in GND density. Strain hardening in Stage C is
mainly governed by GND hardening.

5 A thermostatistical formulation specific to LPBFed alloys is pre-
sented to account residual stress to estimate the rate of dis-
location annihilation. During room temperature deformation,
LPBFed alloys undergo more pronounced dislocation annihila-
tion processes such as DRV and DRX compared to their wrought
counterparts. This stems from increased dislocation impinge-
ment as a result of much smaller distances between partial
dislocations.

6 The results of the present work strongly suggests that uniform
elongation of the LPBFed alloys is controlled primarily by the
rate of DRV, which depends strongly on the number of impinging
dislocation strain field from the onset of deformation. This is a
direct consequence of the residual stress accompanying the build
process.
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