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Abstract 

Experiments were performed to examine the flow behaviour at room temperature (RT ≈ 

300 K) and the microstructural stability of a solution-treated Al-3Mg-0.2Sc alloy 

processed through 10 turns of high-pressure torsion (HPT) at either RT or 450 K and 

further annealed for 1 h at temperatures (T) up to 773 K. The results revealed that the  

Al-3Mg-0.2Sc alloy achieved yield strengths of ~590 and 540 MPa after HPT at RT and 

450 K, respectively. This followed from the higher dislocation densities achieved after 

processing at RT since both microstructures had average grain diameters of ~320 nm. 

After annealing at T ≥ 523 K, there was evidence for the onset of dynamic strain ageing 

(DSA) during tensile testing at RT and this occurred concurrently with increases in the 

elongations to failure. The grain structures developed during HPT at 450 K exhibited 

superior microstructural stability than after HPT at RT for comparable heating conditions. 

A model derived for materials having second-phase particles was applied to understand 

the microstructural evolution observed during heating. It is shown that the values 

calculated for the driving and restraining pressures for boundary migration and the 

boundary stability factors are consistent with the experimental results. 
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1. Introduction 

The need for more fuel-efficient transports has driven the tailoring of novel 

aluminium alloys with high load bearing capacities and low densities [1–4]. Some 

applications such as aircraft also demand resistance against incipient recrystallisation 

after exposure at high temperatures for short periods of time. This can be achieved by the 

addition of dispersoid-forming elements such as Zr, Ce, and Sc in the Al alloys [5–7]. Al-

Mg-Sc alloys with up to 0.3 wt.% Sc are capable of significantly delaying recrystallisation 

due to the formation of nano-sized Al3Sc dispersoids [7–10]. These precipitates hinder 

grain boundary migration due to the Zenner pinning effect which enhances the 

microstructural stability by comparison with alloys having no second phases [11–13]. 

The superior thermal stability of Al-Mg-Sc alloys is especially appealing 

considering the possibility of retaining ultrafine-grained (UFG) structures produced by 

severe plastic deformation (SPD) procedures [14,15], such as equal-channel angular 

pressing (ECAP) [16] and high-pressure torsion (HPT) [17,18], after heating for 

prolonged times. As recently reported [19,20], the presence of Al3Sc makes it possible to 

achieve extremely high elongations to failure in SPD-processed Al-Mg-Sc alloys due to 

deformation through grain boundary sliding [21–23]. It is noted, however, that the Al-

3Mg-0.2Sc alloy has finer grain sizes after HPT [24–26] but it exhibits lower superplastic 

ductilities than after ECAP due to the occurrence of grain coarsening during deformation 

at high homologous temperatures (TH) [19,24,27,28]. 

These results have motivated several investigations which were designed to 

evaluate procedures for further improving the thermal stability of nanostructured 

materials. Some of these strategies include inducing the formation of nanosized particles 

and/or solute segregation at grain boundaries by applying the SPD procedure in alloys 

having second phase particles prior to processing [29–34] and the processing of alloys at 

higher temperatures [26,35–37]. It was shown that the Al-3Mg-0.2Sc alloy achieves an 
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elongation to failure of ~1020 % during testing at 523 K and at 10-3 s-1 after HPT at 450 

K [26]. On the other hand, the same metal after HPT at RT reaches an elongation of  

~620 % when tested under an equivalent condition. These differing results demonstrate 

the need for conducting a more thorough investigation to model the microstructural 

changes in HPT-processed Al-Mg-Sc alloys during heating at various temperatures.  

Although different studies have examined the flow behaviour of Al-Mg-Sc alloys 

after processing by ECAP or other conventional metal-working techniques [38–40], there 

is a lack of data on the flow properties at room temperature (RT) for this alloy after 

processing by HPT. In addition, if annealing is undertaken after processing, the onset of 

different solid-state reactions such as static recovery and precipitation could offer 

conditions for the achievement of an adequate combination between material strength and 

ductility and thereby provide important insight on the tailoring of the mechanical 

properties of this alloy. 

Accordingly, the current research was designed to study the effect of HPT 

processing at different temperatures on the flow behaviour at ambient temperature and 

the microstructural stability of an Al-3Mg-0.2Sc alloy processed by HPT at either RT or 

450 K and with subsequent annealing for 1 h at temperatures up to 773 K. A theoretical 

model was used to provide further understanding on the microstructural changes observed 

in the HPT-processed alloy during heating. 

2. Experimental material and procedures 

This investigation was undertaken using Al-3% Mg-0.2% Sc (% in weight) billets 

of ~10 mm diameter provided by the China Rare Metal Material Corporation in the as-

forged state. First, the as-received Al-Mg-Sc billets were solution-treated at 880 ± 2 K for 

1 h and thereafter quenched in iced water to homogenise the grain structures and 

maximise the Sc content in the Al matrix. The solubilised bars were cut in the form of 

discs having thicknesses of ~1 mm and thereafter were ground down to ~0.8 mm.  
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The solution-treated Al-Mg-Sc discs were processed through quasi-constrained 

HPT [41,42] at either room temperature (~300 K) or at 450 ± 5 K. The high temperature 

was achieved by using a resistive heating element positioned around the anvils as 

described in earlier investigations [29,35,43]. First, the discs were compressed within the 

shallow depression of the anvils [44] using a nominal pressure of 6 GPa. For processing 

at ~450 K the pressure was held constant without any rotation of the lower anvil for ~10 

min to permit a more accurate temperature control and thereafter the discs were subjected 

to 10 revolutions at a rotation speed of ~1 rpm.  

Afterwards, the HPT-processed discs were annealed for 1 h at selected 

temperatures from 423 to 773 K. For each procedure, the furnace was heated to the 

annealing temperature and then the HPT-processed discs were rapidly inserted into the 

hot chamber to give a nearly isothermal heating condition. 

The flow behaviours of the Al-3Mg-0.2Sc alloy processed by up to 10 turns of 

HPT followed by annealing at different conditions were assessed through tensile testing 

using miniature specimens with gauge lengths and widths of ~1.1 and 1.0 mm, 

respectively. As in earlier reports [29,45–47], two off-centre specimens were cut from 

each processed disc using electrical discharge machining. The surfaces of the tensile 

specimens were carefully flattened through grinding and polishing down to ~0.6 mm to 

remove any irregularities impressed by the anvils during processing. Tensile tests were 

carried out at RT using a Zwick Z030 universal testing machine at a constant rate of 

crosshead displacement to give an initial strain rate of 1.0  10-3 s-1. 

The microstructures of the HPT-processed and subsequently annealed Al-Mg-Sc 

discs were examined through orientation imaging microscopy using electron 

backscattered diffraction (EBSD). Sample preparation involved grinding using abrasive 

papers and final polishing using 0.06 µm silica colloidal. EBSD scans were conducted at 

positions located at ~3 mm from the disc centres using a JSM6500F thermal field 
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emission microscope with a minimum step size of 30 nm. Orientation maps were 

generated from each EBSD scan and these results were used to calculate the area-

weighted grain diameters and assess the distributions of the correlated misorientation 

angles and the grain diameters.  

 The Al-3Mg-0.2Sc alloy was also examined through transmission electron 

microscopy (TEM) using a JEOL 1200EX facility. Discs of ~3 mm in diameter were 

punched at positions located at ~3.5 mm from the centre of both the HPT-processed discs 

and the discs subjected to post-HPT annealing for 1 h at 673 K. The punched discs were 

electropolished using a Struers Tenupol-5 system using an electrolytic solution of 30% 

HNO3 and 70% CH3OH at ~250 K. 

The surfaces of the HPT-processed discs were analysed by means of X-Ray 

diffraction (XRD) using a Bruker D2 Phaser X-ray diffractometer with Cu Kα radiation. 

The XRD profiles were recorded through -2 scans undertaken with a step size of 0.02 

and using a scanning angle interval from 30 to 110. The mean crystallite size (𝐷𝑐) and 

the microstrain (〈ε2〉 1 2⁄ ) were estimated from Maud software and these parameters were 

used to estimate the density of dislocations () from the following expression [48,49]: 

 =  
2√3 〈ε2〉 1 2⁄

𝐷𝑐 𝐛
  

(1) 

where 𝐛 is the modulus of the Burgers vector. 

3. Experimental Results 

3.1 Tensile properties 

Fig. 1 shows engineering stress vs engineering strain curves obtained at RT for 

the Al-3Mg-0.2Sc alloy after 10 turns of HPT at either 300 or 450 K and subsequently 

annealed for 1 h at temperatures ranging from 423 to 773 K. It is readily apparent that the 

material exhibits extremely high flow stresses, exceeding 650 MPa, immediately after 
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HPT at RT. Nevertheless, it displays very limited ductility such that the material fails 

without any noticeable necking.  

After annealing at increasing temperatures, the stress-strain curves of the alloy 

processed at RT show a clear trend of increasing ductility and a reduction in the flow 

stresses during tensile testing. Additionally, the curves start to exhibit a serrated flow for 

HPT-processed samples annealed at T ≥ 523 K. This flow behaviour was documented 

earlier for different Al-Mg-Sc alloys having UFG structures [20,38,40] and suggests the 

occurrence of dynamic strain ageing (DSA). It should be noted that the uniform 

elongation continues at very low values and strain hardening becomes more prominent 

when the HPT-processed metal undergoes annealing at T ≥ 623 K. 

A comparison of Figs 1 (a) and (b) shows that the material processed by HPT at 

RT exhibits higher flow stresses immediately after processing and after annealing up to  

T = 523 K than the same alloy processed at 450 K and annealed at similar conditions. 

This trend is more readily visible in Fig. 2 that depicts the yield stress (σy), tensile strength 

(σu) and elongation to failure (∆L/L0, where ∆L and L0 are the increase in length and the 

initial length, respectively) as a function of annealing temperature for the curves presented 

in Fig. 1. The datum points in Figs 1 (a) and (b) follow the same tendency of the plots of 

microhardness vs annealing temperature displayed in earlier reports [35,50]. In practice, 

annealing up to T = 423 K leads to a slight reduction in the yield strength of the HPT-

processed samples. Conversely, the decrease in the σy values with increasing temperatures 

becomes more significant when the annealing is performed at 473 K ≤ T ≤ 623 K. For T 

≥ 623 K, σy continues to decrease with increasing annealing temperatures but at a much 

lower rate.  

The variation of the tensile strength as a function of annealing temperature is very 

similar to the trend already described for the yield stress. Nevertheless, annealing at 423 

K promoted a more sizable reduction in the σu values when compared with the material 
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processed by 10 HPT revolutions at RT. It follows from Fig. 2 (c) that the elongations 

achieved in the HPT-processed alloy increase with increasing annealing temperatures and 

the plots exhibit a general sigmoidal shape. It is important to note that annealing at 523-

573 K leads to very sharp increases in the ∆L/L0 values and this is especially evident for 

the alloy processed by HPT at 450 K and further annealed at 523 K. 

3.2 Microstructures after HPT 

Table 1 summarizes the values calculated using the XRD profiles shown Fig. 1A 

of the Supplementary Material in Maud software for the crystallite size, the microstrain 

and the density of dislocations after processing through 10 HPT turns at 300 and 450 K, 

respectively. It is apparent that processing at 450 K led to a slightly larger crystallite size 

(~190 nm) than HPT at RT (~160 nm). However, both the microstrain and the dislocation 

density are significantly lower in the material processed at the higher temperature. This 

is attributed to the faster recovery kinetics at a homologous temperature of ~0.5 when 

compared with processing at RT (TH ≈ 0.3).  

Fig. 3 shows typical orientation maps obtained at positions located at ~3 mm from 

the centre of the Al-3Mg-0.2Sc discs subjected to 10 HPT revolutions at either 300 or 

450 K. The low-angle grain boundaries (LAGBs) with misorientation angles between 2 

and 15o are coloured in gray whereas the high-angle grain boundaries (HAGBs) 

correspond to black lines. The results in Fig. 3 demonstrate that the grain structures in the 

Al-Mg-Sc alloy processed at different temperatures exhibit similar sizes but are slightly 

elongated in the material processed by HPT at RT. Additionally, there appears to exist a 

larger area of grains whose {110} planes are parallel to the thickness direction in the alloy 

processed at RT. By contrast, HPT at 450 K gives a microtexture with a more prominent 

participation of grains having {111} planes parallel to the disc thickness. 

The data collected in the EBSD scans is presented in Fig. 4 as histograms showing 

(a) the variation in the area fraction of grain diameters measured using the circle 
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equivalent method and (b) the fraction of correlated boundaries as a function of the 

misorientation angle. It is readily seen that the distributions of grain diameters show a 

close resemblance for both HPT temperatures although it is somewhat broader after HPT 

at RT. The area-weighted grain size (d) calculated for both HPT conditions is ~0.32 µm.  

Inspection of in Fig. 4 (b) reveals that the misorientation distributions marginally 

deviate from the theoretical Mackenzie distribution (black contours) for a random array 

of grain structures [51]. This is due to the presence of a small number of LAGBs which 

corresponds to ~20% of the correlated boundaries used to construct the histogram for the 

material processed by HPT at 300 K. 

Fig. 5 gives representative bright field (BF) TEM micrographs and their 

corresponding SAED patterns showing the dislocation and grain structures in the alloy 

processed by HPT at RT and 450 K. It is evident that the grain structures in the material 

processed at 300 K exhibit higher aspect ratios than after HPT at 450 K. This suggests 

the occurrence of a mechanically-driven process of boundary migration during HPT at 

RT as documented for other materials processed at low TH [33,52]. On the other hand, the 

alloy deformed at 450 K exhibits a uniform array of equiaxed grains which usually 

follows from thermally-assisted boundary migration [52]. 

The SAED patterns in both microstructures exhibit annular shapes which are 

consistent with the EBSD results and indicate that the grains are separated mainly by 

HAGBs. It is important to highlight that Al3Sc particles were not detected in the 

microstructures of the solution-treated alloy after 10 HPT revolutions at either 300 or 450 

K. Furthermore, some of the grains display a few internal dislocations and they are not 

arranged in the form of cells at this stage of processing.  

The linear intercept method was used to estimate the average grain boundary 

spacing (𝐿̅) using several TEM micrographs and the orientation maps shown in Fig. 3. 

The calculations based on the TEM images gave grain boundary spacings of ~140 and 



8 
 

150 nm for the alloy processed by HPT at RT and 450 K, respectively, whereas 𝐿̅ was 

estimated as ~170 nm from the EBSD maps for both HPT temperatures. These results are 

consistent with earlier investigations in which a grain size of ~150 nm was measured for 

Al-3Mg [25,29] and Al-3Mg-0.2Sc [25] alloys after 5-10 HPT turns at RT.  

3.3 Microstructures after annealing 

Fig. 6 presents typical orientation maps for the Al-3Mg-0.2Sc alloy processed 

through 10 HPT revolutions at 300 K and subsequently annealed for 1 h at various 

temperatures. Inspection of Figs 6 (a) and (b) reveals that after heating at 523 and 573 K 

the microstructures of the alloy have very few LAGBs and are mainly constituted by 

equiaxed arrays of submicrometre grains with mean diameters of ~0.56 and 0.67 µm for 

these two temperatures, respectively.  

An increase in the annealing temperature to the range of 623-673 K leads to the 

development of a bimodal distribution of grain sizes as is evident in Figs 6 (c) and (d) and 

this is shown in more detail in the form of histograms in Fig. 2A of the Supplementary 

Material. There remain existing UFG structures but nevertheless they correspond to an 

area fraction of < 30 % after heating at 673 K. Conversely, the remaining microstructure 

exhibits grains with sizes of the order of tens of micrometres and they appear preferably 

oriented with the {110} and {100} planes parallel to the disc thickness. Additional 

increases in the annealing temperature to the interval of 723-773 K promotes the 

formation of a uniform distribution of grains having a similar microtexture when 

compared with the abnormally larger grains developed during annealing at 623-673 K. 

The microstructural evolution after annealing of the alloy processed by HPT at 

450 K is presented in the orientation maps in Fig. 7. As with the material processed by 

HPT at RT, annealing at temperatures ranging from 523 to 573 K promotes the formation 

of equiaxed grain structures in the material processed originally at 450 K. However, these 
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grains achieve smaller sizes after annealing as follows from plots of the mean grain 

diameter as a function of temperature in Fig. 8. 

Similarly, annealing at 623-673 K promotes the onset of a duplex distribution of 

grain sizes. Nevertheless, the grains with sizes in the submicrometre range constitute a 

much larger fraction of the microstructure and exceeding an area fraction of 70% after 

annealing at 673 K. The group of larger grains also attains markedly smaller sizes. It 

should be further noted that the grain structures at this temperature range display grains 

with {110} and {111} planes lying parallel to the thickness direction. 

A homogenous array of grain structures with average diameters up to ~5 µm 

developed in the alloy processed by HPT at 450 K after heat treatments at 723-773 K. By 

contrast with the alloy processed by HPT at ~300 K, a minor population of grains displays 

{110} planes oriented towards the thickness direction but the microtexture is mostly 

formed by {100} and {111} planes parallel to this direction. It is therefore evident from 

Fig. 8 that HPT at 450 K leads to a slower kinetics of grain growth and this is especially 

noted for annealing temperatures between 623 and 673 K.  

Histograms showing the distributions of correlated boundaries as a function of 

misorientation angles after annealing are displayed in Fig. 3A of the Supplementary 

Material. They demonstrate there are no sizable differences between the distributions 

obtained at comparable temperatures, except at T = 623 and 673 K where the alloy 

originally processed at RT exhibits a significantly larger fraction of LAGBs.  

To provide information concerning the nature, size, and distribution of second 

phase particles in the Al-3Mg-0.2Sc alloy after annealing for 1 h at 673 K, TEM and 

High-Resolution TEM (HRTEM) micrographs are shown in Figs 9 and 10 for the samples 

processed by HPT at either 300 or 450 K, respectively. The TEM micrographs reveal the 

occurrence of extensive precipitation of Al3Sc particles during heating at 673 K for HPT 

discs initially processed at either temperature. Examination of the dispersoid morphology 
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suggests that most of these phases exhibit a coffee-bean-like appearance, suggesting a 

coherency with the Al matrix even after 1 h of annealing. In the lower region of Fig 9 (c), 

there is evidence for the presence of nano-sized dispersoids in the metal processed by 

HPT at RT. These dispersoids exhibit radii of less than ~5 nm and are closely spaced and 

partially coherent with the Al matrix, as suggested from their characteristic coffee-bean-

like contrast and confirmed in the HRTEM images in Figs 9 (e) and (f). 

Nevertheless, Al3Sc particles with diameters exceeding ~25 nm become 

incoherent with the Al matrix, as shown clearly in the HRTEM image in Fig. 9 (d). It 

should be noted, however, that there are a few Al3Sc precipitates having notably larger 

sizes in the range of hundreds of nanometres. These particles probably correspond to 

Al3Sc precipitates that were not fully dissolved during the initial solution treatment and 

remain stable ever after HPT processing followed by annealing at 673 K.  Furthermore, 

the interspacing distance between precipitates is significantly larger near the coarse 

particles, which is apparent in the micrographs in Figs 9 and 10. It should be noted that 

the bi-dimensional TEM images are direct projections of 3D volumes. Consequently, 

Al3Sc precipitates may misleadingly overlap and thereby give a deceptive impression of 

larger phases, as follows from Figs 9 (e) and (f) for the alloy initially processed by HPT 

at RT.  

It is also evident in Fig. 10 that a few of the grain boundaries are pinned by Al3Sc 

precipitates and these boundaries exhibit clear bulges suggesting the occurrence of strain-

induced grain boundary migration delayed by the Zener pinning effect. Fig. 11 displays 

histograms showing the size distributions of the Al3Sc nanoparticles for the Al-Mg-Sc 

discs subjected to 10 HPT revolutions at either RT or 450 K followed by annealing at 673 

K. These plots were generated by measuring the radii of precipitates (r) using the circle 

equivalent method in Image J software with representative TEM micrographs having high 
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magnifications as in Figs 9 (c) and 10 (e). In these calculations, totals of 153 and 192 

particles were recorded for discs initially processed by HPT at RT or 450 K, respectively. 

The histograms presented in Fig. 11 demonstrate that the HPT discs exhibit similar 

size distributions after annealing, even though it is apparent that Al3Sc phases with lower 

radii are detected for the alloy subjected to HPT at 450 K. After annealing at 673 K, the 

mean radius of the nanoparticles was estimated as ~3.2 and 3.3 nm for the Al-Mg-Sc alloy 

processed by 10 HPT turns at RT or 450 K, respectively. These values show reasonable 

agreement with earlier experiments undertaken on an Al-0.25Sc alloy [53] where an 

average precipitate radius of ~3.5 nm was recorded after heating under similar conditions. 

4. Discussion 

4.1 Flow properties after HPT at different temperatures and further annealing 

The results of this research reveal that the application of 10 HPT revolutions at 

300 and 450 K to the solution-treated Al-3Mg-0.2Sc alloy successfully promotes the 

development of a uniform array of submicrometre grains with average diameters of ~320 

nm. It should be noted, however, that an increased contribution of dynamic recovery 

during 450 K HPT at TH ≈ 0.5 promotes both the formation of more equiaxed grain 

structures and the partial annihilation of dislocations and this leads to much lower ρ values 

by comparison with the same alloy after HPT at RT (see Table 1). These microstructural 

features allow the achievement of values of σy ≈ 550 and 600 MPa immediately after 

processing at 450 K and RT, respectively, as shown in Fig. 1. 

After annealing for 1 h at 423 K, the tensile strength of the alloy subjected to HPT 

at RT decreases from ~680 to 580 MPa whereas there is only a minor reduction in σu for 

the alloy processed at 450 K. These differences are associated with the occurrence of 

static recovery which has a more prominent effect in the material originally processed at 

RT as it displays a higher density of dislocations prior to annealing. The results in Figs 6, 
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7 and 8 reveal that grain coarsening becomes evident after annealing at T ≥ 523 K. This 

is consistent with the drops in the values of σy and σu shown in Fig. 2.  

Nevertheless, it is important to emphasize that the grains structures in the HPT-

processed material continue to exhibit average sizes < 1 µm after heating at temperatures 

of 523-573 K. Also, there is evidence of further grain growth, the formation of a duplex 

structure and precipitation of Al3Sc particles at temperatures ranging from 623 to 673 K. 

It is well-known that the Hall-Petch relationship [54–56] may be used to predict the effect 

of grain boundary strengthening at RT in Al alloys as shown in the following equation:  

σ𝑦 = σ0 + 𝑘𝑑−0.5 (2) 

where σ0 and 𝑘 are alloy constants. To better understand the microstructural changes 

associated with material strength during annealing, Fig. 12 shows plots of  

σ𝑦 vs d 
-0.5

 and σ𝑢 vs ∆L/𝐿0 for the alloy processed by HPT at either 300 or 450 K and 

further annealed for 1 h at temperatures within the interval of 423 to 773 K.  

It is readily apparent in Fig 12 (a) that the values of σ𝑦 and d 
-0.5

 do not lie in a 

single line as expected if the Hall-Petch equation was uniquely sufficient to predict the 

flow behaviour. On the contrary, the datum points can be divided into three regions based 

on the observed trends. For the region with d 
-0.5

 > 1400 m-0.5, there is an increasing 

strength with decreasing grain size and the data belonging to this interval correspond to 

material in the HPT-processed state and after annealing at 523 and 573 K. The HPT-

processed alloy reaches σ𝑦 values > 500 MPa and there is a consistent reduction in σ𝑦 

after heating at 523 and 573 K. 

Regardless of the HPT processing temperature, the Al-Mg-Sc alloy annealed at 

523-573 K exhibited grain coarsening and probably a decrease in the density of 

dislocations by comparison with the HPT-processed states. This is consistent with the 

increases in the fractions of HAGBs in the orientation maps as shown in Fig. 3A in the 
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Supplementary Material and the higher elongations achieved during tensile testing as 

highlighted with a blue oval in Fig. 12 (b). There is also evidence that deformation is 

controlled by dynamic strain ageing due to the onset of type B Portevin-Le Chatelier 

(PLC) serrations in the stress-strain curves in Fig. 1 which contribute to the increased 

ductility during tensile testing, where this matches results for a UFG Al-6Mg-0.2Sc alloy 

deformed under comparable conditions [38,57]. 

It should be noted that the time exposure during annealing at 523 K (1 h) was 

probably not sufficient to promote the precipitation of Al3Sc particles in the 

supersaturated alloy but the formation of coherent dispersoids in supersaturated Al-Sc 

alloys has been documented after 8 passes of ECAP at T = 573 K [58] and after ageing at 

573 K for shorter times [8]. Accordingly, the most prominent strengthening mechanisms 

in the Al-Mg-Sc alloy heat treated up to T = 523 K are probably grain boundary, 

dislocation and solid solution strengthening whereas the contribution from the 

precipitation becomes relevant only for T ≥ 573 K.  

It is surprisingly revealed in Fig. 12 (a) that, although an increase in the annealing 

temperature from 573 to 623 K promotes a marked reduction in the grain sizes, in practice 

the HPT discs processed at RT or 450 K exhibit very similar yield strengths. This follows 

from the analogous ageing kinetics for the Al-Mg-Sc alloy at 573 and 623 K which 

generate homogeneous arrays of coherent particles with radii below 2 nm after heating at 

comparable conditions [8,9,59]. It has been shown that Al-Sc alloys achieve a peak ageing 

condition for Al3Sc particles having r values ranging from ~1 to 2 nm and this led to an 

increment in σ𝑦 up to ~180-210 MPa by comparison with the supersaturated alloy [59]. 

For this reason, the yield strength in the Al-3Mg-0.3Sc alloy after annealing at 573-673 

K is insensitive to the grain size since the mean free path for dislocation motion is 

determined instead by the particle interspacing. Furthermore, DSA together with shearing 

of coherent dispersoids are almost certainly the prevalent deformation mechanisms [59]. 
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Finally, it is interesting to note that there is an abrupt decrease in the σ𝑦 values 

when annealing is conducted at T ≥ 673 K. This change in the flow behaviour is attributed 

to the onset of discontinuous precipitation of the Al3Sc dispersoids as also documented 

for other Al-Sc alloys at T ≥ 643 K [8]. In this temperature range, the precipitates 

preferably nucleate at dislocations and grain boundaries and they become progressively 

larger with increasing temperature [60]. Also, the Al3Sc particles eventually lose their 

coherency with the Al matrix as is apparent from the TEM observations.  

This phenomenon is consistent with the mechanical behaviour and microstructural 

features of the Al-3Mg-0.2Sc alloy annealed at 673 K as the occurrence of heterogenous 

precipitation renders areas having depleted fractions of dispersoids. These regions 

correspond to abnormally grown grains whose interiors exhibit larger free paths for 

dislocation motion and are thus softer than the remaining areas encompassing UFGs and 

more closely spaced particles. Consequently, plastic straining is probably first triggered 

within the areas having larger grains and fewer Al3Sc particles and this is consistent with 

the decreasing yield strength with increasing annealing temperature.  

It should be noted that, although σ𝑦 appears to decrease with increasing grain sizes 

for annealing at T ≥ 673 K, it is unlikely that grain boundary strengthening becomes again 

predominant because the mean free path is consistently determined by the precipitate 

interspacing. There may also occur a gradual change in the deformation mechanism from 

precipitate shearing to Orowan looping due to the increasing presence of nonshearable 

particles as reported for other Al-Sc alloys [59,61]. This is consistent with the occurrence 

of considerable work-hardening in the HPT-processed alloy deformed at RT after 

annealing at T ≥ 673 K. It also explains the increased elongations attained during tensile 

testing [38,62]. Furthermore, DSA remains prevalent during deformation at RT as follows 

from the presence of oscillations in the stress-strain curves. Nevertheless, the PLC 
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serrations are now from types B + C which are consistent with the increase in grain size 

with increasing temperature [38,39,57].  

4.2 Microstructural Stability after HPT at different temperatures 

This research demonstrates that the microstructural stability of Al-Mg alloys with 

Sc additions is markedly improved by conducting HPT at 450 K as the Al-3Mg-0.2Sc 

alloy displays a more homogenous array of grain structures with lower sizes after 

annealing for the same duration and temperature. The reasons underlying this conclusion 

can be evaluated through a calculation of the restraining pressure due to the Zenner 

pinning effect (𝑃𝑧) and the driving pressures for boundary migration associated with the 

release of the internal energy due to stored dislocations (𝑃𝑑) and the grain boundary 

energy (𝑃𝑔) as expressed in the following equations [63]: 

𝑃𝑧 = 𝑘
𝑓

𝑟
 (3) 

where 𝑘 is a shape factor equal to 1.5 for spherical precipitates,  is the energy associated 

with HAGBs and 𝑓 and 𝑟 are the volume fraction and the mean precipitate radius,   

𝑃𝑑 = 0.5 𝐺 𝐛 𝜌1/2 (4) 

where 𝐺 is the shear modulus and  

𝑃𝑔 =
3

𝑑
 (5) 

Table 2 displays the values estimated for f considering equilibrium conditions for 

the Al-Sc phase diagram [7] together with the precipitate radii obtained in this research 

and in other studies for solubilised Al-Sc alloys having similar compositions [9,53] after 

heat treatment at temperatures from 573 to 773 K. The values calculated for 𝑃𝑧 using eq. 

(3) are also tabulated. The results reveal that the high fraction of Al3Sc precipitates with 

radii below 2 nm leads to pinning pressures > 1.0 MPa as predicted for the Al-3Mg-0.2Sc 

alloy after annealing for 1 h at 573-623 K. Conversely, the 𝑃𝑧 values are drastically 
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reduced at higher temperatures and are lower than 0.1 MPa after heating at 773 K. It 

should be further noted that the r values measured in this research show excellent 

agreement with the values reported for an Al-0.25Sc alloy annealed for ~1 h [53]. 

The driving pressures for the HPT-processed Al-3Mg-0.2Sc alloy were calculated 

using eq. (4) and (5) with G = 25.42 GPa, b = 2.86  10-10 m [64] and  = 0.324 Jm-2 [65]. 

The estimated values of 𝑃𝑑 and 𝑃𝑔 are shown in Table 3 together with the sum of the 

driving and restraining pressures (P = Pg + Pd -Pz) for migration of HAGBs. It follows 

from Table 3 that the pressure due to stored dislocations appears to play a minor role by 

comparison with Pg regarding the potential for recrystallisation. The interfacial energy 

due to the presence of grain diameters of ~320 nm is three orders of magnitude higher 

than Pd, considering the dislocation densities predicted using the XRD profiles. 

Nevertheless, P > 0 for all annealing temperatures in Table 3 and this suggests that grain 

coarsening may occur if the grain boundary mobilities are sufficiently high [63,66].  

A thorough comparison of the P values in Table 3 reveals, surprisingly, that there 

is no significant difference in the net pressure for boundary migration in the material 

processed by HPT at either 300 or 450 K for heat treatments conducted at similar 

conditions. Therefore, in order to fully understand the reasons for the superior 

microstructural stability after HPT at 450 K it is first necessary to consider that the 

velocity of the moving boundary (v) is expressed as follows [63,66]: 

𝑣 = 𝑀 𝑃 (6) 

where M is the grain boundary mobility.  

The grain boundary mobility increases with increasing temperature and may 

decrease due to segregation of solute atoms at grain boundaries [33,63,66]. Furthermore, 

the M values depend upon the boundary orientation to their neighbouring grains such that, 

in general, more closely-packed grain contours display lower mobilities [63]. Also, some 
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orientation relationships may exhibit extremely high mobilities as reported in Al alloys 

for <111> tilt boundaries with misorientation angles of ~40o [66,67].  

However, in this investigation, there is no evidence for the occurrence of solute 

segregation in the Al-3Mg-0.2Sc alloy after 10 HPT revolutions for both processing 

temperatures. Additionally, the orientation maps after annealing are not conclusive in 

revealing a particular orientation relationship having consistently faster growth rates. 

Thus, the enhanced thermal stability in the Al-Mg-Sc alloy processed by HPT at 450 K 

may be associated with a more homogenous microstructure than after processing by HPT 

at RT.  

The Al-Mg-Sc alloy processed at 300 K exhibits a notably higher density of 

dislocations which are heterogeneously distributed throughout the HPT disc. It also 

displays grains with higher aspect ratios and a broader size distribution. Therefore, these 

local gradients may provide conditions for either triggering the discontinuous 

precipitation of Al3Sc particles or they may promote boundary motion at faster rates 

during heating if this latter phenomenon precedes the precipitation of large numbers of 

nanosized Al3Sc particles. Nevertheless, further studies are now needed to more fully 

elucidate the reasons for the superior thermal stability encountered after HPT at 450 K.  

The susceptibility for abnormal grain growth in alloys with second phases can be 

analysed by calculating a boundary stability factor () defined as follows [68]: 

 =
𝑘 𝑓 𝑑

2𝑟
 (7) 

The application of Eq. (7) assumes a broadening in the distribution of grain sizes 

which can be expressed as the ratio between the diameter of a single grain and the mean 

grain size [68]. According to this model, abnormal coarsening occurs when 0.25 <  < 1 

and this may arise concurrently with normal grain growth for 0.1 <  < 0.25. For  < 0.1, 
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the distribution of grain sizes may show some dispersion and grain growth should not be 

detected for  > 1. The various  values estimated in this study are given in Table 3.  

The boundary stability factor is estimated as ~1.20 MPa in the Al-Mg-Sc alloy 

after heat treatment at 573 K. At first sight, this apparently contradicts the model used to 

derive Eq. 7 but nevertheless the calculations of  considered the mean precipitate radii 

achieved at the end of annealing. It is possible, therefore, that boundary motion started 

before precipitation and the HAGBs were effectively hindered only after the formation 

of a critical number of nanosized particles. The  values for the Al-3Mg-0.2Sc alloy range 

from 0.64 to 0.35 after annealing at 623 and 673 K and this is consistent with the current 

results as abnormal grain coarsening was detected at these temperatures. After annealing 

at T ≥ 723 K, the distribution of grain sizes in the Al-Mg-Sc alloy is reasonably uniform 

and this also agrees with the model as follows from the  values shown in Table 3. 

For convenience, Fig. 13 shows schematically the most relevant microstructural 

changes occurring during heating for the Al-3Mg-0.2Sc alloy processed through 10 HPT 

turns at different temperatures. These illustrations demonstrate that after HPT at 300 or 

450 K there is no precipitation of Al3Sc dispersoids and the microstructures are composed 

of a homogenous array of ultrafine grains having similar overall sizes. Nevertheless, the 

grains are less elongated after processing at a high homologous temperature and there are 

then fewer free dislocations. Annealing at TH up to ~0.60 leads to a minor increase in the 

overall size of the grains and a reduction in the fraction of LAGBs. These combined 

factors produce a decrease in the yield and tensile strengths and permit the achievement 

of higher elongations during tensile testing at RT. 

An increase in the homologous temperature to ~0.65-0.75 produces abnormal 

grain coarsening in the Al microstructure and this occurs concurrently with the 

heterogeneous nucleation of Al3Sc dispersoids [69]. Conversely, the Al-3Mg-0.2Sc alloy 

displays a uniform array of grains having larger sizes after heating at TH > 0.75. This 
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follows from the higher boundary mobilities at these temperatures which permit the fast 

migration of grain boundaries prior to the precipitation of a large number of nano-sized 

particles [60]. The ageing kinetics are also accelerated at high homologous temperatures 

and this leads to particle coarsening and the achievement of larger equilibrium grain sizes. 

 

5. Summary and conclusions 

1- A solution-treated Al-3Mg-0.2Sc alloy was subjected to 10 HPT revolutions at 

RT ≈ 300 K or at 450 K to produce a uniform array of grains with an average diameter of 

~320 nm. Tensile testing together with XRD, EBSD and TEM analyses were conducted 

after processing and after subsequent annealing for 1 h at temperatures (T) up to 773 K.  

2- After HPT at RT, the alloy achieved yield and tensile strengths of ~590 and 680 

MPa, respectively. These values are significantly higher than after HPT at 450 K even 

though the microstructures of the Al-Mg-Sc alloy displayed nearly the same grain sizes. 

This is attributed to the higher density of stored dislocations after processing at ~300 K. 

3- There was evidence for the occurrence of dynamic strain ageing (DSA) during 

deformation at RT for the HPT-processed Al-Mg-Sc alloy annealed at T ≥ 523 K. Type 

B Portevin-Le Chatelier serrations were recorded in the flow curves after heat treatment 

at 523-573 K and there was a transition from type B to type C oscillations for T ≥ 623 K.  

4- Grain boundary, dislocation and solid solution strengthening are the main 

mechanisms operating during tensile testing at RT for the Al-3Mg-0.2Sc alloy after HPT 

processing and after annealing up to T ≈ 523 K. For T ≥ 573 K, the contribution from 

precipitation becomes relevant as the mean free path for dislocation motion is primarily 

determined by the interspacing between Al3Sc particles. 

5- HPT at 450 K produces grain structures with greater thermal stability in the Al-

3Mg-0.2Sc alloy than processing at 300 K. This may originate from the higher density of 

heterogeneously distributed dislocations along the microstructure formed during HPT at 
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RT as the local gradients may either trigger grain boundary migration at faster rates or 

provide conditions for the discontinuous precipitation of Al3Sc particles during heating. 

6- The grain structures of the HPT-processed material underwent abnormal 

growth during annealing at 623 < T < 673 K and this was not observed at other 

temperatures. This is consistent with the values calculated for the boundary stability 

factor () using a theoretical model derived for alloys having second-phase particles. 
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Figure captions: 

Fig. 1. Stress vs strain curves obtained at RT for the Al-3Mg-0.2Sc alloy processed by 

HPT at (a) 300 or (b) 450 K and annealed for 1 h at temperatures from 423 to 773 K. 

Fig. 2. (a) Yield stress, (b) tensile strength and (c) elongation to failure as function of 

annealing temperature for the Al-3Mg-0.2Sc alloy processed by HPT at (a) 300 or (b) 450 

K, annealed for 1 h and further tested in tension at RT. 

Fig. 3. Orientation maps of the Al-3Mg-0.2Sc alloy subjected to 10 turns of HPT at either 

(a) 300 or (b) 450 K. 

Fig. 4. Histograms of (a) the area fraction of grain diameters and (b) the misorientation 

angles of the Al-3Mg-0.2Sc alloy processed through 10 HPT turns at 300 or 450 K. 

Fig. 5. TEM micrographs and corresponding SAED patterns revealing grains and 

dislocation structures in the Al-3Mg-0.2Sc alloy processed through 10 HPT turns at either 

(a, b) 300 or (c, d) 450 K. 

Fig. 6. Orientation maps of the Al-3Mg-0.2Sc alloy subjected to 10 HPT turns at RT and 

subsequently annealed for 1 h at temperatures from 523 to 773 K. 

Fig. 7. Orientation maps of the Al-3Mg-0.2Sc alloy subjected to 10 HPT turns at 450 K 

and subsequently annealed for 1 h at temperatures from 523 to 773 K. 

Fig. 8. Average grain diameter as a function of annealing temperature for the Al-3Mg-

0.2Sc alloy processed through 10 turns of HPT at 300 either or 450 K. 

Fig. 9. (a, c) Bright and (b) dark field TEM and HRTEM images showing details of the 

(d) incoherent and (e, f) semi-coherent Al3Sc precipitates of the Al-3Mg-0.2Sc alloy 

processed by up to 10 turns of HPT at RT and further annealed at 673 K for 1 h. 

Fig. 10. (a, c, d and e) Bright and (b) dark field TEM images showing details of the Al3Sc 

precipitates of the Al-3Mg-0.2Sc alloy processed by up to 10 turns of HPT at 450 K and 

further annealed at 673 K for 1 h. 

Fig. 11. Histograms revealing the size distributions for the Al3Sc precipitates in the  

Al-3Mg-0.2Sc alloy processed by up to 10 turns of HPT at either 300 or 450 K and further 

annealed at 673 K for 1 h.  

Fig. 12. Plots of (a) yield strength as a function of d 
-0.5

 and (b) tensile strength as a function 

of elongation to failure for the Al-3Mg-0.2Sc alloy processed by HPT and further annealed 

for 1 h at temperatures ranging from 423 to 773 K. 

Fig. 13. Schematic illustration of typical microstructural changes in an Al-Mg-Sc alloy after 

HPT processing at RT or 450 K followed by annealing at different temperatures.  
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Table captions: 

Table 1. Crystallite size, microstrain and dislocation density for the Al-3Mg-0.2Sc alloy 

processed through 10 HPT revolutions at 300 or 450 K. 

Table 2. Volume fraction of Al3Sc particles (𝑓), mean precipitate radius (𝑟) and estimated 

Zener pinning pressure, Pz, for an Al-Mg-Sc alloy after heating at temperatures from 423 

to 773 K for 1 h. 

Table 3. Sum of the driving (Pd and Pg) and restraining (Pz) pressures for boundary 

migration (P) and factor for boundary stability () for the Al-3Mg-0.2Sc alloy 

processed through 10 HPT turns at 300 or 450 K after annealing for 1 h at temperatures 

from 423 to 773 K. 
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Figures: 

 

 

 

 

 

 

Fig. 1. Stress vs strain curves obtained at RT for the Al-3Mg-0.2Sc alloy processed by 

HPT at (a) 300 or (b) 450 K and annealed for 1 h at temperatures from 423 to 773 K. 
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Fig. 2. (a) Yield stress, (b) tensile strength and (c) elongation to failure as function of 

annealing temperature for the Al-3Mg-0.2Sc alloy processed by HPT at (a) 300 or (b) 

450 K, annealed for 1 h and further tested in tension at RT. 
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Fig. 3. Orientation maps of the Al-3Mg-0.2Sc alloy subjected to 10 turns of HPT at 

either (a) 300 or (b) 450 K. 
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Fig. 4. Histograms of (a) the area fraction of grain diameters and (b) the misorientation 

angles of the Al-3Mg-0.2Sc alloy processed through 10 HPT turns at 300 or 450 K. 
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Fig. 5. TEM micrographs and corresponding SAED patterns revealing grains and 

dislocation structures in the Al-3Mg-0.2Sc alloy processed through 10 HPT turns at 

either (a, b) 300 or (c, d) 450 K. 
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Fig. 6. Orientation maps of the Al-3Mg-0.2Sc alloy subjected to 10 HPT turns at RT 

and subsequently annealed for 1 h at temperatures from 523 to 773 K.  
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Fig. 7. Orientation maps of the Al-3Mg-0.2Sc alloy subjected to 10 HPT turns at 450 K 

and subsequently annealed for 1 h at temperatures from 523 to 773 K. 
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Fig. 8. Average grain diameter as a function of annealing temperature for the Al-3Mg-

0.2Sc alloy processed through 10 turns of HPT at 300 either or 450 K. 
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Fig. 9. (a, c) Bright and (b) dark field TEM and HRTEM images showing details of the (d) 

incoherent and (e, f) semi-coherent Al3Sc precipitates of the Al-3Mg-0.2Sc alloy 

processed by up to 10 turns of HPT at RT and further annealed at 673 K for 1 h.  
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Fig. 10. (a, c, d and e) Bright and (b) dark field TEM images showing details of the Al3Sc 

precipitates of the Al-3Mg-0.2Sc alloy processed by up to 10 turns of HPT at 450 K and 

further annealed at 673 K for 1 h. 
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Fig. 11. Histograms revealing the size distributions for the Al3Sc precipitates in the  

Al-3Mg-0.2Sc alloy processed by up to 10 turns of HPT at either 300 or 450 K and 

further annealed at 673 K for 1 h.  
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Fig. 12. Plots of (a) yield strength as a function of d 
-0.5

 and (b) tensile strength as a 

function of elongation to failure for the Al-3Mg-0.2Sc alloy processed by HPT and 

further annealed for 1 h at temperatures ranging from 423 to 773 K. 
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Fig. 13. Schematic illustration of typical microstructural changes in an Al-Mg-Sc alloy after 

HPT processing at RT or 450 K followed by annealing at different temperatures. 
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Table 1. Crystallite size, microstrain and dislocation density for the Al-3Mg-0.2Sc alloy 

processed through 10 HPT revolutions at 300 or 450 K. 

  
Processing condition Crystallite size 

(nm) 

Microstrain 

(%) 

Dislocation density 

(m-2  1013) 

HPT: 300 K, 10 turns 160 ± 2 0.048 ± 0.004 3.6 ± 0.4 

HPT: 450 K, 10 turns 190 ± 2 0.012 ± 0.002 0.7 ± 0.1 
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Table 2. Volume fraction of Al3Sc particles (𝑓), mean 

precipitate radius (𝑟) and estimated Zener pinning 

pressure, Pz, for an Al-Mg-Sc alloy after heating at 

temperatures from 423 to 773 K for 1 h. 

T 

(K) 

𝑓 
(%) a 

𝑟 

(nm) 

Pz 

(MPa) e 

573 0.50 1.0 b 2.43 

623 0.48 1.8 b 1.29 

673 0.46 
3.2-3.3 c 0.70-0.68 

3.5 d 0.64 

723 0.43 9.5 d 0.26 

773 0.33 21.5 d 0.08 

a Calculated from the Al-Sc phase diagram assuming 

equilibrium conditions at temperature of annealing [7]. 
b Average radius of Al3Sc precipitates in an Al-0.3Sc alloy 

aged for ~1 h [9]. 
c Values measured in the Al-3Mg-0.2Sc alloy in this research. 
d

 Mean radius of Al3Sc particles in an Al-0.25Sc alloy annealed 

for ~1 h [53]. 
e Calculated using Eq. 4 using  = 0.324 Jm-2 [65]. 
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Table 3. Sum of the driving (Pd and Pg) and restraining (Pz) pressures for 

boundary migration (P) and factor for boundary stability () for the Al-

3Mg-0.2Sc alloy processed through 10 HPT turns at 300 or 450 K after 

annealing for 1 h at temperatures from 423 to 773 K. 

Processing condition T 

(K) 

Pd 

(MPa) 

Pg 

(MPa) 
P  

(MPa) 

 

HPT: 300 K, 10 turns 

573 

0.04 3.04 

0.65 1.20 

623 1.79 0.64 

673 2.37 0.35 

723 2.86 0.11 

773 3.00 0.04 

HPT: 450 K, 10 turns 

573 

0.01 3.04 

0.62 1.20 

623 1.76 0.64 

673 2.36 0.34 

723 2.83 0.11 

773 2.97 0.04 
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Supplementary Material: 

 

 

 

 

 

 

Fig. 1A. XRD profiles for the Al-3Mg-0.2Sc alloy processed through 10 revolutions  

of HPT at either (a) 300 or (b) 450 K. 
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Fig. 2A. Histograms of the area fraction of grain diameters for the Al-3Mg-0.2Sc alloy 

processed by 10 HPT revolutions at 300 or 450 K and further annealed for 1 h at 

temperatures from 523 to 773 K. 
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Fig. 3A. Histograms of fraction of grain boundaries as a function of misorientation 

angle for the Al-3Mg-0.2Sc alloy processed by 10 HPT revolutions at 300 or 450 K  

and further annealed for 1 h at temperatures from 523 to 773 K. 


