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a b s t r a c t 

We tackle the role of austenite in multiphase steels on hydrogen diffusion systematically for the first 

time, considering a range of factors such as morphology, interface kinetics and the additional effect of 

point traps using both experiments and modelling. This follows the findings from part I where we showed 

that austenite cannot be parametrised and modelled as point traps under the assumption of local equi- 

librium, unlike grain boundaries and dislocations. To solve this, we introduce a 2D hydrogen diffusion 

model accounting for the difference in diffusivities and solubilities between the phases. We first revisit 

the as-quenched martensite permeation results from part I and show that the extremely low H diffu- 

sivity there can be partly explained with the new description of austenite but is partly likely due to 

quench vacancies. We then also look at the H absorption and desorption rates in a duplex steel as a case 

study using a combination of simulations and experiments. The rates are shown to depend heavily on 

austenite morphology and the kinetics of H transition from ferrite to austenite and that an energy barrier 

is likely associated to this transition. We show that H diffusion through the ferrite matrix and austen- 

ite islands proceeds at similar rates and the assumption of negligible concentration gradients in ferrite 

occasionally applied in the literature is a poor approximation. This approach is also applicable to other 

austenite-containing steels as well as other multiphase alloys. 

© 2020 The Authors. Published by Elsevier Ltd on behalf of Acta Materialia Inc. 

This is an open access article under the CC BY-NC-ND license 

( http://creativecommons.org/licenses/by-nc-nd/4.0/ ) 
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. Introduction 

Austenite is an important constituent in a number of mod- 

rn steels, such as (nano)bainitic, quenched-and-partitioned, du- 

lex and TWIP, as well as TRIP and TRIP-assisted steels. It is often 

esigned to be metastable and undergo displacive transformation 

nder applied strain, increasing both the work hardening of the 

teel as well as its ductility. However, the reliance on displacive 

ransformation for improving mechanical properties leads to inher- 

nt problems with hydrogen embrittlement (HE). Upon the trans- 

ormation of retained austenite (RA), any H is inherited by the re- 

ulting martensite in which local stresses are high and is known 
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o be very sensitive to HE [1,2] . In addition, RA acts as a trapping

ite for H that can slow down the rate of H diffusion in the mate-

ial significantly [3,4] and can absorb significant amounts of H [3] , 

hough not always [5,6] . These effects seem strongly dependent on 

ts volume fraction and morphology but the connection between 

hem and H diffusion has not yet been fully elucidated. Since the 

orphology of RA is related to its stability and therefore suscepti- 

ility to HE, a better understanding of the morphology–diffusion–

mbrittlement relationship would be beneficial. 

This is important even in steels in which austenite is stable, 

uch as duplex and superduplex steels. HE is a significant prob- 

em in these steels because they are used in H-rich service envi- 

onments in oil and gas as well as nuclear industries [7] . Their mi-

rostructure generally consists of equal parts of austenite and fer- 

ite. The austenite grains embedded in a ferrite matrix are highly 

longated ellipsoids as a result of hot rolling in the range of 10 0 0
. This is an open access article under the CC BY-NC-ND license 
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Table 1 

Chemical composition of 2205 duplex steel in wt%. 

C Si Mn P S Ni Mo Nb Cr Fe 

0.017 0.39 1.45 0.018 0.001 5.17 3.28 0.001 22.61 bal. 
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C used in the production of these steels [8] , and form a highly

nisotropic microstructure with a relatively low density of disloca- 

ions [9] and secondary phases. 

While a number of experimental studies on H diffusion in du- 

lex steels have been published, e.g. [10–22] , relatively few mod- 

lling studies are available [23–29] . H diffusion is characterised by 

he large solubility difference between ferrite and austenite which 

eads to diffusion against the concentration gradient from the for- 

er to the latter, making the diffusion process at the interface 

omewhat complex to treat numerically. The second characteris- 

ic stems from the anisotropy of microstructure. The morphology 

f austenite has a significant impact on the rate of diffusion – H 

iffusivity normal to the elongated direction of austenite grains is 

uch lower than that measured parallel to it [10] . 

These complexities have been addressed to various degrees by 

ifferent authors. Early attempts by Owczarek and Zakroczymski 

ssumed the microstructure to be austenite cylinders of varying 

adii embedded in a ferrite matrix [23,24] . They used analytical 

olutions for H flux from a cylinder and a plate in 1D to describe

 diffusion into/from the austenite and ferrite phase, respectively. 

iffusion in ferrite was assumed to take place on a series of path- 

ays of varying lengths, identified by fitting permeation data to 

he analytical expression for H flux. Sensitivity to microstructure 

as achieved by using different size distributions and path lengths 

or austenite and ferrite, respectively. Later authors discarded this 

pproach in favour of solving the diffusion equation numerically in 

D, although a number of them used considerable simplifications, 

uch as disregarding the differences in solubility [25] or both sol- 

bility and diffusivity [26] . Only a handful of studies considered 

oth [27–29] and investigated the effect of austenite morphology 

nd connectivity. However, most did not draw a comparison to 

xperimental data and all used simplified microstructures; only a 

ouple of recent studies considered the solubility and diffusivity 

ifferences between the two phases and compared modelling re- 

ults to diffusion experiments [30,31] . 

Another poorly understood problem is H interaction with the 

errite-austenite interface. Some studies conclude that it is an im- 

ortant trapping site [4,32] , although no first-principles studies of 

he interface exist to back this, despite the fact that other inter- 

aces, e.g. ferrite-carbide ones and grain boundaries in ferrite, have 

eceived significant attention [33–35] . We argued in part I of the 

eries that interface trapping does not seem significant and that 

rapping in the RA interior (bulk trapping) can explain experimen- 

al observations better, an idea supported by other studies [1,36] . 

t is also possible that there is an energy barrier associated to 

he transition of H between the phases, as was shown to be the 

ase for certain grain boundaries in nickel [37] . The presence of 

uch a barrier could retard the rate of H absorption into/desorption 

rom RA grains and make them more effective, albeit slow-acting 

raps. 

Here, H diffusion in mixtures of ferrite and austenite is stud- 

ed by accounting for the differences in solubility and diffusivity 

etween the two constituent phases in 2D. The effect of austenite 

orphology on the rate of diffusion is investigated and compared 

o experimental results. The kinetics of H diffusion from the ferrite 

nto the austenite phase are investigated as well and demonstrated 

o be a critical factor in the rate of H diffusion in a two-phase mi-

rostructure. In addition, the permeation experiments from part I 

f this series of papers are re-examined and the effect of austen- 
254 
te morphology on the time lag and the steady-state H flux are 

nvestigated. This could not be achieved with a simple 1D model 

sed there and so it had to be assumed that austenite films act as 

oint traps for which the assumption of local equilibrium holds. 

aving an explicit 2D description of austenite morphology pro- 

ides a physically more accurate picture of the diffusion process 

nd can be used to determine whether these two assumptions are 

easonable, thereby helping understand the role of austenite in H 

ehaviour in multiphase steels. 

. Materials and methods 

2205 duplex stainless steel of composition shown in 

able 1 was received in the form of a rolled plate. Samples 

.5 mm thick, 10 mm wide and 15 mm to 30 mm long were 

ut normal to the rolling and compression directions (see Fig. 1 ). 

hese conditions will hence be referred to as ROL and COM, 

espectively. All samples were given a 1200 grit finish. To make 

he sample used to measure the H concentration at saturation, 

ne of the COM samples was manually ground to a thickness of 

.1 mm to decrease the time needed for saturation. Additional 

amples were cut for X-ray diffraction (XRD) and microscopy. 

hey were polished to a 3 μm and a 1 μm finish for XRD and

icroscopy, respectively. Microscopy samples were then etched 

lectrochemically in a solution of 30% oxalic acid at an applied 

otential of 3 V for 15–20 s with the exposed surface of roughly 1 

m 

2 . 

The characterisation of the martensitic sample used to study H 

ermeation was described in part I of this series. 

.1. H charging and thermal desorption, SEM and XRD 

For more details about the experimental procedures the reader 

s referred to part I of this series – only new procedures are de- 

cribed here, e.g. the procedure for measuring the saturation con- 

entration. For the sample used to measure the saturation con- 

entration the charging solution was changed every two days to 

eep its chemistry as stable as possible. The charging time of 

.336 × 10 5 s was chosen based on an estimated effective diffusiv- 

ty of 10 −14 m 

2 s −1 , which was on the far lower end of the range

eported for duplex steels [10,23] . The estimated diffusion length 

uring this time was ~80 μm based on the approximate diffusion 

ength, x = 

√ 

Dt . This distance was well above the half-thickness of 

he sample and the charging time was therefore deemed sufficient 

or saturation. The purging time for the TDA of the charged sample 

as only 10 min to minimise H loss. 

XRD was used to measure the volume fractions of austenite and 

errite. Samples were given a 3 μm finish, cleaned with ethanol and 

hen placed on a single-crystal Si disk in order to avoid spurious 

iffraction peaks. A Bruker D8 Advance was used to perform the 

can from 38 ◦ to 126 ◦ 2 θ with a step size of 0.025 ◦ and a dwell

ime of 192 s. The Rietveld refinement algorithm in HighScore+ 

oftware was used for quantitative phase fraction analysis. In addi- 

ion, the March/Dollase model was employed as the microstructure 

as heavily textured. 

The samples for optical and scanning electron microscopy 

SEM) were polished to a 3 μm finish after which they were 

lectro-etched in a an aqueous solution of 30 wt% oxalic acid un- 

er an applied voltage of 2 V for 10–15 s. SEM was performed on 
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Fig. 1. (a) Schematic of the rolling process and the resulting microstructure normal to the (b) compression direction, (c) rolling direction and d) transverse direction. 
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he etched samples using an FEI Nova NanoSEM microscope in sec- 

ndary electron and backscattered electron modes. In both cases 

he applied voltage was 15 kV – 20 kV, the spot size was 5.5 nm 

nd the working distance 5.1 mm 

. Characterisation results 

The microstructure of the material is presented in Fig. 1 . The 

rains of austenite (bright) embedded in a ferrite matrix (dark) 

re coarse normal to the compression direction and thin and elon- 

ated in the transverse direction. The latter was chosen as the in- 

ut for diffusion simulations as it represents a limiting case in 2D 

the diffusion path is by far the most tortuous from the top to 

he bottom of Fig. 1 d. At the same time the micrograph shows the

hinnest dimension of the austenite grains which governs their sat- 

ration kinetics – if Fig. 1 b were used as input instead, the grains 

ould take unrealistically long to saturate with H in simulations. 

To obtain input masks for diffusion simulations, an SEM micro- 

raph taken normal to the transverse direction was processed in 

mageJ and Matlab. It was first filtered to increase the contrast be- 

ween the phases and somewhat smoothed prior to binarisation. 

he binarised image was then processed using different combina- 

ions of dilation and erosion steps – care was taken not to alter 

he ratio of pixels corresponding to ferrite and austenite. The pro- 

ess and its input/output are demonstrated in Fig. 2 . The masks 

n Fig., 2 also show the boundary conditions – the right-hand side 

as kept at a constant concentration, while the flux was taken to 

e zero elsewhere due to symmetry considerations. As mentioned, 

his mask is a representation of the microstructure normal to the 

ransverse direction and therefore shows the longest dimension of 

he austenite grains. Note also that the distribution of the latter is 
255 
imodal. The smaller grains are secondary austenite and given they 

ppear isotropic they likely formed during hot rolling. 

The processed mask, while true to the original image, has a 

omewhat lower fraction of austenite compared to experimental 

easurements: 55% versus 59 ± 3% determined by XRD. This is 

argely due to macrosegregation present in the rolled plate – opti- 

al microscopy showed that some regions clearly contained more 

ustenite than others. Regardless, given the error of the XRD esti- 

ate, the two values are sufficiently close. 

The microstructure of the as-quenched martensitic sample used 

o study H permeation was characterised in part I of this series. It 

ad an average grain size of 25.8 ± 0.4 μm, dislocation density of 

8.6 ± 1) × 10 15 m 

−2 and a a retained austenite volume fraction 

f (3.5 ± 0.6) × 10 −2 (a TEM image showing the austenite films is 

resented in Section 5 ). It also contained sparse MX carbonitrides 

nd some cementite, but their effect on H diffusion was estimated 

o be negligible. This is because their number density is very low 

10 20 m 

−3 ), which leads to a low trap density of 5 mol m 

−3 ( e.g.

ee Table 3 of part I for comparison against dislocations and grain 

oundaries). This value was obtained based on a scaling law for 

 trapping at nano-scale precipitates ( ~10 nm for carbonitrides) 

38] . 

. Modelling 

The diffusion model shown below was discussed in a previ- 

us paper [39] . It incorporates the effect of an arbitrary number 

f point traps and linearly changing temperature, although here 

nly a single trapping site is considered. Note that while the ef- 

ect of trapping on defects other than austenite was evaluated (see 

ig. 13 ), it was generally assumed to be negligible for reasons dis- 

ussed later. The diffusion is now treated in two dimensions, yield- 
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Fig. 2. Illustration of the process for obtaining the input for diffusion simulations. (a) original SEM image, (b) binarised image after processing, (c) the masks used in 

simulations together with the boundary conditions applied. The masks are tagged ROL (rolling direction) and COM (compression direction) because the direction of H 

diffusion is parallel to them in simulations – see arrows in (c). The dimensions of the masks were 300 μm by 250 μm, with one pixel corresponding to 1 μm. Brighter grains 

are austenite, while the darker matrix is ferrite. 
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∂c l 
∂t 

= 

( 

1 + 

m ∑ 

k =1 

V l 

V t k 

K t k 

(K t k + V l c l (1 − K t k )) 2 

) −1 

(
∇ ( J x + J y ) −

m ∑ 

k =1 

(
1 

V t k 

c 2 
l 
V 

2 
l 

− c l V l 

(K t k + V l c l (1 − K t k )) 2 
K t k �E t k φ

RT 2 

))
(1) 

ith 

 x = −D l 

∂c l 
∂x 

; J y = −D l 

∂c l 
∂y 

; (2) 

here V l and V t are molar volumes of interstitial lattice sites and 

rap sites, respectively. D l is the diffusivity of H in a defect-free 

attice, �E t is the trap binding energy, K t is its equilibrium con- 

tant defined as K t = exp (−�E t /R/T ) , T is the temperature, φ is

he heating rate and R is the gas constant. The basis for this model 

s the notion that the total hydrogen concentration can be split into 

attice hydrogen c l and hydrogen bound to trap c t and that the two 

opulations are in thermodynamic equilibrium expressed as 

 t = 

V l 

V t 

1 

K t + V l c l (1 − K t ) 
c l (3) 

This formulation works well for diffusion in a single phase but 

he difference in H solubility must be considered when dealing 

ith a mixture of austenite and ferrite as H may diffuse against 

he concentration gradient from the latter to the former. One way 

f incorporating this effect into the model is to recast the H lattice 

oncentration c l as a fraction of the reference solubility in a given 

hase, which can be defined at, for example, standard conditions 

or temperature and pressure. Reference solubility is a function of 

arameters other than the phase itself, most notably temperature 

nd stress state. An example of this is the built-in mass diffusion 

odel in Abaqus software [40] . This approach has also been con- 

idered by a few other authors [41,42] , although they did not at- 

empt to correlate their model predictions to real microstructures 
256 
nd experimental data. While the mass diffusion model in Abaqus 

s able to treat solubility differences it does not incorporate trap- 

ing effects which we initially wanted to explore. We therefore de- 

ided to write our own custom code. 

For Eq. (1) , we could use the same approach implemented in 

baqus to treat the solubility difference but this would result in 

aking additional derivatives on the right-hand side due to spa- 

ially varying solubility. This approach introduces some difficulties 

hen implemented in a simple explicit finite difference scheme 

sed here. The stability criterion becomes dependent on the ra- 

io of solubilities between the phases present – because this ratio 

an be in the range of 10 3 at the interface between austenite and 

errite, the scheme becomes prohibitively slow for diffusion calcu- 

ations. 

We therefore opted for another method instead. The interface 

etween ferrite and austenite can be treated separately and an ap- 

ropriate definition of local H flux can be found by recognising 

hat in a closed two-phase ferrite-austenite system with H, the ra- 

io of H concentrations in both phases can be approximated with 

he ratio of H solubilites. Unlike carbon segregation at elevated 

emperatures where the volume fractions of ferrite and austenite 

ay change to reach thermodynamic equilibrium we are only in- 

erested in H at room temperature. The volume fractions of the 

wo phases therefore remain constant because any phase transfor- 

ation is kinetically suppressed; H however, due to its high diffu- 

ivity, redistributes easily. This model effectively treats austenite as 

 bulk trapping site and assumes no trapping at the interface. 

.1. Ferrite-austenite interface 

The condition at the interface has received little attention in 

tudies dealing with diffusion of mixtures of austenite and fer- 

ite, even though it is expected to be an important factor. Two ap- 

roaches used in this work are explained and compared below. 

One way of obtaining the hydrogen flux at the interface is by 

reating it as an atomic bilayer of ferrite (subscript α) and austen- 

te (subscript γ ) [43,44] . The interface flux J between the two can 
i 
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E αγ and E γα . At the interface, the dotted line is the energy barrier equal to the activation energy for diffusion in ferrite, while the full one corresponds to that of austenite 

minus the segregation energy �E t . The dashed line indicates some excess energy barrier. (b) Illustration of the H fluxes from α to γ and vice versa . 
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1 If a block of ferrite and a block of austenite dissolve 1 mol m 

−3 and 10 0 0 mol 

m 

−3 in equilibrium with a H 2 atmosphere of 1 bar at room temperature, respec- 

tively, then, if the blocks were joined together, their H concentrations would also 

be in equilibrium with each other. 
e defined as 

J i = c ′ l ,α(1 − θl ,γ )�αγ − c ′ l ,γ (1 − θl ,α )�γα;

αγ = Zν0 exp 

(
−E αγ

RT 

)
= Zν0 exp 

(
−E bar 

RT 

)

γα = Zν0 exp 

(
−E γα

RT 

)
= Zν0 exp 

(
−E bar + �E t 

RT 

)
(4) 

here �αγ and �γα are the fractions of successful jump attempts 

er unit time from α-Fe to γ -Fe and from γ -Fe to α-Fe, respec- 

ively. E αγ and E γα are the corresponding energy barriers, illus- 

rated in Fig. 3 . They can be expressed as the energy difference be-

ween α-Fe and γ -Fe – which is equivalent to trapping energy �E t 
rom the concept of trapping – and the energy barrier, E bar . θ l still 

tands for lattice occupancy and the additional Greek subscripts 

tand for the phase the layer belongs to. c ′ 
l 

is the planar concen- 

ration of H on either side of the bilayer and can be approximated 

s the product of the lattice concentration c l and the Burgers vec- 

or b , which roughly corresponds to the thickness of the plane. At 

hermodynamic equilibrium, J i is zero and Eq. (4) collapses into 

he expression for local equilibrium ( Eq. (3) ). 

Next, the jump kinetics may be evaluated. The energy differ- 

nce between the two phases, i.e. the difference between the E γ
nd E α in Fig. 3 a, is on the order of 20 kJ mol −1 [45] , and the ac-

ivation energies for ferrite and austenite are 8 kJ mol −1 and 55 kJ 

ol −1 , respectively. Note that the activation energy refers to lat- 

ice diffusion – it is the energy barrier between normal intersti- 

ial sites in ferrite and in austenite. If the interface is assumed not 

o have any additional energy barriers, then E αγ and E γα are be- 

ween 8–35 kJ mol −1 and 28–55 kJ mol −1 , respectively, depending 

n whether the energy barrier at the interface is assumed to be 

hat of austenite (solid line) or that of ferrite (dotted line) (see 

ig. 3 ). The jump rate ν0 has been reported to in the range of

0 12 s −1 [46] . Using these values in a diffusion simulation reveals 

hat a near-equilibrium condition at the interface is established in 

inutes, implying that, initially, the interface flux is significantly 

arger than the flux in the austenite region close to the interface 

espite the large concentration gradients there. 

Assuming that there is no additional energy barrier for the tran- 

ition from α-Fe to γ -Fe, a simpler approximation can therefore be 

aken for the interface flux. At equilibrium the net interface flux 

s zero, otherwise the flux will be driven by the gradient in the 

hemical potential between the phases. For dilute solutions of H, 

t can be assumed that flux is driven by the concentration rather 

han the chemical potential gradient. Since the ratio of H concen- 

rations on both sides of the interface will be the same as the sol- 
257 
bility ratio 1 , the concentration difference between both sides can 

herefore be obtained by dividing the concentration in austenite by 

ts solubility ratio relative to ferrite, leading to 

 i = − D l 

δx 

(
c l ,α − c l ,γ

s r 

)
(5) 

here δx is the distance between α-Fe and γ -Fe plane and s r is 

he ratio of H solubilities in austenite ( S γ ) and ferrite ( S α) 

 r = 

S γ

S α
(6) 

In Eq. (5) the value of δx was approximated with the size of 

he discretisation step, which is significantly larger than the inter- 

ace width. Furthermore, the value of D l at the interface is not de- 

ned, but barring the presence of an energy barrier, it should lie 

etween the values for pure austenite and pure ferrite. Two cases 

ere tested, one in which the value of D l was a linear average of 

he two and one in which it was defined as the geometric average 

 l = 

√ 

D αD γ of the two limiting values. A simple 1D simulation 

as then run on a domain 30 μm in length, half of which consisted 

f ferrite while the other half consisted of austenite. A constant- 

oncentration boundary condition was used at the ferrite side and 

 zero-flux condition at the austenite side to simulate the depen- 

ence of the absorption rate versus the value of D l . The results 

ere compared to a more rigorously defined interface condition for 

iffusion in media with different solubilities and diffusivities de- 

ived by Crank [47] , also used by Enomoto [28] . It was found that

efining the interface D l value as a linear average overestimated 

he H absorption rate resulted in a difference of 40% relative to 

rank’s condition. Defining it as a geometric average yielded a rel- 

tive difference of –20% instead, both for a simulation time of 50 0 0 

. Differences, however, decreased with longer charging time. The 

esults are shown in Fig. 4 . Unfortunately, Crank’s condition is chal- 

enging to implement in 2D and is poorly parallelisable because it 

nvolves the use of ghost nodes around all interfaces. Therefore, 

q. (5) using a linear average of ferrite and austenite diffusivities 

as chosen as the condition representative of an interface without 

n energy barrier due to its faster convergence to Crank’s solution 

elative to using a geometric average of diffusivities. The absorp- 

ion rate is initially overestimated, which is expected to lead to an 

verprediction of the H absorption rate at shorter times for full- 

cale simulations. However, this error is expected to gradually be- 

ome sufficiently small over time. 
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For the interafce condition using Eq. (5) , using a geometric average introduces a 

smaller error initially but converges much slower than using a linear average. For 

the interface condition using Eq. (4) , the energy barrier needs to exceed some 50 

kJ mol −1 in order to achieve absorption slower than in the barrier-free case. 
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Fig. 4 also displays the effect of choosing Eq. (4) as the inter- 

ace condition. Depending on the energy barrier, it can yield higher 

r lower absorption rates relative to Crank’s condition, where the 

ritical value for this transition is between 50 kJ mol −1 and 55 kJ 

ol −1 . The results show that the definition of the boundary condi- 

ion at the interface is far from trivial and can have a large impact

n the predicted absorption rates. 

.2. Implementation and parameters 

The implementation of the diffusion model in Fortran was 

erformed in two dimensions using an explicit finite difference 

cheme. In the first step, the flux values in x and y directions 

ere calculated for all grid points using Eq. (2) . To treat the in-

erface between the ferrite and austenite the relevant grid points 

ere identified using masks and the flux in x and y directions was 

efined using either Eq. (4) or (5) . In the second step the mass

onservation law ( Eq. (1) ) was applied to update the lattice con- 

entration values on the entire grid. It was found that the size of 

he grid severely affected the length of the simulation even with 

elatively small grids. The code was therefore parallelised for GPU 

xecution using OpenACC directives for Fortran – the resulting im- 

lementation ran significantly faster on the GeForce Titan Black 

ompared to the implementation on the Intel i7-7700 processor for 

esh sizes larger than ~150 by 150 grid points. 

Even with parallelisation, the limitations of the explicit finite 

ifference scheme were readily apparent. The stability criterion en- 

orced a small time step for spatial discretisations below ~1 μm, 

mposing a limit on the smallest resolvable microstructural feature 
Table 2 

Parameters used in H absorption simulations in duplex steel. 

Parameter Value Ref. Comment 

c l,BC, γ 346.7 wppm - discussed in the p

�E t 19.17 kJ mol −1 [50,51] from H solubilitie

s r 2.16 × 10 3 [50,51] from H solubilitie

E bar varies [50,51] discussed above 

D α 3.87 × 10 −10 m 

2 s −1 [48] 

D γ 5 . 4 × 10 −7 exp (−53 . 9 /R/T ) [52] activation energy 

ν0 10 12 s −1 [46] 

Z 6 average of tetrahe

N l 2.0 ×10 5 mol m 

−3 [53] 

T 300 K - laboratory conditi

258 
xcept for the smallest of grids. In order to simulate H absorption 

n the duplex samples, however, a domain 250 μm in thickness and 

early the same in length was required for an accurate representa- 

ion of the microstructure, limiting the timescale simulated. 

Default simulation parameters are listed in Table 2 . Note that 

rapping, even though explored, was largely assumed to be neg- 

igible. This is because of the low defect density in the samples, 

esulting from the lack of precipitates, relatively large grains and a 

ow dislocation density. Dislocation measurements on duplex steels 

ave shown that the values in hot-rolled plates with a processing 

istory similar to the material used here were on the order of 10 12 

 

−2 [9] . They should therefore have a negligible impact on the rate 

f H absorption as demonstrated in part I of this series. The choice 

f D α is pertinent to this discussion – the value chosen here was 

ased on high-temperature gas permeation data on a ferritic stain- 

ess steel of a similar composition where trapping was assumed 

o be negligible [48] . The same authors also report a different fit 

o room-temperature data where trapping effects were significant, 

esulting in a D α value an order of magnitude lower. We chose 

he former because in the permeation experiments used to obtain 

he data, the boundary condition c l,BC was significantly lower than 

ere and trapping effects are particularly noticeable when c l,BC is 

ow. Indeed, other authors who used very high charging currents 

n permeation experiments detected diffusivities in the range of 

0 −10 m 

2 s −1 at room temperature for a similar annealed ferritic 

tainless steel [49] . However, note that this value is still about two 

rders of magnitude lower than in pure α-Fe and is likely due to 

eavy alloying with Cr, Mo and Ni which alters the average energy 

arrier for H jumps between interstitial lattice sites. Another pa- 

ameter to mention is Z which denotes the number of neighbour- 

ng interstitial sites for a H atom at the α- γ interface contributing 

o H flux. In austenite, H generally only occupies octahedral sites, 

hile in ferrite and BCC martensite it occupies tetrahedral ones 

45] . Of the 12 nearest neighbours of an octahedral interstitial site 

n austenite, 4 lie on the GB plane and do not contribute to H flux

cross the boundary, leaving 8 available sites. In ferrite, H occu- 

ies tetrahedral sites which have 4 tetrahedral nearest neighbours, 

one of which lie in the GB plane. Z is then taken as the average

f the two taking a simplified view of the GB as the average of the

wo phases. 

. Results and discussion 

.1. Retained austenite and diffusion in martensite 

It is first worthwhile to re-examine some of the experimental 

esults from part I of this series. There, H diffusion properties of 

hree different conditions of martensite were studied using perme- 

tion and thermal desorption experiments and it was found that a 

mall amount of RA (3.5 × 10 −2 ) in the as-quenched condition de- 

reased the effective diffusivity by an order of magnitude relative 

o the tempered sample with the same dislocation density, grain 
aper 

s of γ -Fe and α -Fe at standard conditions 

s of γ -Fe and α-Fe at standard conditions 

in kJ mol −1 

dral (4 neighbours, α - Fe) and octahedral (8 neighbours, γ - Fe) 

ons 



A. Turk, S.D. Pu, D. Bomba ̌c et al. Acta Materialia 197 (2020) 253–268 

100 101 102 103 104

Time /s

0

1

2

3

4

5

C
ur

re
nt

 d
en

si
ty

 /A
 m

-2

10-3

b) as-quenched
tempered

a)

Fig. 5. (a) TEM image of the as-quenched microstructure showing austenite films. (b) Permeation curves for as-quenched and tempered martensite. 
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Fig. 6. Schematic input microstructures for H permeation simulations in the pres- 

ence of austenite (in black). The arrow indicates the general direction of H flux 

which is tortuous in the presence of austenite – more so when the islands are 

aligned normal to the diffusion direction. 

s
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r
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e

ize and carbide distribution. While RA was treated as a point trap 

ssuming local equilibrium, we showed that this assumption was 

ot physically sound and that austenite should be modelled ex- 

licitly. Fig. 5 a is a TEM image of the as-quenched microstructure 

howing austenite films of width ~10 nm – 20 nm and b) the per- 

eation curves for the as-quenched and tempered (300 ◦C) sam- 

les showing significant differences in the time lag between each 

ondition. 

As austenite forms films on lath interfaces, it should not only 

ct as a H sink but also as a morphological obstacle to diffusion. 

e can therefore imagine two limiting scenarios – one in which 

ustenite films are arranged normal to the direction of diffusion, 

eading to a more tortuous diffusion path both in the transient 

nd steady-state regimes, along with austenite acting as a sink in 

he former. The other limiting scenario is one in which austen- 

te films are arranged parallel to the direction of diffusion – here 

he transient regime will be heavily affected by H trapping but the 

teady-state regime should only be affected by the volume fraction 

f austenite which is relatively small. Of course, the real morphol- 

gy of RA is generally more complex but can be assumed to lie 

etween these two limits. 

With this in mind, H permeation through simplified input mi- 

rostructures containing either no austenite films, films oriented 

ormal to the diffusion direction or films parallel to it and fi- 

ally blocky RA was simulated. The model parameters are listed 

n Table 2 and the definition of H flux at the austenite-ferrite in- 

erface was taken from Eq. (5) . The total thickness of the perme- 

tion domain was 741 μm and representative input microstructures 

re shown in Fig. 6 – dispersed austenite consists of small austen- 

te islands uniformly dispersed in the matrix. In all cases where 

ustenite is present its volume fraction is ~3.5 × 10 −2 to reflect 

he experimentally measured volume fraction. The morphology of 

ustenite chosen here was somewhat arbitrary due to the lack of 

ufficient experimental data but representative of the thin and dis- 

ontinuous arrangement of interlath austenite films generally ob- 

erved in martensitic steels, as shown in Fig. 3 in Part I. The size

f the blocky austenite islands was ~30 μm, whereas the austenite 

lms were 75 μm long and 9 μm wide, 45 μm long and 9 μm wide

nd 75 μm long and 3 μm wide in the case of films normal to the

 diffusion path, parallel films and thin parallel films, respectively. 

he dispersed austenite films were 1 μm in size. The flux was nor- 

alised over the height of each grid to eliminate the effect of it 

arying as a result of changing the austenite morphology. 

The resulting permeation transients are shown in Fig. 7 a. Since 

he steady-state flux scales with the product of H diffusivity and 
259 
olubility, pure ferrite has the highest flux. At room temperature, 

 solubility in austenite is ~10 3 times higher than in ferrite, while 

iffusivity is ~10 6 times lower. The steady-state flux is therefore 

round ~10 3 times lower in pure austenite compared to pure fer- 

ite. Microstructures containing both phases are expected to lie be- 

ween these two limiting cases. Indeed, all microstructures with 

ustenite show a reduction in the time lag and steady-state flux 

elative to pure ferrite, with austenite films normal to the direc- 

ion of diffusion having the largest impact. The variation in steady 

tate flux with austenite morphology is because grains of austenite 

mbedded in ferrite act as a sort of diffusion obstacle whose effect 
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Fig. 7. (a) Permeation transients of microstructures shown in Fig. 6 . Austenite significantly decreases both the time lag as well as the steady-state flux (see inset on top right 

for a comparison with pure ferrite). (b) Experimental transient of as-quenched martensite and comparison of simulation results using various austenite morphologies. The 

more finely dispersed the austenite the more pronounced the trapping effect. (c) Effect of refining the austenite island size along with the discretisation step. Diminishing 

size results in a notable increase in time lag. 

Table 3 

Parameters used in H permeation sim- 

ulations on martensite. 

Parameter Value 

c l,BC, γ 3.7 × 10 −3 mol m 

−3 

�E dis 20 kJ mol −1 

�E GB 30 kJ mol −1 

N dis 8.6 × 10 3 mol m 

−3 

N GB 56 mol m 

−3 

D α 8.97 × 10 −9 m 

2 s −1 

N l 2.0 × 10 5 mol m 

−3 

T 300 K 
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epends on the size and alignment of the austenite islands with 

espect to the direction of H flow. 

A few conclusions can be drawn from this simulation. First, if 

ustenite films in martensite are not too elongated (i.e. do not 

ompletely envelop laths and/or are discontinuous) they do not 

bstruct the H diffusion path significantly. In this case, the steady- 

tate H flux may only be minimally affected and may lie within the 

rror of the experiment. If that is indeed the case it is very likely 

hat the time lag in the as-quenched martensite sample in part I 

s in large part due to trapping in austenite. To corroborate this, a 

atio can be estimated between the experimental time lag (time to 

each 63% of the steady state current [54] ) shown in Fig. 5 b for the

s-quenched (~15,0 0 0 s) and tempered (~150 0 s) conditions giving 

10; the same estimate considering our simulations for austenite- 

ontaining ferrite, where the time lag is 300 s – 750 s, and 10 s 

or pure ferrite, gives a ratio in the range of 30–75. For simplified 

onditions the predicted effect austenite has in H diffusion in fer- 

ite is roughly of the same order of magnitude than that measured 

xperimentally. A more complex case is explored next. 

We also ran a permeation simulation more representative of the 

s-quenched sample from part I, accounting both for point traps 

s well as austenite. The simulation parameters were taken from 

art I and are listed in Table 3 . Those not listed are the same as in

able 2 . Different austenite morphologies from Fig. 6 and a volume 

raction of 3.5 × 10 −2 were used. The results are shown in Fig. 7 b

the presence of austenite significantly increases the time lag and 

omewhat decreases the steady-state flux. The combined effect of 

oint traps and austenite underestimates the experimentally mea- 

ured time lag. However, it is important to note that the smallest 

ustenite feature used was on the order of 3 μm, while the films of 

etained austenite in martensite are only a few nanometres thick 
260 
 ~10 nm - 20 nm), a difference of several orders of magnitude. 

ince it can be seen that time lag increases with the decreasing 

ize of austenite features (compare blocky and thin films), further 

eduction in their size is eventually expected to result in a perme- 

tion transient more similar to the one observed in experiments. 

ig. 7 c illustrates this effect. Austenite islands normal to diffusion 

irection in ferrite were chosen as an example; ferrite was with- 

ut point traps to isolate the effect of decreasing austenite island 

ize on time lag. As the width of austenite islands decreases from 

8 μm to 1.5 μm, the time lag increases from 767 s to 1287 s. Fur-

her refinement was not possible due to numerical constraints, but 

he time lag was extrapolated by fitting the results to a power–

aw function. The time lag was taken when the flux is ~2 × 10 −8 

ol m 

−2 s −1 s −1 ( ~63% of the steady state current), giving 767 s, 

45 s, 1060 s and 1287 s for austenite widths of 18 μm, 9 μm,

.5 μm and 1.5 μm, respectively; these values were fitted to the 

unction t = 1418 w 

−0 . 22 s , where t and w are time lag and austen-

te width, respectively, with r 2 = 0 . 98 . This formula predicts that 

ustenite islands ~10 nm across cause a time lag on the order of 

905 s. Adding the effect of point traps to the total time lag is then

n the range of 5900 s. The combined effect still falls somewhat 

hort of the observed time lag in as-quenched martensite. This in- 

icates that an appreciable effect may be due to quench vacancies 

s mentioned in part I. 

Another feature to note is that the flux rise in Fig. 7 a and b is

hallower than experimentally observed in the as-quenched sam- 

le – this is partly a morphological effect. A finer austenite disper- 

ion leads to a larger time lag as it decreases the time needed for 

he saturation of the islands [27] . This is apparent from the com- 

arison of the permeation transients of blocky RA and elongated 

A aligned parallel to H flux in Fig. 7 a – the blocky islands take 

 longer time to saturate and lead to a faster rise in permeation 

ux but diffusion also needs a longer time to reach steady state. 

owever, having identified that quench vacancies likely play some 

ole, their presence would also help explain the steep flux rise in 

s-quenched martensite since this is characteristic of strong point 

raps as identified in Part I. 

.2. Discussion 

It is worth mentioning that the intention in this section is 

o assess the influence of fine austenite films dispersed within 

 martensitic matrix on H diffusion, but not to actually repro- 

uce in detail the experimental permeation curves in Fig. 5 b. 
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he microstructure of martensite is very complex and there is no 

lear understanding how retained austenite within it is distributed. 

artensite is hierarchically structured with a high density of high- 

ngle grain boundaries, 1 μm to 30 μm in size, and each subgrain 

as a fine distribution of (low-angle) laths, some ~250 nm wide; 

ustenite films are located at the lath boundaries but they may not 

e present on each one or cover the boundaries entirely. As such, 

t would be helpful to simulate permeation using nanometre-sized 

lms, representing austenite morphology more closely mimicking 

hat of as-quenched martensite. Unfortunately, this is computa- 

ionally infeasible: assuming the average thickness of the austenite 

lms is ~10 nm and their spacing is ~250 nm, at least 741 μm 

260 nm ≈ 2850 austenite islands per unit height are needed in 

he simulation, requiring a very large mesh. We would next have 

o consider that austenite films have a different orientation at dif- 

erent grains/subgrains and that they may not be present on ev- 

ry boundary. In addition, with an explicit finite-difference scheme 

sed in this work and a dx on the order or a few nanometres, dif-

usion times on the order of a few microseconds at best could be 

chieved due to the constraint on the maximum time step. A bet- 

er numerical approach would require a specialised study, possibly 

sing an effective-medium approach similar to those used for the 

imulation of diffusion-reaction processes in porous media [55] . 

onetheless, since we were able to show in Fig. 7 a and 7 c that,

or the simple case of pure ferrite, fine islands of austenite indeed 

ncrease the permeation time lag by an order of magnitude, the 

resent model should be able to capture such effects in marten- 

ite if more detailed information of the austenite morphology is 

vailable. The morphology in part I should ideally be characterised 

y a tomographic technique in order to fully quantify the effect of 

ustenite on the time lag. However, as we have found no reported 

nstances of the 3D characterisation of retained austenite at this 

ength scale in the literature, we conclude that this may be out- 

ide of the reach of current experimental techniques. Finally, we 

hould remark that quench vacancies are likely to have an appre- 

iable impact on the observed time lag in as-quenched martensite. 

his is a poorly understood topic that has significant implications 

or H diffusion and would be worthwhile quantifying in the future. 

The permeation simulations presented also indicate that the 

resence of RA can decrease both the effective diffusivity, as well 

s the steady-state permeation current. Previous studies on the ef- 

ect of austenite on permeation curves are in line with this ob- 

ervation. Kim et al. [56] studied a ferritic and a TRIP steel with 

imilar compositions, where different volume fractions of austen- 

te in the TRIP steel were achieved with deformation. Just like 

ur simulations show, the presence of austenite both increased 

he time lag as well as decreased the steady-state H permeation 

urrent. Similarly, Lan et al. [57] used H permeation on bainitic 

teel weldments exhibiting different volume fractions of what they 

ermed the martensite-austenite constituent. The permeation time 

ag increased and steady state current decreased with increasing 

artensite-austenite content. However, our simulations also show 

hat the effect of RA strongly depends on its morphology. If the 

ffective surface area of RA per unit volume is large, its volume 

raction low and its morphology such that it does not apprecia- 

ly obstruct the H diffusion path, the effective diffusivity is sig- 

ificantly reduced, but the steady-state flux may not change ap- 

reciably. Conversely, if the morphology does obstruct the H dif- 

usion path, both the steady-state flux and the effective diffusiv- 

ty change. This has implications for the analysis of experimental 

ermeation data in steels where the variation in steady-state flux 

etween different microstructural conditions is frequently not re- 

orted or analysed despite the fact that it may contain information 

n austenite morphology. 

The work presented in this series enables the modelling of H 

iffusion in martensite and ferrite accounting for the trapping ef- 
261 
ects of a number of distinct defects, which has, to our knowl- 

dge, not been reported before. By knowing the defect density 

nd, when austenite is present, austenite morphology, it is possible 

o model H diffusion without prior parameter calibration. More- 

ver, the inaccuracies in modelling retained austenite in martensite 

eem to be mostly due to a lack of more accurate input morphol- 

gy, as well as its distribution within the hierarchical structure of 

ath martensite, and the numerical constraints of the scheme used, 

oth of which can be improved in the future. The current imple- 

entation is better suited to microstructures with coarser austen- 

te features whose morphology is understood well, such as those 

n duplex steel. To corroborate this, the latter is explored next. 

.3. Diffusion in duplex steels 

First, the case of ferrite-austenite boundary condition based on 

q. (5) was modelled using as input the masks and boundary con- 

itions in Fig. 2 . The constant-concentration boundary condition 

as calibrated using the experimentally obtained saturation con- 

entration. Virtually all H in the saturated sample can be assumed 

o reside in austenite, due its large H solubility. Dividing the sat- 

ration concentration by the volume fraction of austenite in the 

teel yielded a H concentration of 346.7 wppm in the austenite 

hase. The boundary condition for ferrite was obtained by simply 

ultiplying this value by the solubility ratio s r . The results of the 

imulations of COM and ROL samples are shown in Figs. 8 and 9 ,

espectively. H penetrates only a short distance into the COM mi- 

rostructure in contrast with the ROL one after 6 × 10 4 s. 

The simulated rate of H absorption from the model was then 

ompared to experimental values measured with thermal desorp- 

ion analysis. The standard error was measured directly. However, 

n a previous study of the effect of deformation on the H absorp- 

ion of the same material, the charging procedure was shown to 

roduce a standard relative error of ±7%. Since the error was 

ased on a set of measurements comparing as-received to cold- 

orked material, most of it is likely coming from the microstruc- 

ural changes due to trapping and very little from the charging 

rocedure itself [22] . The results of the model and the experimen- 

al data are shown in Fig. 10 . It is clear that H absorption is consid-

rably slower in COM samples, that is normal to the largest facet 

f the austenitic grains, in simulations as well as experiments. In 

oth cases, the charging times were too short to reach the satura- 

ion value of 208 wppm. However, the simulations suggest much 

ore rapid absorption kinetics compared to the experiments. This 

as unexpected, particularly in the COM sample, where the geo- 

etrical considerations discussed before should result in an un- 

erestimate of the rate of H absorption. If anything, simulating the 

roblem in 3D would result in even higher absorption rates given 

hat the austenite grains are less elongated in the in-plane direc- 

ion which would provide a short-cut for H diffusion, if taken into 

ccount. Assuming the absence of strong/dense traps which could 

low down H absorption, the only explanation for this observation 

s that H diffusion into austenite grains is limited by a significant 

nergy barrier associated to the transition of H from ferrite into 

ustenite. 

Note that H penetration into the ferrite region, even in the ROL 

ase ( Fig. 9 , bottom row), is very slow. Significantly slower, in fact, 

han in single phase ferrite, in which the characteristic diffusion 

ength from x = 

√ 

D αt is on the order of 1.7 mm after a charg- 

ng time of 7200 s. At this time, a ferrite sample 0.5 mm thick 

ould have long been saturated with H. From Fig. 9 , however, it 

s clear that in the duplex steel the ferrite matrix is far from sat- 

ration, despite the fact that there is little tortuosity associated to 

 diffusion in ferrite as the austenite grains are oriented parallel 

o the diffusion direction, forming mostly straight ferrite channels. 

he continual absorption of H into the austenite phase therefore 
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Fig. 8. Maps of H concentration in ferrite (top row) and austenite (bottom row) in the simulated COM sample at different times. Diffusion direction is from right to left. 

Fig. 9. Maps of H concentration in ferrite (top row) and austenite (bottom row) in the simulated ROL sample at different times. Diffusion direction is from right to left. 
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ecreases the rate of diffusion in ferrite dramatically. This demon- 

trates that treating H diffusion in ferrite and in austenite indepen- 

ently, as in some previous studies [23,24] , is an oversimplification 

f the problem. 

The results also show that the simulated H absorption rates 

verestimate experimental data, particularly for short charging 

imes and for the ROL sample, as illustrated in Fig. 10 . Given that

he values of lattice diffusivity in ferrite and austenite are known 
262 
o be close to the values used here and that trapping effects are 

nlikely to play a significant role as discussed later, the most prob- 

ble cause for this is that the kinetics of H absorption into austen- 

te are in fact much slower than those resulting from Eq. (5) . To

xamine the effect of absorption kinetics, H diffusion into a small 

 μm rectangular domain of austenite embedded in a ferrite ma- 

rix was simulated. As in the simulations above, the boundary con- 

itions were set to zero-flux on three of the edges while on one 
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f them a constant-concentration boundary condition was applied. 

he results shown in Fig. 11 demonstrate that applying Eq. (4) can 

ndeed result in much slower H absorption compared to Eq. (5) . 

he difference only becomes significant, however, when E bar ex- 

eeds about 50 kJ mol −1 . 

To see whether a better agreement to experimental data could 

e obtained, another set of simulations was run using Eq. (4) to 

efine the flux at the ferrite-austenite interface with E bar values 

f 50 kJ mol −1 and 55 kJ mol −1 . The results are shown in Fig. 12

nd exhibit a better agreement to experimental data, particularly 

t shorter diffusion times. This indicates that there is likely an en- 

rgy barrier associated to the transition of H from the ferrite ma- 

rix into the islands of austenite. The model begins to underpredict 

he absorption rate for the COM samples and that the simulated 

ifference in the absorption rates between COM and ROL sam- 

les is larger than the experiments suggest. This will be discussed 

ater. 

The initial overprediction of the absorption rate from the model 

ay also be related to transient effects related to subsurface phe- 

omena. If that is the case, the boundary conditions need to be 

ime-dependent and calibrated accordingly. However, not much lit- 

rature relevant to the particular case of H generation on the sur- 

ace of iron in an aqueous solution was found and thus boundary 
263 
onditions during charging were assumed to be constant. Nonethe- 

ess, there are several possible complicating factors that might 

ake the boundary conditions time-dependent: (1) The presence 

f an interface chromia layer during H charging. Only one study 

as found attempting to quantify this effect [58] . The authors 

ound that due to its slow H diffusion coefficient, an oxide layer 

an act as a permeation barrier. However, this effect was not quan- 

ified with sufficient accuracy as to be used in our study. Assuming 

he chromia layer remains constant, its presence is already implic- 

tly taken into account with the experimentally determined bound- 

ry condition. If however, the layer dissolves during charging, it 

ay result in a gradual increase in the adsorption rate up until it 

s completely reduced. This could explain the discrepancy between 

he model and the experiment for short charging times. However, 

urther work would be required to quantify the kinetics of the ox- 

de layer formation/dissolution in duplex steels and understand the 

olubility and diffusivity of H in the layer to predict this effect. (2) 

ome literature suggests austenitic steels may develop a thin hy- 

ride layer during cathodic H charging [59] , which would imply 

hat H absorption is initially accelerated due to the formation of 

ydrides. Subsequently, these hydrides may act as obstacles, limit- 

ng the rate of H accumulation in the sample. Hydride formation 

herefore cannot provide an explanation for the discrepancy. Re- 

ardless, in a duplex steel, this mechanism would likely apply to a 

esser degree since to the authors knowledge, there is no experi- 

ental evidence of hydrides forming in ferrite. (3) Austenite grains 

n a similar duplex steel have been shown to undergo a partial 

artensitic transformation during charging [60] . It might be pos- 

ible that this increases the absorption rate due to the generation 

f defects in austenite. Again, however, this would imply that the 

xperimental absorption rate should be faster than the model sug- 

ests and does not explain the discrepancy. In any case, the pres- 

nce of surface damage in our samples was unlikely. In a previous 

tudy on the same steel a similar solution but a much higher cur- 

ent density were used for H charging. No surface damage was ob- 

erved [22] . (4) The kinetics of H absorption slow down over time 

ue to electrochemical processes, perhaps a slight change in the 

omposition of the charging solution or the surface of the metal. 

hat would imply that the constant-concentration boundary con- 

ition used in the simulations is inaccurate and that it would ac- 

ually need to be a decreasing function of time. In future work, 

his assumption could be verified by performing a permeation ex- 

eriment using the same charging conditions as in the manuscript. 

urrently, however, there are no relevant studies available. In sum- 
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ary, surface phenomena are complex and it is likely that had 

n impact on the experimental results that was not considered in 

ur model. More experimental analysis is required to better un- 

erstand the rate-controlling effects at the surface so they can be 

ncorporated into the model. This is an important topic that has 

ot been sufficiently elucidated and a crucial component in a bet- 

er understanding of H diffusion and embrittlement. 

.3.1. Effect of trapping in ferrite 

We also tested the effect of traps on the H absorption rate us- 

ng the interface boundary conditions from Eq. (5) to see whether 

hey can appreciably reduce it. To ensure significant trapping in 

errite, a relatively high binding energy �E t of 45 kJ mol −1 was 

hosen. Trap-free austenite was assumed as it was expected that 

rapping in ferrite would be the key factor in decreasing the ab- 

orption rate. Several simulations were ran on the ROL microstruc- 

ure exploring the effect of trap density. The results are displayed 

n Fig. 13 and show that traps actually increase the H absorption 

ate. This can be understood in the following way: despite the fact 

hat trapping decreases the effective diffusivity in ferrite, the de- 

rease is not significant enough to affect the H absorption rate into 

ustenite considerably. While the latter is somewhat decreased, the 

dditional H bound to traps in ferrite is more than enough to offset 

his decrease. H trapped in ferrite becomes a significant fraction of 

he total H in the sample at high N t values. Very similar results 

ere obtained when the same trapping parameters were applied 

o both ferrite and austenite. 

These results are in line with the observations in part I where 

he initial insight from modelling was that a higher trap density 

lways results in a larger H absorption rate due to the contribu- 

ion of trapped H, despite the fact that the effective diffusivity of 

 decreases. Simply put, the flux of H being funneled into traps is 

lways larger than the flux of H towards the centre of the sam- 

le, in agreement with the local equilibrium condition. Further- 

ore, since the density of dislocations in hot-rolled duplex steels 

as been shown to be low [9] and other defects (grain boundaries, 

acancies and carbides) were either relatively sparse or completely 

bsent, trapping effects are unlikely to play an important role in 

uplex steel. 

.3.2. Thermal desorption analysis: modelling and experiments 

To correlate H absorption to austenite orientation, further anal- 

sis was done on the thermal desorption data. Fig. 14 shows the 

xperimental desorption curves for (a) COM and (b) ROL for differ- 

nt charging times, 2 h, 8 h and 16 h; the area under each curve
264 
orresponds to the total concentration estimated in Figs. 10 and 12 . 

here are two peaks in both conditions, one between 75 ◦C and 

00 ◦C and another one around 270 ◦C. The height of the peaks 

n ROL samples was systematically higher than their counterparts 

or COM samples (note the limits in the y axis are different), con- 

istent with more H being measured in the ROL samples ( Fig. 10 ).

n COM samples, the temperature of the first peak increases with 

ncreasing charging time, while the second peak stays nearly con- 

tant. As for ROL samples, the second peak seems to increase at a 

imilar rate as the first one. In addition, the second peak in COM 

amples seems more pronounced than in ROL, e.g. the height of 

oth peaks after 2h of charging is very similar but then seems to 

aturate for longer charging times. The second peak in the ROL 

amples is possibly shifted to lower temperatures, but since only 

 slight shoulder is visible it is difficult to determine its exact lo- 

ation, although it seems ~30 ◦C lower than the one in COM sam- 

les. 

TDA simulations of the microstructures charged for 16 h were 

onducted to understand the origin of the peaks observed exper- 

mentally. The initial concentration was that from the previous 

harging simulation, followed by a 600 s desorption at 300 K, using 

q. (6) for the conditions at the ferrite-austenite interface. All the 

odel parameters were kept the same except for D α , which was 

issing temperature dependence. To rectify this, the activation en- 

rgy was assumed to be the same as in pure ferrite (3.85 kJ mol −1 

61] ) and the prefactor was rescaled to match 3.87 × 10 −10 m 

2 s 
1 (used previously) at 300 K. The predicted desorption curves are 

hown in full lines in Fig. 14 c and the corresponding concentration 

istribution in the COM sample is shown in Fig. 15 ; the ferrite- 

ustenite interface conditions were from Eq. (5) . The model suc- 

essfully predicts the occurrence of the two peaks, where the sec- 

nd peak is due to back diffusion (discussed below), and in the 

OM sample it also captures the height of the peaks. However, 

he height and location of the first peak for ROL sample is much 

ower than experimentally observed, whereas the second peak is 

redicted to be more pronounced and shifted to higher temper- 

tures. This discrepancy is likely due to the barrier effect at the 

errite-austenite interface since further TDA simulation results us- 

ng a barrier energy of 55 kJ mol −1 ( Fig. 14 c, dashed lines) show

n appreciably better correlation to the experimental data for the 

OL case, and an equally good one for the COM case. This further 

orroborates the conclusion about the presence of a diffusion bar- 

ier energy at the ferrite-austenite interface. In the case of the ROL 

ample, the barrier energy reduces the H flux from austenite to 

errite at low temperatures, meaning most H is retained in the 

ustenite near the surface. This decreases the back diffusion ef- 

ect, producing an earlier onset of the second peak. For the COM 

ample, the austenite morphology itself prevents excessive back 

iffusion even when no interface barrier energy is present there- 

ore the two desorption curves appear quite similar. Other rea- 

ons for the discrepancies are the same discussed in the previous 

ections. 

The H distribution in the COM samples ( Fig. 15 ) shows that 

ost H is located at the surface near the location of the first peak 

99 ◦C) which can diffuse out as the temperature increases, while 

 part continues diffusing to the centre (seen at 200 ◦C). At 350 

C, the remaining H is in the centre of the sample (left-hand side). 

he back diffusion effect is consistent with findings in single-phase 

CC alloys where H is concentrated near the surface after charg- 

ng. For instance, we reported the back diffusion effect in previous 

tudies on GB trapping in Fe-Ni FCC alloys [39] and on H diffu- 

ion in an austenitic steel [62] . The same finding was reported by 

laeys et al. [31] studying thermal desorption of duplex steel. Sam- 

les that were not saturated with H showed two distinct peaks, the 

econd one due to back diffusion, and a only single peak for fully 

aturated samples. 
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Fig. 15. Maps of normalised H concentration in ferrite (top row) and austenite (bottom row) in the simulated COM sample at different desorption temperatures. Diffusion 

direction is from right to left. Concentration is normalised relative to the maximum value in the domain at every temperature to better illustrate H distribution. 
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.3.3. Discussion 

The study of H absorption rate on the duplex samples again 

ighlights the importance of austenite morphology but also reveals 

ome unexpected behaviour. In the simulated COM sample, with 

ustenite plates normal to the H diffusion direction, the absorp- 

ion rate was expected to significantly underestimate the experi- 

entally measured values. This is because in our 2D simulations, 

he austenite grains were effectively infinitely long normal to the 

nput microstructure. In reality, and as apparent from Fig. 1 b, that 

imension may in fact be fairly small, providing a short diffusion 

athway. Despite this, the simulated absorption rate was equal to 

r slightly lower than measured. It was shown that trapping effects 

annot explain this since they only further increase the absorption 

ate. It is also unlikely to be due to our underestimating of the lat- 

ice diffusion coefficients in ferrite and austenite, which are at the 

ery bottom end of values reported for ferrite and austenite [52] . 

nstead, the most plausible explanation seems to be that an en- 
265 
rgy barrier is associated to the H transition from ferrite to austen- 

te, which decreases the overall rate of H absorption. However, in 

he COM sample, with austenite plates normal to the H diffusion 

irection, the potential decrease in absorption rate due to an en- 

rgy barrier is difficult to deconvolve from the decrease due to the 

forementioned missing dimension. It is instead more instructive 

o look at the ROL samples where austenite plates are parallel to 

he H diffusion direction. There, adding an extra dimension would 

ot add a short diffusion pathway. The absorption kinetics would 

herefore be expected to stay the same and so the simulations on 

OL input masks are expected to be more representative of the real 

ehaviour. However, the simulation results on ROL masks indicate 

hat only using the boundary condition from Eq. (4) with a rel- 

tively high energy barrier E bar yields the absorption rates some- 

hat in line with the experiments. 

This value is much larger than what would be expected based 

n an idealised H potential landscape at the interface shown in 
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Fig. 16. Proposed energy landscape at the α- γ interface with an associated interfa- 

cial segregation energy which slows down the diffusion of H atoms from one phase 

to the other. 
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ig. 3 , which should be at most some 35 kJ mol −1 (the differ-

nce between the activation energy for H diffusion in austenite and 

he energy difference between ferrite and austenite). What seems 

ore likely is that there is some additional segregation energy rel- 

tive to the austenite phase at the very interface. This scenario is 

llustrated in Fig. 16 , in which the orange arrows denote this ad- 

itional interface segregation energy, which could also be related 

o the lattice misfit or the presence of dislocations at the interface. 

he result is a somewhat more complicated interface for which the 

ilayer model ( Eq. (4) ) is not, strictly speaking, valid, as there are

ow three, rather than two, distinct H sites in the transition layer. 

egardless, the H potential landscape near the ferrite-austenite in- 

erface has not been studied to date so the bilayer model offers a 

rst approximation. The height of the energy barrier is unknown 

s no first-principles computational studies have tackled this prob- 

em yet. Fitting the barrier to match the experimentally measured 

bsorption rate in the ROL direction using the approach presented 

ere, yields only a rough estimate. It could, however, be further 

mproved by extending the simulations to three dimensions and 

sing a somewhat larger simulation domain to capture the effect 

f austenite morphology more accurately. 

Thermal desorption analysis showed that two peaks are present 

n duplex steels, irrespective of the orientation of the austenite 

slands. The model showed that the first peak is due to H close 

o the surface which is able to the leave sample relatively eas- 

ly, whereas the second peak is a result of back diffusion and not 

trong point traps as it is sometimes assumed. The second peak 

s a result of H making its way to the centre of the sample dur-

ng heating, which requires a further increase in temperature for 

omplete desorption. This phenomenon has also been observed in 

ingle-phase FCC alloys where most H was concentrated near the 

urface before the thermal desorption experiment. 

This work paves the way towards predicting how austenite af- 

ects hydrogen diffusion in steels, although further work is needed 

o expand the model to 3D in order to capture features such as 

hase connectivity more accurately, in addition to accounting for 

ossible surface–related effects. For instance, previous experimen- 

al findings have postulated that the effect of retained austenite in 

erritic microstructures can be opposing, depending on its volume 

raction [63] : hydrogen absorption is low if the austenite fraction 

s high enough for the austenite grains to be fully interconnected, 

hereas high H absorption occurs if the austenite fraction is lower 

han some critical value (the percolation threshold) as austenite 

slands are disconnected, and unable to ‘block’ the diffusing hy- 

rogen. However, the value of the percolation threshold volume 

raction depends on the morphology of austenite, and our model 

emonstrates that clearly for the first time. We touch upon the 

roblem of percolation by showing how two microstructures ( e.g. 

OL and COM) exhibit very different H absorption rates despite 

aving the same volume fraction of austenite. In future studies, the 
266 
odel could also be applied to study the effect of austenite volume 

raction on the absorption rate in duplex steels and to determine 

he exact value of the percolation threshold for this microstruc- 

ure. The extension to 3D is in fact fairly straightforward, although 

he current implementation is somewhat constrained by the nu- 

erical scheme. It is expected that implementing it as an implicit 

r implicit-explicit finite difference scheme or as a finite element 

cheme in a commercial package such as Abaqus would rectify the 

ong calculation times resulting from the constraint on the size of 

he time step. This would allow one to treat more finely discretised 

icrostructures, opening up the possibility of simulating H diffu- 

ion in other austenite-containing alloys such as TRIP, quenched- 

nd-partitioned and superbainitic steels. Coupled with techniques 

uch as serial sectioning or X-ray tomography, it would be of par- 

icular interest to examine the effect of real, three-dimensional 

ustenite morphology on H diffusion. 

. Conclusions 

The aim of this work was to better account for the effect of 

ustenite on H diffusion in ferritic-austenitic steels by foregoing 

he point trap approximation sometimes used to model its effect. 

t was instead accounted for explicitly by treating it in two dimen- 

ions as a domain with a different H lattice diffusivity and solubil- 

ty. In summary: 

• The modelling results showed that in the presence of a sec- 

ondary phase in which bulk trapping is possible, the local equi- 

librium approximation for trapping is insufficient as it does not 

accurately represent the diffusion kinetics, which become heav- 

ily dependent on the morphology of this phase and the condi- 

tions at the ferrite-austenite interface for which a deeper un- 

derstanding at the atomic level is needed. This is not only ap- 

plicable to steels but also to other alloys containing two or 

more phases with different H solubilities, for example titanium 

alloys. Our modelling results also helped confirm some exper- 

imentally observed phenomena, such as the percolation effect 

in austenitic-ferritic microstructures. 

• The simulated permeation transients show that the presence of 

austenite can strongly decrease the steady-state flux as well as 

the effective diffusivity when austenite grains are elongated and 

lie normal to the direction of diffusion. The decrease in effec- 

tive diffusivity is more pronounced than the decrease in steady- 

state flux, which can partly explain the steep rise in permeation 

transients due to the presence of retained austenite in the sam- 

ples studied in part I of this series. However, quench vacancies 

are likely factors as well. 

• In duplex steels the rate of H absorption and the effective dif- 

fusivity are both sensitive to austenite morphology – both are 

significantly lower when austenite grains are elongated and 

oriented normal to the diffusion direction, which is in line 

with earlier experimental findings. Thermal desorption analy- 

sis showed two H peaks, irrespective of the orientation of the 

austenite islands. The first peak was due to H concentrated 

close to the surface diffusing out, whereas the second peak was 

due to back diffusion. 

• Based on a comparison between the simulations and experi- 

mental data it was concluded that an energy barrier associated 

to the H transition from ferrite to austenite is necessary to cap- 

ture the overall rate of H absorption. Modelling diffusion with- 

out accounting for the barrier results in absorption rates much 

higher than experimentally observed. 

We showed in this two-part series that combining thorough ex- 

erimental characterisation with modelling is effective at decon- 

olving the impact of various microstructural features on H diffu- 

ion in multiphase steels. This was critical in part I in highlighting 
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he strong influence retained austenite films have on the effective 

 diffusivity in martensite; similarly, we were able to show the 

ombined effects of H trapping on dislocations and grain bound- 

ries in fine-grained microstructures such as martensite and heav- 

ly deformed ferrite. In part II, when H diffusion in austenite and 

inetics at ferrite-austenite interfaces were considered in duplex 

teels, it was possible to demonstrate the effect of austenite plates 

mpeding H diffusion when they lie normal to the diffusion direc- 

ion. Such processes would not have been possible to elucidate if 

ustenite were considered as a point trap under the local equilib- 

ium assumption. 
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