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� Process/microstructure/strength in
laser powder bed fusion are related.

� Yield strength scales with subgrain
size through a Hall–Petch-type
relationship.

� Dynamic recovery is essential to
promote low-angle grain boundaries.

� In situ dynamic recovery and
recrystallization modelled via two
approaches.
g r a p h i c a l a b s t r a c t
a r t i c l e i n f o

Article history:
Received 13 September 2021
Revised 8 November 2021
Accepted 9 November 2021
Available online 12 November 2021

Keywords:
Laser powder bed fusion
Mechanical properties
Stainless steel
Grain refinement
Microstructure
a b s t r a c t

A new approach to modelling the microstructure evolution and yield strength in laser powder bed fusion
components is introduced. Restoration mechanisms such as discontinuous dynamic recrystallization,
continuous dynamic recrystallization, and dynamic recovery were found to be activated during laser
powder bed fusion of austenitic stainless steels; these are modelled both via classical Zener-Hollomon
and thermostatistical approaches. A mechanism is suggested for the formation of dislocation cells from
solidification cells and dendrites, and their further transformation to low-angle grain boundaries to form
subgrains. This occurs due to dynamic recovery during laser powder bed fusion. The yield strength is suc-
cessfully modelled via a Hall–Petch-type relationship in terms of the subgrain size, instead of the actual
grain size or the dislocation cell size. The validated Hall–Petch-type equation for austenitic stainless
steels provides a guideline for the strengthening of laser powder bed fusion alloys with subgrain refine-
ment, via increasing the low-angle grain boundary fraction (grain boundary engineering). To obtain
higher strength, dynamic recovery should be promoted as the main mechanism to induce low-angle grain
boundaries. The dependency of yield stress on process parameters and alloy composition is quantitatively
described.
� 2021 The Authors. Published by Elsevier Ltd. This is an openaccess article under the CCBY license (http://
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1. Introduction

Laser powder bed fusion (LPBF) is an additive manufacturing
(AM) technique; it is currently considered to be an alternative
manufacturing route to conventional processes such as casting
and forging [1]. Although it is generally accepted that due to higher
cooling rates and finer microstructures, the mechanical properties
of LPBFed alloys are superior than those of conventionally manu-
factured counterparts, the physical and mechanical behaviour of
LPBF-built components are not yet well understood [2,3]. So far,
the main focus of previous studies has been on controlling process-
ing parameters to find windows to produce defect-free compo-
nents, which can lead to superior mechanical properties
compared with cast and wrought products [4–6]. However, even
fully-dense LPBF samples that are produced with different process-
ing parameters show wide ranges of mechanical properties [7].
Therefore, understanding the microstructural aspects that affect
the mechanical properties of LPBF alloys can help to advance such
technology.

It has been established that submicron cellular structures deco-
rated with dense dislocation structures are one of the most unique
features of LPBF alloys, and may have substantial impact on their
strength [8–11]. Although extensive characterisation has been per-
formed to unravel the complex nature of those structures, there is
still debate on their origin, their influence on mechanical proper-
ties, and the methods to control their evolution so as to design
microstructures with superior mechanical properties. Several
mechanisms have previously been proposed for the formation of
cellular structures: (i) constitutional stresses due to micro-
segregation [12], (ii) coherency strains due to precipitation net-
works [13], and (iii) the misorientation between dendrites that
are accommodated by geometrically necessary dislocations [14].
Bertsch et al. [9] showed that none of these mechanisms can suffi-
ciently explain the origin of cellular structures.

Bertsch et al. [9] suggested that there could be four main possi-
ble variables that control the formation of dislocation cellular
structures: (i) cooling rate/strain rate during cooling, which deter-
mine the dendritic arm spacing; (ii) temperature gradients, which
can determine the localisation of stress/strain during processing;
(iii) hatch distance and layer thickness of the process, which can
determine the number of heating/cooling cycles that a layer expe-
riences during LPBF; (iv) the penetration of the melt pool to the
substrate that can determine the characteristics of geometric con-
straints that are present around the newly deposited layers during
processing. It can be concluded that residual stresses exceeding the
yield strength of the material generate a plastic residual strain.
This is imposed during LPBF due to repetitive thermal cycling,
potentially having a substantial effect on the formation of disloca-
tion cellular structures.

Dynamic recrystallization (DRX) and dynamic recovery (DRV)
are thought to be some of the most important phenomena during
thermo-mechanical processing of alloys, as they offer the possibil-
ity to control the desired microstructures after processing via grain
refinement and dislocation density control [15]. LPBF undergoes
several thermal cycles in which the material experiences several
heating and cooling cycles; as a result of these, there is a tendency
for the activation of DRX and DRV [7,16]. In a previous study, the
authors showed that the compromise between dislocationmultipli-
cation and annihilation plays themost important role in controlling
the yield strength of various alloys such as 316L stainless steel (SS),
as well as nickel and titanium alloys in fully-dense conditions [7].
Thus, the study of DRX and DRV during LPBF is of particular impor-
tance. Depending on the thermo-mechanical processing conditions,
two mechanisms are suggested for DRX in austenitic stainless
steels: continuous and discontinuous dynamic recrystallization
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(CDRX and DDRX, respectively) [17]. CDRX is typically the main
restoration mechanism at lower temperatures associated to the
warm working region, but DDRX is often observed at higher tem-
peratures known as the hot deformation region [18,19]. DRV acts
as a perquisite for CDRX, as CDRX mechanism is based on the grad-
ual increase in subboundary misorientations to become an actual
grain boundary during the development of deformation [20]. The
DDRX mechanism contains separate nucleation and growth pro-
cesses of new grains in the highly dislocated (deformed) matrix
[21]. It has been reported that grain refinement via CDRX can result
in a combination of high yield and ultimate tensile strength in sev-
ere plastic deformation of steels [17,22,23]. However, there are no
reports addressing this in LPBF. It is generally accepted that alloys
with low to medium stacking fault energy undergo DDRX during
thermo-mechanical processing at all temperatures and strain rate
regions, although due to the large and complex thermal gradients
involved in LPBF, this needs further clarification. The various mech-
anisms for the formation of cellular structures and new grains
result in a complex microstructure; this is hierarchically arranged
in solidification/dislocation cellular structures within subgrains
that are formed in the actual grains.

A key strengthening mechanism in wrought components is the
Hall–Petch effect [24]. It considers high-angle grain boundaries as
effective barriers to dislocation movement. For alloys that undergo
large deformations such as severe plastic deformation, a disloca-
tion hardening term, based on a Taylor relationship, is added to
the Hall–Petch contribution [25]. The same approach has been
applied to LPBF-processed alloys to model their yield strength
[26–29], although these approaches are not suitable from a process
parameter optimisation point of view, as it is difficult to control
both the grain size and dislocation density by changing the LPBF
process parameters. Jia et al. [30] suggested a modified Hall–Petch
relationship, which considers the combined effects of equiaxed and
columnar grains in strengthening to model grain boundary
strengthening. Wang et al. [10] correlated the solidification cellular
structure size, known also as dislocation cell size (dc;lm), to the
yield strength of LPBF-produced 316L SS. They have derived the
following Hall–Petch relationship between the yield strength (rY ,
MPa) and dc [10]:

rY ¼ 183:31þ 253:66ffiffiffiffiffi
dc

p : ð1Þ

However, Eq. (1) was obtained from wrought 316L SS data, relating
the actual grain size to the yield strength. As the nature of disloca-
tion cell walls, decorated with dense dislocation networks, differs
from the irregular high-angle grain boundaries [31], the Hall–Petch
coefficient 253.66 MPa

ffiffiffiffiffi
m

p
should be adjusted to incorporate dislo-

cation cell strengthening. It is worth noting that the adoption of Eq.
(1) for LPBF by Wang et al. was just applied to two specimens. Li
et al. [11] further investigated the role of solidification/dislocation
cellular size on yield strength of the LPBFed 316L SS using micropil-
lar compression testing. They concluded that there is a weak drag-
ging interaction between dislocations and cellular boundaries, and
they suggested that the volume fraction of cellular boundaries,
instead of their size, affects the yield strength. However, limitations
such as a significant deviation of the strength values with the cell
size (R2=42%), as well as a narrow range of cell sizes that were cov-
ered in that study, may reduce the validity of the role of cell size in
the strengthening of LPBF alloys.

Yanushkevich et al. [32] proposed a modified comprehensive
Hall–Petch-type relationship to combine both the effects of actual
grains and dislocation substructure contributions from wrought
products. This approach is appropriate for alloy design and process
parameter optimisation, because it only depends on the grain size
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as a variable, which can be controlled via DRX and DRV during pro-
cessing. However, there is not enough information to model the
relationships between the dislocation cell size, grain size and dis-
location density in LPBF processed alloys. LPBF processed alloys
undergo complex microstructural transitions, which result in a
large fraction of grains displaying low-angle boundaries. These
substructures possess a higher dislocation density compared to
the typical substructured grains from wrought products [33,34].
Thus, a grain boundary engineering approach is needed to clarify
and quantify the role of low and high-angle grain boundaries in
strengthening of LPBF alloys.

The aim of this study is twofold. Firstly, a new quantitative
methodology is presented to shed light on the origins of the cellu-
lar structures, and the unique microstructural features of LPBF,
using different modelling approaches. Secondly, a unified relation-
ship is presented for the prediction of yield strength in LPBF alloys,
considering the role of low- and high-angle grain boundaries. 316L
stainless steel was selected as a typical representative of single-
phase alloys without precipitation and phase transformations dur-
ing LPBF processing. The specimens were produced with a wide
heat input range in order to obtain a wide range of microstruc-
tures. The evolution of restoration mechanisms is modelled via
Zener-Hollomon (classical) and the more recent thermostatistical
approaches. Criteria to control restoration processes and maximise
the yield strength by controlling both process parameters and alloy
composition are suggested.

2. Experimental procedure, theory and modelling

2.1. Experimental methods

Pre-alloyed powder of chemical composition as shown in
Table 1 was produced by gas atomisation with a particle size of
10–45 lm. To spread the range of heat inputs and grain boundary
structures, the LPBF samples were produced in an argon atmo-
sphere Renishaw plc (UK) AM125 with a laser spot size of 35
lm, and an AM125 machine with a laser spot size of 70 lm. Both
machines were equipped with continuous wavelength lasers. The
details for the 35 lm spot size specimen preparation have been
reported in [4,34], including the associated characterisation. Flat
tensile testing samples (for mechanical testing) and cubic
(30 mm�30 mm�30 mm) samples (for microstructural character-
isation) were fabricated using the process parameters shown in
Table 2. A meander scanning strategy with 67� rotation at each
layer was applied. To reduce the residual stresses, the powder
bed in both machines was preheated to 80 �C. The corresponding
heat inputs based on the normalised enthalpies (Hn) for each pro-
cess parameters set are reported in Table 2. Hn can be calculated
via [35]:

Hn ¼ AP

hs

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
pdvD3

p ; ð2Þ

where, A = 0.36 [4] is the absorptivity, P is the laser power,
hs=7.76�109 J/m3 [36] is the enthalpy at melting temperature,
d = 6�10�6 m2/s is the thermal diffusivity, v is the laser scan speed
and D is the laser spot size. If Hn P 5:5, evaporation occurs and key-
hole pores can be formed during processing [4]. A wide range of
heat inputs (4.5–6.6) is chosen to cover several microstructural evo-
lution scenarios during LPBF.
Table 1
Chemical composition of the powder in wt.%.

Fe Cr Ni Mo Mn Si

Bal. 17.75 12.75 2.38 2 0.75
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Microstructural characterisation was performed on cross-
sections of the cubic samples in the as-built state by optical micro-
scopy (OM, Leica DFC295) and scanning electron microscopy (SEM)
(Tescan Mira 3 LMHP field emission SEM) equipped with an elec-
tron backscattered diffraction (EBSD) detector (OXFORD Instru-
ments Symmetry) at a scanning step size of 0.8 lm and an
angular resolution of 0.1�. The OM micrographs were post-
processed with ImageJ software [37] for porosity characterisation.
The EBSD data were analysed using post-processing software HKL
Channel 5. Room temperature uniaxial tensile tests were con-
ducted in an Instron 3382 universal testing machine at an initial
strain rate of 10�4 s�1. For all 7 samples, 14 EBSD images were gen-
erated (2 per sample), all are uploaded in supplementary materials
(Figs. S8-S14). Each EBSD map contained an average of �1000
grains, so measurements reported on grain size are statistically
representative. To reveal the solidification/dislocation cellular
structure, transmission electron microscopy (TEM) was used. Disk
specimens of 3 mm diameter were sectioned from the samples,
and ground to a thickness of 50 lm, and then thinned using a
Gatan 691 Type Ion Beam Thinner for TEM using TECNAI G20 oper-
ated at 200 kV.
2.2. Theory and modelling

2.2.1. Dynamic recovery and dynamic recrystallization background
The restoration mechanisms of DRV and DRX may occur during

hot deformation of alloys, leading to enhancement of their forma-
bility at high temperatures. Their influence on the texture, grain
size and morphology, make DRX and DRV key mechanisms for con-
trolling the mechanical properties of wrought alloys [38]. These
phenomena can also occur during creep, where a relatively low
strain rate is applied [39]. LPBF is a process with inherent cyclic
heating and cooling, where a relatively high strain rate results from
quick contraction [34]. As a result, DRX and DRV can be activated
when the thermo-mechanical conditions are appropriate. Exam-
ples of activation of DRX and DRV under ultra-high strain rates
beyond 1000 s�1 can be found in [40,41]. Therefore, it is important
to outline the most critical characteristics of DRX and DRV before
introducing mathematical models to control and predict them.

In alloys where dislocation cross-slip and climb processes easily
occur, DRV is the main restoration mechanism [42]. Deformation
leads to an increase in the dislocation density, increasing the driv-
ing force for DRV [43]. Similar to the schematics Azarbarmas et al.
[44] show in their work, the various restoration processes during
thermo-mechanical processing are illustrated in Fig. 1. The occur-
ence of DRV can be traced from microstructural characteristics
such as the development of low-angle grain boundaries (LAGBs)
and subgrains (Fig. 1a) [45]. In this work, the grains are categorised
into two groups: (i) actual grains surrounded by high angle grain
boundaries (HAGBs), Fig. 1c, centre panel; and (ii) subgrains that
are surrounded by LAGBs, Fig. 1b, centre panel. It should be noted
that subgrains themselves contain cells that are heavily dislocated
(Fig. 1a). According to Humphreys [46], such subgrains carry high
dislocation contents in their boundaries, which are LAGBs. There-
fore, subgrains can play a vital role in the strengthening of alloys
that underwent DRV.

When recovery processes occur at a slow rate during processing
at high temperatures, DRX may take place once a critical strain/
strain rate is reached [21]. DRX can be divided into two main
P S N C Cu

0.025 0.01 0.1 0.03 0.5



Fig. 1. Schematic description of restoration processes. (a) DRV, (b) CDRX, and (c) DDRX. Typically, the transition DRV!CDRX!DDRX occurs as temperature is increased.

Table 2
Processing parameters including laser power (P), scan speed (v), layer thickness (t) and hatch distance (h) and the corresponding normalised enthalpies Hn used for LPBF
processing. The sample set comprised 7 samples in total (supplementary material). For brevity, only the 4 samples with most variance in properties and process parameters are
shown.

Sample Laser spot size (lm) P (W) v (m/s) t (lm) h (lm) Hn

S1 70 200 0.3 50 110 6.6
S2 70 200 0.45 50 110 5.5
S3 70 200 0.66 50 110 4.5
S4 35 100 1 20 70 5.1
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mechanisms of CDRX and DDRX. If the subgrains developed during
DRV processes rotate progressively and increase their misorienta-
tion angles due to the applied strain, HAGBs form and this mecha-
nism is called CDRX, which is schematically shown in Fig. 1b
[19,47]. Therefore, CDRX needs DRV as a prequisite. In fact, the
increase in the HAGB fraction of the alloy is the result of the con-
sumption of LAGBs as an overall strain energy minimisation
process.

In contrast with CDRX, in which there is no clear distinction
between nucleation and growth of the newly formed DRX grains,
new grains (with HAGBs) developed by DDRXmechanism originate
at the old deformed grain boundaries and thus, there is a clear dis-
tinction between the nucleation and growth stages [48]. The main
microstructural characteristic of both DDRX and CDRX mecha-
nisms is the development of HAGBs. However, unlike CDRX, new
DDRX grains originate at the HAGBs of the deformed grains or
old DRX grains (Fig. 1c, right panel). Therefore, the occurrence of
DDRX does not lead to the consumption of LAGBs. The transition
between CDRX and DDRX in an alloy is related to the concentration
of solutes at the grain boundaries. If the boundaries are heavily
loaded with solute, they cannot migrate quickly, which promotes
the occurrence of CDRX against DDRX [49]. This can be an impor-
tant factor in LPBF, as various process parameters lead to various
cooling rates, which can induce solute segregation at grain bound-
aries. DRV, CDRX and DDRX feature strongly in the wrought alloys
literature, but they are rarely associated to LPBF alloys [34]. The
aim of this work is to show the impact of the various restoration
mechanisms in controlling the mechanical properties of the LPBF
316L stainless steel, and provide a method to quantify them.

2.2.2. Modelling
Restoration mechanisms modelling can be performed within

the frameworks of classical (Zener-Hollomon) and thermostatisti-
4

cal approaches. According to the classical approach, the critical
strain (�cc) for the activation of DDRX in 316L SS can be estimated
from [50]:

�cc ¼ 0:009Z0:084; ð3Þ
where Z is the Zener-Hollomon parameter. Z ¼ _� expðQRTÞ, where _� is
the process strain rate, Q = 460 kJ/mol [51] is the activation energy
for triggering DRX in 316L SS, R = 8.314 J/mol�K is the universal gas
constant and T is the processing temperature. _� for LPBF processing
can be calculated via [7]:

_� ¼ kTpeakv
P

; ð4Þ

where k = 29 W/m�K [52] is the thermal conductivity and Tpeak is the
process peak temperature. Tpeak can be estimated via [7]:

Tpeak ¼ HnTb

Hmax
n

; ð5Þ

where Tb=2885 K is the boiling temperature and Hmax
n =5.5 is the

maximum allowable heat input before the onset of evaporation.
According to the thermostatistical approach, the critical strain,

�Tc for the activation of DDRX can be estimated via [53]:

�Tc ¼
1
2lb

3 � 1þ 1
kc

� �
TDS

1
2lb

3 ; ð6Þ

where l=74�109 Pa [54] is the shear modulus, b = 2.54�10�10 m
[55] is the magnitude of the Burgers vector, DS is the statistical

entropy of dislocations and kc ¼ 12pð1�mÞ
ð2þmÞ 1þ TDS

lb3

� �
[53], where m=0.3

is the Poisson ratio. The dislocation statistical entropy can be calcu-
lated via:
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DS ¼ kB ln
_�0 þ #

_�

� �
; ð7Þ

where kB=1.38�10�23 J/K is the Boltzmann constant, _�0 ¼ cbqY is a
limiting strain rate related to the speed of sound (c = 5280 m/s [56]),
and qY is the dislocation density at the yield point

(qY ¼ 0:9rY=lbð Þ2), where rY is the material’s yield strength

[53]); # ¼ 1013 exp � Em
RT

� �
is the frequency of atomic jump of vacan-

cies and Em=73.12�103 J/mol is the vacancy migration energy.
In addition to DDRX prediction, the thermostatistical theory

also predicts the possibility of activation of CDRX and DRV via
the critical processing strain rate ( _�cT ) [57]:

_�Tc ¼ ð _�0 þ #Þ exp �
k
2lb

3 � 2xl�
bkc

DGsys

kBT

 !
; ð8Þ

where k=0.6 [57] is a length scaling constant, x is the solute concen-
tration in molar fraction (0 6 x < 0:5), l� ¼ 12:5b is the dislocation’s
distortion length, which accounts for 98% of the total strain field
induced by dislocations and DGsys is the Gibbs free energy of the
alloy, representing the energy barrier accounting for the possible
atomic arrangements in the lattice. Expressions for various alloy
grades can be found in [57]. If _� < _�Tc , then CDRX takes palce. Other-
wise, DRV is the main restoration process [57].

3. Results

3.1. Microstructure of as-built specimens

3.1.1. Grain characteristics and porosity measurements
EBSD inverse pole figure (IPF) maps of 316L SS after LPBF pro-

cessed with different parameters were taken from the centre of
the cubic samples and from the grip of the tensile testing samples
are shown in Fig. 2. S1-S4 (Table 2) displayed fine grains without
preferred orientation; this is a selection of the seven builds dis-
playing most variance in microstructure and properties. As dis-
played by EBSD, the average grain size (GS) is determined using
the average grain area method, considering both high- and low-
angle grain boundaries (HAGBs and LAGBs, respectively) respec-
tively for S1, S2, S3 and S4 is 11.2�5.0, 6�4.0, 5.3�4.0, and
4.7�2.0 lm. Grains with low-angle boundaries (subgrains) are
considered in reporting the average grain size, due to their signif-
icant role in strengthening. The actual grain size of the samples
(dG), considering only HAGBs are 22�5, 35�2, 20�9, and 35�9
Fig. 2. EBSD IPF maps of 316L SS built with different p
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lm for S1, S2, S3, and S4, respectively. The respective aspect ratio
(AR) is 1.8, 2, 2 and 2.45. This indicates that S1-S3 are more homo-
geneous and S4 experienced a more inhomogeneous grain refine-
ment process.

As porosity is known to influence the microstructural evolution
and mechanical properties of LPBF-processed parts [58,4], repre-
sentative as-polished OM black and white contrast images for
S1-S4 are shown in Fig. 3. A thorough statistical analysis has been
done to measure the density of the as-built samples using at least
18 OM images (see supplementary materials, Figs. S1-S7) per sam-
ple. S1 has been processed with Hn=6.6, which exceeds Hmax

n , lead-
ing to keyhole formation, as shown in Fig. 3a. Irregularly-shaped
pores, which can be lack-of-fusion regions, are also evident; the
average porosity content of S1 is 0.89�0:2 %. S2 and S3 are pro-
cessed with Hn <5.5, therefore, there are quite a few spherical
pores present. The most prevalent type of pore in S2 and S3 is lack
of fusion and the density of pores is 0.62�0:2% and 2.25�0:3% for
S2 and S3, respectively. S4 was produced based on an optimisation
of the process parameters methodology presented in [4], and the
density of pores in this sample was 0.03 �0:01%. S1 to S4 speci-
mens do not intend to relate porosity to mechanical properties,
but rather heat input to the restoration mechanisms introduced
in Section 2.2.1.
3.1.2. Dynamic recrystallization features
Fig. 4 shows representative images of the recrystallization maps

of the LPBF-processed samples before tensile testing. The grains
can be categorised as deformed, substructured and recrystallized.
HKL Channel 5 software takes each grain and measures its internal
average misorientation angle. If the average misorientation angle
within a grain exceeds the angle threshold of 2�, the grain is clas-
sified as deformed. Grains that contain subgrains whose internal
misorientation is under 2� but the misorientation across subgrains
is above 2� are classified as substructured. The remaining grains,
which contain subgrains of misorientations under 2�, and misori-
entation across subgrains being under 2� are categorised as recrys-
tallized. It is worth noting that these definitions of deformed,
substructured and recrystallized are widespread in the literature.
A range of authors producing well-established work have adopted
them [59–63].

In Fig. 4, the blue areas represent recrystallized grains, which
are distributed non-uniformly across the samples. It can be seen
that the recrystallization fraction is more pronounced in S2 and
S3, compared with S1 and S4 (Table 3). Conversely, the deformed
rocess parameters: (a) S1, (b) S2, (c) S3 and (d) S4.



Fig. 3. Black and white contrast of as-polished OM images of the samples (a) S1, (b)
S2, (c) S3 and (d) S4, processed by ImageJ software.
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grains (red in Fig. 4) fraction is quite high in S4 and S1, in compar-
ison with S2 and S3. The recrystallized, substructured (yellow in
Fig. 4) and deformed fractions were obtained for each sample from
EBSD post-processing, and are shown in Table 3. S3 and S2 possess
the highest recrystallization fractions with 0.16 and 0.12, respec-
tively, and they also have the lowest deformed grain fractions. S4
and S1 have the highest deformed grains fraction with 0.36 and
0.23, respectively, as well as the lowest recrystllized fraction. Sub-
structured grains, which can be attributed to the grains that under-
went DRV, have almost the same fraction in S1-S3 (�0.7), however,
their fraction is lower in S4 (0.59). This indicates a significant con-
tribution of restoration mechanisms during LPBF of 316L SS, which
resulted in grain refinement in all samples.

Fig. 5a-c show that samples S1-S3 possess a large fraction of
HAGBs (P15�), approximately 0.55–0.62 of the total. Conversely,
Fig. 5d shows that S4 has a large fraction of LAGBs (<15�), 70%
of the total. The fractions of LAGBs and HAGBs for all samples are
presented in Table 4. The microstructures of all samples also
Fig. 4. Recrystallization maps of the as-built samples: (a) S1; (b) S2; (c) S3 and (d) S4. Blu
respectively.
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display numerous incomplete LAGBs (indicated by arrows in
Fig. 5) inside the grains with HAGBs, which is a feature of CDRX
[18,32]. It can be seen that the incomplete grain boundaries are fre-
quent in S4. Generally, such a wide distribution of LAGBs and
HAGBs fraction are characteristic of DRX structures [64]. Compar-
ing Figs. 4d and 5d shows that most of the deformed grains contain
a high density of substructures (LAGBs), which contribute signifi-
cantly to the strengthening of S4. Such LAGBs can be seen in S1-
S3 (Figs. 5a-c), but to a much lower extent.

Face-centred cubic (FCC) alloys tend to generate twins during
thermo-mechanical processing [65]. Fig. 6 shows the distribution
of R3 boundaries (twin boundaries) in the as-built samples. In
S1-S3, severe twinning occurred during processing (�0.12–0.14
of the total boundaries). However, the presence of twins is negligi-
ble in S4. The fraction of twin boundaries is presented in Table 4. In
S1-S3 samples, the twins were not distributed uniformly; they
were observed mainly in the recrystallized regions and fine
deformed areas (Figs. 6a-c). The formation of such high number
of twins and large fractions of HAGBs during LPBF in samples S1-
S3, as well as the absence of twin boundaries and evolution of large
fraction of LAGBs in S4 can be attributed to the various DRX mech-
anisms activated during LPBF of 316L SS.

3.1.3. Cellular structures
Solidification/dislocation cellular structures are typical features

of LPBF alloys [66,31,10,67]. In S1-S4, the average size of the cellu-
lar structure was in the submicrometre scale, and varied with pro-
cess parameters (Fig. 7). Fig. 7 shows a relatively high density of
dislocations on cell walls, in contrast with the relatively low den-
sity in their interior. During LPBF, solidification characteristics such
as thermal gradients and cooling rate can determine the size and
wall thickness of the solidification cells [68]. Average dislocation
cell size (dc) values for different samples are listed in Table 5; a ser-
ies of TEM images were used to measure the average cell size
including a minimum of 50 measurements per sample. Due to
microstructural scatter, TEM imaging could not be adopted to
quantify dislocation density.
e, yellow and red areas represent recrystallized, substructured and deformed grains,



Table 3
Fractions of recrystallized, substructured and deformed grains, derived from EBSD
analysis.

Sample Recrystallized Substructured Deformed

S1 0.07�0.02 0.7�0.02 0.23�0.02
S2 0.12�0.01 0.69�0.03 0.19�0.02
S3 0.16�0.02 0.69�0.02 0.15�0.02
S4 0.05�0.01 0.59�0.03 0.36�0.02
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According to Bertsch et al. [9] if the average primary dendrite
arm spacing is similar to the size of dislocation cellular structures,
it can be concluded that dendrites and dislocation cells may over-
lap. The primary dendrite arm spacing, measured from representa-
tive SEM images of S1-S3, which is shown in Fig. 8 (Note that S4
was not available for this study). The average dendrite arm spacing
is also reported in Table 5. It can be seen that dc and primary den-
drite arm spacing size are quite similar, suggesting the formation
of dislocation cellular structures on the dendritic structure caused
by solidification. The view adopted in this work is that the thermo-
mechanical cycling underwent by the build in LPBF will impose
localised cyclic strains that are not experienced by wrought alloys.
Such strains may partially restore the crystallinity at the dendrite
interfaces; high temperatures combined with a quick reorientation
of the structure may realign otherwise disordered interfaces. Strain
relaxation in subsequent cycles may be achieved through the for-
mation of low energy dislocation structures, i.e. dislocation cells.
This is schematically shown in Fig. 9.

In addition to dislocation cells, deformation nanotwins are
observed in Fig. 7b. Those features are observed in all the samples.
The details of the formation of nanotwins and their roles in
strengthening and micrsotructural evolution is the subject of an
upcoming publication.
3.2. Mechanical properties

Tensile testing was performed on as-built samples perpendicu-
lar to the build direction with flat geometry. Representative
Fig. 5. LAGB and HAGB maps of (a) S1, (b) S2, (c) S3 and (d) S4, LAGB
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stress–strain curves of the as-built samples are displayed in
Fig. 10a. Mechanical property values are listed in Table 6. Yield
strength (YS) and ultimate tensile strength (UTS) of the specimens
strongly depend on the process parameters. Fig. 10b compares the
present results with conventional manufacturing. A dataset com-
prising as-cast, wrought and hot-rolled 316L SS [69] is presented;
it is shown that the spread in mechanical properties such as YS
and elongation is increased for the samples produced in this work.
This shows that even little changes in process parameters such as
the scan speed (in S1-3) can lead to large YS and elongation varia-
tions. The specimen with the lowest porosity and recrystallized
fraction showed highest YS and UTS. However, there is no clear
correlation between the YS and the UTS of the samples with poros-
ity content, as S1 with 0.89�0.2% porosity has a quite higher YS
than S2 with only 0.62�0.2% porosity. This shows the significance
of the influence of microstructure development on YS and UTS of
LPBF-processed 316L SS. This is in agreement with the recent find-
ings on the link between mechanical properties and porosity con-
tent [70,71]. Ronnenberg et al. [70] showed that the presence of
pores has no effect on the yield strengthening of LPBF 316L SS, as
they found out that two specimens with the same porosity con-
tents undergo yield at different stress values. YS is controlled only
by microstructural features such as grains and grain boundaries,
and solidification characteristics. They further showed that only
ductility and failure mechanisms can be affected by lack-of-
fusion porosity. The fact that YS is not related to porosity content
is also statistically proved by Jost et al. [71]. After the investigation
of 75 LPBF as-built 316L SS samples as a function of pore size, size
distribution, and morphology, they concluded that only ductility
and strain at the ultimate tensile strain are affected by the pres-
ence of pores. They showed that the critical pore size beyond
which ductility can be affected is about 125 lm. It can be seen that
YS and UTS increase with a decrease in the recrystallized fraction
and an increase in the deformed fraction in the processed samples
(Tables 3 and 6).

There is also a correlation between LAGBs fraction and strength
levels, as strength increases with an increase in LAGB fraction.
Interestingly, ductility values are not affected by the porosity
s (<15�) are coloured red and HAGBs (P15�) are coloured blue.



Table 4
Fraction of LAGBs, HAGBs and twin boundaries of the as-built samples with various
process parameters.

Sample LAGBs HAGBs Twin boundaries

S1 0.45 0.55 0.12
S2 0.4 0.6 0.14
S3 0.38 0.62 0.14
S4 0.7 0.3 0.02
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content in these samples, as S1 and S2 have quite higher elongation
to failure levels than the fully-dense S4. This may be due to the
small pore size that is present in the samples. Statistical analysis
showed that more than 90% of the pores in S1-S4 have a size under
125 lm, which is known as the critical pore size to trigger mechan-
ical properties deterioration [71]. The observation of large varia-
tions in mechanical properties for samples printed with a small
Fig. 6. Grain boundary maps showing the distribution of tw

Fig. 7. Representative bright field TEM images showing disloca
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variance in scan speed (S1-S3), as well as the lack of correlation
between mechanical properties and porosity contents, points to
the possibility of controlling mechanical properties by optimising
microstructural evolution, e.g. the LAGB structure. The authors
have also recently shown that even utilising optimised process
parameters to produce fully-dense 316L SS with LPBF can lead to
a large variation in mechanical properties [7]. Both porosity and
microstructure optimisation have been performed for S4 and the
highest YS and UTS are achieved.

S1 and S2 showed the best tensile ductility (54% and 56%,
respecively). Strengthening in S4 is accompanied by a degradation
in ductility, despite the fact that S4 has been produced with almost
no porosity, but S1 and S2 contain dense pore structures (Figs. 3a
and 3b). Improved elongation in S1 and S2 cannot be correlated
to porosity, in contrast to previous reports on the significance of
porosity contents on ductility [72,73]. S3 shows the poorest ductil-
ity and YS. In this special case, it can be conjectured that large
ins (red boundaries) in (a) S1, (b) S2, (c) S3 and (d) S4.

tion cellular structures in (a) S1, (b) S2, (c) S3 and (d) S4.
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porosity contents (mainly lack of fusion) of about 2% (Fig. 3c) may
affect the plasticity mechanisms negatively, although further mod-
elling and characterisation efforts are required to confirm this,
which is not in the scope of this research.
3.3. Restoration mechanisms analysis

3.3.1. Thermal model
In order to model restoration mechanisms as the main effective

microstructural developlemt phenomenon, temperature gradients
(G [K/mm]) during processing for all samples are determined via
an empirical thermal model developed by Bertoli et al. [67]:

G ¼ 10570
P
v

� ��0:42

: ð9Þ

Eq. (9) indicates that the temperature variations due to laser pene-
tration are significantly dependent on scan speed. Even a little
change of the scan speed from 0.3 m/s (S1) to 0.45 m/s (S2) can
cause a significant difference of 1.25�104 K/mm to 1.48�104 K/
mm, (about 18% change) in the temperature gradient. Eq. (9) is a
first attempt to estimate temperature gradients during LPBF of
316L SS. This empirical equation can be modified and improved to
also consider the effects of laser machine characteristics such as
laser profile, and spot size, as well as the presence and direction
of the gas inside the chamber, which may influence temperature
gradients. However, the applicability of Eq. (9) in this work is reli-
able, because the only difference between two LPBF machines used
in this study is the laser spot size, which effect on the heat input is
taken into account through the normalised enthalpy (Eq. (2)).

The temperature–time profiles of samples processed with dif-
ferent parameters follows a method reported by the authors earlier
[34]; the temperature decay during layering should be determined.
Table 5
Average dislocation cellular structure size and the average primary dendrite arm
spacing of the LPBF as-built 316L SS samples.

Sample dc (lm) dendrite arm spacing (lm)

S1 0.33�0.05 0.45�0.04
S2 0.59�0.10 0.62�0.02
S3 0.34�0.04 0.38�0.07
S4 0.40�0.08 -

Fig. 8. Representative SEM micrographs showing primary dendrite ar
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A schematic of LPBF process is shown in Fig. 11a (the schematic of
the process is adapted from [74]). The build has been split into
cubes to highlight the impact of layer thickness and hatch distance.
When the laser begins to interact with the powder bed/building
part at point a (melting begins at the layer), temperature rises to
Tpeak, which can be estimated via Eq. (5). Depending on the scan
speed, the laser moves at a certain time to point b in the �x direc-
tion, which magnitude is determined by the hatch distance and
this is repeated until a layer is formed. The laser then moves in
the �z direction a layer thickness. When this happens, the temper-
ature decay at the point b can be estimated by multiplying the
hatch distance by the temperature gradient:

D ¼ G� h: ð10Þ
When the second layer is deposited, the temperature in the previ-
ous layer (first layer) drops to a value of T ¼ Tpeak � D. Similar to
this, the temperature at the point c can be estimated by multiplying
the layer thickness by the temperature gradient:

d ¼ G� t: ð11Þ
Thus, the maximum temperature during the deposition of the sec-
ond layer has a value of Tpeak � d. This pattern is repeated for the
deposition of the next layers and the relevant temperature–time
profiles that each layer experiences during LPBF for different sam-
ples are plotted in Fig. 11b. Each of the temperature rises and drops
in Fig. 11b is known as a thermal cycle. It is assumed that when
Tpeak � D 6 T0, the minimum temperature of the melt pool is the
same as the previous thermal cycle, where T0 is the powder bed
temperature. The corresponding time during layering can be esti-
mated by the reciprocal of the strain rate (1= _�), where _� at each
thermal cycle is determined via Eq. (4). Fig. 11b shows that the sam-
ples experience quite different thermo-mechanical processing
schemes during LPBF, which depend on the process parameters.
The deposited layers in S1 experience three consecutive rapid melt-
ing and two rapid solidification processes during LPBF. They also
undergo two thermal cycles at temperatures that are prone to
DRX and DRV (shown in red and green circles, respectively, in
Fig. 11b). It is generally accepted that metallic alloys that are pro-
cessed at temperatures above 0.8Tm and 0.5Tm, where Tm is the
melting temperature, are prone to DRX and DRV, respectively
[15]. Layers in S2 and S4 experience only two fast melting and solid-
ification stages. Both of them undergo DRX at the third thermal
cycle, but only S4 is prone to DRV at the fourth thermal cycle, while
m spacing in the LPBF as-built samples. (a) S1, (b) S2, and (c) S3.



Fig. 9. Schematic showing dislocation rearrangement on cells/dendrites as a result of thermo-mechanical processing in LPBF, leading to subgrain formation.

Fig. 10. (a) Representative engineering tensile stress–strain curves of the as-built
samples. (b) Comparison of the yield strength and elongation values of samples
produced with LPBF in this work and conventional manufacturing (as-cast,
wrought, and hot rolled 316L SS). Present work values are listed in Table 6 and
Table 10.

Table 6
Mechanical properties of the as-built samples.

Sample Yield strength
(MPa)

Ultimate tensile strength
(MPa)

Elongation
(%)

S1 518�1 644�14 54�4
S2 432�16 596�7 56�6
S3 400�16 543�15 32�3
S4 600�5 707�7 38�1
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DRV cannot take place in the fourth cycle in S2. S3 layers just expe-
rience two thermal cycles during LPBF, which can be related to
rapid melting/solidification and DRX.

3.3.2. Thermal and plastic strains
In order to predict what restoration mechanisms are active dur-

ing the LPBF of different samples, the thermal and plastic strains
induced during LPBF should be estimated. The thermal strain
10
(�T), which is induced as a result of repetitive expansion and con-
traction during heating and cooling cycles, can be estimated via:

�T ¼
X
i

aCTEDTi; ð12Þ

where aCTE=20.21�10�6 K�1 [52] is the coefficient of thermal expan-
sion and DTi is the difference between the peak temperature at each
heating/cooling thermal cycle and its corresponding minimum tem-
perature. �T for different samples are listed in Table 7. It should be
noted that thermal strain is not residual, just influencing
microstructural evolution throughout the layering process.

To estimate the accumulated plastic residual strain induced by
deformation during LPBF processing, hardness values of the sam-
ples are correlated with the strain, based on measurements from
laser welding [75]. Elmesalamy et al. [75] showed that in laser
welding, only the welding scan strategy, and the thermo-
mechanical cycles inherent to the process influence the accumu-
lated residual plastic stress/strain. In their research, they ignored
the effects of solidification-related microstructures such as the size
and morphology of cellular structures or columnar grains. Due to
the similar physics of laser welding and LPBF, their approach has
been used in this study to estimate the plastic residual strain
induced by LPBF processing. Oliveira et al. [76] also correlated
the effects of laser on microstructure and phase transformations
of NiTi alloy in both laser welding and AM. They showed that the
thermal variation similarities between laser welding and AM paves
the way to using modelling approaches from laser welding in AM.
The correlation between the hardness and the plastic residual
strain in laser welding, which is estimated by Elmesalamy et al.
[75], is shown in Fig. 12. The measured hardness values for S1,
S2, S3 and S4 are 192�5 HV, 195�6 HV, 186�12 HV and 237�5



Fig. 11. (a) A schematic of LPBF showing how the thermal model is applied. (b)
Temperature–time profiles showing thermal cycles that a layer experiences during
LPBF of different samples. Time is calculated as the reciprocal of the strain rate
(1= _�). The temperatures in which the material is prone to DRX and DRV are shown
in red and green circles, respectively.

Fig. 12. Correlation between the hardness and the residual plastic strain adopted
from laser welding [75].
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HV, respectively (shown in Fig. 12). A comparison between the
measured hardness values and dc values for different samples
(Table 5) shows that there is no correlation between the solidifica-
tion cellular structures size and hardness, which validates the
adoption of the approach from laser welding in the current form
for our study. The corresponding �p for each sample is shown in
Fig. 12 and listed in Table 7. Thus, the total strain induced by LPBF
is �t ¼ ð�T þ �pÞ, which is also listed in Table 7.
3.3.3. DRX and DRV activation
To predict DDRX activation, two methods are employed: classi-

cal (Zener-Hollomon) and thermostatistical approaches. Based on
temperature–time profiles (Fig. 11b) a summary of the phenomena
activated at each thermal cycle during layering of each sample is
listed in Table 8. The thermal cycles prone to DRX and their respec-
tive _� and temperatures are indicated in Fig. 11b and Table 8. These
yield Z values of 8.22�1016 s�1, 5.54�1019 s�1, 3.71�1018 s�1 and
1018 s�1 for S1, S2, S3 and S4, respectively. Using Eq. (3), the �cc
for the activation of DDRX is estimated and listed in Table 7.
Table 7
Thermal, plastic and total strain induced by LPBF of 316L SS. Critical strain for DDRX are

Sample �T �p

S1 0.19 0.05
S2 0.17 0.06
S3 0.12 0.04
S4 0.18 0.14
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According to this approach, only S1 and S4 are prone to DDRX, as
their corresponding �t P �cc .

Interestingly, the thermostatistical theory yields very similar
values to the classical theory for �c of DDRX. The corresponding
�Tc for all samples is also listed in Table 7. This approach suggests
that only S4 is prone to DDRX. Therefore, it can be concluded that
DDRX is an active mechanism in S4. S1 may experience DDRX to
some extent. But, S2 and S3 have not experienced DDRX during
LPBF.

To examine the possibility of CDRX activation during LPBF, the
thermostatistical approach is used. The _�Tc for the activation of
CDRX can be estimated via Eq. (8). To calculate _�Tc ;DGsys (kJ/mol)
is estimated via [57]:

DGsys ¼ �ð1:69þ 0:013T þ 3:1� 10�5T2Þ; ð13Þ
where T is taken as the peak temperature for each thermal cycle
(Fig. 11b). _�Tc for the thermal cycles that the material is prone to
DRX is calculated and compared with the relevant _� at that thermal
cycle in Table 9. It can be seen that _� is not enough to activate DRV
at the corresponding thermal cycles that is recognised as the mate-
rial is prone to DRX. This means that CDRX occurs readily at those
thermal cycles in S1-3. However, in S4, the _� is almost the same
as the _�Tc , which means that CDRX is not activated in S4. In other
words, the thermo-mechanical conditions in the third thermal cycle
of the S4 leads to occurrence of DRV, but in contrast to S1-S3, the
driving force is not enough so that those dynamically recovered
grains act as promoters for CDRX. As is mentioned in the previous
sections, DRV acts as a prequisite for occurence of CDRX, but if
the strain rate is high enough, CDRX cannot be activated.
4. Discussion

The microstructural evolution of 316L austenitic SS processed
by LPBF is governed by the activation of DRX and DRV. Thermal
cycles containing rapid solidification/melting (Fig. 11b) in all sam-
ples result in the formation of a highly dislocated (deformed)
microstructure with a dendritic structure. This provides the neces-
sary stored energy for the activation of restoration mechanisms
estimated via both classical (�cc) and thermostatistical (�Tc ) approaches.

�t �cc (Eq. 3) �Tc (Eq. 6)

0.24 0.24 0.26
0.23 0.4 0.42
0.16 0.32 0.34
0.32 0.29 0.31



Table 8
Phenomena activated during various thermal cycles (Fig. 11b) in each layer in the studied samples. RM and RM/S represent the rapid melting and rapid melting/solidification,
respectively.

Sample 1st cycle 2nd cycle 3rd cycle 4th cycle 5th cycle

S1 RM RM/S RM/S DRX DRV
( _�=69 s�1, T = 1594 K)

S2 RM/S RM/S DRX Deformation -
( _�=88 s�1, T = 1350 K)

S3 RM/S DRX - - -
( _�=140 s�1, T = 1463 K)

S4 RM/S RM/S DRX DRV -
( _�=454 s�1, T = 1563 K)

Table 9
Critical strain rate (s�1) for the activation of DRV/CDRX mechanisms during
processing at the relevant thermal cycles of different samples. The applied process
strain rates are also reported.

Sample _�Tc at thermal cycle prone to DRX _� at the corresponding cycle

S1 495 69
S2 400 88
S3 445 140
S4 455 454
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during subsequent thermal cycles during LPBF. When a medium
stacking fault energy alloy such as 316L SS deforms, dislocations
typically arrange in the form of cell structures [46]. During the
rapid solidification/melting thermal cycles of LPBF, the material
experiences large strains, which can resemble shock-loaded mate-
rials. Therefore, dislocations arrange themselves on primary den-
drite arms in the form of cell structures with the walls being
complex dislocation tangles. When DRV occurs in the subsequent
thermal cycles, either as a distinct process, or as a prerequisite
for CDRX, the dislocation tangles in cell walls become more organ-
ised and form regular dislocation networks or LAGBs. Subse-
quently, the number of dislocations in the cell interiors decreases
with a progress in recovery. As a result, the cells become subgrains
bordered by LAGBs. The transition from dislocation cells to LAGBs
involves annihilation of redundant dislocations and rearrangement
of the rest into LAGBs. The transition from cellular structures to
subgrains can be suppressed in alloys, in which DRX extensively
occurs. This is the reason why more LAGBs are formed in S4, com-
pared to other alloys, because in S1-S3 the critical strain rate for
the activation of DRV is not reached, and CDRX occurs readily dur-
ing their DRX cycle.

Thermal cycles prone to DRX (red circles in Fig. 11b) experience
different mechanisms. In S1-S3, CDRX is the dominant mechanism,
whereas DDRX is activated in S4. DRV is believed to be the main
assistance for the activation of CDRX in S1-3 [47]. The development
of LAGBs with a gradual increase in misorientation is the main fea-
ture of CDRX [77]. The fraction of HAGBs increased significantly
from 0.3 in S4 to 0.55–0.62 in S1, S2 and S3 (Table 4), suggesting
that generally DRX progressed much further in S1-S3 rather than
in S4. A fraction of 0.7 LAGBs in S4 is related to the deactivation
of CDRX in its third thermal cycle, as dynamically recovered grains
cannot be transformed to DRX grains due to a high processing
strain rate. As CDRX is accompanied by a consumption of LAGBs
(Fig. 1), it can be confirmed that CDRX is not the main DRX mech-
anism in S4, as 70% of the grain boundaries remained as LAGBs.
Both classical and thermostatistical approaches also showed that
DDRX is activated during the third thermal cycle of S4. However,
the �t is not high enough to promote large amounts of DDRX in
the whole microstructure. This resulted in the evolution of a more
inhomogeneous microstructure in S4, compared to S1-S3. Fig. 11b
shows that only S1 and S4 are prone to DRV at their corresponding
final thermal cycles. During this stage, the remaining deformed
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grains undergo DRV and at the same time the DRX grains formed
at the previous stage can grow and increase their dislocation den-
sity. In addition to this, some of the cellular structures that have
not the appropriate conditions for DRX/DRV may also coarsen
and increase the deformed grains content in S1 and S4. Therefore,
the microstructural evolution in each of the samples can be sum-
marised as follows:

� S1: Highly deformed dendritic structure was formed during the
first three thermal cycles in each layer. During the fourth cycle,
CDRX occurred and HAGBs developed in the microstructure. In
the fifth cycle, DRV activated and some of the deformed and
recrystallized grains also undergo substructure development,
resulting in a high fraction of substructured grains.

� S2 and S3: These samples respectively experience two and one
rapid solidification/melting stages leading to the development
of a highly deformed structure. They both undergo DRV fol-
lowed by CDRX at their final thermal cycles. Higher recrystal-
lized and HAGBs fractions in these samples compared with
the other samples stem from the higher DRX progress and the
absence of a thermal cycle undergoing DRV.

� S4: Highly deformed dendritic structure with a high dislocation
density formed during the first and second thermal cycles. In
the third thermal cycle, DRV activates as a precursor for CDRX,
but due to high strain rate in this cycle, most of the grains
undergo just DRV developing LAGBs. Incomplete DDRX was also
activated, as the total strain was not sufficient for obtaining a
fully recrystallized microstructure. This is the reason for a low
fraction of HAGBs in this sample. Finally, the remaining highly
deformed structure starts to grow at the fourth thermal cycle,
as the conditions are not appropriate for DRX. They remain as
deformed grains (red in Fig. 4d). Some of the recrystallized
grains undergo DRV and become substructured grains (yellow
in Fig. 4d). The dislocation density increases in these grains.
The remaining DRV grains in the previous cycle undergo more
DRV and grain growth, increasing the fraction of substructured
grains. At the end, only 5% of the grains can be characterised as
DRX grains with low dislocation density.

Results of the present study show that LAGBs played a signifi-
cant role in the strengthening of LPBF processed 316L SS. The yield
strength can, for the first time, be quantitatively related to the frac-
tion of LAGBs. In order to prove this concept, three more samples
produced by the AM125 machine (laser spot size of 70 lm) with
other scan speeds (0.33 m/s, 0.56 m/s and 0.4 m/s) are accounted
for to cover a wider range of LAGB fractions. The results related
to S3 are not taken into account, due to its high porosity content.
In addition to this, the results of previous studies on LPBF of
316L SS were also used for comparison and model verification
[78–82]. The relationship between the LAGBs fraction (XLAGB) and
the yield strength of 316L SS processed with AM is shown in
Fig. 13a. Therefore, the yield strength of LPBF-processed austenitic



Fig. 13. (a) Effect of low-angle grain boundaries on the yield strength of 316L SS processed by AM. (b) Yield strength as a function of the inverse square root of subgrain size of
LPBF 316L SS reported in the present work and in the literature. (c) Comparison of the Hall–Petch relationships reported for wrought 316L SS with various microstructures
(CG: coarse grained, UFG: ultrafine grained and NG: nanograined) [83].

Table 10
Yield strength (rY ), high-angle boundary mean grain size (dG), LAGBs fraction (XLAGB)
and HAGBs fraction (XHAGB) for LPBF 316L SS from this study and literature.

rY (MPa) dG (lm) XLAGB XHAGB Reference

600 35 0.7 0.3 Present work
518 22 0.45 0.55 Present work
432 35 0.3 0.7 Present work
504 19 0.38 0.62 Present work
424 33 0.27 0.73 Present work
520 27 0.5 0.5 Present work
635 30 0.68 0.32 [78]
600 29 0.65 0.35 [79]
288 254 0.15 0.85 [80]
637 30 0.77 0.23 [81]
578 28 0.7 0.3 [82]
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stainless steels that do not undergo phase transformation during
processing depends on the LAGBs fraction:

rY ¼ 725:4X0:45
LAGB: ð14Þ

Eq. (14) expresses the yield strength of AM produced 316L SS
with an estimated error of 4%. The error may arise from the effect
of porosity and residual stresses generated during LPBF. Eq. (14)
highlights the significant role of substructures in strengthening
of LPBF alloys, while in wrought products both the actual grains
and substructures contribute to strengthening [32]. In contrast
with the common approach for modelling strengthening mecha-
nisms, which include separate terms for grain boundary, disloca-
tions and substructure strengthening, a unified Hall–Petch-type
relationship is suggested in this work, which makes it possible to
relate processing-microstructure-properties through grain bound-
ary engineering. It has been assumed that the subgrain size
(dLAGB, the size of the grains with low-angle boundaries) is equal
to the product of the actual grain size (dG, considering only HAGBs)
and their relevant fraction (XHAGB):

dLAGB ¼ dG � XHAGB ¼ dG � ½1� XLAGB	: ð15Þ
This is due to the number of LAGB grains that can be accommo-

dated in a HAGB grain is ðXHAGBÞ�1. Thus, ðXHAGBÞ�1 � dLAGB ¼ dG. And
grain boundary conservation demands XLAGB þ XHAGB ¼ 1, from
which Eq. (15) emerges. As it is shown that the yield strength of
LPBF processed 316L SS depends significantly on XLAGB, it can be
concluded that the yield strength can be interpretted as a Hall–
Petch-type relationship considering only dLAGB. The expression for
LPBF 316L SS is fitted in Fig. 13b. Table 10 lists the data of the
rY ; dG;XLAGB and XHAGB for the modelled conditions.

Fig. 13b shows that the Hall–Petch equation for LPBF 316L SS
based on the subgrain size relationship developed in this study
(Eq. 15) agrees quite well with the theoretical linear relationship,
13
with an R2=0.93. The Hall–Petch-type equation for LPBF 316L SS
is determined as:

rY ¼ 197:3þ 1189d�0:5
LAGB: ð16Þ

The Hall–Petch equations for nanostructured (NG region), ultra-
fine grained (UFG region) and coarse grained (CG region) wrought
316L SS, based on previous research by Yin et al. [83] are also
shown in Fig. 13c. The values of the Hall–Petch constant and the
friction stress for wrought and LPBF components are listed in
Table 11. It can be seen that the Hall–Petch constant incresed sig-
nificantly for LPBF 316L SS. Interestingly, the friction stress for LPBF
and coarse-grained wrought 316L are similar (the slight difference
can be attributed to higher N content in LPBF alloys compared to
wrought components). However, the friction stress increased
significantly by a decrease in the actual mean grain size. This
means that grain refinement in wrought products lead to a signif-
icant increase in the dislocation density within the grains with



Table 11
Parameters of Hall–Petch-type equations for LPBF and wrought 316L SS components.

Processing Hall–Petch constant (MPa lm0.5) Friction stress (MPa)

LPBF 1189 197.3
Wrought (CG) 293.8 169
Wrought (UFG) 82.8 1033.4
Wrought (NG) 47.3 1654
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high-angle boundaries. In LPBF alloys, subgrains with low-angle
boundaries contain a large dislocation density around LAGBs,
which is in agreement with the microstructural characterisation
performed by Hong et al. [79]. Therefore, LPBF results in significant
LAGB strengthening. The Hall–Petch constant for LPBF alloys is 4,
15 and 29 times larger than coarse grained, ultrafine grained and
nanograined 316L SS, respectively. This shows that subgrains in
LPBF alloys are much stronger barriers to dislocation movement,
compared with actual grain boundaries in the wrought alloys.
Therefore, it can be concluded that in contrast with wrought alloys,
where grain size has the most important influence on the yield
strength, subgrain size (not the dislocation cell size) plays a vital
role in strengthening of LPBF austenitic stainless steels, which have
a columnar dendritic solidification structure.

The strengthening contribution of LAGBs is discussed already
in the literature [31,10]. However, the present paper is the first
publication which quantitatively shows the importance of LAGBs
in strengthening of LPBF alloys. In the literature, the Hall–Petch
relationship typically applies to HAGBs, but the results of this
work show that there is no such relationship in LPBF alloys.
Instead, there is a Hall–Petch-type relationship between subgrain
size and the yield strength, which suggests that the strengthening
efficiency of LAGBs in LPBF alloys is comparable to HAGBs in
wrought alloys. Table 11 shows that subgrain boundaries (LAGBs)
are very strong barriers to dislocation motion, as the Hall–Petch
constant for LPBF alloy is 29 times larger than the nanostructured
wrought material, which microstructure is dominated by HAGBs.
This may be due to the strengthening effects that dislocation cells
add to the LAGBs during DRV process, by rearrangement of highly
dense dislocations into LAGBs, and mobile dislocations sliding
along planes of orientation such that the LAGBs act as strong
obstacles.

Previous reports in the literature claimed that solidification
cellular structures are the main contributor to yield strengthening
of LPBF FCC alloys [10,8]. Wang et al. [10] claimed that yield
strength of LPBF alloys such as 316L SS is inversely proportional
to the size of the solidification cellular structure (dc) through
the Hall–Petch relationship presented in Eq. (1). However, the
results of this study show that there is no quantitative relation-
ship between dc and the yield strength of LPBF 316L SS. Compar-
ing Tables 5 and 6 suggests that dc in this study does not dictate
yield strength, as S4 with the highest yield strength exhibits coar-
ser dc compared with S1, even S3, with the lowest yield strength.
Moreover, using Eq. (1), the estimated yield strength for the sam-
ples produced in this work are 628, 517, 620, and 585 MPa, for
S1, S2, S3, and S4, respectively, which are far from the experimen-
tal results (Table 6). Comparing our results with those reported
by Wang et al. [10] is inappropriate, because despite the similar
yield strength of S4 in our work (600 MPa) and the Concept
machine sample in their work (590 MPa), the average dc we
observed is much finer than their sample (0.4 lm for S4 and
0.58 lm for Concept sample), which suggests that there is no
solidification cell based Hall–Petch relationship between dc and
yield strength in LPBF alloys. The great differences of the esti-
mated values for yield strength through Eq. (1) with experimental
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results also cannot be related to the porosity values, because a
reduction of 220 MPa in the yield strength (in the case of S3) only
because of lack-of-fusion pores is not reasonable, and such
decrease in the yield strength due to porosity has not been
reported previously. Moreover, the samples in [10] also contained
porosity up to 0.8%, confirming that porosity has no significant
influence on the yield strength of LPBF alloys when under 2%.

Similar to the theory of martensite strengthening [84–86], we
showed that it is not always the finest microstructural feature that
dictates the yield strength in LPBF alloys. Martensite has a hierar-
chical structure composed of packets, blocks, and laths with the
size range decreasing from packets to laths [86]. LPBF alloys also
have a hierarchy in their microstructures: actual grains, subgrains,
and dislocation/solidification cells. Many researches showed that
in martensite, block size, which is the middle-sized feature, dic-
tates yield strength [84–86]. Galindo-Nava and Rivera-Díaz-del-
Castillo [86] suggested that packets, blocks and laths are all inter-
connected and synergistically play important roles in microstruc-
tural evolution to determine the dislocation density of
martensite. However, hardening appears to be dominated by the
block size as the main source of strengthening through a Hall–
Petch-type relationship. Previous reports also showed that there
may be a Hall–Petch-type relationship between the packet size
and yield strength, but the correlation is less precise compared to
when block size is considered as the main effective barrier to dis-
location motion. The results of this work show that there is a pre-
cise correlation between the subgrain size, as a middle-sized
feature in hierarchy of LPBF microstructures, and the yield strength
through a Hall–Petch-type relationship. Previously, Li et al. [11]
tried to correlate the dislocation/solidification cell size to the
resolved shear strength of 316L SS, using micropillar compression
testing. However, the deviation of resolved shear yield stress was
large (R2=42%), which may reduce the reliability of those results.
At the end, it is worth mentioning that dislocation cellular struc-
tures play a role in strengthening of LPBFed 316L SS by assisting
on the formation of subgrains and LAGBs. High dislocation densi-
ties around cell walls also contribute to strengthening, which is
considered to feature in the very high Hall–Petch-type constant
that is obtained from this work (1189 MPa lm0.5). Therefore, dislo-
cation density and cell size play a role in strengthening of LPBFed
316L SS, but the most significant feature that dictates the yield
strength is found to be the subgrains boundaries.

The evolution of LAGBs depends strongly on the development of
DRV [87]. To control the occurrence of DRV during LPBF, two fac-
tors must be controlled: (i) process strain rate, and (ii) temperature
gradients. According to the thermostatistical theory of plasticity
[57], the transition between CDRX and DRV can be determined
by controlling the process strain rate, as described by Eq. (8). The
present results showed that the highest LAGB fraction is obtained
when the set of process parameters yields a strain rate almost
equal to _�Tc . Thus, to maximise the yield strength, the following
condition should be met:

_� ¼ kTpeakv
P

¼ ð _�0 þ #Þ exp �
k
2lb

3 � 2xl�
bkc

DGsys

kBT

 !
: ð17Þ

To increase the LAGB fraction, at least one thermal cycle, in
which DRV can be activated directly is also needed. Hence, temper-
ature gradients and subsequently d and D must be controlled. The
present results showed that to get a DRV-based thermal cycle, it is
necessary to minimise d and maximise D (Fig. 11b). Although too
large D may cause lack of fusion. d and D depend strongly on the
layer thickness and the hatch distance, respectively (Eqs. (10)
and (11)). Therefore, lower layer thickness and higher hatch dis-
tances can increase the strengthening potential of LPBF processed
austenitic stainless steels.
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5. Conclusions

Austenitic stainless steel laser powder bed fusion microstruc-
tures were correlated to their yield strength. The main conclusions
can be summarised as follows:

1. Three restoration processes, discontinuous dynamic recrystal-
lization, continuous dynamic recrystallization and dynamic
recovery are found to be activated and control the final
microstructure of as-built specimens produced with different
process parameters.

2. Temperature–time profiles showed that the activation of
restoration processes strongly depends on process parameters.
The classical Zener-Hollomon and a thermostatistical approach
were used to model the detailed restoration mechanisms. The
sample, in which discontinuous dynamic recrystallization and
dynamic recovery are activated, showed the highest yield
strength upon tensile testing.

3. Dislocation cell structures form during the rapid solidification/
melting cycles, contributing to the formation of low-angle grain
boundaries and subgrains. Their presence is important, as they
can determine the fraction of low-angle grain boundaries and
subgrain size.

4. The yield strength of the laser powder bed fusion as-built sam-
ples does not follow the classical Hall–Petch relationship, which
assumes that grain boundaries are the strongest dislocation
movement barriers, as samples with very similar grain sizes
show different yield strengths. Grain sizes in laser powder
bed fusion should be considered in two categories: (i) the actual
grains (those with high-angle boundaries) and (ii) the subgrains
(grains with low-angle boundaries).

5. Theyield strengthcouldbeexpressedby the fractionof low-angle
grain boundaries via a power law relationship. This led to the
derivation of a unified Hall–Petch-type relationship, which
relates the yield strength to the subgrain size, instead of the
actual high-angle grain size. The relationship allows to control
the yield strength of laser powder bed fusion 316L austenitic
stainless steels through grain boundary engineering. Subgrain
size refinement, which is achievable via increasing the fraction
of low-angle grain boundaries, is suggested as themain approach
foryield strength improvement in laserpowderbed fusionofaus-
tenitic stainless steels. The presence of pores and residual stres-
ses could result in deviations from the yield strength estimation.

6. Dislocation cell size and dislocation density contribute to yield
strengthening of laser powder bed fusion 316L stainless steel;
this results from increasing the strength of low-angle grain
boundaries and subgrains. The effect is captured in the very
high Hall–Petch-type constant of the laser powder bed fusion
316L stainless steel compared to wrought counterparts.

7. To maximise the yield strength of laser powder bed fusion pro-
cessed austenitic stainless steels, the occurrence of dynamic
recovery processes should be maximised to enhance the low-
angle grain boundary fraction. This could be achieved by con-
trolling the process strain rate (a criterion is suggested), and
by controlling temperature gradients via decreasing the layer
thickness and increasing the hatch distance.
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